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PREFACE 
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ABSTRACT 

Epoxy  nanocomposites  were  prepared  from  the  montmorillonite  after  organic  treatment 
with  a  high  Tg  epoxy  resin  (Shell  Epon  862  and  curing  agent  W).  Investigation  of  the 
rheological  characteristics  showed  that  the  addition  of  clay  to  the  resin  did  not  significantly  alter 
the  viscosity  or  cure  kinetics  and  that  the  modified  resin  would  still  be  suitable  for  liquid 
composite  molding  techniques  such  as  resin  transfer  molding.  DSC  was  performed  to  study  the 
kinetics  of  the  curing  reactions  in  the  modified  resin.  An  in  situ  small-angle  x-ray  scattering 
(SAXS)  experiment  was  used  to  try  to  understand  the  structural  development  during  cure.  Based 
on  the  in  situ  SAXS  data,  structural  changes  were  monitored  in  real  time  during  cure  and 
analyzed.  Results  from  wide-angle  x-ray  diffraction,  SAXS,  and  transmission  electron 
microscopy  of  the  polymer-silicate  nanocomposites  were  used  to  characterize  the  morphology  of 
the  layered  silicate  in  the  epoxy  resin  matrix.  The  glassy  and  rubbery  moduli  of  the  polymer- 
silicate  nanocomposites  were  found  to  be  greater  than  the  unmodified  resin  due  to  the  high 
aspect  ratio  and  high  stiffness  of  the  layered  silicate  filler.  The  solvent  absorption  in  methanol 
was  also  slower  for  the  polymer-silicate  nanocomposites. 

INTRODUCTION 

Conventional  composite  materials  are  materials  with  a  macroscopic  combination  of  two 
or  more  distinct  materials,  having  recognized  interface  between  them  [1].  They  have  been 
widely  used  in  construction,  transportation,  electronics  and  consumer  products.  Composites  with 
at  least  one  solid  phase  with  a  dimension  in  the  range  of  1-1(X)  nm  can  be  defined  as 
nanocomposites  [2,  3].  Polymer- layered  silicate  nanocomposites  are  new  hybrid  materials  of 
polymers  with  nanometer-thickness  layered  silicates.  Due  to  the  unique  nanometer-size 
dispersion  of  the  layered  silicates  with  high  aspect  ratio  and  high  strength  in  the  polymer  matrix, 
these  materials  generally  exhibit  improvements  in  properties  even  at  low  loading  of  layered 
silicate.  These  properties  can  include  mechanical  performance,  ablation  performance,  thermal 
stability,  barrier  performance,  and  flame  retardancy  [4-7]. 

Layered  silicates  are  abundant  and  important  minerals  in  geological  environments  at  or 
within  roughly  20  km  of  the  Earth  surface  [8].  There  are  many  types  of  sheet  silicates  including 
clay  mineral.  The  most  widely  used  layered  silicate  for  the  nanocomposites  is  montmorillonite. 
Natural  montmorillonite  is  constructed  of  repeating  TOT  layers  composed  of  two  silica 
tetrahedral  sheets  fused  to  an  edge-shared  octahedral  sheet  of  alumina.  The  physical  dimensions 
for  these  silicate  sheets  are  around  one  hundred  to  several  hundred  nanometer  in  lateral  and  1-nm 
in  thickness.  However,  the  individual  sheets  in  the  silicates  are  generally  stacked  together  and 
hydrophilic,  and  thus  are  not  compatible  with  the  hydrophobic  organic  matrix  polymer. 
Therefore,  the  challenge  is  to  produce  a  layered  silicate  system  compatible  with  the  matrix 
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polymer.  Fortunately,  some  silicon  atoms  in  the  silica  tetrahedral  layer  and  some  alumina  atoms 
in  the  octahedral  layer  are  isomorphically  substituted  by  alumina  and  magnesium,  respectively. 
This  generates  negative  charges  that  are  counter-balanced  by  some  cations  such  as  Na"^,  or 
Ca^^  in  the  gallery.  These  cations  can  be  easily  exchanged  with  surfactant  such  as  alkyl 
ammonium  cations.  The  pendent  organic  group  in  the  surface  of  the  silicate  sheets  lowers  the 
surface  energy  of  silicate  layers  and  make  the  layered  silicate  compatible  with  polymer  matrix. 
Up  to  now,  extensive  research  on  the  polymer  layered  silicate  nanocomposites  is  being  carried 
out  and  most  of  the  research  is  focused  on  the  preparation  of  the  nanocomposite  [4-7].  In  this 
research  work,  the  emphasis  is  placed  on  aerospace  epoxy-silicate  nanocomposites.  In  addition 
to  the  preparation  and  characterization  of  the  nanocomposites,  the  processing  and  dynamic  study 
arc  also  performed  to  understand  the  exfoliation  mechanism.  The  aerospace  epoxy  studied  here 
is  made  from  Shell  Epon  862  (a  low  viscosity  Bis-phenol  F/epichlorohydrin-based  liquid  epoxy 
resin)  and  Epi-Curc  curing  agent  W  (diethyltoluenediaminc).  This  epoxy  system  has  high  Tg 
(155°C)  and  low-viscosity,  which  is  suitable  for  resin  transfer  modeling. 

EXPERIMENTAL  DETAILS 

The  resin,  cure  agent,  chemical  modifiers  and  clays  used  in  this  research  includes  Shell 
Epon  862  (a  bis-phenol  F  epoxy),  Epi-Cure  curing  agent  W,  n-octadecylamine  (Aldrich), 
hydrochloric  acid  (Aldrich),  SNA  (Southern  Clay  Products),  and  I.30E  (Nanocor). 

The  preparation  of  organoclay,  SCI 8,  was  as  follows:  21.1  g  of  //-octadecylamine  in  the 
750  mL  of  ethanol  and  water  mixture  solvent  (v:v,  1:1)  was  added  with  aqueous  hydrochloric 
acid  (HCl,  IN,  67.5  mL).  The  mixture  was  stirred  at  ~70  °C.  When  the  solution  was  clear,  67.5 
g  of  SNA  was  added  to  the  above  mixture  solution,  and  the  suspension  was  continuously  stirred 
for  4  hours  at  ~  70  °C.  The  resultant  mixture  was  filtered.  The  solid  was  washed  with  a  mixture 
of  warm  ethanol  and  water,  and  dried. 

Processing:  Desired  amount  of  Epon  862  and  the  corresponding  amount  of  organoclay 
was  mixed  and  stirred  at  ~  70  °C.  The  mixture  was  degassed  in  the  vacuum  oven.  Then  the 
corresponding  amount  of  curing  agent  W  was  added  to  the  mixture  and  continued  stirring.  The 
resulting  mixture  was  cast  between  glass  plates  spaced  0.25  inch  apart  and  cured  in  a 
programmable  Blue  M  oven  using  the  following  curing  cycle:  heat  the  cast  in  the  oven  to  121°C 
over  30  minutes,  hold  at  121°C  for  two  hours,  then  heat  to  177°C  over  30  minutes  and  hold  for 
another  two  hours  at  177°C,  and  Finally  cool  the  cast  in  the  oven  to  ambient. 

Characterization:  Wide-angle  x-ray  diffraction  was  performed  in  the  Rigaku  x-ray 
powder  diffractometer.  The  generator  power  was  40  kV  and  150  mA,  and  the  scan  mode  was 
continuous  with  a  scan  rate  of  0.6°/min.  The  scan  20  range  is  from  2°  to  10°.  Some  of  small- 
angle  x-ray  scattering  was  performed  at  National  Synchrotron  Light  Source  at  the  Brookhaven 
National  Laboratory  (Beamline  X27C  with  a  one-dimensional  detector).  Some  other  small-angle 
x-ray  scattering  was  taken  using  a  flat  film  Statton  camera  on  a  Rigaku  RU-200  with  Cu  K„  as  its 
radiation  with  a  wavelength  of  1 .541 8  A.  The  power  was  50  kV  and  L50  mA  and  the  exposure 
lime  was  around  20  hours.  The  in-silu  small-angle  x-ray  scattering  experiment  was  also 
performed  at  National  Synchrotron  Light  Source  at  the  Brookhaven  National  Laboratory 
(Beainline  X27C  with  a  one-dimensional  detector).  The  mixture  of  the  organoclay  with  Epoxy 
and  curing  agent  was  mounted  on  the  holder  and  sample  was  heated  up  at  2°C/min.  The  data 
was  recorded  every  minute.  DSC  was  performed  on  a  TA  Instruments  differential  scanning 
calorimeter  2920  modulated  DSC  at  2°C/min  with  air  sweep  gas.  The  sample  for  transmission 
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electron  microscopy  was  microlomed  in  a  Reichert-Jung  Ultracut  Microtome  and  mounted  on 
200  mesh  copper  grids.  Transmission  electron  microscopy  was  performed  using  a  Philips 
CM200  transmission  electron  microscope.  The  dynamic  mechanical  analysis  was  performed 
using  a  RHEOMETRICS  ARES  dynamic  spectrometer  using  torsion  bar  geometry  at  a  frequency 
of  100  rad/sec,  a  strain  of  0.1  percent,  and  a  heating  rate  of  2°C/min;  while  the  viscosity  test  was 
carried  out  at  a  RHEOMETRICS  ARES  dynamic  spectrometer  using  25-mm  diameter  parallel 
plates  geometry  at  a  frequency  of  10  rad/sec,  a  strain  of  3  percent  and  a  heating  rate  of  2''C/min. 

RESULTS  AND  DISCUSSION 

SC  18  is  the  organoclay  prepared  from  Closite  Na  (CEC:  ~  92  meq/100  g)  with  n- 
octadecylammonium  hydrogen  chloride  in  the  laboratory  while  I.30E  is  commercially  available 
from  Nanocor  (CEC  -145  meq/100  g,  also  treated  with  «-octadecylammonium  hydrogen 
chloride).  The  wide-angle  x-ray  diffraction  shows  that  the  interplanar  spacing  SC  18  was 
increased  to  18.0  A  from  original  10.5  A  of  Closite  Na  while  the  interplanar  spacing  of  I.30E  is 
22.6  A.  This  is  consistent  with  the  exchange  capacities  of  their  original  sodium  montmorillonite 
(92  meq  vs  145  meq).  These  two  organoclays  are  very  well  compatible  with  aerospace  epoxy 
resins.  A  series  of  aerospace  epoxy-organoclay  nanocomposites  were  made  with  different 
loadings  of  SC  18  and  I.30E.  The  wide-angle  x-ray  diffraction  of  the  nanocomposites  shows  that 
there  is  no  peak  at  2  0  scanning  ranging  from  2°  to  10°,  which  generally  indicates  that  the 
interplanar  spacing  is  larger  than  44  A  and  nanocomposites  are  considered  to  be  exfoliated 
structures.  In  order  to  confirm  the  morphology  of  the  nanocomposite,  small-angle  x-ray 
diffractions  were  taken  at  National  Synchrotron  Light  Source  at  Brookhaven  National 
Laboratory  and  Rigaku  RU-200,  Table  I.  The  interplanar  spacing  is  larger  than  100  A  when  the 
organoclay  loading  is  less  than  eight  percent.  Even  the  organoclay  loading  is  as  high  as  10%  for 
SC  18,  and  9.0%  and  12.0%  for  I.30E,  the  interplanar  spacing  is  as  large  as  90  A,  88  A  and  68  A, 
respectively.  With  the  increment  of  the  organoclay  loading,  the  interplanar  spacing  began  to 
decrease  because  of  less  epoxy  resin  between  the  nanosheets  at  the  low  loading  of  the 
organoclay.  The  weakness  of  the  peak  demonstrates  the  existence  of  the  disordered  structures. 

In  addition,  the  interplanar  spacing  of  the  nanocomposites  from  the  synthetic  organoclay  (SCI  8) 
is  larger  than  those  from  commercial  organoclay  (I.30E)  although  the  original  interplanar 
spacing  of  the  synthetic  clay  (-18  A)  is  even  smaller  than  that  of  commercial  organoclay  (L30E, 
22.6  A).  This  is  related  to  the  cation-exchange  capacity  of  the  montmorillonite  used  for  making 
nanocomposites.  The  higher  cation-exchange  capacity  means  that  more  organic  group  can  be 
introduced  into  the  gallery  and  interplanar  spacing  is  also  larger  (22.6  A).  However,  when  the 
organoclay  was  mixed  with  epoxy  resin,  the  organoclay  with  high  cation-exchange  capacity  has 
more  organic  groups  in  the  gallery,  which  perhaps  slows  the  epoxy  resin  migrating  into  the 
gallery  [9].  Thus  it  makes  the  gallery  of  the  nanocomposite  from  montmorillonite  (I.30E)  with 
high  cation-exchange  capacity  smaller  than  that  with  lower  cation-exchange  capacity  (SC  18). 

Several  images  of  transmission  electron  microscopy  of  these  nanocomposites  are  taken. 
The  original  aggregates  of  the  silicate  sheets  are  disrupted  and  each  individual  sheet  with 
nanometer-thickness  was  well  dispersed  in  the  epoxy  resin.  Some  individual  sheets  are 
completely  disordered  while  some  still  preserve  the  parallel  alignment  of  layers.  This  is 
consistent  with  the  results  from  small-angle  x-ray  scattering. 

The  viscosity  study  related  to  the  L30E/Epon862/W  and  Epon862/W  was  performed  by 
dynamic  mechanical  analysis,  Figure  1.  At  room  temperature,  the  viscosity  of  the 
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Table  1.  Small-Angle  X-ray  Diffraction  Data,  Storage  Moduli  and  Glass  Transition 
Temperatures  (Tg)  of  the  Nanocomposites  and  Their  Pristine  Polymer 


Clay 

d-Spacing  (A) 

Tg  rc) 

G’  (dyne/cm*^) 

NSLS 

Rigaku 

Tan  6 

Glassy  (30°C) 

Rubber  (180X) 

NA 

1.54 

1.14EI0 

1.03E8 

l.Q%SC18 

249 

3.0%  SC  18 

135 

135 

145 

1.23E10 

1.39E8 

6.0%  SC  18 

129 

154 

1.30E10 

2.14E8 

8.0%  SC  18 

114 

10.0%  SC  18 

90 

89/44 

144 

1.56E10 

2.82E8 

1.0%I.30E 

172 

153 

1.20E10 

1.24E8 

3.0%  I.30E 

126 

125 

6.0%  T.30E 

100/49 

100/48 

9.0%  I.30E 

88/44 

144 

1.61E10 

2.3 1E8 

12.0%  I.30E 

68 

TiiiK'  (min) 

Figure  1.  Viscosity  of  Epon862/W  and  6% 
I.30E/Epon862AV  at  heating  rate  (2°  C/min). 


Figure  2.  DSC  of  Epon862AV  and  6% 
I.30E/Epon862/W  at  heating  rate  (2°C/min). 


I.30E/Epon862/W  is  a  little  larger  than  that  of  Epon862/W  as  expected.  However  the  increase  is 
limited  and  the  processable  window  is  still  wide  for  resin  transfer  modeling.  As  the  temperature 
increases,  the  cross-linking  polymerization  takes  place.  After  the  polymer  is  formed,  with  the 
temperature  continually  increased  the  solid  polymer  will  begin  to  soften  into  rubber  state  and  the 
viscosity  will  be  decreased  to  some  extent.  The  shape  of  the  viscosity  vs.  time  and  temperature 
are  similar.  The  gelling  takes  place  more  quickly  for  the  epoxy  resin  with  organoclay.  The  time 
and  temperature  of  the  turning  point  of  softening  for  I.30E/Epon862AV  are  also  similar  to  that  of 
Epon862AV,  but  are  clearly  shorter  (7  minutes  shorter)  and  lower  (180  vs.  196  '^C).  This 
demonstrates  that  the  organoclay  has  some  catalytic  effect  on  the  polymerization  of  Epon862/W. 

The  DSC  experiment  of  I.30E/Epon862/curing  agent  W  and  Epon862/curing  agent  W 
was  performed.  The  DSC  was  shown  in  Figure  2.  With  the  addition  of  the  organoclay  (I.30E) 
to  the  original  Epon862AV  resin,  the  nanocomposite  system  produces  more  exothermal  heat 
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130  A 


q  (A-1) 


Figure  3.  The  in-situ  small-angle  x-ray  scattering  of  6%  I.30E/Epon862AV  at  heating  rate 
(2°C/min). 


(49.2  vs  45,7  cal/g)  at  lower  curing  onset  temperature  (1 02.5  vs  122.5°C).  This  demonstrates 
that  the  organoclay  has  some  catalytic  effect  on  the  cross-linking  polymerization  of  Epon862 
with  curing  agent  W.  This  catalytic  effect  of  the  organoclay  is  consistent  with  the  report  for  the 
rubber  state  epoxy  system  [lO]. 

During  processing,  the  morphology  of  the  system  changes.  Since  the  organoclay  has 
layered  structure,  the  gallery  interplanar  spacing  will  change.  The  in-situ  small-angle  x-ray 
scattering  at  National  Synchrotron  Light  Source  at  the  Brookhaven  National  Laboratory  provides 
powerful  tools  to  monitor  the  structural  evolution  of  the  nanocomposite.  The  Epon  862  and 
organoclay  was  mixed  in  advance.  When  the  corresponding  curing  agent  W  was  added,  the 
mixture  was  immediately  mounted  on  the  holder.  The  sample  was  heated  at  2°C/minute.  In 
order  to  be  clear,  some  key  data  was  chosen.  Figure  3.  When  the  Epon862  mixed  with  I.30E,  the 
organoclay  after  organic  treatment  was  compatible  with  the  epoxy  resin.  Some  epoxy  resin  will 
enter  into  the  gallery  of  the  clay.  The  interplanar  was  increased  to  35  A  from  original  22  A. 
When  the  mixture  was  heated  up  at  2°C/min,  for  the  L30E/Epon862AV,  the  peak  gradually  shifts 
and  becomes  a  little  weaker,  but  not  significantly.  Amazingly,  at  ~102  '^C,  suddenly  the  ordered 
structure  was  collapsed  and  the  exfoliation  takes  place.  Later,  a  new  clear  peak  appears  and  the 
intensity  and  interplanar  spacing  in  increased  gradually.  The  temperature  for  the  collapse  of  the 
ordered  structure  is  the  same  as  the  curing  onset  temperature  from  DSC.  This  is  perhaps  because 
the  exothermal  heat  from  curing  at  ~102  °C  provides  enough  energy  to  make  the  nanoclay  sheets 
expand  quickly  and  exfoliation  takes  place.  The  results  of  the  kinetics  studies  from  in-situ  small- 
angle  x-ray  scattering,  DSC  and  rheological  are  well  related. 

The  dynamic  mechanical  analysis.  Table  1,  shows  that  the  storage  modulus  of  the 
nanocomposites  is  higher  than  that  of  the  pristine  epoxy  resin.  Moduli  increase  with  increased 
organoclay  loading.  Generally,  the  nanocomposites  shows  more  significant  improvement  of 
storage  modulus  in  the  rubber  state  than  that  in  the  glassy  states.  The  dynamic  storage  modulus 
can  be  increased  up  to  more  than  40%  in  the  glassy  .state  and  125%  in  the  rubber  state.  This  is 
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due  to  the  high  aspect  ratio  and  high  stiffness  of  the  organoclay  filler.  The  extra  reinforcement 
from  further  nanoshect  alignment  in  the  rubber  state  perhaps  is  the  reason  for  larger  increase  in 
the  rubber  state  [1 1]. 

The  effect  of  the  addition  of  organoclay  on  the  solvent  uptake  properties  of  Epon  862/W 
was  examined.  Three  Epon  862AV  panels  were  made  with  0%,  3%  and  6%  I.30E.  The  degree  of 
solvent  uptake  was  evident  due  to  the  increased  mass  of  the  coupons  over  time.  After  60  days, 
the  percent  mass  gain  is  14%,  10%,  and  8%  for  0%,  3%,  and  6%  I.30E/Epon862/W; 
respectively.  The  reduced  transport  rates  observed  for  the  polymer-silicate  nanocomposites  were 
attributed  to  the  hindered  diffusion  pathways  caused  by  the  dispersion  of  the  individual 
nanosheets  of  the  layered  silicate  in  the  nanocomposites. 

CONCLUSIONS 

Exfoliated  aerospace  epoxy  organoclay  nanocomposites  are  successfully  made.  The 
characterization  from  wide-angle  x-ray  diffraction,  small-angle  x-ray  diffraction  and 
transmission  electron  microscopy  confirms  the  exfoliated  nanostructure.  Rheological,  DSC  and 
in  sifu  small-angle  x-ray  scattering  study  shows  that  the  organoclay  has  some  catalytic  effect  for 
polymerization  and  that  the  exothermal  heat  at  onset  curing  temperature  is  a  key  factor  for 
nanosheets  exfoliation.  The  morphology  of  the  nanocomposites  is  also  closely  related  to  the 
CEC  of  the  montmorillonite.  The  clay  with  lower  CEC  is  more  favorable  for  the  polymer 
penetration.  The  dynamic  storage  of  the  nanocomposites  was  increased  and  the  solvent 
absorption  in  methanol  was  slower  for  the  nanocomposites. 
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ABSTRACT 

A  novel  synthesis  route  of  metal  oxide  nanoparticles  dispersed  in  a  silicate  framework  is 
reported  here.  This  composite  nanostructure  is  highly  thermally  stable  and  porous,  rendering 
large  surface  area  and  rich  surface  chemistry  promising  for  catalytic  applications.  Aqueous 
solutions  of  metal  salts  were  used  as  the  precursors  of  the  nanoparticles,  and  added  in  an  aqueous 
dispersion  of  synthetic  clay,  laponite,  in  which  the  clay  exists  in  exfoliated  silicate  sheets.  Acid 
leaching  of  the  clay  sheets  occurs  in  the  reaction  due  to  the  strong  acidity  of  the  metal  salt 
solution.  Meanwhile,  the  metal  hydrate  ions  polymerise  because  of  the  high  pH  of  the  clay 
dispersion  and  condense  on  the  leached  silicates.  This  mechanism  is  distinctly  different  from 
conventional  pillaring  process.  The  nanocomposites  of  various  oxides  and  binary  oxides  were 
synthesised.  By  introducing  polyethylene  oxide  surfactants,  we  obtained  mesoporous 
nanocomposites  with  very  large  surface  areas  (400  -900  m^/g)  and  porosity.  These 
nanocomposites  are  superior  catalysts  or  catalyst  supports  over  of  microporous  pillared  clays  [1- 
3]  due  to  their  structure  and  surface  properties. 


INTRODUCTION 

The  nanoparticles  of  transition  metal  oxides,  in  several  nanometers  range,  are  very  attractive 
materials  for  uses  in  catalysis,  because  these  nanoparticles  often  exhibit  superior  properties  and 
performance  due  to  their  large  specific  surface  area.  However,  agglomeration  of  ultra-fine 
particles  adversely  affects  their  performance,  and  recovering  such  catalysts  is  difficult.  These 
problems  seriously  limit  their  applications.  A  feasible  approach  is  to  disperse  nanoparticles  of 
metal  oxide  within  an  inorganic  media,  such  as  layered  clays,  meanwhile  maintaining  most  of  the 
surface  of  metal  oxides  accessible  to  reactant  molecules.  This  approach  is  similar,  in  some 
aspects,  to  the  synthesis  of  pillared  layered  clays  developed  in  late  1970s  [1-2]. 

It  is  well  known  that  hydrate  cations  of  many  metal  elements  exist  stably  in  acidic 
environment.  If  the  pH  increases,  the  metal  hydrate  ions  hydrolyze,  forming  polymerized 
hydroxyl  ions  (oligomers),  and  finally  precipitates  [4].  Actually,  there  are  layered  clays,  which 
can  form  well-dispersed  suspensions  at  high  pH  values.  For  instance,  laponite,  synthetic  clay  that 
is  iso-structural  with  the  smectite  clays,  has  a  pH  between  9.5  and  10.  This  pH  is  effective  for 
inducing  hydrolysis  of  various  metal  ions.  The  clay  platelets  are  small,  about  20-30  nm  in 
diameter.  In  a  dilute  aqueous  dispersion  the  clay  exists  as  discrete  plates  [5].  Therefore,  laponite 
is  an  ideal  inorganic  medium  to  form  nanometer- scale  composite  structures  with  various  metal 
hydroxyl  species.  Aqueous  solutions  of  metal  hydroxyl  species  or  positively  charged  sol  particles 
(precursor  solutions)  can  be  readily  obtained  from  inorganic  salts.  The  development  of  pillared 
layered  clays  has  provided  very  useful  knowledge  on  the  precursor  solutions  [  1  ] .  The  structures 
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of  various  oligomers  in  precursor  solutions  have  been  comprehensively  studied  [6,7].  In  many 
cases,  the  pillaring  solutions  for  the  synthesis  of  pillared  layered  clays  can  be  used  for  the 
synthesis  of  nanocomposites. 

EXPERIMENTAL  DETAILS 

A  general  procedure  for  synthesis  of  metal  oxide  nanoparticles  in  clays  is  as  follows: 
Laponite  clay  was  dispersed  into  water  in  a  designed  ratio  to  form  a  clear  dispersion.  A  certain 
amount  of  a  polyethylene  oxide  (PEO)  surfactants  of  small  molecular  weights,  with  a  general 
chemical  formula  Ci2.i4H25-29  0(CH2CIl20)nH  {n  =  5-12),  was  added  into  the  laponite  dispersion 
which  then  became  opaque.  The  suspension  was  stirred  for  2  hours  to  allow  sufficient  mixing. 

To  this  mixture,  an  aqueous  solution  of  metal  ions  was  added  drop-wise  with  continuous  stirring. 
Some  solutions  of  metal  ions  were  obtained  following  the  method  for  preparing  corresponding 
pillaring  solutions.  The  pH  was  controlled  at  3-5.  For  instance  a  solution  containing  zirconium 
hydroxyl  oligomers  can  be  readily  prepared  by  reflux  a  ZrOCb  solution.  After  a  stirring  of  2 
hour,  the  mixed  suspension  was  maintained  at  373K  for  two  days.  The  precipitate  was  recovered 
from  the  mixture  by  centrifuging  and  washed  with  deionized  water.  The  wet  cake  was  dried  in 
air  and  calcined  at  773  K  for  20  hours.  The  hydrolyzed  metal  hydroxyl  species  are  converted  to 
oxide  particles  of  several  nanometers,  and  porous  nanocomposite  structures  of  metal  oxide  and 
silicate  arc  obtained. 

RESULTS  AND  DISCUSSION 

We  found  that  the  porosity  of  the  nanocomposite  can  be  significantly  increased  by 
introducing  polyethylene  oxide  (PEO)  surfactants  of  small  molecular  weights.  These  surfactants 
have  strong  affinities  to  the  surfaces  of  clay  and  metal  hydrates.  Therefore,  they  have  a  function 
of  separating  the  hydrolyzed  species  of  metal  elements,  preventing  them  from  further 
agglomeration  and  sintering  during  the  drying  and  heating  processes.  It  is  known  that  in  the 
templated  synthesis  the  pore  size  of  the  product  is  proportional  to  the  molecular  size  of  the 
surfactant  [8-10].  But  there  is  no  such  a  trend  observed  in  this  study.  The  molecular  size  of  the 
surfactant  is  not  a  sole  detenninant  of  the  pore  size  of  the  product  solids.  During  heating  the 
surfactant  volatilizes,  leaving  a  rigid  structure  with  high  porosity.  The  BET  specific  surface  area 
and  porosity  data  of  some  nanocomposite  samples  are  given  in  Table  1 . 

Those  oxide  nanocomposites  exhibit  much  larger  surface  areas  and  pore  volumes,  compared 
to  pillared  layered  clays  (pore  volume  of  0. 1 5-0.40  cm^/g  and  the  BET  surface  area  1 50-400 
m^/g).  The  pillared  layered  clays  arc  microporous  solids  (pore  size  below  2  nm)  with  a  moderate 
porosity,  while  the  nanocomposites  arc  mesoporous  solids.  The  structures  of  these  two  classes  of 
solids  are  also  profoundly  different.  The  TEM  images  of  the  pristine  laponite  and  three 
nanocomposites  (as  representatives)  are  given  in  Fig  1 . 
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Table  1.  BET  specific  surface  area  and  pore  volume  of  metal  oxide  nanocomposite  samples. 

Samples  prepared  w/surfactant _ Samples  prepared  w/o  surfactant 

Metal  oxide  BET  S.A.  Vp  Metal  oxide  BET  S.A.  Vp 
(mVg)  (cmVg)  (m^/g)  (cmVg) 

AI2O3-  542  0.709  AI2O3-  278  0.233 

Al203/La203- 587  0.676  Al2Q3/La2Q3- 439  0.383 _ 

Al2Q3/Ce02-  599  0.775  Al2Q3/Ce02-  422  0.345 _ 

Zr02 _ 459  0.430  ZrOz _ 248  0.146 _ 

Zr02/CeQ2  611  0.676  ZxOilC&Oi  291  0.185 _ 

Ti02-  635  0.776  TiOz-  343  0. 405 


(c )  (d) 

Figure  1.  TEM  images  of  laponite  clay  and  the  calcined  metal  oxide  nanocomposite  samples. 

(a)  laponite  (b)  AbOj-nanocomposite  (c).  TiO^-nanocomposite  and  (d)  a  Cr203-nanocomposite 
with  low  Cr203  content.  The  scale  bars  in  the  images  indicate  20  nm. 

Bundles  of  several  clay  platelets  can  be  seen  in  the  image  of  pristine  laponite  in  Fig  la, 
which  aggregate  in  a  poor  long-range  order.  For  pillared  clays,  the  clay  layers  were  regarded  as 
inert  with  respect  to  reaction  and  almost  intact  in  term  of  chemical  composition  during  the 
pillaring  process.  Flowever,  layered  clays  can  react  with  various  acids  even  at  moderate 
conditions  [11-13].  Acid  leaching  is  regarded  as  an  effective  means  to  activate  clays.  The  acid 
leaching  could  result  in  remarkable  changes  in  composition  and  structure  of  the  clay  layers.  The 
extent  of  the  reaction  varies  substantially  from  clay  to  clay. 

Fig  lb  is  the  image  of  the  sample  prepared  from  a  solution  containing  Keggin  ions  [1,2,7] 
[A1|304(0H)24]^  ,  and  the  laponite  dispersion,  Al203-composite.  In  this  solid,  thin  stringy 
structure  of  about  1  and  2  nm  thickness  are  observed,  which  are  singular  and  paired  silicate 
platelets,  respectively.  It  is  noted  that  these  platelets  arc  entangled  but  with  a  separation  in  the 
nanometer  range.  This  indicates  that  the  platelets  are  intercalated  with  nanoparticles  of  alumina. 
The  Keggin  ion  solution  has  a  weak  acidity  (pH  of  3.0-3. 5),  and  there  is  no  obvious  acid  leaching 
from  the  laponite  platelets,  according  to  the  results  of  chemical  composition  of  the  sample  (in 
Table  2).  Substantial  loss  of  magnesium  that  is  in  the  clay  layer  is  an  indicative  of  the  acid 
leaching.  Thus,  the  laponite  platelets  remain  intact,  in  terms  of  composition  and  framework 
structure.  When  a  more  acidic  solution  containing  sol  particles  of  titanium  (IV)  hydrate,  was 
used,  laponite  platelets  arc  obviously  involved  in  reaction.  Most  of  magnesium  in  the  clay 
platelets  was  leached  out  (Table  2).  The  solids  obtained  after  calcination  at  500"C  contains 
mainly  silica  and  titanium  dioxide.  X-ray  powder  diffraction  pattern  (not  shown)  indicates  that 


12 


Ti02  exists  in  anatase  phase  and  we  can  see  the  aggregation  of  crystallites  with  random 
orientations  in  Fig  Ic.  The  size  of  the  anatase  crystallites  can  be  estimated  from  domains  of 
regular  texture  in  the  image,  being  about  3-9  nm.  Neither  the  x-ray  pattern  nor  TEM  image 
indicate  any  crystal  fonn  of  silica  or  silicate  although  silica  accounts  for  over  50%  of  the  sample 
mass.  The  silica  in  the  samples  is  more  likely  amorphous  as  reaction  product  of  the  laponite  clay. 
Similar  behaviors  were  observed  for  other  transition  metal  oxide  nanocomposites.  Energy 
dispersing  x-ray  spectroscopy  (EDS)  was  used  to  analyze  the  chemical  compositions  at  different 
regions  over  a  sample.  At  least  5  regions  were  taken  for  one  sample  and  the  average  region  size 
was  about  15  nra  in  diameter.  We  found  no  obvious  difference  from  region  to  region  and  the 
overall  composition  of  the  sample  was  uniform,  for  all  samples.  This  means  that  in  these  samples 
metal  oxide  particles  homogeneously  disperse  in  exfoliated  silicate  media. 


Table  II.  Major  chemical  composition  of  the  samples  shown  in  Fig  1. 


Sample 

SiOz 

AI2O3 

MgO 

Ti02 

Na20 

Fe203 

Cr203 

(%) 

(%) 

(%) 

(%) 

(%) 

(%) 

(%) 

Laponite 

51.10 

0.07 

23.20 

2.51 

- 

- 

AbOs-composite 

41.49 

27.91 

17.38 

- 

- 

0.04 

- 

Ti02-composite 

55.30 

0.12 

0.19 

43.90 

- 

0.02 

- 

Cr203-composite 

79.87 

- 

6.13 

- 

- 

0.60 

0.03 

*  Not  detectable. 


The  image  in  Fig  Id  provides  more  information  on  the  structure  of  the  reaction  product 
derived  from  laponite.  This  solid  was  obtained  after  reaction  of  laponite  suspension  with  a 
solution  containing  chromium  hydroxyl  ions.  In  this  particular  case,  only  a  small  amount  of 
Cr203  is  left  in  the  product  solid  (Cr203  content  below  1  %),  which  contains  about  80  wt%  of 
silica  and  6  wt%  of  MgO,  meanwhile  most  of  the  Mg  content  in  the  original  laponite  has  been 
leached  out  during  the  synthesis.  This  solid  provides  a  clear  picture  of  the  residue  from  the 
original  laponite  after  reaction.  The  structure  of  this  solid  is  strikingly  different  from  that  of  the 
original  laponite.  Mesopores  ranging  from  3-20  nm  can  be  seen  in  the  image.  These  irregular 
pores  reveal  that  the  laponite  platelets  were  seriously  attacked,  not  only  at  edges  but  also  on  the 
basal  surface  of  the  platelets  (gallery  access  mechanism  [13],  leaving  a  porous  framework  of 
silica. 

^^Si  magic  angle  spinning  nuclear  magnetic  resonance  (^‘^Si  MAS-NMR)  of  the  samples  (Fig 
2)  also  indicates  the  different  structure  change  in  silicate  platelets  caused  by  the  reaction.  ^^Si 
MASNMR  spectrum  of  laponite  displays  two  resonance  peaks  at  -90  and  80  ppm.  Such 
chemical  shifts  are  correlated  to  the  Si04  tetrahedra  linked  with  3  and  2  other  SiO^  tetrahedra  (Q^ 
and  sites),  respectively.  This  is  expected  for  the  structure  of  laponite  clay  layer  [14-15].  In 
the  clay  layer  most  Si04  tetrahedra  are  linked  to  3  other  Si04  tetrahedra,  being  in  sites  but  the 
tetrahedra  at  the  edges  of  the  clay  layers  are  linked  to  2  other  Si04  tetrahedra  and  thus  form  the 
sites.  The  smaller  amount  of  sites,  compared  with  that  of  sites,  is  responsible  for  the 
low  intensity  of  the  peak  at  -80  ppm. 
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Figure  2.  magic  angle  spinning  nuclear  magnetic  resonance  (^'’Si  MASNMR)  of  a.  laponite 
clay;  b,  AloO.i-nanocomposite;  c,  Ti02-nanocomposite;  and  d,  Cr203-nanocomposite  with  low 
Cr203  content. 

The  chemical  shifts  for  Al203-nanocomposite  is  similar  to  that  of  laponite,  with  a  major 
resonance  at  -91.7  ppm.  This  means  that  the  clay  platelets  remain  almost  intact  during  the 
reaction,  being  consistent  with  our  observation  in  TTM  image.  The  TiO^-nanocompositc  and 
Cr203-  nanocomposite  samples  show  substantially  different  MAS-NMR  spectra.  Broad 
resonance  in  the  range  from  -11 0  to  -80  ppm  can  be  seen,  reflecting  poor  short-range  order.  It 
also  suggests  a  radical  structure  change  of  the  silicate  due  to  the  reaction  in  the  synthesis.  The 
chemical  shift  at  404  ppm  (a  peak  for  Cr203-nanocompositc  and  a  shoulder  for  Ti02- 
nanocomposite)  should  be  assigned  to  Q'*  sites  where  the  Si04  tetrahedra  linked  with  4  other 
Si04  tetrahedra.  In  laponite  clay  structure  there  should  be  no  sites  [16]  and  this  is  confirmed 
by  the  spectrum  of  the  clay.  Thus  the  Q"*  sites  must  have  resulted  from  the  profound  structure 
changes  of  the  silicate  in  the  synthesis. 

This  evidence  .suggests  that  the  clay  layers  could  be  seriously  attacked  if  the  acidity  of  the 
precursor  solution  is  strong.  On  the  other  hand,  the  laponite  dispersion  with  a  high  pH  inevitably 
induces  further  hydrolysis  of  the  metal  hydroxyl  oligomers  in  the  precursor  solution,  forming 
larger  species,  the  precursors  of  metal  oxide  nanoparticlcs.  These  large  species  most  likely 
conden.se  to  the  surrounding  silicate  platelets,  because  they  carry  opposite  electric  charges.  This 
leads  to  a  composite  structure  in  which  metal  oxide  particles  of  several  nanometers  in  size  arc 
dispersed  among  the  exfoliated  silicate  media. 
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According  to  this  mechanism,  it  is  possible  to  alter  the  particle  size  of  the  metal  oxides  by 
manipulating  the  acidity  of  the  precursor  solution.  Indeed,  as  we  increased  the  H^/Ti  molar  ratio 
of  the  precursor  solution  from  2.0  to  8.0,  the  mean  size  of  anatase  particle  in  the  product  Ti02- 
composites  increases  from  3.7  to  9.0  nm.  This  finding  is  of  importance,  which  allows  us  to 
effectively  tailor  the  structure  of  these  solids  for  various  applications. 

During  last  two  decades,  application  of  pillared  clays  as  catalysts  or  catalyst  supports  for 
numerous  chemical  reactions  has  been  attempted  [3].  In  general,  better  acidic  characteristic, 
larger  specific  surface  area,  pore  volume  and  pore  size  are  required  for  catalysis  purpose.  As 
shown  above,  the  properties  of  nanocomposites  based  on  the  above  properties  are  remarkably 
superior  to  that  of  pillared  clays  and  they  are  of  great  potential  for  these  catalytic  applications. 


Time,  min 

Figure  3.  Catalytic  perfonnance  of  photocatalysts  for  photo-degradation  of  2,  4-dichlorophenol. 
Curves  a  and  b  illustrate  the  perfonnance  of  the  ultra-fine  Ti02  powder  P25  and  a  Ti02- 
nanocomposite  sample,  respectively. 

Ti02-nanocomposite  prepared  in  this  study  can  be  used  as  photocatalysts.  It  is  well  known 
that  Ti02  anatase  nanoparticles  are  regarded  as  the  best  photo-catalysts  for  decomposing 
refractory  organic  pollutants  in  water  and  air  [17-19].  The  catalyst  can  be  used  for  various 
processes  such  as  odor  elimination  of  drinking  water,  degradation  of  hannful  organic 
contaminants,  like  herbicides,  pesticides,  refractive  dyes,  and  oil  spills  in  surface  water  systems. 
In  Fig  3  catalytic  perfonnances  for  photo-degradation  of  2,  4-dicholorophenol  by  aTi02- 
composite  and  P25,  a  commercial  ultra-fine  titanium  dioxide  powder  supplied  by  Degussa,  are 
compared.  The  overall  photo-catalytic  efficiency  of  the  Ti02-nanocomposite  is  comparable  to 
that  of  P25,  which  is  known  to  be  the  best  commercial  Ti02  photo-catalyst  and  has  a  mean 
particles  size  of  about  25  nm.  The  perfonnance  of  the  Ti02-nanocomposite  proves  that  most  of 
the  surface  of  Ti02  crystals  is  accessible  to  the  various  molecules  in  solution.  Furthermore,  the 
Ti02-nanocomposite  contains  about  45  %  of  Ti02.  Therefore,  the  activity  per  mass  of  Ti02  for 
the  Ti02-nanocomposite  is  superior.  Besides,  it  is  very  difficult  to  recover  P25  powder  from 
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water.  This  could  leads  to  a  potential  difficulty  in  downstream  separation.  In  contrast,  the 
nanocomposite  catalyst  can  be  readily  separated  from  aqueous  solutions  by  settling  and  filtration. 
The  silicate  layers  in  the  samples  not  only  act  as  media  allowing  Ti02  to  disperse  in  nano¬ 
crystals  but  also  link  the  distributed  TiO:  nano-crystals  to  large  granules  which  can  be  recovered 
easily. 

Besides,  we  also  found  that  nickel  catalysts  supported  on  Zr02-nanocomposite  result  in  high 
conversion  rate  for  methane  refonning  with  carbon  dioxide.  The  catalyst  maintains  the  high 
activity  for  over  180  hours  (Fig  4),  much  longer  than  the  catalyst  supported  activated  AI2O3.  The 
pore  stiiicture  and  surface  nature  of  Zr02-nanocomposite  can  be  tailored  to  obtain  supports  with 
higher  surface  area  resulting  in  well-dispersed  Ni  catalysts.  Carbon  deposition  on  such  catalysts 
was  also  suppressed  due  to  the  small  nanoparticles  of  Ni  metal  well  dispersed  in  the  nanoporous 
support.  The  sintering  deactivation  is  also  reduced  due  to  the  excellent  dispersion. 


Figure  4.  Performance  of  the  nickel  catalysts  on  a  Zr02-nanocomposite  and  an  activated  alumina 
for  methane  refonning  with  carbon  in  a  fixed  bed  reactor.  The  reaction  conditions  CH4/CO2 
=1:1,  P  =  1  atm  and  flow  rate  =  60  ml/m  in. 

We  also  found  very  recently  that  Fe203-composite  is  an  excellent  catalyst  for  the  photo- 
assisted  Fenton  degradation  of  azo-dye  Orange  IT  (Fig  5).  This  catalyst  can  significantly  enhance 
the  degradation  of  Orange  II  and  has  an  excellent  long-term  stability.  It  is  much  cheaper  than  the 
Nafion-based  catalysts  used  in  Fenton  reaction  for  water  purification.  It  was  also  found  that  IFO: 
molar  concentration  in  solution,  solution  pH,  UV  light  wavelength  and  power,  and  catalyst 
loading  are  the  four  main  factors  that  can  significantly  influence  the  photo-assisted  Fenton 
degradation  of  Orange  II. 
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Figure  5.  Orange  II  concentration  as  a  function  of  irradiation  time  for  systems  without  any 
catalyst,  with  2  ppm  Fe^"^  in  solution,  and  with  1.0  g  Fe-nanocomposite  catalyst/L,  respectively. 
The  Orange  II  degradation  is  much  faster  in  the  presence  of  the  Fe-nanocomposite  catalyst  than 
that  without  any  catalyst. 

CONCLUSIONS 

These  findings  in  this  work  highlight  the  great  potential  of  this  novel  synthesis  of  metal 
oxide  nanocomposites  as  advanced  catalytic  materials.  These  solids  can  be  readily  granulated  to 
designed  shapes  and  the  grains  have  good  mechanical  strength  because  of  the  presence  of  a 
silicate  framework  structure.  Creating  porous  stmctures  of  transition  metal  oxides  with  large 
surface  areas  has  attracted  great  research  interest.  Templated  synthesis,  invented  in  early  1990s 
for  the  synthesis  of  mesoporous  silica  or  aluminosilicate  [8,9]  were  also  applied  for  this  puipose. 
Successes  have  been  achieved  as  various  approaches,  such  as  starting  with  metal  alkoxides  and 
conducting  the  synthesis  in  non-aqueous  systems,  were  employed  to  overcome  serious 
difficulties  in  the  synthesis  [20-22].  In  comparison,  the  synthesis  proposed  in  this  study  has  a 
prominent  advantage  that  it  can  be  conducted  in  aqueous  system  at  moderate  conditions. 
Moreover,  this  synthesis  utilises  the  reaction  between  the  clay  suspension  and  the  oligomer 
solution  to  form  composite  nanostructure  with  assistance  of  PEG  surfactant,  being  profoundly 
different  from  the  synthesis  of  the  well-known  pillared  clay  materials.  Actually,  such  a  synthesis 
route  is  not  limited  to  laponite,  we  have  also  prepared  nanocomposites  from  natural  layered  clays 
such  as  saponite  and  hectorite.  This  new  synthesis  technique  allows  us  to  design  and  engineer 
composite  nanostructures  with  desirable  pore  and  surface  properties. 
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ABSTRACT 

(Ni75Fe25)v/(Si02)i.v  nanocomposites  with  v  =0.5,  0.7,  and  1.0,  where  75  denotes  the  atomic 
percent  of  Ni  in  the  Ni-Fe  alloy  phase  and  v  denotes  the  volume  fraction  of  the  magnetic 
constituent  in  the  composite,  were  synthesized  using  a  wet  chemical  approach.  The  x-ray 
diffraction  and  TEM  experiments  show  that  the  synthetic  NiFe/Si02  is  a  two-phase  composite 
system  in  that  an  amorphous  insulating  Si02  layer  coats  each  Ni-Fe  particle.  The  Ni-Fe  particle 
is  in  a  fee  Ni-Fe  alloy  state.  Its  size  can  be  controlled  over  a  rather  large  range  between  5  nm  to 
70  nm  by  adjusting  the  reaction  parameters.  Particular  attention  was  paid  to  reduce  the  chemical 
reaction  temperature  so  as  to  insure  the  smallness  of  the  particle  size.  Meanwhile,  measurements 
of  the  saturation  magnetization  indicated  that  the  higher  the  heat  treatment  temperature,  the  more 
complete  the  chemical  reaction  to  form  the  Ni-Fe  alloys  from  precursor  materials. 

INTRODUCTION 

Magnetic  nanocrystalline  solids  offer  attractive  properties  for  various  applications  such  as 
the  active  component  of  ferrofluids  [1],  recording  tapes  [2],  biomedical  materials  [3],  separation 
techniques  [4],  as  well  as  permanent  magnets  and  soft  magnetic  materials  [5-6].  Furthermore, 
nanocompositing  opened  new  opportunities  to  develop  novel  magnetic  materials  [7].  Such 
materials  provide  great  possibilities  for  the  atomic  engineering  of  materials  with  specific 
magnetic  properties.  Thin  film  nanocomposites  with  significantly  improved  high  frequency 
properties  have  been  developed  based  on  the  exchange  coupling  mechanism  [8-9].  By  coating 
magnetic  nanoparticles  with  a  second  insulating  phase,  the  following  improvements  could  be 
achieved.  Since  the  distribution  of  the  two  phases  is  homogenous  on  a  nanometer  scale,  the 
aggregation  of  magnetic  nanoparticles  themselves  is  greatly  limited.  In  this  case,  the  magnetic 
materials  can  retain  the  nature  of  the  nanocrystals.  Therefore,  the  interaction  of  the  magnetic 
particles  could  be  adjusted  and  studied  because  the  magnetic  cores  are  kept  at  a  well-defined 
distance.  Coating  the  metallic  magnetic  nanoparticles  prevents  oxidation  since  the  particles  are 
extremely  active  and  pyrophoric  at  ambient  conditions.  Coating  with  an  insulating  phase  can 
improve  the  electrical  resistivity  of  the  magnetic  materials.  This  maintains  low  eddy  current 
losses  for  soft  magnetic  materials  in  high  frequency  applications.  Coating  also  hinders  the 
diffusion  or  the  grain  growth  of  metallic  particles  during  the  formation  or  sintering  of  the 
nanoparticles. 

A  wide  variety  of  routes  have  been  employed  to  synthesize  magnetic  nanocomposites, 
including  sol-gel  [10],  sputtering  [7],  electrodeposition  [11],  high  energy  ball  milling  [12], 
microemulsion  and  reverse  micelle  techniques  [13].  In  order  to  dramatically  increase  the  electric 
resistivity  of  metallic  magnetic  alloys  while  retaining  their  excellent  soft  magnetic  properties 
(high  saturation  magnetization,  high  permeability,  high  Curie  temperature,  etc.), 
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(Ni7sFe25)v/(Si02)|.v  nanocomposites  were  synthesized  using  a  wet  chemical  approach.  The 
magnetic  properties  of  the  nanoparticles  were  investigated  for  samples  treated  at  different 
temperatures. 

EXPERIMENTAL 

Nickel  nitrate,  iron  nitrate,  and  tetraethoxysilane  (TEOS)  were  used  as  received  from  Alfa 
Aesar.  n-Ni-Fe/Si02  nanocomposites  were  synthesized  using  a  wet  chemical  solution  technique, 
followed  by  oxidation  and  reduction  under  a  controlled  atmosphere  at  elevated  temperatures. 
Starting  materials  were  mixed  in  an  organic  solvent.  The  solvent  is  then  removed  by  evaporation 
at  elevated  temperature.  A  further  drying  process  is  performed  in  an  oven  to  obtain  porous 
agglomerates.  The  agglomerates  were  then  heated  in  an  oxidizing  atmosphere  for  a  period  of 
time.  An  this  stage,  impurity  elements  such  as  carbon,  hydrogen,  and  nitrogen  from  the  starting 
materials  were  burned  out  and  the  remaining  materials  precomposite  of  were  nickel  oxide,  iron 
oxides,  and  silica.  The  precomposite  powder  was  reduced  at  different  temperatures  in  the  range 
of  400-900  '’C  to  form  n-Ni-Fe/Si02  composites. 

Thennogravimctric  analysis  (TGA)  was  conducted  to  determine  the  starting  and  finishing 
temperature  for  oxidation.  Characterization  of  the  crystal  structure  and  particle  size  of  the 
synthetic  powder  was  carried  out  using  x-ray  diffraction  (XRD)  and  high-resolution  transmission 
electron  microscopy  (HRTEM).  High-resolution  transmission  electron  micrographs  were 
obtained  with  a  JEOL  4000  EX  electron  microscope.  HRTEM  specimens  were  prepared  by 
dispersing  the  powders  in  methanol.  Drops  of  this  solution  were  then  deposited  on  a  carbon-grid 
and  observed  in  the  microscope.  Bright  field  images,  electron  diffraction,  and  lattice  images 
were  carried  out.  The  static  magnetic  properties  of  the  synthetic  powder  were  studied  by  using 
Quantum  Design  SQUID  magnetometer  at  temperatures  of  10  K  and  300  K.  Before  the 
measurements,  the  samples  were  weighted  accurately  and  then  wrapped  carefully  in  an  adhesive 
tape. 

RESULTS  AND  DISCUSSION 

In  Figure  1  a  typical  TGA  scan  for  the  composite  materials  is  presented.  It  can  be  seen  in 
Figure  1  that  the  unwanted  organic  start  to  burn-off  at  ~  300  ”C.  However,  a  rather  long  time 
may  be  required  to  complete  the  oxidation  and  “clean”  the  precursor  at  this  temperature.  It 
appears  that  a  higher  temperature  {e.g.,  500  ‘'C)  is  necessary  to  complete  the  oxidation  reactions. 


Temperature  fC) 

Figure  1.  Weight  change  vs.  temperature  for  precompositc  powder  of  Ni-Fc/Si02  in  oxygen. 
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Figure  2  shows  the  XRD  patterns  for  the  (Ni75Fe25)o.7/(Si02)o.3  samples  that  were  obtained 
by  reducing  the  precursor  in  H2  for  3  hours  at  various  temperatures.  For  a  comparison,  the  figure 
also  includes  the  XRD  pattern  of  a  bulk-size  Ni-Fe  alloy  sample.  The  results  indicate  that  all  of 
the  synthetic  (Ni75Fe25)o.7/(Si02)o.3  samples  have  the  face-centered  cubic  (fee)  structure.  As 
shown  in  Figure  2,  the  linewidth  of  the  diffraction  peaks  for  the  (Ni75Fe25)o.7/(Si02)o.3  samples 
were  significantly  broader  than  that  for  the  bulk  Ni-Fe  alloy  sample,  and  highly  dependent  on  the 
reduction  temperature. 


Figure  2.  XRD  pattern  for  bulk  Ni-Fe  alloy  and  n-(Ni75Fe25)o.7/(Si02)o.3  samples  prepared  at 
different  reduction  temperatures  (in  degree  C). 

The  particle  size  for  nanostructured  materials  calculated  from  the  Scherrer  equation. 
Figure  3  shows  the  particle  size  of  the  synthetic  (Ni75Fe25)o.7/(Si02)o.3  as  a  function  of  the 
hydrogen  reduction  temperature.  It  reveals  that  when  the  reduction  temperature  is  700  ‘'C  or 
below,  the  particle  size  remains  small  (<  20  nm)  with  little  change  with  reduction  temperature. 
However,  the  size  increases  significantly  with  H2  reduction  temperatures  beyond  700  °C. 
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Figure  3.  Variation  of  Ni-Fe  particle  size 
with  reduction  temperature  in  hydrogen: 
circles,  (Ni75Fe25)o.7/(Si02)o.3;  triangles, 
(Ni75Fe25)o.5/(Si02)o.5. 


Figure  4.  Magnetization  and  coercivity 
as  a  function  of  H2  reduction  temperature 
for  n-(Ni75Fe25)o.7/(Si02)o.3. 
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The  static  magnetic  properties  of  n-(Ni75Fc25)f),7/(Si02)o3  are  summarized  in  Figure  4  which 
shows  the  saturation  magnetization  and  coercivity  as  a  function  of  the  Ht  reduction  temperature 
for  (Ni75Fe25){).7/(Si02)o.3  measured  at  10  K  and  300  K.  The  saturation  magnetization  of  the  bulk 
Ni7sFc25  alloy  is  12000  G,  which  translates  to  the  saturation  magnetization  of  8000  G  for 
(Ni75Fe25)(),7/(Si02)o.3  nanocompositc  presuming  the  electronic  as  well  as  magnetic  structure  for 
the  Ni-Fe  nanoparticle  is  essentially  the  same  as  those  for  the  bulk  Ni-Fc  alloy.  It  can  be  seen 
from  Figure  4  that  for  the  powder  reduced  at  900  "C,  the  saturation  magnetization  is  actually 
8600  G.  This  is  due  to  the  composition  deviation  in  that  the  actual  volume  fraction  of  the  Ni-Fc 
magnetic  phase  may  be  slightly  greater  than  0.7.  By  reducing  at  700  ‘’C,  a  saturation  of  8000  G 
is  obtained,  which  is  93%  of  the  saturation  magnetization.  This  indicates  that  the  reduction 
temperature  can  be  set  to  700  at  which  the  reduction  process  is  essentially  completed  while 
the  Ni-Fe  particle  size  remains  less  than  20  nm.  From  Figure  4,  it  also  can  be  seen  that  at  low 
temperature  the  coercivity  decreases  with  increasing  reduction  temperature,  while  at  room 
temperature  the  coercivity  increases  as  the  reduction  temperature  increases  from  400  °C  to  700 
°C.  This  is  probably  because  some  Ni-Fe  particles  in  the  nanocompositc  reduced  at  400  °C  and 
500  °C  have  small  size  due  to  lower  reduction  temperature  and  exhibit  supcrparamagnctic 
behavior  at  room  temperature. 

Figure  5  shows  the  XRD  diffraction  patterns  for  the  n-(Ni75Fc25)o.5^(Si02)().5  powders,  which 
are  the  same  as  shown  in  Figure  2.  The  particle  size  dependence  on  the  reduction  temperature 
for  n-(Ni75Fe25)o.5/(Si02)o,.‘i  is  shown  in  Figure  3.  It  is  clear  that  the  thicker  the  Si02  coating,  the 
smaller  the  Ni-Fc  particle  size  obtained  in  the  same  reduction  process. 


Figure  5.  XRD  pattern  for  n-(Ni75Fe23)o..s/(Si02)(),5  and  bulk  Ni-Fe  alloy. 

In  Figure  6  a  typical  TEM  image  is  presented  which  shows  the  moq^hology  for  n- 
(Ni75Fc23)o  5/(Si02)o,.s  sample  which  was  heat-treated  in  hydrogen  at  700  "C.  This  image  shows 
that  all  of  the  particles  arc  embedded  in  an  amorphous  media  different  from  the  amorphous 
carbon  of  the  support  grid.  The  image  in  Figure  7  shows  a  typical  particle  size  distribution  for  a 
portion  of  the  sample.  The  width  of  the  distribution  is  approximately  15  nm  and  it  shows  a  peak 
centered  around  15.5  nm,  which  is  consistent  with  the  size  calculated  from  XRD.  The  particle 
range  is  between  5  and  30  nm,  which  is  a  relative  large  distribution  in  size.  For  this  histogram, 

3 1  particles  were  counted  and  analyzed.  The  typical  length  in  the  figure  is  an  average  between 
the  maximum  and  minimum  lateral  dimensions  measured  from  the  TEM  image. 
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Figure  6.  TEM  image  for  the  n- 
(Ni75Fe25)o.5/(Si02)o.5  sample  heat-treated  in 
hydrogen  at  700  "C.  The  bar  in  the  figure 
corresponds  to  100  nm. 


Figure  7.  Particle  size  distribution  from 
TEM  study  for  n-(Ni75Fe25)o.5/(Si02)o.5. 


Figure  8  shows  the  variation  of  the  saturation  magnetization  and  coercivity  as  a  function  of 
reduction  temperature  in  hydrogen.  By  reducing  at  700  "C,  a  saturation  magnetization  of  5303 
G  was  obtained.  This  corresponds  to  an  84%  completion  of  the  chemical  reaction.  It  also  can  be 
seen  from  Figure  8  that,  at  both  1 0  K  and  300  K,  the  coercivity  decreases  when  the  reduction 
temperature  increases  from  600  “C  to  900  °C.  However,  for  the  nanocomposite  reduced  at  400 
°C,  the  coercivities  measured  at  10  K  and  300  K  are  quite  different  from  each  other.  This  may 
result  from  the  superparamagnetic  behavior  of  small  size  particles  due  to  the  low  reduction 
temperature. 


Figure  8.  Magnetization  and  coercivity  as  a  function  of  reduction  temperature  in  hydrogen  for  n- 
(N'75Fe25)o.5/(Si02)o.5 
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An  interesting  result  was  observed  on  the  Ni75Fe25  nanoparticle  without  a  Si02  coating.  The 
powder  was  synthesized  using  the  same  chemical  route  without  adding  tetraethoxysilane  in  the 
starting  raw  materials.  While  the  powder  reduced  at  700  possesses  essentially  bulk  size 
(micrometer  size),  that  reduced  at  400  "C  possesses  a  mean  particle  size  of  only  18.5  nm.  For 
Niy^Feo.s  powder  samples  obtained  by  Hy  reduction  at  400  "C  and  700  "C  respectively,  the 
saturation  magnetization  for  the  two  samples  arc  the  same,  indicating  that  the  chemical  reaction 
can  be  completed  at  temperatures  as  low  as  400  without  the  existence  of  Si02. 

CONCLUSIONS 

{Ni75Fc25)v/(Si02)i-v  (V  =  0.5,  0.7)  nanocomposites  and  nanostructured  Niy^^Fe.s  alloys  have 
been  successfully  synthesized  using  a  wet  chemical  approach.  The  XRD  and  TEM  studies  show 
that  the  synthetic  Ni-Fe/SiOy  is  a  two-phase  composite  system  in  that  the  Ni-Fe  particles  are 
embedded  in  a  common  amorphous  insulating  SiOy  matrix.  The  Ni-Fe  particle  is  in  a  fee  Ni-Fe 
alloy  state.  Its  size  can  be  controlled  in  a  rather  large  range  between  5  nm  to  70  nm  by  adjusting 
tlie  reaction  parameters.  Measurements  of  saturation  magnetization  indicate  that  the  higher  the 
heat  treatment  temperature,  the  more  complete  the  chemical  reaction  to  form  the  Ni-Fe  alloys 
from  the  precursor  materials. 

ACKNOWLEDGMENTS 

The  work  is  supported  by  NASA  Contract  No.  NAS3-01013. 

REFERENCES 

1.  A.P.  Philipse,  P.B.  van  Bruggen,  and  C.  Pathmamanoharan,  Langmuir  10,  92-99  (1994). 

2.  K.O.  Grady  and  H.  Laidler,  J.  Magn.  Magn.  Mater.  200,  616-633  (1999). 

3.  Q.  Liu,  Z.  Xu,  J.A.  Finch,  and  R.  Egerton,  Chem.  Mater.  10,  3936-940  (1998). 

4.  L.  Nixon,  C.A.  Koval,  R.D.  Noble,  and  G.S.  Slaff,  Chem.  Mater.  4,  1 17-121  (1992). 

5.  G.C.  Fladjipanayis,  WTEC  Workshop  Rep.  R&D  Status  Trends  Nanopart.,  Nanostruct. 
Mater.,  Nanodevices  U.  S.,  Proc.,  Meeting  Date  1997  (International  Technology  Research 
Institute,  Baltimore,  Md,  1998),  p.  107-112. 

6.  H.  Fukunaga,  Nippon  Oyo  Jiki  Gakkaishi  19(4),  791-6  (1995). 

7.  G.C.  Hadjipanayis  and  G.A.  Prinz,  Science  and  Technology  of  Nanostructures  Magnetic 
Materials  (Plunum  Press,  New  York,  1991).p.477. 

8.  Y.  Hayakawa,  A.  Makino,  FI.  Fujimori,  and  A.  Inoue,  J.  Appl.  Phys.  81,  3747  (1997). 

9.  H.  Fujimori,  Sripta  Met.  Mat.  33,  1625  (1995). 

10.  (a)  G.M.  Chow  and  K.E.  Gonsalves,  Novel  Tech.  Synth.  Process.  Adv.  Mater.,  Proc.  Symp. 
(1994),  155-63.  Editor(s):  J.  Singh  and  S.M.  Copley,  Minerals,  Metals  &  Materials  Society, 
Warrendale,  Pa.;  (b)  R.  Monaci,  A.  Musinu,  G.  Piccaluga,  G.  Pinna,  Mater.  Sci.  Forum 
(1995),  195  (Nanophase  Materials),  1-6;  (c)  D.  Niznansky,  N.  Viart,  and  J.L.  Rehspringer,  J. 
Sol-Gel  Sci.  Tech.  8,  615-618  (1997). 

11.  R.D.  Shull  and  L.FI.  Bennett,  Nanostruct.  Mater.  1,  83-88  (1992). 

12.  (a)  A.K.  Giri,  C.  de  Julian,  J.M.  Gonzalez,  J.  Appl.  Phys.  76(10,  Pt.  2),  6573-5  (1994);  (b) 
M.  Pardavi-Horvath  and  L.  Takac.s,  IEEE  Trans.  Magn.  28,  3186-3188  (1992). 

13.  (a)  S.  Chang,  L.  Liu,  and  S.A.  Asher,  J.  Am.  Chem.  Soc.  116,  6739  (1994);  (b)  116,  6745 
(1994). 


24 


Mat.  Res.  Soc.  Symp.  Proc.  Vol.  703  ©  2002  Materials  Research  Society 


V1.8 


Novel  Synthesis  of  Aluminium  Oxide  Nanofibers 

Huai.  Y.  Zhu  and  Gao.  Q.  Lu* 

Nanomaterials  Centre  and  Department  of  Chemical  Engineering,  The  University  of  Queensland, 
Brisbane,  4072  Australia 

ABSTRACT 

This  report  presents  a  novel  synthesis  method  of  alumina  nanofibers  at  moderate  conditions  in 
aqueous  systems  through  a  surfactant-directed  crystal  growth  process.  In  the  presence  of 
polyethylene  oxide  (PEO)  surfactants,  boehmite  nanofibers  of  about  3  nm  thick  and  30-60  nm 
long  fonned  from  aluminium  hydrate  colloids.  During  the  subsequent  heating,  the  surfactant  was 
evaporated  and  boehmite  nanofibers  were  converted  into  y-alumina  nanofibers.  The  function  of 
the  PEO  surfactant  and  the  formation  mechanism  of  the  nanofibers  are  discussed.  Alumina 
nanofibers  are  an  ideal  structural  reinforcement  for  various  nanocomposite  materials.  They  are 
potential  adsorbents  with  high  adsorption  capacity.  Furthemriore,  their  unique  structure  exhibits 
strong  resistance  to  heating  at  high  temperatures.  The  BET  surface  area  of  a  typical  sample  after 
heating  at  1200®C  is  as  high  as  68  m^/g.  This  makes  the  material  very  promising  as  excellent 
substrates  for  catalysts  of  high  thermal  stability. 

INTRODUCTION 

In  recent  years,  nanomaterials  have  attracted  great  attention  fi-om  academe  and  industry 
because  of  their  superior  properties  and  their  potential  for  a  wide  range  of  applications. 

Surfactants  have  been  widely  used  as  templates  in  developing  uniform  mesoporous  structure  at  a 
scale  of  several  nano-meters  [1-3].  The  concept  of  surfactant  templating  was  also  applied  to  the 
synthesis  of  mesoporous  alumina  molecular  sieves,  because  activated  alumina  is  extensively 
used  as  industrial  adsorbents,  catalysts  and  catalyst  supports  [4].  Successes  were  achieved  by 
using  neutral  surfactants  [5,6)]  or  carboxylic  acids  [7],  as  templates  and  aluminium  alkoxide  as 
the  alumina  precursor.  It  would  be  of  great  interest  to  construct  alumina  nano-structures  of  other 
geometry  (morphology).  The  alumina  with  other  geometry  in  nano-meter  level,  for  instance, 
nano-fibers,  could  be  important  advanced  engineering  materials.  The  unique  aspect  ratio  of  nano- 
fibers  can  lead  to  a  wide  range  of  applications  in  advanced  ceramics,  electronic,  adsorption,  and 
catalysis  etc.  Here  we  report  the  first  synthesis  of  alumina  nanofibers  with  very  large  porosity 
from  inorganic  salts  with  non-ionic  polyethylene  oxide  (PEO)  surfactants.  In  such  a  synthesis, 
the  surfactant  micelles  induce  important  changes  in  morphology  and  growth  of  the  nano-sized 
crystallite,  rather  than  acting  as  templates  for  gel  particles  to  condense  around  them.  The 
fonnation  mechanism  of  alumina  nanofibers  is  distinctly  different  fi*om  the  templating 
mechanism  as  observed  in  M41 S  synthesis.  This  new  mechanism  could  constitute  a  new  strategy 
of  nano-structuring  inorganic  solids. 

EXPERIMENTAL 

The  PEO  surfactant,  with  a  general  chemical  formula  C|2-]4H  25-290(CH2CH20)nH  (n  =  5-30) 
was  mixed  with  aluminium  hydrate  cake  prepared  from  common  inorganic  salts  like  NaAi02,  in 
a  designed  molar  ratio  of  surfactant  to  aluminium  (PEO/Al  ratio).  Details  of  synthesis  can  be 
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found  in  [8].  Boehmite  (AlOOH)  crystallite  grows  during  a  hydrothennal  treatment  at  100°C. 
The  PEO  surfactant  introduced  prior  to  the  treatment  can  affect  the  crystalline  growth.  The 
hydrothermally  treated  samples  were  dried  in  air  and  calcined  subsequently  at  500°C.  The 
calcination  converted  nano-crystallite  boehmite  to  y-alumina.  A  significant  difference  in  crystal 
morphology  can  be  observed  by  transmission  electron  microscopy  (TEM).  In  Fig.  1 ,  the  TEM 
image  of  y-alumina  prepared  with  the  PEO  surfactant  (Fig  la)  is  compared  with  that  of  the  y- 
alumina  prepared  without  the  surfactant  (Fig  lb). 


Figure  1.  TEM  images  of  (a)  y-alumina  prepared  with  a  PEO/Al  ratio  of  0.47,  (b)  y-a!umina  prepared  at 
the  same  conditions  but  without  PEO  surfactant.  Nanofibers  can  be  seen  in  (a)  the  sample  prepared  with 
PEO  surfactant.  The  scale-bar  is  20  nm. 


RESULTS  AND  DISCUSSION 

The  nanocrystallites  in  Fig  la  are  nanofibers  with  a  length  over  60  nm,  and  a  constant 
thickness  of  about  3  nm.  In  contrast,  y-alumina  particles  prepared  without  PEO  addition  as  in 
Fig.  lb  show  irregular  shapes.  Evidently,  introducing  PEO  surfactant  results  in  the  formation  of 
alumina  nano-crystallite  with  a  fibrous  morphology.  It  is  postulated  that  boehmite  nanofibers 
first  formed  from  aluminium  hydrate  at  a  moderate  hydrothermal  condition.  In  the  subsequent 
heating  at  SOOT,  the  surfactant  was  removed  and  boehmite  is  converted  into  y-alumina,  whilst 
the  fibrous  morphology  was  retained  as  shown  in  Fig  la.  However,  the  XRD  patterns  tor  the 
samples  in  Fig  la  and  lb  are  almost  identical  (Fig  2). 

The  random  stacking  of  the  alumina  nanofibers  (Fig  la)  results  in  a  highly  porous  texture,  as 
reflected  by  the  nitrogen  adsorption  isotherms  in  Fig  3.  It  is  known  that  nitrogen  adsorption  by  a 
solid  strongly  depends  on  its  porosity  [9].  The  alumina  prepared  without  PEO  adsorbed  nitrogen 
at  77  K  slightly  over  300  cmVg  STP,  whereas  the  sample  prepared  in  the  presence  of  PEO 
adsorbed  as  much  as  1050  cm7g  STP.  The  extraordinarily  large  adsorption  capacity  indicates 
very  large  pore  volumes  in  the  samples  prepared  with  PEO.  The  pore  volume  should  be 
attributed  to  the  inter-crystallite  voids  of  the  randomly  stacked  alumina  nanofibers.  An 
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Intensity 


important  feature  of  the  nanofiber  structure  is  that  it  exhibits  significant  resistance  to  heating  at 
high  temperatures.  The  data  of  BET  specific  surface  area  and  porosity  of  the  samples  ealcined  at 
three  temperatures  are  given  in  Table  1. 


Figure  2.  XRD  patterns  of  y-alumina.  Patterns  a 
and  b  are  for  samples  a  and  b  in  Fig  I,  respectively. 
The  two  patterns  are  almost  identical 
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Figure  3.  Nitrogen  ads/desorption  isotherms  of  the 
samples  in  Figure  1.  For  the  sample  prepared  with 
PEO  surfactant  a  steep  increase  in  adsorption 
commences  from  a  P/To  of  about  0.7  (curve  a), 
indicating  a  huge  mesopore  volume,  whereas  for 
sample  b  (w/o  PEO)  the  adsorption  capacity  is  low. 


Table  I.  Surface  area,  mean 

pore  radius  and  pore  volume  of  alumina  samples. 

PEO/Al 

ratio 

BET  S.A. 
(mVg) 

Mean  R 
(nm) 

Pore  volume 
(cm^/g) 

After  calcination  at  500°C 

0 

321.6 

5.9 

0.471 

0.24 

360.0 

15.7 

1.409 

0.47 

376.2 

17.1 

1.616 

0.95 

347.4 

22.4 

1.946 

1.95 

373.1 

12.7 

1.185 

After  calcination  at  900®C 

0 

154.2 

7.2 

0.433 

0.24 

179.4 

15.5 

1.131 

0.47 

198.7 

15.5 

1.406 

0.95 

189.3 

21.8 

1.545 

1.95 

183.9 

15.5 

1.129 

After  calcination  at  1200°C 

0 

4.6 

10.5 

0.032 

0.24 

13.4 

11.4 

0.077 

0.47 

48.6 

16.0 

0.391 

0.95 

50.2 

16.1 

0.404 

1.95 

43.4 

15.3 

0.333 
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To  understand  the  function  of  the  PEO  surfactant,  the  weight  loss  of  the  dried  sample  as 
temperature  increases  from  room  temperature  to  800°C  was  measured  by  thermogravimctric 
analysis  (TGA).  The  main  weight  loss  for  the  sample  prepared  without  PEO  is  below  150°C, 
mainly  due  to  dehydration,  whereas  for  the  samples  prepared  with  PEO  the  greatest  weight  loss 
is  observed  between  200-300°C,  due  to  volatilization.  If  heating  was  carried  out  in  a  nitrogen 
flow  that  passes  a  cooling  trap,  the  surfactant  could  be  readily  recovered  for  reuse.  This  is  an 
important  merit  in  regard  to  environmentally  friendliness  and  costs  of  the  synthesis  process.  We 
also  found  that  the  pore  volume  (obtained  from  N2  adsorption)  is  proportional  to  the  weight  loss. 
This  suggests  that  the  surfactant  molecules  were  located  in  the  inter-crystallite  voids  before  the 
calcination  step.  The  surfactant  evaporates  during  heating,  leaving  a  large  number  of  mesopores 
in  the  sample.  Because  the  pore  size  is  far  beyond  the  molecular  size  of  the  surfactant,  the 
surfactant  should  have  existed  in  the  fonus  of  micelles  rather  than  in  single  molecule.  A  number 
of  studies  have  also  shown  that  PEO  surfactants  exist  in  rod-like  or  worm-like  micelles  in 
aqueous  solutions  [10-13].  It  was  reported  that  introducing  polymer  molecules  of  large 
molecular  weight  (10^  to  10^’)  increased  the  porosity  of  activated  alumina  [14].  However,  the 
additives,  such  as  polyalcohols  and  cellulose,  were  simply  regarded  as  space  fillers  in  that  work. 
The  affinity  of  the  additives  to  aluminium  hydroxide  surfaces  was  ignored.  It  is  known  that  the 
conversion  of  boehmite  to  y-alumina  mostly  takes  place  at  above  300°C  and  the  PEO  surfactants 
evaporate  at  lower  temperatures  than  this  temperature.  Because  the  nano-fiber  morphology 
resulted  from  the  presence  of  PEO  surfactant,  the  surfactant-boehmite  interaction  should  be  the 
main  force  inducing  the  oriented  growth  to  form  nano-flber  crystallites.  This  morphology  was 
retained  even  after  the  surfactant  removal. 

For  the  dried  samples  prepared  with  surfactant,  a  XRD  peak  of  the  greatest  intensity  at  20  = 
20.8°,  corresponding  to  d  =  4.3A,  is  observed  (curve  e  in  Fig  4),  whilst  the  rest  peaks  are  well 
matched  with  the  pattern.  This  peak  is  believed  to  be  due  to  the  oxide  groups  of  the  surfactants 
because  we  found  the  intensity  of  this  peak  is  proportional  to  the  number  of  oxide  groups  in  the 
surfactant.  For  the  same  surfactant  used,  the  intensity  of  this  peak  is  proportional  to  the 
surfactant  amount  in  the  dried  samples,  and  if  various  PEO  surfactants  were  introduced  by  the 
same  amount,  this  increases  with  n,  the  number  of  oxide  groups  in  a  surfactant  molecule.  Indeed, 
a  strong  peak  is  also  found  in  the  XRD  pattern  of  the  pristine  surfactant  liquid  at  room 
temperature  at  a  lower  angle,  20  =  1 8.6  (Fig  4d),  corresponding  to  d  =  4.8 A.  The  comparison  of 
XRD  patterns  for  the  same  surfactant  in  different  states,  solid,  partial  melted,  in  mixture  of 
boehmite  and  surfactant  (in  Fig  4),  suggests  that  the  surfactant  in  boehmite  is  in  an  intennediate 
state,  with  more  close  packing  than  that  in  pristine  liquid.  This  can  only  be  due  to  the  interaction 
of  the  surfactant  micelles  with  the  boehmite  crystallite  surfaces.  In  liquid  phase  the  alkyl  chains 
of  PEO  surfactants  prefer  to  stack  close  to  each  other,  and  so  do  their  oxide  groups,  forming 
micelles.  When  the  surfactant  is  dispersed  in  a  polar  media,  such  as  in  aqueous  systems  or  polar 
surfaces,  the  oxide  groups  would  fonn  the  outer  surface  of  the  micelles,  being  in  contact  with  the 
polar  media  [10-12],  in  this  case,  the  surface  of  boehmite  crystallites.  The  shift  in  the  diffraction 
peak  to  a  lower  angle  is  indicative  of  the  interaction  between  oxide  groups  of  the  surfactants  and 
the  surface  of  boehmite  crystallites.  This  hydrogen  bonding  seems  not  sufficiently  strong  to  alter 
the  intrinsic  structure  of  boehmite  crystallites,  but  could  lead  to  changes  in  the  stacking  of  oxide 
groups  in  the  surfactants  because  the  stacking  of  the  surfactant  molecules  is  more  flexible.  More 
importantly,  this  close  bonding  combined  with  the  regular  stacking  of  the  PEO  surfactant, 
regulates  the  growth  of  the  boehmite  ciystallites  to  a  certain  direction  during  aging.  This  is  the 
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fundamental  mechanism  underlying  the  oriented  growth  of  alumina  nano-fibers,  which  we  tenn 
as  surfactant-directed  oriented  growth  (SDOG). 


Figure  4.  XRD  patterns  of  a  PEG  surfactant  in  various  states,  a  pure  solid,  b,  partial  melt,  c  in 
boehmite  and  d  pure  liquid. 


The  proposed  SDOG  process  is  schematically  illustrated  in  Fig  5a.  The  structure  of  boehmite 
crystallite  is  given  in  Fig  5b.  The  corrugated  layers  of  boehmite  nano-crystallite  are  linked  by 
hydrogen  bonds.  The  surfactant  micelles  should  take  the  configuration  that  the  oxide  chains 
linking  to  the  surface  of  boehmite  crystallite,  while  the  alkyl  chains  point  away  from  the  surface 
(Fig  5b).  The  layered  aggregates  of  boehmite  crystallites  are  thus  intercalated  with  surfactant 
micelles.  The  hydrogen  bonding  between  the  oxide  groups  and  the  boehmite  crystallite  surface 
reduces  the  chemical  potential  of  the  system.  The  stacking  of  the  oxides  groups  of  the  surfactant 
micelles  on  the  boehmite  crystallite  surface  is  more  closely  packed  than  in  the  pristine  surfactant 
liquid.  Therefore,  the  surfactant  micelles  attain  a  maximum  number  of  hydrogen  bonds  with  the  - 
OH  groups  on  boehmite  surfaces. 


Boeliinite 


0^ 


PEO  surfactant 
molecule 


(a)  (b) 

Figure  5.  SDOG  mechanism  (a),  boehmite  in  PEO  surfactant,  where  PEO  molecules  form  micelles  of 
one  dimension  structure.  The  growth  of  boehmite  crystals  is  regulated  by  the  micelles  through  hydrogen 
bonding.  During  heating  the  boehmite  nanofibers  consolidate,  and  are  converted  to  y-alumina  nano-s 
upon  PEO  removal,  b.  Boehmite  corrugate  structure  and  interaction  with  PEO  molecules.  The  micelles 
are  close  packed  on  the  surface  of  boehmite  behaving  as  directing  agents  for  the  oriented  growth  of 
boehmite  crystallite,  thus  inducing  nano-  morphology 


29 


High-tempcrature  calcination  may  create  acid  sites  with  stronger  acidity,  which  is  more 
favorable  for  some  catalytic  reactions.  We  have  found  that  Ni  catalysts  supported  by  our  nano¬ 
alumina  calcined  at  900“C  exhibit  a  superior  performance  for  NOx  reduction  to  catalysts 
supported  on  a  commercial  y-alumina.  Barium  hexaaluminate  (BHA)  is  reported  to  have  high 
thermal  stability  above  1 200°C,  and  it  retained  surface  area  of  around  1 0  m^/g  after  heat 
treatments  at  1200°C  [16,17].  BHA  has  been  used  for  catalytic  combustion  or  steam  refonning 
reaction.  As  a  comparison,  we  simply  impregnated  the  alumina  nano-  with  Ba(NO.02  solution 
and  calcined  the  solid  at  1200°C.  The  calcined  catalyst  still  has  a  surface  area  of  35  m  /g,  which 
are  a  mixture  of  barium  hexaaluminate  and  barium  aluminate.  This  demonstrates  that  alumina 
nanofibers  in  this  work  are  promising  substrate  for  the  synthesis  of  BHA  catalysts. 

CONCLUSION 

SDOG  is  a  typical  “synthesis  with  construction”  mechanism  [15],  which  is  distinctly 
different  from  the  conventional  crystallization  and  the  templated  synthesis.  The  new  strategy 
proposed  in  this  work  would  be  useful  for  low  temperature,  aqueous  syntheses  of  oxides  and 
other  useful  nano-structured  ceramics  and  composites.  It  is  expected  that  a  comprehensive 
understanding  of  the  SDOG  mechanism  will  greatly  assist  us  in  developing  new  nanomaterials 
with  desired  morphology,  tailorablc  size,  porosity  and  surface  chemistry. 
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ABSTRACT 

This  paper  describes  the  formation  of  cobalt  and  iron  metal  nanoclusters  in 
various  polymeric  domains.  The  size  of  the  particles,  their  size  distribution  and  their 
geometry  is  controlled  by  the  extent  of  the  interfacial  interactions  between  the  polymeric 
phase  and  the  growing  metal  fragments.  Iron  oxide  particles  are  shown  to  exhibit  various 
geometries  as  a  function  of  the  polymer  medium  and  the  temperature  at  which  they  are 
fonned.  The  selective  phase  separation  and  particle  confinement  of  cobalt  clusters  in  the 
presence  of  PS253oo-b-PMMA259oo  block  co-polymer  was  achieved  due  to  the  different 
reactivities  of  the  functional  groups  in  the  blocks  towards  the  metal  fragments. 
Transmission  electron  micrographs  showed  that  cobalt  clusters  aggregated  primarily  in 
the  poly(methyl  methacrylate)  block,  while  no  cobalt  nanoclusters  were  observed  in  the 
polystyrene  block,  thus  creating  a  patterned  distribution  that  coincided  with  the 
morphology  of  the  block  copolymer. 

INTRODUCTION 

Hierarchical  materials  are  ordered  on  the  molecular  (10- 100 A),  nano  (lOnm- 
lOOnm)  and  meso  (1  pm- 1 0pm)  scales.  This  unique  level  of  organization  leads  to 
specialized  material  properties  that  significantly  differ  from  those  of  less  ordered  phases. 
However,  optimal  performance  requires  a  degree  of  control  over  domain  size  and 
distribution,  on  all  length-scales,  which  is  not  easily  obtainable  with  current  synthetic 
methods. 

The  development  of  a  synthesis  methodology  to  control  the  structure  and 
properties  of  metallic  nanocluster-polymeric  composites  requires  detailed  understanding 
of  the  interactions  between  the  metal  clusters  and  their  polymeric  environment,  as  well  as 
the  relationship  between  polymeric  parameters  and  cluster  formation.  Although  various 
studies  have  shown  that  polymers  control  cluster  fonnation  and  properties  [1-4],  little  is 
known  regarding  the  details  of  this  relationship.  The  large  number  of  parameters  (e.g. 
polymer  molecular  weight,  chemistry  and  concentration)  requires  a  systematic 
investigation.  This  paper  describes  the  development  of  a  versatile  and  controllable 
synthetic  process  for  the  formation  of  three-dimensional,  self-assembled  nanoparticle 
arrays  in,  and  aided  by,  a  polymeric  medium.  The  development  of  appropriate  synthetic 
and  processing  methods,  which  can  produce  finite,  ordered  domains  with  a  given 
geometry,  is  a  central  theme  in  the  design  of  hierarchical  ordered  structures  [5-8]. 

EXPERIMENTAL  METHOD 

The  solution  decomposition  of  Co2(CO)8  and  Fe(CO)5  to  metal  nanoclusters  was 
performed  in  a  sealed  three-neck  round-bottomed  reaction  vessel  that  was  first  evacuated 
and  then  flushed  with  N2.  A  side  neck  was  equipped  with  a  thennometer,  the  middle  neck 
with  a  reflux  condenser,  and  the  other  neck  with  a  gas  inlet-outlet  glass  fitting.  The 
thermometer  outlet  was  also  used  for  sampling.  In  order  to  drive  the  reactions  away  from 
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equilibrium  and  toward  completion,  the  carbon  monoxide  gas  fonned  during  the  reaction 
had  to  be  continuously  flushed  away  by  the  N2  stream,  while  avoiding  bubble  formation. 
The  jacketed  reaction  flask  was  equipped  with  tubing  to  circulate  heated  ethylene  glycol 
around  the  reaction  flask,  thus  keeping  the  contents  of  the  flask  at  a  constant  temperature. 
The  flask  was  connected  to  a  vacuum  line  via  the  reflux  condenser,  which  allowed  strict 
control  of  the  environment  inside  the  flask  at  all  times.  The  initial  concentration  of  the 
metal  carbonyl  in  the  solution  was  5  x  10'^  M.  The  solution  was  allowed  to  react  under  a 
continuous  nitrogen  stream  with  constant  stirring. 

The  decomposition  of  the  metal  carbonyl  precursors  in  both  polystyrene  and 
poly(methyl  methacrylate)  homopolymers,  and  in  the  PS253oo-b-PMMA259oo  block  co¬ 
polymer  was  monitored  via  Fourier  transform  infrared  spectroscopy  (FTIR)  at  low 
temperatures.  The  decomposition  in  poly(styTenc),  =250,000,  was  carried  out  in 
toluene  at  90  °C  and  the  decomposition  in  poly(methyl  methacrylate),  M„  =300,000,  was 
carried  out  in  methylene  chloride  at  40  °C.  The  decomposition  in  the  PS253oo-b- 
PMMA259()()  block  co-polymer  solution  was  carried  out  in  toluene  at  90  °C  as  well.  The 
reaction  at  the  low  temperature  spanned  more  than  two  weeks,  but  data  was  collected  for 
only  the  first  192  hours.  Aliquots  from  the  reaction  solution  were  placed  into  a 
demountable  infrared  liquid  cell  with  NaCl  windows  and  a  0.2  mm  optical  path.  The 
flask  was  placed  under  nitrogen  during  sample  removal  to  prevent  oxidation  of  the  metal 
clusters.  The  cell  was  not  demounted  during  the  experiment,  and  the  sample  removal 
and  cell  washing  was  performed  by  suction.  FTIR  spectra  were  collected  on  a  Nicolct 
Nexus  870  spectrophotometer,  with  a  resolution  of  2  cm''  and  50  scans/spcctrum. 

After  the  decomposition  reactions  of  Co2(CO)8  in  0.38  wt.  %  PS-b-PMMA  co¬ 
polymer  was  complete,  TEM  samples  were  made  by  placing  an  aliquot  of  the  solution 
onto  a  carbon  coated  TEM  grid.  These  films  constituted  “bulk”  block  copolymer  films. 

A  high  quality,  free-standing  film  was  also  prepared  to  be  microtomed  by  combining  1 
mL  of  the  block  copolymer  solution  with  2  mL  of  a  30  wt.  %  solution  of  PS  in  toluene, 

=  300,000.  The  final  composition  of  these  films  was  then  33%  PS253(M)-b-PMMA259oo 
containing  cobalt  nanoparticles,  and  67%  PS  homopolymer.  The  solution  was  added 
dropwise  onto  a  glass  slide  until  a  film  covered  the  entire  surface.  After  allowing  the 
solvent  to  evaporate,  the  film  was  removed  from  the  slide  by  peeling  off  one  comer  of  the 
film  and  applying  water  between  the  film  and  the  slide.  The  hydrophobic  interactions 
between  the  film  and  water  caused  the  film  to  peel  off  easily.  These  films  were 
microtomed  and  constituted  “thinly  sectioned”  block  copolymer  films.  The  TEM 
imaging  was  conducted  on  both  Hitachi  HF-2000  field  emission  gun  (FEG)  and  JEOL 
2010,  and  a  high  resolution  JEOL  4000EX.  The  operating  voltage  was  200  keV  for  all 
three  microscopes. 

RESULTS  AND  DISCUSSION 

The  chemical  reactivity  of  metal  clusters  is  largely  determined  by  the  size  of  the 
particles,  and  therefore  the  ability  to  control  particle  size,  particle  size  distribution  and 
dispersion  would  imply  an  ability  to  determine  the  reactivity  and  interfacial  behavior  of 
the  clusters  in  the  polymer-metal  cluster  interfacial  systems.  The  synthesis  of  metal 
clusters,  which  is  designed  to  accommodate  these  size  manipulations,  consists  of  the 
decomposition  of  organometallic  complexes  under  controlled  conditions  (the  energy 
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source  could  be  thennal,  UV  radiation  or  E-beam),  to  fonn  unifomi  metal  dispersions  of 
very  small  particle  size  [9,10].  The  process  is  best  described  in  the  following  three  stages 
(Figure  1):  (a)  The  preparation  of  homogeneous  solutions  of  metal  complexes  in  a 
carefully  selected  solvent;  (b)  The  mixing  of  the  organometallic  complex  solution  with  a 
polymer  solution  in  which  the  polymer  of  choice  has  been  dissolved  in  the  common 
solvent;  and  (c)  The  energy-induced  decomposition  of  the  organometallic  complexes  to 
fonn  uniform  metal  dispersions  of  very  small  particle  size  in  the  polymer  solution.  The 
overall  reaction  may  be  described  as  follows: 


nM  (l)  Energy,  Controlled  Atmosphere,  Polymer,  Solvent 
(where  M=metal;  L=organic  ligand;  and  k=nx). 
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This  approach  may  afford  unique  opportunities  for  investigating  fundamental 
aspects  of  nucleation  and  growth  of  metal  clusters,  as  well  as  the  properties  of  such 
nanoparticles  as  functions  of  cluster  size,  concentration  and  environment.  Metallic 
fragments  created  by  the  energy-induced  decomposition  of  metal  complexes  are  highly 
reactive  [11,12],  which  constitutes  the  driving  force  for  the  nucleation  and  growth 
mechanism  to  form  nanocrystals.  The  size  of  the  clusters  formed  is  significantly 
influenced  by  the  following  parameters:  (a)  Reducing  or  oxidative  atmospheres,  (b)  The 
diffusion  of  small  cluster  fragments  through  the  medium  and  (c)  The  viscosity  of  the 
medium  in  which  the  diffusion  takes  place.  Chemical  reactivity,  for  instance,  is  found  to 
be  strongly  related  to  the  size  of  these  metal  clusters,  since  the  size  of  the  clusters  largely 
detenuines  their  crystal  structure. 


Figure  1:  Schematic  description  of  the  synthesis  methodology  for  the  self-assembly  of 
metal  nanoparticles. 
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The  thennal  decomposition  of  cobalt  carbonyls  to  metallic  Co  in  polystyrene  (PS) 
solutions  has  been  used  as  a  model  system  to  test  the  chemical  method  under 
investigation.  This  process  consists  of  a  stepwise  colloidal  reaction  mechanism  [13-15], 
which  is  highly  facilitated  by  the  presence  of  macromolecules  that  provide  the  necessary 
solid  state  support  and  microenvironment  which  constitutes  the  driving  force  for  cluster 
aggregation.  As  particle  size  grows,  the  mobility  of  the  reactive  metal  fragments  and  their 
ability  to  diffuse  through  the  solution  and  collide  with  each  other  decreases,  and 
equilibrium  is  reached  when  the  diffusion  of  the  particles  is  too  slow  for  observation  in 
real  time. 

Experimental  results  of  this  model  system  (Figure  2),  show  that  there  is  an  inverse 
correlation  between  cobalt  cluster  size  (measured  by  Transmission  Electron  Microscopy, 
TEM)  and  the  PS  concentration  in  the  reaction  solutions  [16],  accompanied  by  a 
considerable  particle  size  distribution  narrowing.  When  the  excess  polymer  is  washed  off 
and  the  solvent  is  removed,  the  particles  do  not  undergo  additional  growth,  which 
indicates  that  they  have  been  sufficiently  coated  by  the  “capping”  polymer  to 
prevent  further  aggregation. 

When  all  the  solvent  has  been  removed  from  the  polymer-containing  solutions 
prior  to  decomposition  (to  form  a  polymer  film),  the  smallest  cobalt  nanoparticlcs  arc 
formed.  The  ultimate  result  is  a  phase  separated  material  in  which  the  metal  cluster  and 
polymer  phases  are  held  together  via  the  irreversible  interfacial  bonds  created  during  the 
decomposition  process.  Moreover,  the  metallic  nanoparticlcs  are  homogeneously 
dispersed  throughout  the  polymer  film,  and  given  their  small  size,  they  exhibit  high 
surface  reactivity,  and  ensure  good  mechanical  coupling  of  the  particles  to  the  polymer 
matrix. 


PoKsiyrene  Concenlraiioii  iwt  ”«.) 


Figure  2:  Co  particles  formed  in  polystyrene  film  (top  left)  and  in  a  hydrocarbon  solution 
(top  right).  The  dependence  of  Co  particle  size,  size  distribution  and  abundance  of 
surface  atoms  as  a  function  of  initial  polymer  concentration. 
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The  synthetic  method  that  we  have  developed  for  the  controlled  synthesis  of  metal 
nanoclusters  can  be  extended  to  include  also  the  manipulation  of  not  only  cluster  size, 
size  distribution  and  composition,  but  also  geometrical  shape.  Biological  systems  have  a 
unique  ability  to  control  crystal  structure,  phase,  orientation  and  nanostructural  regularity 
of  inorganic  materials  [see,  for  example  17,18].  In  biological  hybrid  systems  it  has  been 
shown  [17,18]  that  selected  peptides  can  specifically  bind  to  zinc-blende  IIl-V 
semiconductor  surfaces  by  discriminating  between  various  crystallographic  faces.  These 
peptides  are  being  used  to  grow  nanoparticles  and  nanowires  of  specific  crystallographic 
structure  and  orientation.  Using  these  molecular  interactions  and  specific  nanoparticles, 
organic/inorganic  hybrid  materials  may  be  organized  into  supramolecular  architectures 
[for  example,  19-21]. 

The  preferred  adsorption  of  the  polymer  chains  to  a  particular  crystalographic 
surface  of  the  growing  metal  nano-clusters  is  clearly  demonstrated  in  several  Fe-polymer 
systems,  as  shown  in  Figure  3.  The  preferential  adsorption  of  synthetic  polymers  to 
distinct  crystallographic  faces  of  the  growing  metallic  fragment  causes  a  distortion  of  the 
cluster  shape,  since  the  growth  directions  become  differently  hindered  by  the  polymer. 
Hence,  the  result  is  a  high  degree  of  anisotropy  in  the  cluster  shape.  In  these  systems,  the 
protocol  by  which  the  decomposition  reaction  of  Fe(CO)5  in  the  presence  of  polymers  is 
carried  out  is  essential  in  determining  the  metal  nanoparticle  shape.  Systems  in  which  the 
same  polymer  has  been  used  but  the  conditions  of  the  thermal  decomposition  reaction 
were  different,  exhibited  different  particulate  shape.  For  example,  in  the  pesence  of 
poly(vinylidene  difluoride)  (PVF2),  the  thermal  treatment  of  the  metal  carbonyl-polymer 
complex  solution  that  is  concurrent  with  solvent  removal  and  polymer  film  formation 
(“hot”  method),  gives  rise  to  nanopyramids.  On  the  other  hand,  the  thermal  treatment  of 
the  metal  carbonyl-polymer  complex  solution  that  is  performed  after  solvent  evaporation 
at  room  temperature  (“cold”  method),  gives  rise  to  nanospheres  [9].  In  the  former  case, 
the  solvent  is  present  in  the  initial  stages  of  the  decomposition  process,  allowing  a  higher 
degree  of  mobility  of  the  growing  nanoclusters  and  the  polymer  chains,  while  in  the  latter 
case  the  metal  carbonyl  precursors  are  immobilized  in  the  polymer  film.  Additional 


Figure  3:  Shape  control  in  the  synthesis  of  iron  nanoparticles  via  the  decomposition  of 
Fe(CO)5  in  the  presence  of  (a)  PVF2-nanopyramids;  (b)  PMMA-nanorods;  and  (c) 
Poly(carbonate)-nanostrings  [9]. 
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examples  include  the  formation  of  Fe  nanorods  via  the  decomposition  of  Fe(CO)5  in  the 
presence  of  poly(methyl  methacrylate)  (PMMA),  and  the  formation  of  nanostrings  in  the 
presence  of  poly(carbonate)  (PC).  This  latter  nanostructure  is  accompanied  by  extensive 
scission  of  the  polymer  chains,  which  may  be  partly  responsible  for  the  formation  of  the 
small  Fe  particles  organized  as  nanostrings  [9].  These  examples  are  comprised  of 
preliminary  results,  and  a  comprehensive  study  of  these  phenomena  arc  currently 
underway.  It  is  our  intention  to  concentrate  on  the  Fe  and  Co  systems  in  the  presence  of 
PVF2,  PMMA  and  PC,  in  order  to  establish  the  protocols  for  specific  nanocluster 
polymer-induced  geometry  control  as  a  function  of  polymer  concentration  and  polymer 
molecular  weight. 

A  direct  extension  of  the  methodology  developed  here  is  the  creation  of  polymer- 
induced,  self-assembled,  multi-functional  nanoparticulate  materials,  i.e.  materials  in 
which  the  metal  clusters  are  phase  separated  within  the  polymer  according  to  a 
predetermined  spatial  architecture.  This  spatial  architecture  can  be  achieved  by  the 
utilization  of  the  phase  separation  and  microdomain  formation  in  multi-component 
polymers  with  self-organizing  properties,  i.e.  block  copolymers,  for  the  anisotropic 
synthesis  of  nanoparticulate  composites  [22-24],  Hence,  these  block  copolymers  will  be 
used  as  a  structural  and  chemical  template  to  produce  a  controllable,  predetennined,  self- 
developing  spatial  arrangement  of  clusters  [24].  This  implies  that  if  the  metal  clusters  are 
to  aggregate  in  a  particular  polymeric  domain,  there  should  exist  a  driving  force  that 
would  direct  the  phase  separation  such  that  certain  areas  in  the  polymer  will  be  more 
reactive  than  others  toward  the  metal  clusters.  This  can  be  achieved  by  using  di-block 
copolymers  as  a  model  system,  in  which  one  block  will  have  reactive  groups  and  the 
other  block  will  be  "inert"  toward  the  metal  clusters.  One  of  the  main  features  of  block 
copolymers  is  the  incompatibility  between  different  parts  of  the  same  polymeric  chain 
and  the  formation  of  microdomains  [25].  The  microdomain  structure  may  consist  of 
spheres,  cylinders  or  lamellae,  depending  on  the  molecular  weight  of  the  blocks,  their 
relative  concentrations,  the  solvents  used  and  the  interfacial  properties  of  the  blocks.  By 
carrying  out  the  decomposition  of  the  metal  carbonyls  in  a  di -block  copolymer  which  was 
designed  to  phase  separate  in  one  of  the  main  microdomain  structures,  we  expect  to 
obtain  a  high  concentration  of  metal  clusters  in  the  domains  occupied  by  the  reactive 
block,  and  hence  the  spatial  distribution  of  the  clusters  will  confonn  to  the  spatial  pattern 
created  by  the  block  copolymers.  In  this  manner,  it  will  be  possible  to  concentrate  the 
metal  clusters  in  an  ordered  array  of  complex  and  highly  ordered  structures,  as  shown  in 
Figure  4a.  The  homogeneous  dispersion  of  the  metal  nanoclusters  within  the  reactive 
block  will  provide  eertain  physical  and  chemical  properties  inherent  to  metallic  systems 
(e.g.  mechanical  strength,  electrical  conductivity,  etc.),  and  thus  create  distinct  functional 
regions  within  the  polymeric  material. 

The  selective  incorporation  of  metal  clusters  into  block  copolymers  may  be 
aehieved  by  three  main  pathways:  (a)  The  exposure  of  block  copolymer  films  to  metal 
vapors,  resulting  in  the  selective  adsorption  of  the  metal  atoms  onto  the  more  reactive 
block;  (b)  The  impregnation  of  block  copolymer  films  with  a  metal  salt,  with  a 
subsequent  reduction  of  the  salt  to  form  metallic  clusters  in  the  reactive  block  domains; 
and  (c)  The  homogeneous  mixing  of  the  block  copolymers  with  the  organometallic 
precursors  followed  by  the  in-situ  phase  separation  and  self-assembly  of  both  metal 
clusters  and  copolymer  microdomains  [22-24,26,27].  In  the  first  two  approaches,  the 
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block  copolymers  are  first  allowed  to  self  assemble  into  their  distinct  microdomains,  and 
are  subsequently  exposed  to  the  metallic  moiety.  Under  these  conditions,  there  are 
significant  differences  in  the  size  and  dispersion  of  the  metallic  clusters  between  the  bulk 
copolymer  films  and  the  thin  (microtomed)  films,  due  to  the  rates  of  diffusion  and 
penetration  depth  of  the  metallic  precursors.  Moreover,  if  the  polymers  are  below  their 
Tg,  the  interfacial  adhesion  between  polymer  chains  and  the  growing  clusters  is  severely 
hindered,  and  therefore,  the  limitation  on  metal  cluster  size  is  due  to  nucleation  and 
growth  kinetics  and  not  to  a  polymer  “capping”  effect.  The  third  method,  and  the  one  that 
we  have  developed,  is  designed  to  circumvent  these  issues  by  perfonning  the  nucleation 
and  growth  of  the  metal  clusters  and  the  phase  separation  of  the  block  copolymers  in-situ, 
in  a  homogeneous  solution  of  both  components.  Under  these  conditions,  nucleation  and 
growth  of  the  clusters  will  be  limited  not  only  by  reaction  kinetics,  but  also  by  the  direct 
interaction  with  the  available  reactive  sites  on  the  polymer.  Hence,  the  difference  in  the 
reactivity  of  the  two  blocks  toward  the  metal  will  be  fully  exhibited. 

Preliminary  results  for  the  cobalt-poly(styrene-^-methyl  methacrylate)  block 
copolymer  system  (Figure  4c),  show  a  distinct  segregation  of  the  cobalt  clusters  in 
defined  regions,  similar  to  the  “wonn-like”  distribution  achieved  by  Cohen  et  al.  in  their 
microtomed  Ag-block  copolymer  samples  [24].  The  actual  microstructure  exhibited  by 
the  metal-containing  block  copolymers  is  strongly  influenced  and  complicated  by  the 
phase  behavior  of  block  copolymer  in  solution  prior  to  metal  incorporation,  irrespective 
to  the  method  used.  In  dilute  solutions,  the  blocks  form  micelles  [27]  where  one  of  the 
blocks  fonns  the  core  of  the  micelle  (the  block  less  favored  by  the  solvent  used),  and  the 
other  fonns  the  shell.  After  the  incorporation  of  the  metal  nanoparticles,  the  solvent  is 
evaporated,  and  it  is  expected  that  a  phase  transition  will  take  place  resulting  in  a 
microstructure  that  corresponds  to  the  block  copolymer  composition.  However,  our  own 
preliminary  results  and  the  results  in  the  literature  [22-24,26,27]  suggest  that  this  phase 
transformation  is  incomplete,  either  due  to  some  degree  of  crosslinking  caused  by  the 
metal  nanoparticles  or  by  the  change  in  phase  behavior  of  the  block  copolymers  as  a 
result  of  the  presence  of  the  nanoclusters  (Figure  4b, c). 


Figure  4:  Cobalt  nanoparticle  size  distribution  in  the  PS-PMMA  block  co-polymer 
domains,  (a)  Idealized  lamellar  phases;  (b)  Arrested  phase  transformation;  (c)  TEM 
micrograph  of  particle  distribution. 
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The  average  particle  size  is  ~  50  A,  and  it  does  not  change  upon  film  formation. 
Moreover,  particle  size  and  microdomain  distribution  is  independent  of  film  thickness, 
and  is  a  function  of  the  initial  polymer  solution  concentration  in  the  decomposition 
reaction. 

Additional  insight  into  the  strength  of  the  interaction  between  the  cobalt 
nanoparticles  and  the  PMMA  block  was  obtained  by  probing  the  diffusion  of  the  cobalt 
particles  from  the  PMMA  domain  into  a  large  PS  domain.  For  this  purpose,  the  PS25.ioo-^- 
PMMA25900  block  copolymer  solutions  used  in  this  work  were  doped  with  high  molecular 
weight  polystyrene  homopolymer.  The  addition  of  a  homopolymer  to  a  diblock 
copolymer  has  the  effect  of  increasing  the  domain  size  of  the  common  block  for  a 
particular  morphology  [27-30],  if  the  total  concentration  of  the  homopolymer  component 
is  within  the  concentration  regime  commensurate  with  that  morphology.  In  this 
particular  case,  since  the  molecular  weight  of  the  polystyrene  homopolymer  far  exceeded 
(six  fold)  the  combined  molecular  weights  of  both  blocks,  the  block  copolymer  and  the 
homopolymer  behaved  as  a  macrophase  and  microphase  separated  blend  [31-33].  Figure 
5  shows  a  HRTEM  image  of  a  “thinly  sectioned”  microtomed  film  of  a  high  molecular 
weight  polystyrene  ( M  „  =  300,000)  blended  with  the  PS25.')oo-/’-PMMA259oo  block 
copolymer,  that  contained  cobalt  precursors  which  were  then  decomposed  in  situ 
according  to  the  cluster  synthesis  used  in  these  experiments.  The  decomposition  of  the 
cobalt  precursors  in  the  polymer  medium  occurred  either  before  or  after  the  addition  of 
the  PS  homopolymer.  The  distribution  of  the  cobalt  particles  within  the  polymeric  matrix 
was  similar  in  both  cases.  The  particles  were  concentrated  in  the  block  copolymer, 
specifically  in  the  PMMA  microdomain,  without  any  traces  of  cobalt  clusters  in  the 
polystyrene  homopolymer  phase.  No  cobalt  particle  diffusion  from  the  poly(methyl 
methacrylate)  domain  to  the  polystyrene  domain  was  observed,  as  evidenced  by  the 
irreversible  confinement  of  the  cobalt  particles  in  the  more  reactive  block. 


Figure  5:  HRTEM  image  of  a  microtomed  film  of  the  homopolymer/block  co-polymer 
blend  showing  cobalt  particle  confinement  in  the  block  phase. 
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SUMMARY 

The  results  presented  in  this  paper  demonstrate  that  the  incorporation  of  metal 
nanoclusters,  synthesized  via  an  in  situ  decomposition  of  metal  carbonyl  precursors  into 
a  block  copolymer,  generates  an  uneven  dispersion  of  the  particles,  with  a  preferential 
aggregation  in  the  poly(methyl  methacrylate)  block.  This  can  be  explained  by  the 
reactive  adsorption  of  the  PMMA  block  onto  the  metal  cluster  surface,  through  the 
interaction  of  the  carbonyl  group  of  the  polymer  with  the  metal.  This  is  supported  by 
experimental  results  obtained  with  Fourier  Transform  Infrared  (FTIR)  spectroscopy  that 
are  described  elsewhere  [34].  The  morphology  of  the  system  did  not  conform  to  the 
expected  lamellar  structure,  due  to  the  fact  that  the  PS253oo-b-PMMA259oo  block 
copolymer  that  was  used  forms  micelles  in  the  solvent  of  choice  (in  this  case  toluene), 
with  the  poly(styrene)  block  constituting  the  shell  and  the  poly(methyl  methacrylate) 
block  constituting  the  core  of  the  micelles.  The  preferential  incorporation  of  the  cobalt 
nanoclusters  into  the  poly(methyl  methacrylate)  block  has  the  effect  of  immobilizing  the 
micellar  structure,  thus  preventing  the  expected  phase  transformation  to  the  expected 
lamellar  morphology  upon  removal  of  the  solvent.  Moreover,  when  this  block  copolymer 
was  mixed  with  a  high  molecular  weight  poly(styrene)  homopolymer,  the  common 
poly(styrene)  moieties  did  not  enhance  the  mutual  solubility  of  the  homopolymer  and  the 
block  copolymer,  and  the  material  behaved  as  a  macrophase  and  microphase  separated 
blend. 
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ABSTRACT 

A  novel  preparation  method  of  CdS  nanoparticles  in  the  core  or  corona  of  micelles  is 
presented.  Poly(styrene-/j/6>cA:-2-vmylpyridine)  (PS-/7-P2VP)  and  cadmium  ions  form  aggregates 
of  single  micelles,  called  compound  micelles,  upon  addition  of  the  cadmium  acetate  salt  into  a 
solution  of  the  block  copolymer  in  tetrahydrofiiran.  The  growth  of  CdS  nanoparticles  is  confined 
to  the  core  of  single  micelles  after  introduction  of  hydrogen  sulfide  gas  into  the  solution.  UV- 
visible  spectroscopy,  fluorescence  spectroscopy,  and  transmission  electron  microscopy  were 
employed  to  characterize  the  prepared  core-embedded  CdS  nanoparticles.  Corona-embedded 
CdS  nanoparticles  were  prepared  by  dropping  the  core-embedded  CdS  nanoparticles  into  water 
with  a  low  pH  value.  The  location  change  of  the  CdS  nanoparticles  was  accompanied  by  a 
structural  change  of  the  micelles,  a  change  from  compound  micelles  to  single  micelles.  In  a 
single  micelle,  CdS  nanoparticles  distribute  randomly  in  the  corona.  The  size  of  the  nanoparticles 
increases  slightly  after  the  transition. 

INTRODUCTION 

The  synthesis  of  semiconductor  nanoparticles  or  clusters  is  emerging  in  the  fields  of  materials 
science  and  colloid  science  because  of  their  wide  range  of  optical  and  electronic  properties  [1-5]. 
Many  people  have  prepared  nanoparticles  in  micelles  formed  by  block  copolymers  [6-7].  A 
micelle  core  can  be  regarded  as  a  nanosized  reaction  vessel,  and  the  growth  of  colloidal  particles 
can  be  limited  to  the  micelle  core.  Recently  in  our  group  we  prepared  CdS  nanoparticles  in  the 
core  (core-embedded)  and  corona  part  (corona-embedded)  of  salt-induced  micelles  [8-9].  The 
size  of  CdS  nanoparticles  can  be  controlled  by  changing  2VP:Cd^'^  molar  ratio  and  block 
copolymer  concentration  in  THF  etc. 

EXPERIMENTAL  DETAILS 

The  synthesis  of  the  PS-/7-P2VP  block  copolymer  was  performed  using  sequential  anionic 
polymerization.  The  molecular  weight  of  the  block  copolymer  is  25.5  x  10^  g/mol  (Mn)  with  a 
polydispersity  of  1.30,  measured  by  GPC  relative  to  PS  standards.  The  content  of  2-vinylpyridine 
units  in  the  block  copolymer  is  about  35  mol%  as  measured  by  ^H-NMR. 

Preparation  of  core-embedded  CdS  nanoparticles:  PS-^-P2VP  block  copolymer  was  dissolved 
in  THF  at  different  concentrations  under  vigorous  stirring  for  1  hour.  Cd(Ac)2.2H20  dissolved  in 
a  mixture  of  methanol  and  THF  (1:2  VA^),  was  added  to  the  polymer  solution.  The  light  yellow 
solution  of  core-embedded  CdS  nanoparticles  was  prepared  by  introducing  H2S  gas  into  the 
complex  solution. 
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Preparation  of  corona-embcddcd  CdS  nanoparticles:  Corona-embedded  CdS  nanoparticles 
were  prepared  by  dropping  varying  amounts  of  core-embedded  CdS  nanoparticles  solution  into 
water  with  a  low  pH  value  and  then  removing  THF  in  the  solution  under  vacuum. 

UV-Visible  absorption  spectra  were  recorded  on  a  Shimadzu  UV-Vis  spectrophotometer  (UV- 
2401  PC),  by  scanning  the  CdS-containing  solution  in  a  1-cm  quartz  cell.  Steady-state 
fluorescence  spectra  were  obtained  on  an  SPEX  Fluorolog  spectrophotometer  equipped  with  a 
430W  Xe  arc-lamp  and  a  PMT  detector.  The  excitation  wavelength  was  350  nm  and  the 
bandwidths  were  10  nm  for  excitation  and  emission.  Fluorescence  measurements  were  obtained 
on  the  colloidal  suspensions  contained  in  quartz  cuvettes.  Electron  microscopy  was  performed  on 
a  Zeiss  EM  lOA  transmission  electron  microscope  operated  at  100  kV.  TEM  samples  were 
prepared  by  depositing  a  droplet  of  micelle  .solution  or  CdS-containing  colloidal  solution  (<0.1 
mgMl)  onto  a  copper  grid  which  had  been  coated  with  Formvar/Silicon  monoxide  film. 

RESULTS  AND  DISCUSSION 

In  a  previous  paper  we  have  demonstrated  that  upon  addition  of  cadmium  ions  into  a  solution 
of  PS-/?-P2VP  block  copolymer  in  THF,  a  solvent  for  both  of  the  blocks,  compound  micelles 
form  due  to  complexation  of  Cd^"^  with  the  2-vinylpyridine  (2VP)  units  [8].  A  compound  micelle 
is  an  assembly  of  single  micelles.  A  core  of  a  single  micelle  is  composed  of  Cd“V2VP  complexes 
and  a  corona  is  composed  of  PS  blocks.  The  growth  of  a  CdS  nanoparticle  is  confined  to  the  core 
of  a  single  micelle. 

Bridge  formed  by 
free  2VP  chains 

Single  micelle  core  formed  by 

2VP-Cd‘'  complexes  0  nanoparticle 

A  Compound  micelle 

Figure  1  Schematic  representation  of  the  formation  of  a  compound  micelle,  and  preparation  of 
CdS  nanoparticles  in  a  compound  micelle. 

Figure  2  are  three  UV-visible  absorption  spectra  of  nanoparticlcs  prepared  at  different 
2VP:Cd“‘^  molar  ratios.  The  absorption  edge  of  the  curves  shifts  with  the  change  of  the  molar 
ratio.  Wlien  the  molar  ratio  is  1:0.5,  the  absorption  edge  is  at  about  458  nm  (particle  diameter  of 
3.8  nm).  However,  when  the  ratio  is  1 :0.77  and  1 :2.3 1,  it  red-shifts  to  470  and  485  nm. 
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corresponding  to  particle  diameters  of  4.2  and  4.5  nm,  respectively.  This  result  indicates  that 
larger  nanoparticles  can  be  prepared  at  lower  2VP:Cd^'^  molar  ratios. 


Figure  2  UV-visible  absorption  spectra  of  CdS  nanoparticles  in  salt  induced  micelles  at  different 
2  VP  :  Cd^"^  molar  ratios.  The  concentration  of  the  block  copolymer  in  THF  is  26.6  g/L. 

Holding  the  2VP:Cd^'^  molar  ratio  constant  (1:0.5),  the  effect  of  block  copolymer 
concentration  in  THF  on  the  size  of  CdS  nanoparticles  was  investigated.  Figure  3  shows  three 
typical  UV-Visible  absorption  curves  of  CdS  nanoparticles  prepared  from  the  PS-h~P2VP-C<f^ 
solutions  with  concentrations  of  10,  2.5  and  1.0  g/L.  It  can  be  seen  that  the  absorption  edge  blue- 
shifts  with  decreasing  concentration.  It  is  noted  that  a  weak  maximum  develops  at  about  370  nm 
at  low  concentration.  This  maximum  is  characteristic  of  CdS  nanoparticles  with  a  comparatively 
small  size  and  narrow  size  distribution. 

The  stability  of  CdS  nanoparticles  in  solution  was  also  investigated.  The  CdS  nanoparticles 
prepared  in  the  block  copolymer  micelle  solutions  are  very  stable  if  the  2VP;  Cd^'^  molar  ratio  is 
above  1 :2.  Precipitation  was  not  observed  even  after  storage  of  the  solutions  at  room 
temperature  for  more  than  two  months.  UV-Visible  absorption  spectra  shows  that  CdS- 
containing  solutions  measured  after  12  days  storage  red-shifts  19  nm  compared  to  freshly 
prepared  CdS  nanoparticles  in  solution.  No  further  red-shift  is  observed  after  an  additional  33 
days  of  storage. 
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Figure  3  UV-visible  absorption  spectra  of  CdS  nanoparticles  in  salt  induced  micelles  prepared 
from  PS-/?-P2VP/Cd“^  in  THF  at  different  block  copolymer  concentrations.  The  2 VP  :  Cd^^ 
molar  ratio  is  1:0.5.  The  plots  are  shifted  vertically  for  clarity. 


Figure  4  UV-Vis  absorption  spectra  of  core-embedded  CdS  nanoparticlcs  and  corona-embedded 
CdS  nanoparticlcs.  The  concentration  of  the  block  copolymer  in  THF  is  2.5  g/L  and  the  molar 
ratio  of  2VP  units  to  Cd“^  is  1 :0.5. 
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Figure  4  shows  UV-vis  spectra  of  core-embedded  and  corona-embedded  CdS  nanoparticles  in 
THF.  For  the  core-embedded  CdS  nanoparticles  solution  with  a  polymer  concentration  of  2.5 
mg/ml,  the  absorption  edge  is  at  about  457  nm,  however,  the  absorption  edge  red-shifted  to  474 
nm  when  the  core-embedded  CdS  nanoparticles  solution  was  dropped  into  water  with  a  pH  value 
of  3.3  (corona-embedded  nanoparticles).  The  average  diameter  of  the  core-embedded  CdS 
particles  is  about  3.7  nm,  and  after  the  transition  it  increases  to  about  4.4  nm,  which  indicates 
that  some  nanoparticles  aggregated  into  bigger  nanoparticles  during  the  transition  ifom  core- 
embedded  nanoparticles  to  corona-embedded  nanoparticles. 

Figure  5  is  a  TEM  image  of  corona-embedded  CdS  nanoparticles  prepared  by  dropping 
1  ml  of  the  core-embedded  CdS  nanoparticle  solution  into  20  ml  of  water  with  a  pH  value 
of  3.3.  Examining  the  TEM  image  carefully,  it  can  be  found  that  there  are  more 
nanoparticles  in  the  corona  region.  This  morphology  is  just  like  a  colloidal  core-shell 
structure.  This  TEM  image  strongly  proves  that  nanoparticles  are  located  around  the 
corona  of  the  micelles  and  form  a  “red  currant”  morphology  [10].  The  diameters  of  the 
nanoparticles  range  from  2  to  5  nm. 


Figure  5  A  TEM  image  of  corona-embedded  CdS  nanoparticles  prepared  by  dropping  1  ml  of 
the  core-embedded  CdS  nanoparticle  solution  into  20  ml  water  with  a  pH  value  of  3.3.  The  Scale 
bar  on  the  TEM  image  represents  lOOnm. 
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ABSTRACT 

Highly-oriented  ZnO  nanorods  were  grown  on  the  fused  silica  substrates  by  a  thermal  CVD 
technique  using  Zinc  acetylacetonate  (Zn(C5H702)2).  The  substrate  was  heated  to  500°C  and  the 
vaporization  temperature  of  Zn(C5H702)2  was  keep  at  around  135°C.  X-ray  diffraction  and  TEM 
analyses  reveal  that  the  nanorods  are  preferentially  oriented  toward  the  c-axis  direction. 
Photoluminescence  (PL)  and  absorption  measurements  show  a  strong  emission  at  around  380nm 
which  corresponds  to  the  near  band-edge  emission  of  the  bulk  ZnO.  Moreover,  the  negligible 
green  emission  band  in  PL  spectrum  and  the  absence  of  Ei(LO)  mode  of  the  ZnO  crystal  in 
Raman  spectrum  indicate  a  low  concentration  of  oxygen  vacancy  in  the  highly-oriented  ZnO 
nanorods. 

INTRODUCTION 

One-dimensional  nanometer-sized  semiconductor  materials,  i.e.  nanowires  and  nanorods,  have 
attracted  considerable  attention  due  to  their  unique  properties  and  suitability  for  fundamental 
studies  of  the  roles  of  dimensionality  and  size  in  their  physical  properties  as  well  as  for  the 
application  to  optoelectronic  nanodevices  [1].  ZnO  exhibits  a  direct  band  gap  of  3.37  eV  at  room 
temperature  with  a  large  exciton  binding  energy  of  60  meV.  The  strong  exciton  binding  energy 
which  is  much  larger  than  that  of  GaN(25  meV)  as  well  as  the  thermal  energy  at  room 
temperature(25  meV)  can  ensure  an  efficient  exciton  emission  at  room  temperature  under  low 
excitation  energy  [2,3].  In  consequence,  ZnO  is  recognized  as  a  promising  photonic  material  in 
the  blue-UV  region.  Room  temperature  UV  lasing  properties  have  been  indeed  demonstrated 
with  ZnO  epitaxial  films,  microcrystalline  thin  films  and  nanoclusters  recently  [4,5].  Moreover, 
room  temperature  UV  lasing  in  ZnO  nanowires  has  been  demonstrated  very  recently  [6].  The 
synthesis  of  one-dimensional  single  crystal  ZnO  nanostructures  has  been  of  growing  interest 
owing  to  their  promising  application  in  nanoscale  optoelectronic  devices.  Single  crystalline  ZnO 
nanowires  have  been  synthesized  successfully  using  VLS  growth  methods  [6,7,8]  at  rather  high 
temperatures  for  the  VLS  mechanism  proceeding.  Besides,  single  crystalline  ZnO  nanobelts  have 
also  been  reported  by  simply  evaporating  the  ZnO  powders  at  a  high  temperature  of  1400‘'C  [9], 
However,  high  density  and  well-ordered  nanostructures  will  be  needed  from  practical  application 
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point  of  view.  Here,  we  present  a  simple  catalyst- free  CVD  approach  for  the  growth  of  the 
highly-oriented  ZnO  nanorods  at  a  low  temperature  of  around  500'’C. 

EXPERIMENTAL  DETAILS 

ZnO  nanorods  were  grown  in  a  two-temperature-zone  furnace  (see  figure  1).  Silicon  wafers 
and  fused  silica  plates  were  employed  as  substrates.  They  were  cleaned  in  an  ultrasonic  bath  of 
acetone  for  20  min.  Zinc  acetylacetonate  hydrate  (Zn(C5H702)2  •  xH20,  Lancaster,  98%)  placed 
in  a  glass  cell  was  loaded  into  the  low  temperature  zone  of  the  flimace  which  was  controlled  to 
be  at  130- MOT  to  vaporize  the  solid  reactant.  The  vapor  was  carried  by  a  500-sccm  N2/O2  flow 
into  the  higher  temperature  zone  of  the  furnace  in  which  substrates  were  located  at  200  Torr.  ZnO 
nanorods  were  grown  directly  on  bare  fused  silica  or  silicon  substrates  at  500"C.  It  should  be 
noted  that  there  were  no  metal  films,  which  are  employed  as  catalyst  in  VLS  method,  pre-coated 
on  the  substrates. 

The  morphology  and  size  distribution  as  well  as  elemental  analyses  of  the  nanorods  were 
examined  using  SEM  equipped  with  an  EDS.  The  crystal  structure  of  the  nanorods  was  analyzed 
using  XRD  and  HRTEM.  Optical  properties  were  characterized  by  absorption  spectrometry  as 
well  as  by  photoluminescence  spectrometry  using  a  Xe  lamp  with  an  excitation  wavelength  of 
325nm  at  room  temperature. 


2-zoiie  furnace 


O2 


N2 


Zn(C5H702)2 


Figure  I.  Schematic  diagram  of  the  experimental  setup. 
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RESULTS  AND  DISCUSSION 


As  shown  in  figure  2,  ZnO  nanorods  were  grown  directly  on  bare  fused  silica  or  silicon 
substrates  at  500®C.  A  high  density  of  highly-oriented  nanorods  with  a  diameter  in  the  range  of 
60-80  nm  uniformly  formed  over  the  entire  substrate  at  a  vaporizing  temperature  of  135T  and 
N2/O2  flow  rates  of  250/250  seem.  The  energy  dispersive  spectrometry  (EDS)  taken  from  the 
nanorods  shows  that  the  atomic  composition  ratio  of  Zn:0  is  about  1:1.  Size  control  of  the 
highly-oriented  ZnO  nanorods  diameters  was  achieved  by  adjusting  the  growth  condition.  Figure 
3  shows  that  the  ZnO  nanorods  with  smaller  diameters  (~  45nm)  are  obtained  by  increasing  N2 
flow  rate  to  500  seem. 


Figure  2.  SEM  images  of  ZnO  nanorods  grown  on  the  fused  silica  substrates  at  N2/O2  flow  rates 
of  250/250  seem,  (a)  Top  view,  (b)  and  (c)  45”  tilted  view. 
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Figure  3.  SEM  images  of  ZnO  nanorods  grown  on  the  fused  silica  substrates  at  N2/O2  flow  rates 
of  500/250  seem,  (a)  and  (b)  45'’  tilted  view. 
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Figure  4.  XRD  pattern  of  ZnO  nanorods  on  a  fused  silica  substrate. 
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The  crystal  structure  of  the  nanorods  was  examined  by  X-ray  diffraction  (XRD).  Figure  4 
shows  a  typical  XRD  pattern  of  the  highly-oriented  ZnO  nanorods  grown  on  a  fused  silica 
substrate.  The  two  peaks  are  indexed  as  (0002)  and  (0004)  of  the  wurtzite  structure  of  ZnO, 
indicating  that  the  nanorods  are  preferentially  oriented  toward  the  c-axis  direction. 

Further  structural  characterization  of  the  ZnO  nanorods  was  performed  using  transmission 
electron  microscopy  (TEM).  Figure  5(a)  shows  a  cross-sectional  image  of  the  ZnO  nanorods,  on 
a  fused  silica  substrate,  with  a  diameter  in  the  range  of  80-1 00  nm.  It  reveals  that  all  nanorods 
were  grown  with  a  direction  perpendicular  to  the  substrate.  Moreover,  there  is  no  additional 
metal  particle  appeared  on  the  top  or  the  bottom  of  the  rods,  implying  a  catalyst- free  approach 
for  the  growth  of  the  highly-oriented  ZnO  nanorods  at  a  low  temperature  is  achieved.  Typical 
bright- field  and  dark-field  images  of  the  ZnO  nanorods  are  illustrated  in  figure  5(b)  and  figure 
5(c),  respectively.  The  dark-field  image  indicates  that  the  nanorod  possesses  the  single  crystalline 
structure.  Figure  5(d)  shows  a  high-resolution  TEM  image  of  a  nanorod.  The  lattice  spacing  of 
0.257  nm  is  corresponding  to  the  d-spacing  of  (0002)  ciystal  planes,  confirming  the  XRD 
analysis  that  the  ZnO  nanorods  are  preferentially  oriented  toward  the  c-axis  direction,  as  shown 
in  figure  4. 


Figure  5(a)(b)(c).  TEM  cross-sectional  images  of  ZnO  nanorods  grown  on  fused  silica 
substrates  at  a  vaporizing  temperature  of  138“C.  (a)  Low  magnification  image  shows  nanorods 
grown  with  a  direction  perpendicular  to  the  substrate,  (b)  and  (c)  Typical  bright-field  and 
dark-field  images  of  the  ZnO  nanorods,  respectively. 
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Figure  5(d).  High-resolution  TEM  image  of  a  single  crystalline  ZnO  nanorods  and  the 
con'csponding  electron  diffraction  pattern  (inset). 


Figure  6.  Typical  photoluininescence  spectrum  of  ZnO  nanorods. 
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Figure  6  shows  the  PL  spectrum  of  the  ZnO  nanorods  with  a  diameter  in  the  range  of  60-80 
nm.  Three  emitting  bands,  including  a  strong  ultraviolet  emission  at  around  380  mn,  a  very  week 
blue  band  (440-480  nm)  as  well  as  an  almost  negligible  green  band  (510-580  nm),  were  observed. 
Among  them  the  UV  emission  must  be  contributed  to  the  near  band  edge  emission  of  the  wide 
band  gap  ZnO.  It  has  been  suggested  that  the  green  band  emission  is  corresponding  to  the  singly 
ionized  oxygen  vacancy  in  ZnO  and  results  from  the  recombination  of  a  photogenerated  hole 
with  the  single  ionized  charge  state  of  this  defect  [10].  Thus  the  almost  negligible  green  band  in 
figure  6  shows  that  there  is  very  low  concentration  of  oxygen  vacancy  in  the  highly-oriented 
ZnO  nanorods.  The  observation  of  blue  band  emission  (440-480  nm)  of  ZnO  film  has  been  also 
reported  using  cathodoluminescence  [11].  However,  the  mechanism  of  this  emission  is  not  clear 
yet. 

In  addition  to  photoluminescence  measurement,  we  also  used  absorption  spectrometry  to 
further  examine  the  optical  property  of  the  highly-oriented  ZnO  nanorods.  As  illustrated  in  figure 
7,  the  absorption  spectrum  at  room  temperature  shows  that  there  is  an  absorption  peak  at  around 
380nm,  which  is  consistent  with  the  result  of  PL  measurement.  The  Raman  spectrum  of  the 
highly-oriented  ZnO  nanorods  grown  on  fused  silica  substrate  is  shown  in  figure  8.  Only  the 
ZnO  El  mode  at  437cm'’  is  appeared  in  this  spectrum.  The  absence  of  the  E((LO)  mode  at 
583cm'’  of  the  ZnO  associated  with  oxygen  deficiency  [12]  indicates  the  high  quality  of  the  ZnO 
nanorods  as  the  negligible  green  band  in  the  PL  spectrum. 
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Figure  7.  Absorption  spectrum  of  the  ZnO  nanorods  at  room  temperature. 
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Figure  8.  Raman  spectra  of  the  bare  fused  silica  substrate  and  the  ZnO  nanorods  grown  on  it. 

CONCLUSIONS 

A  simple  catalyst-free  CVD  method  for  the  growth  of  the  highly-oriented  ZnO  nanorods  at 
low  temperature  has  been  demonstrated  in  this  report.  The  nanorods  grown  on  fused  silica  are 
preferentially  oriented  toward  the  c-axis  direction.  Photoluminescence  (PL)  and  absorption 
characteristics  of  the  ZnO  nanorods  shows  a  strong  UV  light  emission  peaked  around  380  nm  at 
room  temperature.  PL  and  Raman  measurements  also  show  a  concentration  of  oxygen  vacancy  in 
the  highly-oriented  ZnO  nanorods.  We  believe  the  presented  approach  is  a  simple  one  for 
practical  application  to  nanoscale  optoelectronic  devices. 
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ABSTRACT 

The  study  of  nano-cylinder  structure  has  attracted  much  attention  due  to  the  application  of 
multi- wall  carbon  nanotubes  (MWCNTs).  While  some  TEM  observations  indicate  that  they  are 
formed  by  seamless  concentric  cylinders,  other  TEM  and  high  pressure  X-ray  diOfaction  studies 
suggest  that  they  look  like  scrolls  of  graphite  sheets.  Although  many  people  now  accept  the 
concentric  cylinder  model,  there  has  been  no  confirmation  reported.  On  the  other  hand,  this 
structural  difference  of  MWCNTs  plays  a  crucial  role  in  determining  the  properties  and  suitability 
for  future  applications.  For  example,  the  periodical  boundary  condition  can  only  be  imposed  for 
cylinders,  but  not  for  scrolls.  To  resolve  this  issue,  we  employed  high-resolution  X-ray  diffraction 
to  meavSure  detailed  profiles  of  the  Bragg  peaks  for  high-purity  MWCNTs.  We  then  identified 
some  unusual  observations  unique  to  the  nano-cylinder  structure,  followed  by  the  analysis  of  the 
structural  difference  in  the  Fourier  transform  between  nanotubes  formed  by  scrolls  and  concentric 
cylinders.  The  simulation  results  are  then  compared  with  the  experimental  data  to  reveal  the 
structural  details. 


INTRODUCTION 

The  determination  of  nano-sized  structures  has  been  a  great  challenge  to  materials 
scientists  and  engineers.  As  a  recent  example,  the  cylindrical  nature  of  multi-wall  carbon 
nanotubes  (MWCNT)  has  been  much  debatable  [1-11].  While  most  of  the  transmission  electron 
microscopy  (TEM)  observations  indicate  that  they  are  formed  by  seamless  concentric  cylinders 
[1,2],  some  TEM  and  high-pressure  X-ray  diffraction  studies  suggest  that  they  look  like  scrolls  of 
graphite  sheets  [10,1 1].  This  structural  difference  of  MWCNT  plays  a  crucial  role  in  determining 
the  properties  and  suitability  for  future  applications,  because,  e.g.,  the  periodical  boundary 
condition  can  only  be  imposed  for  cylinders,  but  not  for  scrolls  [12,13].  Although  many  people 
accept  the  concentric  cylinder  model,  there  has  been  no  confirmation  reported.  To  resolve  this 
issue,  we  present  high  resolution  x-ray  diffraction  results  of  high  purity  MWCNT  made  by 
catalytic  decomposition,  where  non-equal  Bragg  peak  breaths  and  shifting  of  the  peak  positions 
were  observed.  We  then  identify  some  unusual  observations  unique  to  the  nano-cylinder  structure, 
followed  by  the  analysis  of  the  structural  difference  in  the  Fourier  transform  between  nanotubes 
formed  by  scrolls  and  concentric  cylinders.  The  simulation  results  are  then  compared  with  the 
experimental  data  to  reveal  the  structural  details. 
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EXPERIMENTAL 


The  x-ray  diffraction  intensities  of  carbon  nanotube  samples  were  recorded  on  a  Philips 
X’Pert-MRD  Diffractometer  with  an  instrumental  broadening  of  <0.003720  (about  12  arc 
second)  using  Cu  Ktti  radiation  (X=0,15406nm).  High  purity  carbon  nanotube  samples  were 
prepared  by  catalytic  decomposition  of  CO  using  Ni-MgO  as  the  catalyst  [14].  This  method 
allows  for  a  good  control  of  the  product  and  over  95%  purity  [15].  TEM  studies  show  that  they 
have  a  fairly  uniform  outer  diameter  of  20-30nm,  each  containing  about  1 5  layers  of  carbon 
sheets,  and  extending  up  to  10  pm  in  length  [14,15].  The  resulting  0-20  scan  from  10-100720  is 
shown  in  Fig. la,  which  was  indexed  according  to  graphite  structure,  with  (hkO)  representing  the 
reciprocal  space  of  a  graphitic  layer,  and  (001)  for  the  stacking  of  the  layers  [11].  Local 
enlargements  of  (002)  and  (004)  Bragg  peaks  are  plotted  in  Fig. lb  (taken  by  5  min/step). 


26 


Figure  1.  High  resolution  x-ray  diffraction  data  (0-20  scans)  of  multi-wall  carbon  nanotubes;  a) 
the  entire  data  set  (with  Si  peaks  removed);  b)  enlargements  of  (002)  and  (004)  Bragg  peaks 
(k=:47tsin0/X.). 
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RESULTS  AND  DISCUSSION 


From  the  data,  two  unusual  observations  can  be  made.  First  of  all,  the  full  width  at  half 
maximum  (FWHM)  for  the  C'  Bragg  peak  is  about  1.45720,  and  for  the  peak  0.65720,  This 
produces  a  ratio  of  2.23  of  the  peak  breaths  in  20,  and  a  ratio  of  2.42  in  wave  vector  k 
(=47isin0/A,).  It  is  quite  unusual  because  the  usually  the  peak  width  (measured  by  k)  is  related  to 
q/N  [16],  where  q  is  the  peak  value  of  k  and  N  is  the  number  of  repeats.  The  other  unusual 
feature  is  that  the  two  Bragg  peak  positions  are  not  obeying  the  integer  multiples  of  wave  vector 
q,  2q.  For  example,  if  we  take  the  2”'’  Bragg  peak  position  (20  =  51.96°)  to  be  the  2q,  the  T'  peak 
then  should  be  located  at  20  =  25.30°,  rather  than  shown  by  the  data  of  20  =  25.87°.  This  also 
rules  out  the  possibility  of  having  two  sets  of  diffraction  peaks,  one  of  which  is  broader  and  has  a 
very  high  effective  static  Debye- Waller  factor,  such  that  the  2"^'  order  Bragg  peak  becomes  much 
weaker  than  the  1 

On  the  other  hand,  non-equal  peak  breaths  were  also  observed  in  the  low  resolution  x-ray 
diffraction  (XRD)  data  from  the  existing  literature  [11,  17-20],  and  from  a  recent  neutron 
diffraction  experiment  [21],  where  the  (004)  peaks  were  found  to  be  wider  than  (002).  Although 
this  could  also  be  attributed  to  the  lattice  distortion,  it  produces  a  much  higher  layer  number  [19]. 
From  the  enlargements  of  neutron  diffraction  data  [21],  the  same  "mismatch"  for  the  peak 
positions  can  also  be  found,  where  (004)  does  not  sit  on  2q  but  right- shifted.  Apart  from  the  fact 
that  the  XRD  data  were  collected  using  both  Cu  Kai  +Ka2  lines,  they  are  mostly  based  on  the 
samples  made  by  arc  evaporation  of  graphite,  rather  than  catalytic  decomposition  of  CO.  In  some 
cases  the  sample  purity  was  about  60%  [19].  Akhough  most  of  them  found  no  .strong  (101)  peak, 
due  presumably  to  the  expected  misalignment  between  the  graphite  layers,  the  works  of  Pasqualini 
[20]  and  Burian  et  al  [21]  suggested  that  it  is  possible  to  have  lateral  correlation.  Therefore,  it  is 
likely  that  they  exist  in  the  samples  of  high  purity. 


NUMERICAL  SIMULATION  AND  CONCLUSIONS 

To  resolve  the  exact  structure,  a  numerical  analysis  is  developed  next,  to  compute  the 
diffraction  intensity  by  the  nano-cylinders.  For  the  micro-meter  long  carbon  nanotubes  intertwined 
in  space,  they  can  be  considered  as  a  collection  of  randomly  distributed  tubule  segments,  which 
are  located  at  r*  (=x',y',z'),  and  described  by  cylindrical  co-ordinates  r=(r,(p,z): 

I(k)  oc  |Zr  p(R)exp(ikR)|-  =  |5:r'exp(ikr’)Jcydrp(r)exp(ikr)p  (1) 

where  R  =r  -rr',  k  =(kx,ky,kz),  and  the  integral  is  performed  within  each  segment.  Because  all 
segments  have  different  orientations,  the  local  co-ordinate  axes  (e.g.,  the  tube  axis  z)  vary  the 
orientation  from  segment  to  segment.  Therefore,  we  can  label  the  integral  of  segments  by  F(k,r’), 
and  equation  (1)  becomes  (with  *  denotes  the  complex-conjugate): 

5:r'Sr'F(k,r’)F*(k,r")exp(ik(r’-r"))=Zr'|F(k,r’)|-  -i-XrVr"F(k,r’)F*(k,r")exp(ik(r’-r"))  (2) 

where  r"  is  also  used  for  the  location  of  the  tube  segment.  Before  the  quantitative  calculation  of 
F(k,r'),  from  the  work  of  Saito  et  al  [17],  we  learn  that  for  the  tube  segment,  the  reciprocal  space 
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consists  of  annular  rings  and  disks  centered  around  the  tube  axis.  Thus  F(k,r')  is  real  and  the  2"‘' 
exp(ik(r’-r"))  in  equation  (2)  can  be  converted  into  a  cosine  function.  Due  to  the  random 
orientation  and  location  of  the  tube  segments,  the  second  part  of  equation  (2)  will  mostly  vanish 
except  at  the  overlap  points  of  two  mis-aligncd  ring  sets,  which  arc  further  modulated  by  the 
cosine  factor.  Thus  the  resulting  intensity  will  follow  the  average  of  |F(k)p  over  all  orientations. 
The  annular  rings  are  then  extended  into  spheres  in  the  reciprocal  space,  to  make  the  diffraction 
pattern  powder-like.  This  powder-like  nature  of  the  sample  can  easily  be  verified  by  the  diffraction 
measurement  at  various  sample  orientations,  which  was  also  performed  in  this  study  where  no 
sample  an-isotropy  was  detected.  Therefore,  the  Bragg  peaks  can  be  calculated  from  the  Fourier 
transform  of  any  cylindrical  segment.  According  to  the  convention  of  graphite  structure,  (OOL)  are 
used  to  denote  reciprocal  space  along  the  radial  direction  of  the  cylinder,  thus  only  the  (r,  (p)  plane 
is  needed  in  the  calculation  (Fig.2a,b).  Moreover,  the  original  3D  integral  can  be  further  reduced 
to  2D  [22]. 


Figure  2.  a)  Cross-section  of  multi-wall  nanotubes  formed  by  concentric  cylinders;  b)  Cross- 
section  formed  by  scrolls  of  graphite  sheets;  both  a)  and  b)  employ  polar  coordinates  r  and  (p;  c) 
Numerical  result  of  Fourier  transform  from  a),  with  N=15,  ro=3.3d  and  F2=-Fi/2  following 
equation  1 ;  d)  Enlargement  of  the  I  "'  Bragg  peak  of  c). 

As  an  example,  the  numerical  result  of  Eq.2  for  Fig. 2a  is  shown  in  Fig. 2c.  Only  two 
inputs  are  needed.  One  is  the  number  of  layers,  N=15,  which  can  also  be  estimated  from  the 
width  of  the  (002)  Bragg  peak  of  the  data  using  Debye  Formula  [16].  The  other  is  the  ratio  of 
Fi/Fi,  where  F,,  being  the  structure  factors  for  one  carbon  layer,  which  forms  one  repeat  unit  cell 
along  r-direction.  Two  Bragg  peaks  appeared,  as  indicated  by  the  dashline.  The  location  of  the 
Bragg  peak,  q,  is  determined  by  the  periodicity  of  the  repeated  structure,  d,  whereas  the  overall 
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peak  breadth  decided  by  the  number  of  repeats,  N,  and  the  relative  peak  heights  dependent  on  the 
choice  of  Fn.  However,  since  ro+Nd/2>  Nd/2,  the  period  of  cos(k(ro+Nd/2))  is  always  smaller 
than  that  of  sinc(kNd/2)  (Fig.2d).  Thus  the  resulting  transform  will  follow  the  solid  line  of  Fig.2c, 
2d,  where  the  dashlined  peak  is  split  into  two  or  more  narrower  peaks.  The  above  interference 
will  be  varied  not  only  by  ro,  but  also  by  (po  for  scrolls  (Fig.2b).  To  see  this,  four  representative 
cases  within  a  cycle  have  been  illustrated  by  Figs.3a-d.  If  the  nanotube  has  a  scroll  form,  because 
(po  can  be  arbitrary  for  each  nanotube,  the  observed  diffraction  will  become  the  intensity  average 
of  the  entire  cycle.  The  result  is  shown  in  Fig.3e,  where  the  Bragg  peak  breadths  become  equal 
for  both  q  and  2q.  This  means,  the  interference  has  been  averaged  out  for  scrolls.  Due  to  the 
discrete  nature  of  ro  (o^  (n"+m^+nm)'^,  where  n,m  specify  the  chiral  vector  of  the  inner  most 
cylinder)  [23],  the  intensity  average  over  ro  will  not,  in  general,  remove  the  interference  effect. 

For  example,  when  there  exists  a  preferential  ro,  and  it  is  chosen  to  be  the  value  in  between  Fig.3d 
and  3a,  after  the  average  the  result  shows  that  the  2"*^  peak  has  only  2/5  the  width  of  the  F’ 
(Fig.3f). 


Figure  3.  Amplitude  square  of  the  Fourier  transform  of  a  scroll  oriented  by  (po»  with  N=15,  F2=- 
Fi/2  and  ro=3.05d;  a)  (po=Jt/4,  b)  (Po=7c/2,  c)  (po=37i/4,  d)  (po=7t.  The  same  set  also  serves  to 
illustrate  the  results  for  concentric  cylinders,  which  are  very  similar  and  without  involving  q)o;  they 
represent  the  changing  ro  with:  a)  ro=  3.425d,  b)  ro=3.30d,  c)  ro=3.175d,  d)  ro=3.05d;  e)  Overall 
|F(k)p  for  scrolls,  which  has  been  averaged  over  the  entire  cycle  of  (pofrom  0  to  n\  f)  Example  of 
|F(k)p  for  concentric  cylinders,  with  a  small  ro  variation  between  a)  and  d). 

Therefore,  the  Bragg  peak  widths  (FWHM)  must  be  equal  for  scrolls,  whereas  they  are,  in 
general,  not  the  same  for  concentric  cylinders  (unless  the  inner  radius  follows  a  uniform 
distribution  over  a  certain  range,  e.g.,  several  d-spacing).  The  conclusion  can  be  easily  drawn 
from  the  comparison  of  the  numerical  results  and  the  experimental  data,  which  are  in  good 
agreement  with  Fig.3f  for  cylinders.  In  the  meantime,  it  clearly  rejects  the  scroll  form  (Fig.3e).  In 
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addition  to  the  confirmation  of  cylinder  model,  it  is  interesting  to  see  that  the  inner  tube  diameter 
redoes  follow  a  non-uniform  distribution  for  our  nanotubes. 

To  conclude,  some  unusual  diffraction  physics  was  obtained  from  high  resolution  x-ray 
diffraction  of  high  purity  MWCNT,  in  addition  to  the  previous  low  resolution  XRD  measurements 
of  low  purity  samples  found  in  literature.  The  Fourier  analysis  not  only  shows  that  our  multi-wall 
carbon  nanotubes  are  made  of  concentric  cylinders,  but  also  reveals  there  is  a  non-uniform 
distribution  of  inner  tube  diameter.  Also,  the  interference  effect  discussed  in  this  paper  is  unique 
for  concentric  cylinders  because  the  central  canal  is  separating  two  identical  multiwalls  (not  only 
in  contrast  to  scrolls  but  also  in  contrast  to  irregular  grains). 
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ABSTRACT 

Thermal  properties  characterization  of  Bi  nanowires  is  critical  in  order  to  validate  the 
predicted  enhancement  of  their  thermoelectric  figure-of-merit.  In  this  paper  we  report  the 
effective  thermal  diffusivity  of  Bi  nanowires  array  embedded  in  a-AhO],  (alumina)  template. 

The  composite  material  consists  of  85%  alumina  and  approximately  15%  Bi  nanowires  with  a 
diameter  of  40  nm  and  an  average  length  of  40  iJtm.  Measurements  are  performed  along  the 
nanowire  axis.  A  thermal  wave  is  produced  at  the  front  side  of  the  sample  and  it  is  monitored  at 
the  backside  through  a  fast  thermoelectric  effect.  A  one-dimensional  heat  conduction  model  is 
used  to  extract  the  thermal  diffusivity. 

INTRODUCTION 

The  efficiency  of  a  thermoelectric  device  is  limited  by  the  thermoelectric  figure-of-merit 
of  the  material  Z  =aS^/k,  where  S  is  the  Seebeck  coefficient,  o  is  electrical  conductivity,  and  k  is 
the  thermal  conductivity.  Currently,  the  best  commercially  available  thermoelectric  material 
(BiSb)2Te3  has  a  ZT  of  ~1,  however  thermoelectric  devices  based  on  this  material  cannot 
compete  in  performance  with  other  well-established  technologies. 

Several  approaches  have  been  explored  to  increase  the  thermoelectric  figure-of-merit 
[1,2].  Among  those,  low-dimensional  thermoelectric  materials  structures  such  as  quantum  wells, 
superlattices  and  nanowires  have  been  extensively  investigated  [3-7].  As  predicted  by  Hicks  and 
Dresselhaus  [2,8],  quantum  effects  in  low-dimensional  systems  may  result  in  increased  density 
of  states  netir  Fermi  level  and  consequently  increased  electrical  conductivity  and  Seebeck 
coefficient.  Furthermore,  increased  scattering  of  heat  carriers  from  interfaces  leads  to  a  decreased 
thermal  conductivity  in  such  systems.  In  light  of  these,  theoretical  studies  done  on  bismuth 
nanowires  estimate  a  significantly  enhanced  thermoelectric  figure-of-merit  [5].  However, 
experimental  measurements  must  be  carried  out  in  order  to  validate  the  theoretical  estimations. 
While  electrical  properties  and  Seebeck  coefficient  of  bismuth  nanowires  have  been 
characterized  [9],  another  key  property  of  a  material  candidate  to  thermoelectric  applications, 
thermal  conductivity,  has  yet  to  be  determined  experimentally.  However,  manipulation  and 
preparation  of  test  specimens  of  nanometer  size  is  not  an  easy  task.  Therefore,  a  first  approach  in 
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exploring  thermal  properties  of  nano  wires  is  to  characterize  them  embedded  in  another  media 
with  known  thermal  properties 

In  this  paper  we  report  thermal  diffusivity  measurements  of  Bi  nanowires  in  amorphous 
AI2O3  matrix.  The  composite  material  has  85%  alumina  and  approximately  15%  Bi  nanowires. 
The  nanowires  are  highly  ordered,  with  a  diameter  of  40  nm  and  an  average  length  of  40  pm. 
Thermal  diffusivity  measurement  is  carried  out  in  the  direction  along  the  nanowire  axis. 
Modulated  heating  is  applied  to  the  front  side  of  the  sample  and  the  amplitude  and  phase  of  the 
temperature  signal  is  monitored  at  the  backside  by  a  fast  responding  thermocouple.  The  thermal 
diffusivity  is  extracted  by  fitting  the  experimental  data  to  a  one-dimensional  heat  transport 
model.  Preliminary  results  suggest  that  thermal  diffusivity  of  the  composite  material  is 
l.SxlO'^mV’.  In  order  to  extract  the  thermal  diffusivity  of  Bi  nanowircs  further  investigation  of 
thermal  properties  of  the  host  alumina  template  must  be  carried  out. 

SAMPLE  PREPARATION 

The  template  used  for  the  preparation  of  Bi  nanowires  is  an  anodic  porous  alumina,  with 
highly  ordered  nanochannels  formed  by  the  anodization  of  aluminum.  Thermal  characterization 
was  initially  performed  on  commercially  available  templates  (Whatman,  Anodise).  However, 
SEM  micrographs  (Fig.  1(a))  of  Whatman  templates  have  shown  that  templates  are  not  uniform 
and  they  have  variable  diameter  across  the  thickness.  Uniform  pore  size  is  critical  in  order  to 
obtain  consistent  quantum  effects  once  the  pores  are  filled  with  material  of  interest.  To  overcome 
these  inconveniences,  templates  of  uniform  pore  diameter  were  fabricated  through  a  two-step 
anodization  process  [10].  Figure  1  (b)  is  a  SEM  micrograph  of  a  fabricated  alumina  template. 

The  structure  of  porous  alumina  can  be  described  as  self-ordered  array  of  cells  with  cylindrical 
pores  of  diameter  as  low  as  10  nm  and  depth  exceeding  1000  pm  [1  1,12].  The  pore  geometry  can 
be  controlled  by  the  oxidization  conditions.  The  templates  were  filled  by  pressure  injection  with 
molten  Bi  [13].  Figure  1(c)  represents  a  SEM  micrograph  of  an  alumina  template  filled  with  Bi 
nanowires  with  a  uniform  pore  diameter  of  40  nm.  A  layer  of  exeess  Bi  resulted  from  pressure 
injection  process  is  pre.sent  on  one  side  of  the  sample.  The  thickness  of  these  samples  is  typically 
tens  of  microns  (50-70  pm)  and  consequently  samples  are  very  fragile  and  difficult  to  handle. 

MEASUREMENT  TECHNIQUE 

The  thermal  diffusivity  of  alumina  templates  (empty  or  filled  with  Bi)  was  measured 


(a)  (b)  (c) 


Figure  1.  SEM  micrographs;  (a)  Cross-section  of  a  commercially  available  alumina  template 
(0.02  pm  Whatman,  Anodise),  (b)  Fabricated  alumina  template,  y  represent  the  direction  along 
the  pore  axis  and  x  represent  the  direction  perpendicular  to  the  pore  axis.(c)  Bi  filled  alumina 
template.  The  non-uniform  top  layer  is  excess  Bi. 
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along  the  pore/nanowire  axis  (y-direction  in  Fig.  1(b)).  Figure  2  shows  a  schematic  of  the 
experimental  set  up.  In  this  technique,  ac  optical  heating  is  applied  at  the  front  side  of  the  sample 
and  a  fast  thermoelectric  effect  is  used  to  detect  the  temperature  rise  at  the  backside. 

The  ac  heating  is  produced  by  the  absorbed  light  coming  from  a  tungsten  lamp  and 
modulated  by  a  chopper.  The  area  of  the  light  spot  is  of  few  mm^  in  order  to  insure  one¬ 
dimensional  heat  conduction  across  the  sample  thickness,  which  is  in  the  order  of  tens  of 
microns.  In  case  of  transparent  samples  (such  as  empty  alumina  templates)  a  thick  copper  layer 
(about  1  |xm  thick)  was  deposited  on  the  front  side  of  the  sample  in  order  to  absorb  the  incident 
light. 

The  amplitude  and  phase  of  the  temperature  signal  are  monitored  at  the  backside  by  a  fast 
responding  thermocouple.  The  junction  of  the  thermocouple  consists  of  a  point  contact  between  a 
sharp  metallic  wire  and  the  sample  surface,  which  has  to  be  electrically  conductive  [14,15]. 

Since  the  junction  has  zero  thermal  mass  the  thermocouple  is  expected  to  be  very  fast 
responding.  Previous  experiments  carried  out  in  our  laboratory  demonstrated  that  the 
thermocouple  junction  could  respond  to  frequencies  higher  than  100  KHz  [14,15].  A  second  wire 
is  connected  to  the  sample  surface  far  from  the  heated  spot  in  order  to  close  the  electrical  circuit. 
The  thermocouple  voltage  consists  of  the  Seebeck  voltage  drop  across  the  sharp  wire  (Vw  in  Fig. 
2)  and  the  in-plane  Seebeck  voltage  drop  on  sample  surface  (Vs  in  Fig.  2).  The  second  wire 
attached  to  the  sample  experiences  no  temperature  difference  between  its  ends  and  therefore  has 
no  contribution  to  the  thermocouple  voltage.  The  thermocouple  voltage  is  measured  by  a  lock-in 
amplifier  at  the  modulation  frequency.  The  data  collection  is  automatically  and  controlled  by  a 
LabView  program, 

MODELING  AND  CALIBRATION 


The  modulated  heating  at  the  front  side  of  the  sample  produces  an  AC  temperature  rise  at 
the  backside.  Under  the  assumption  of  one-dimensional  heat  conduction  and  adiabatic  boundary 
condition  the  complex  temperature  rise  at  the  backside  of  the  sample  is  given  by: 


T(L)  = 


2Pe""- 

Akm(1-e^'-) 


where 


Sample  Light  chopper  Lens  l..amp 


■ — ' 

n _ 

Figure  2.  Experimental  set-up. 


(1) 
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m  = 


(2) 


and  P  is  power,  A  is  area,  k  is  sample  thermal  conductivity,  f  is  frequency,  L  is  sample  thickness 
and  a  is  thermal  diffusivity.  The  expression  contains  both  the  amplitude  and  phase  of  the 
temperature  rise. 

The  thermal  diffusivity  can  be  determined  by  comparing  the  calculated  phase  and  the 
normalized  amplitude  of  the  AC  temperature  rise  with  the  experimental  signal. 

The  technique  was  tested  on  glass  slides  (VWR  International,  Micro  Cover  Glasses)  of 
two  different  thicknesses.  The  glass  slides  were  covered  by  e-beam  deposition  with  1  pm  of 
copper  on  one  side  to  absorb  the  light  and  with  a  thin  (500  nm)  layer  of  gold  on  the  other  side  for 
electrical  conduction.  Figure  3  (a  and  b)  is  an  example  of  the  normalized  amplitude  and  phase  for 
glass  slides  of  two  different  thicknesses  of  147  (±12)  pm  and  240  (±12)  pm.  The  dots  are 
experimental  data  and  the  continuous  line  is  the  fitting  curve.  The  measured  thermal  diffusivity 
is  6.2x1  O’’ mV  for  the  147  pm  thickness  sample  and  5.6xl0’’m^s‘'  for  the  240  pm  sample.  The 
difference  in  the  measured  thermal  diffusivity  could  be  explained  by  the  relatively  high 
uncertainty  in  the  thickness  measurement.  The  value  of  measured  thermal  diffusivity  is  relatively 
close  to  the  one  reported  by  a  manufacturer  (Corning)  of  similar  type  of  glass:  6.9x10’’  nrs’'[16]. 

RESULTS 

The  thermal  diffusivity  characterization  of  commercially  available  (Whatman,  Anodise) 
empty  alumina  templates  was  performed  first.  Figure  4  (a  and  b)  shows  the  experimental  signals 
and  the  fitted  phase  and  normalized  amplitude  for  Whatman  templates  of  two  different  pore 
diameter  and  porosities.  The  thermal  diffusivity  of  the  0.02  pm  pore  diameter  Whatman  template 
(36%  porosity)  is  found  to  be  5x10’’  m’s’*.  The  value  is  close  to  the  thermal  diffusivity  of  the  0. 1 
pm  pore  diameter  template  (50%  porosity)  4.7x1  O’’ m's  '.  However,  template  roughness 
(estimated  to  be  thousands  of  A)  may  affect  these  results  since  the  sharp  wire  may  not  be  in  good 
contact  with  the  solid  part  of  the  template  underneath.  Currently,  different  methods  are 
investigated  in  order  to  cross-check  these  results. 

It  should  be  mentioned  that  thermal  conductivity  of  the  0.02  pm  Whatman  templates  was 
measured  through  a  different  technique  before  [17].  In  this  technique  a  micro  fabricated 
heater/temperature  sensor  was  used  to  measure  the  anisotropic  thermal  conductivity  of  the 


(a)  (b) 


Figure  3.  Normalized  amplitude  (a)  and  phase  (b)  of  glass  slides  of  two  different  thicknesses. 
The  dots  represent  experimental  data  points  and  the  continuous  line  is  the  fitting. 


68 


Figure  4.  Normalized  amplitude  (a)  and  phase  (b)  of  Whatman  anodic  alumina  templates  of  0.02 
|xm  pore  diameter  (36  %)  and  0.1  pm  pore  diameter  (50%  porosity). 

template.  The  effective  thermal  conductivity  measured  along  the  pore  axis  was  1 .47  W/mK. 
However  this  measurement  required  density/porosity  and  specific  heat  of  amorphous  porous 
alumina  for  data  interpretation.  Since  these  parameters  were  difficult  to  estimate  a  relatively  high 
uncertainty  remains  associated  with  the  above  result.  However,  the  low  value  of  the  measured 
thermal  conductivity  suggested  that  the  alumina  template  is  a  good  candidate  for  thermoelectric 
applications. 

Finally  the  effective  thermal  diffusivity  of  Bi  filled  alumina  template  was  measured.  The 
excess  Bi  layer  was  used  for  electrical  connection  in  thermocouple  measurement.  The  incident 
light  was  directly  absorbed  at  the  other  side  of  the  sample.  Figure  5  (a  and  b)  shows  the 
experimental  signals  and  the  fitted  normalized  amplitude  and  phase.  Preliminary  results  suggest 
that  thermal  diffusivity  of  the  filled  sample  is  1.3x10'^’ m^s  *.  The  calculated  phase  and 
normalized  amplitude  at  low  frequencies  agrees  well  with  the  experimental  data.  However,  at 
higher  frequencies  there  is  a  difference  between  predictions  and  experiment.  Although  the  reason 
for  this  is  still  under  investigation  a  possible  explanation  could  be  the  thermal  mass  of  the  Bi 
layer  from  the  backside  of  the  sample.  It  should  be  emphasized  that  this  result  is  preliminary. 

The  thermal  diffusivity  measurement  was  carried  out  on  a  single  sample  of  relatively  small  size. 
More  measurements  on  samples  with  different  thicknesses  and  of  larger  area  must  be  carried  out 
in  order  to  confirm  the  result.  Furthermore,  in  order  to  extract  the  thermal  diffusivity  of  Bi 
nanowires  and  compare  it  with  thermal  diffusivity  of  bulk  Bi  (SxlO'^m^s'^),  thermal  diffusivity 
measurement  of  the  fabricated  template  must  be  carried  out. 


Figure  5.  Normalized  amplitude  (a)  and  phase  (b)  of  Bi  filled  alumina  template. 
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CONCLUSION  AND  FUTURE  WORK 


A  simple  and  fast  technique  was  applied  to  characterize  thermal  properties  of  thin 
membranes.  Thermal  diffusivity  measurements  of  Bi  filled  alumina  template  were  carried  out  at 
room  temperature.  The  results  suggest  that  thermal  diffusivity  of  the  filled  template  is  larger  then 
thermal  diffusivity  of  the  empty  alumina  template.  Currently,  efforts  are  on  way  to  characterize 
the  40  nm  diameter  template  in  order  to  extract  the  thermal  diffusivity  of  Bi  nanowircs. 
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ABSTRACT 


Various  layered  hybrid  films  prepared  from  organoalkoxysilanes  with  long  organic 
chains,  based  on  the  self-assembly  of  the  hydrolyzed  species,  are  reviewed. 
Morphological  control  of  transparent  and  oriented  films  was  achieved  by  cohydrolysis  and 
polycondensation  with  tetraalkoxysilanes,  followed  by  dip-  or  spin-coating.  In  addition  to 
alkyltrialkoxysilanes,  alkyldimethylmonoalkoxy-  and  alkylmethyldialkoxy-silanes  were 
also  used  as  the  structural  units,  implying  that  the  inorganic-organic  interface  can  be 
designed  at  a  molecular  level.  In  these  cases,  co-condensation  in  the  precursor  solution 
plays  an  essential  role  in  the  formation  of  homogeneous  and  ordered  films. 
Alkenyltriethoxysilanes  with  terminal  C-C  bonds  were  also  employed  to  prepare  layered 
hybrid  films.  Interlayer  chains  were  polymerized  upon  UV  irradiation,  and  the  resulting 
films  exhibited  a  significant  increase  in  the  hardness  if  compared  with  the  films  before 
polymerization.  Hybrid  films  thus  obtained  are  a  new  class  of  materials  and  of  great 
interest  for  a  wide  range  of  materials  chemistry. 

INTRODUCTION 

Organoalkoxysilanes  are  widely  used  as  structural  units  to  construct  a  variety  of 
silica-based  hybrid  materials  [1~3].  Because  simple  sol-gel  reactions  of  alkoxysilanes 
usually  result  in  the  formation  of  amorphous  materials  [4],  much  efforts  have  been  made  in 
the  structural  control  on  a  nanometer-length  scale  [5-8].  Such  an  attempt  is  of  great 
interest  from  the  possibility  to  produce  novel  hybrid  materials  with  unique  structures  and 
properties. 
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Self-organization  of  organosilane  molecules  is  a  promising  technique  for  the 
construction  of  ordered  hybrid  materials.  The  process  relies  on  the  amphiphilic  nature  of 
hydrolyzed  organosilane  molecules  containing  both  hydrophilic  silanol  groups  and 
hydrophobic  alkyl  chains.  While  many  studies  have  focused  on  the  interfacial  deposition 
of  alkylsiloxane  monolayers  [9],  researchers  have  recently  shown  that  the  process  can  be 
extended  to  the  formation  of  multilayered  hybrids  by  the  reaction  in  solution  states  [10-12]. 
We  repotted  the  formation  of  multi-bilayer  aggregates  by  hydrolysis  and  polycondensation 
of  alkyltrialkoxysilanes  in  homogeneous  solutions  [12].  These  are  a  new  class  of  layered 
materials  consisting  of  organic  two-dimensional  arrays  and  siloxanc  networks  linked  by 
covalent  Si-C  bonds. 

Although  the  layered  hybrids  derived  from  alkyltrialkoxysilanes  are  obtained  as 
powders,  transparent  and  oriented  thin  films  can  be  obtained  by  cohydrolysis  and 
polycondensation  with  tetraalkoxysilane  under  well-controlled  conditions  [13].  This 
synthetic  approach  can  be  extended  to  the  development  of  a  variety  of  hybrid  materials  by 
the  molecular  design  of  starting  organoalkoxysilane  with  varied  alkyl  chain  lengths, 
controlled  numbers  of  the  organic  groups,  and  various  functionalities  in  the  organic  groups. 

In  this  paper,  we  present  a  review  of  the  recent  developments  conducted  in  our 
laboratory  on  the  formation  of  ordered  hybrid  films  derived  from  the  organoalkoxysilane- 
tetraalkoxysilane  systems  [14-16].  In  addition  to  the  alkyltrialkoxysilane  with  various 
chain  lengths,  alkyldimethylalkoxysilane  and  alkylmethyldialkoxysilanes  as  well  as 
alkenyltrialkoxysilane  were  used  as  the  starting  molecules  (figure  1).  This  approach  will 
lead  to  the  formation  of  highly  organized  architectures  by  a  simple  sol-gel  route  using 
various  organoalkoxysi lanes. 


Me"'  'OMe  Uet  'OMe  EtO  '  "OEt 
OR  Me  OMe  OEt 

(CnTES,  R  =  Et,  n  =  8-18)  (CnMejMMS)  (CnMeDMS)  (v-CnTES) 

(CnTMS,  R  =  Me,  n  =  8-12) 

Figure  1.  Organoalkoxysi  lanes  used  in  this  study. 
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LAYERED  HYBRID  FILMS  DERIVED  FROM  CkTES-TEOS  SYSTEMS 


Precursor  solutions  were  prepared  by  cohydrolysis  and  polycondensation  in  the 
CrtTES-TE0S-Et0H-H20-HCl  system  [14].  The  ‘H  NMR  spectra  of  the  reaction 
mixtures  revealed  that  the  signals  due  to  ethoxy  groups  (SiOCEbCHs,  at  around  3.8  ppm) 
almost  disappeared  within  the  first  period  of  1 5  min.  The  ^^Si  NMR  spectra  of  the  solution 
in  the  CI8TES-TEOS  system  revealed  that  the  signals  assigned  to  the  monomeric  species 
of  both  alkoxysilanes  disappeared  after  the  reaction  at  40  °C  for  90  min.  Although  the 
signals  due  to  oligomeric  species  were  not  clearly  resolved,  the  co-condensation  between 
CnTES  and  TEOS  should  occur  because  sufficient  evidences  have  already  been  reported  in 
similar  systems  [17,18]. 

Thin  films  were  deposited  on  glass  substrates  by  dip-coating.  However,  the 
structural  ordering  and  the  macroscopic  homogeneity  of  the  films  depended  largely  on  the 
alkyl  chain  length  as  well  as  the  solution  temperature  during  the  deposition.  In  the 
CIOTES-TEOS  system,  transparent  films  exhibiting  a  sharp  diffraction  peak  (d  =  3.48  nm) 
were  formed  at  around  room  temperature  (20-25  °C).  The  layered  structure  of  the  film 
was  confirmed  by  TEM  (not  shown).  Although  the  films  prepared  at  lower  temperatures 
(10  and  15  °C)  also  exhibited  sharp  diffraction  peaks,  they  were  not  homogeneous  and  the 
d  values  were  rather  variable.  In  contrast,  the  deposition  at  higher  temperatures  up  to 
30  °C  resulted  in  the  formation  of  homogeneous  films  with  a  disordered  nanostructure. 
Similar  trends  were  also  observed  for  the  systems  with  n  =  8  and  12  . 

In  the  case  of  «  >  14,  neither  transparent  nor  well-ordered  films  were  deposited 
from  the  solution  at  around  room  temperature.  Figure  2  shows  the  variation  in  the  XRD 
pattern  of  the  hybrid  films  in  the  C14TES-TEOS  system.  The  films  obtained  at  around 
room  temperature  exhibited  very  broad  peaks.  However,  the  intensity  of  the  peaks 
progressively  increased  as  the  solution  temperature  increases,  and  transparent  and  highly 
ordered  films  were  obtained  at  30-35  °C.  The  effect  of  the  solution  temperature  was  more 
clearly  observed  for  the  systems  with  n  =  16  and  18.  In  these  cases,  well-ordered  films 
with  sharp  and  intense  peaks  were  formed  at  40-45  °C  and  55-60  °C,  respectively. 

The  incorporation  of  the  Q  units  in  the  CnTES-derived  hybrids  contributed  to  the 
thermal  stability.  The  layered  hybrid  derived  from  C18TES  alone  melted  into  an 
amorphous  state  upon  heating  above  -110  °C  [12].  In  contrast,  the  layered  product 
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derived  from  the  C18TES-TEOS  system  retained  the  structure  even  at  170  “C,  suggesting 
that  the  product  was  comprised  of  more  stable  siloxanc  networks. 

Figure  3  summarizes  the  variation  of  the  nanostructure  and  the  macroscopic 
morphology  of  the  resulting  hybrids  depending  on  the  solution  temperature  during  the  film 
formation.  Transparent  and  ordered  films  are  formed  at  higher  temperatures  with 
increasing  chain  length,  suggesting  that  the  self-assembly  of  alkylsiloxanc  oligomers 
depend  essentially  on  the  solution  temperature.  When  a  substrate  is  withdrawn  from  the 
reaction  mixtures,  silicate  species  in  the  solutions  arc  concentrated  by  the  evaporation  of 
the  solvent,  and  finally  polycondensed  to  form  siloxanc  networks.  The  formation  of 
oriented  multilayered  films  requires  uniform  and  continuous  organization,  presumably  from 
solid-liquid  and  liquid-vapor  interfaces,  during  this  coating  process.  In  the  cases  of 
CnTES  with  longer  chains  {n  >  14),  the  films  deposited  at  lower  temperatures  exhibited  a 
less-ordered  structure.  This  behavior  is  probably  attributed  to  the  random  nuclcation  of  the 
layered  aggregates  caused  by  a  slight  decrease  in  the  temperature  as  well  as  the  evaporation 
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of  the  solvent  during  the  film  formation.  The  suppression  of  the  segregation  of  the  layered 
aggregate  appears  to  play  an  important  role  in  the  formation  of  oriented  films.  In  all  the 
systems,  further  increase  in  the  deposition  temperature  caused  the  structural  disordering 
and  eventually  led  to  amorphous  films.  This  is  explained  by  the  general  behavior  of 
amphiphilic  assemblies  that  become  isotropic  states  at  higher  temperature.  The  films  may 
be  solidified  by  the  siloxane  formation  prior  to  the  self-organization. 

Figure  4  represents  the  basal  spacings  of  the  well-ordered  films  as  a  function  of  the 
alkyl  chain  length.  For  comparison,  the  d  values  for  the  layered  hybrids  derived  from 
C«TES  (rt  =  12-18)  alone  are  also  shown.  As  we  reported  previously,  the  products 
derived  from  CnTES  alone  are  comprised  of  a  bilayer  structure  with  all-trans  chains  almost 
perpendicular  to  the  siloxane  layers  [12].  In  contrast  to  the  linear  relationship  in  these 
products,  the  d  spacing  of  the  films  increases  continuously  in  the  range  of  w  =  8  to  14,  but 
decreases  between  «=  14  to  16,  It  is  reasonable  to  assume  that  the  thickness  of  the 
siloxane  layer  is  almost  constant  independent  of  the  chain  lengths,  because  the 
TEOS/C«TES  ratio  is  identical  in  all  the  systems.  Therefore,  the  above  behavior  should  be 
attributed  to  the  variation  in  the  conformation  and/or  the  packing  arrangement  of  the 
interlayer  alkyl  chains  depending  on  the  alkyl  chain  length. 

The  difference  in  the  conformations  of  the  alkyl  chains  in  the  films  was  confirmed 
by  CP/MAS  NMR.  The  signals  ascribed  to  the  interior  methylene  carbons  appear 
at  30  ppm  for  n  =  8-14,  suggesting  the  presence  of  gauche  conformers.  However,  the 


Figure  4.  Variation  in  the  d 
values  as  a  function  of  the  number 
of  carbon  atoms  in  the  alkyl 
chain:  The  layered  hybrid  films 
derived  from  the  CnTES-TEOS 
systems  (filled  circles)  and  the 
layered  hybrids  derived  from 
C«TES  alone  (open  circles). 
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relative  intensity  of  the  signal  at  33  ppm,  indicative  of  the  chains  in  conformations, 

increases  as  the  chain  length  increases  to  w  =  16  and  18. 

The  packing  arrangements  of  the  interlayer  chains  can  be  divided  into  two  types, 
i.e,  interdigitated  monolayer  and  bilayer  structures,  according  to  the  representative  models 
for  amphiphilic  lamellar  phases  [19].  In  the  cases  of  n  =  8-12,  the  alkyl  chains  arc 
supposed  to  adopt  a  bilayer  structure  with  disordered  state,  based  on  our  study  on  the 
layered  hybrid  films  derived  from  CnTMS  {n  =  8-12)-T!V10S  systems  [13].  However,  in 
the  cases  of  n  =  16  and  18,  the  observed  d  spacings  appear  to  be  too  small  for  the  similar 
bilayer  structures,  considering  that  the  chains  arc  longer  and  take  more  extended  states. 
Indeed,  the  d  value  of  the  film  in  the  CI8TES-TEOS  system  is  considerably  smaller  than 
that  of  a  bilayer  structure  derived  from  C18TES  alone  (figure  4),  although  there  is  no 
significant  conformational  difference  in  both  of  the  products.  It  is  considered  that  the  alkyl 
chains  are  arranged  in  an  interdigitated  monolayer  with  a  rather  ordered  state.  Such 
interlayer  structures  are  also  reported  for  the  alkylsilylated  derivatives  of  crystalline  layered 
polysilicates  [20,21],  and  may  arise  from  the  increases  in  the  distance  between  alkylsilyl 
groups  due  to  the  presence  of  co-condcnscd  Q  units. 

LAYERED  HYBRID  FILMS  DERIVED  FROM  C/iTMS-,  CwMeDMS-  AND 
CnMe2MMS-TMOS  SYSTEMS 

In  these  systems,  hybrid  films  were  prepared  by  cohydrolysis  and 
polycondensation  of  CnTMS  {n  -  8,  10,  12)-TMOS  THE  H2O-HCI  mixtures,  followed  by 
spin-coating  on  glass  substrates  [15],  As  shown  in  figure  5,  the  XRD  patterns  of  the 
hybrid  films  derived  from  the  C10TMS-,  ClOMeDMS-  and  ClOMe.MMS-TMOS 
systems  showed  sharp  diffraction  peaks  with  the  d  spacings  of  3..'>6,  3.67,  and  4.06  nm, 
respectively.  The  structural  ordering  and  the  macroscopic  morphology  of  the  films  are 
strongly  affected  by  the  reaction  time  in  the  precursor  solutions.  The  solutions  at  the 
earlier  .stages  of  the  reactions  afford  inhomogeneous  films  with  phase  separated 
morphologies.  On  the  other  hand,  further  reactions  in  the  precursor  solutions  caused  the 
disordering  of  the  nanostructures,  and  finally  led  to  the  formation  of  amorphous  films. 
Controlled  reaction  in  the  precursor  solutions  was  needed  for  the  formation  of  well-ordered 
and  transparent  hybrid  films. 
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Figure  5.  XRD  patterns  of  the 
hybrid  films  derived  from  (a) 
CIOTMS-  (b)  ClOMeDMS-  and  (c) 
ClOMeaMMS-TMOS  systems. 


The  TEM  images  of  the  ordered  films  showed  well-defined  stripes  due  to  the 
lamellar  structures,  and  the  periodicities  agree  closely  with  the  d  spacings  measured  by 
XRD.  The  layered  structures  of  these  films  were  also  confirmed  by  the  structural  collapse 
upon  calcination  at  450  °C  for  6  h  to  remove  organic  constituents. 

The  formation  of  siloxane  networks  in  the  films  was  confirmed  by  ^*^Si  MAS  NMR. 
The  spectra  for  all  the  systems  showed  the  signals  assigned  to  the  (-90  ppm),  (-100 
ppm),  and  (-1 10  ppm)  units  derived  from  TMOS.  In  addition,  the  signals  due  to  the 
organosiloxane  units  derived  from  CIOTMS,  ClOMeDMS,  and  C10Me2MMS  are  observed 
at  the  T^  (-55  ppm)  and  T‘^  (-65  ppm),  d'  (shouldered  peak  at  -10  ppm)  and  D^  (-16  ppm), 
and  M'  (13,  7  ppm)  regions,  respectively. 

Similar  hybrid  films  were  prepared  when  the  alkyl  chain  lengths  in 
alkylmethoxysilanes  were  8  and  12.  The  formation  of  ordered  films  required  longer 
reaction  time  in  the  precursor  solution  with  increasing  chain  length.  This  is  in  part 
ascribed  to  the  difference  in  the  condensation  rate  depending  on  the  chain  length.  In  this 
manner,  the  reaction  time  in  the  precursor  solution  was  optimized  depending  on  the  number 
of  methoxy  groups  and  alkyl  chain  lengths.  Figure  6  shows  the  relationship  between  the  d 
values  of  the  resulting  hybrid  films  and  the  alkyl  chain  lengths  of  the  alkylmethoxysilanes 
used.  The  d  value  increases  continuously  with  increasing  chain  lengths  and  exhibit  larger 
value  as  the  number  of  methoxy  groups  decreases. 
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A  CnMeaMMS-TMOS  system 
O  CnMeDMS-TMOS  system 
O  CnTMS-TMOS  system 


Figure  6.  Variation  in  the  cJ  values  of  the 
hybrid  films  as  a  function  of  the  alkyl  chain 
length  in  the  alkylmcthoxysilancs. 


Figure  7.  Proposed  structural  models  for 
the  hybrid  films  derived  from  C/iTMS-, 
C/iMcDMS-,  and  O/Mc.MMS-TMOS 
systems. 


The  structural  models  for  the  hybrid  films  arc  schematically  illustrated  in  figure  7. 
The  films  have  multilayered  structures  consisting  of  a  bilaycr  arrangement  of  alkyl  chains 
that  arc  covalently  attached  to  siloxane  layers.  The  observed  difference  in  the  d  value  with 
varying  the  number  of  mclhoxy  groups  in  the  starting  alkylmcthoxysilancs  (figure  6)  is 
probably  attributed  to  the  variation  in  the  interfacial  structures.  It  is  supposed  that  the 
trialkoxysilyl  groups  are  in  part  integrated  into  the  siloxane  networks  due  to  their  cross- 
linking  abilities,  while  the  substitution  of  methyl  groups  for  methoxy  groups  results  in  the 
grafting  on  the  external  surface  of  silica  layers. 

In  the  present  system,  co-condensation  between  alkylmcthoxysilancs  and  TMOS 
in  the  precursor  solution  plays  a  crucial  role  in  the  formation  of  ordered  hybrid  films.  This 
is  supported  by  the  fact  that  neither  transparent  nor  ordered  films  were  obtained  by  the 
hydrolysis  and  polycondensation  of  alkylmcthoxysilanc  alone.  In  the  ^‘^Si  NMR  spectra  of 
the  precursor  solutions,  the  signals  due  to  monomeric  species  almost  disappeared  and  those 
of  the  oligomeric  species  including  substantial  amounts  of  co-condcnscd  units  were 
observed.  These  results  provide  a  strong  evidence  that  the  origin  of  the  self-assembly  in 
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this  system  is  quite  different  from  that  of  the  conventional  single-component  systems  using 
alkyltrialkoxysilanes  alone  [12].  The  alkylsiloxane  oligomers  formed  by  the  co¬ 
condensation  can  be  regarded  as  amphiphilic  molecules  containing  both  hydrophobic  alkyl 
chains  and  hydrophilic  silanol  groups.  We  suppose  that  the  construction  of  ordered  films 
relies  on  the  self-assembly  of  these  oligomeric  species  by  the  rapid  evaporation  of  the 
miscible  solvent  during  the  spin-coating  procedure. 

LAYERED  SILICA/ORGANIC  POLYMER  HYBRID  FILMS  DERIVED  FROM  v- 
C«TES-TEOS  SYSTEMS 

Multilayered  hybrid  films  were  also  prepared  from  v-C«TES-TE0S-Et0H-H20- 
HCl  mixtures  [16].  The  films  before  UV  irradiation  showed  sharp  diffraction  peaks  with 
the  d  spacing  of  ca.  3.0-3. 6  nm,  depending  on  the  chain  lengths.  The  films  are  considered 
to  have  a  bilayer  arrangement  of  alkenyl  chains,  because  the  d  spacings  of  the  films  are 
similar  to  those  of  the  films  derived  from  CnTES-TEOS  systems  (see  figure  4).  The  ER 
spectrum  of  the  V-C8TES -derived  film  before  the  UV  irradiation  (figure  8a)  shows  the 
absorption  bands  due  to  the  siloxane  framework  (1000-1200  cm“',  450  cm“^)  and  the 
terminal  double  bonds  in  the  organie  groups  at  3079  cm"'  (=CH  stretching),  1642  cm'' 
(C=C  stretching),  and  910  cm"'  (=CH2  out-of-plane  deformation).  These  results  suggest 
that  the  films  are  composed  of  lamellar  structures  containing  vinyl  functionalities  within 
the  interlayers. 

The  film  exposed  to  the  UV  light  still  retained  the  structural  order  with  a  slight 
decrease  in  the  d  value  in  the  XRD  pattern.  As  shown  in  figure  9,  the  TEM  image  of  the 
film  derived  from  the  v-CSTES-TEOS  system  shows  well-defined  stripe  patterns  whose 
periodicity  corresponds  to  the  d  spacing  determined  by  XRD  .  The  polymerization  of 
organic  chains  was  evidenced  by  the  substantial  decrease  in  the  IR  absorption  bands 
ascribed  to  the  terminal  double  bonds  (figure  8b).  Because  the  interlayer  organic  chains  in 
this  system  appear  to  adopt  a  bilayer  structure,  polymerization  should  have  proceeded 
either  within  layers  or  between  adjacent  layers.  The  resulting  hybrid  film  exhibited  a 
remarkable  increase  in  the  hardness  and  the  scratch  resistance  if  compared  with  the  film 
before  the  organic  polymerization. 
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Figure  8.  FT-IR  spectra  of  the  films 
derived  from  the  v-CSTES-TEOS  system 
(a)  before  and  (b)  after  the  UV  irradiation. 


30  nm 

Figure  9.  TEM  image  of  the  hybrid  film 
derived  from  the  v-CSTES-TEOS  system 
after  the  UV  irradiation.  (The  film  was 
powdered  for  the  observation.) 


All  these  results  indicate  the  formation  of  inorganic-organic  hybrid  films  with  a 
lamellar  structure  in  which  the  siloxane  layers  and  the  organic  polymer  arc  linked  by  Si-C 
bonds.  With  regard  to  the  silica-organic  polymer  hybrids,  intercalation  of  organic 
polymers  into  the  interlayer  spaces  of  crystalline  layered  silicates  has  attracted  much 
attention  for  the  possibility  to  provide  new  properties  [22].  Covalent  linking  between 
organic  moieties  and  silica  interlayers  can  also  be  attained  by  using  a  silane  coupling  agent 
such  as  y-mcthacryloxypropyltrimethoxysilanc  [23].  However,  the  present  approach  is 
quite  different  in  utilizing  the  molecular  self-assembly  of  organoalkoxysilane- 
tetraalkoxysilane  system,  which  enabled  the  morphological  control  into  the  transparent  and 
oriented  thin  films. 


CONCLUSIONS 

We  have  presented  the  formation  of  multilayered  hybrid  films  consisting  of 
alternating  organic  and  siloxane  layers  by  the  sol-gel  reaction  of  a  series  ot 
organoalkoxysilanes  and  tetraalkoxysilanc.  This  approach  is  quite  simple  and  effective  for 
the  construction  of  ordered  hybrids  with  precisely  controlled  nanostructures,  macroscopic 
homogeneities,  and  compositions.  The  introduction  of  tetraalkoxysilanc  contributes  to  the 


80 


morphological  variation  and  increases  the  thermal  stability  that  could  not  be  attained  by 
hydrolysis  and  condensation  of  alkyltrialkoxysilane  alone.  It  is  of  great  interest  that  the 
ordered  hybrid  films  were  also  obtained  from  alky Idimethylmethoxysi lane  and 
alkylmethyldimethoxysilane  in  the  presence  of  TMOS.  In  these  systems,  co-condensation 
between  alkylmethoxysilane  and  TMOS  in  the  precursor  solutions  is  essential  for  the  self¬ 
organization.  The  overall  results  provide  an  access  to  the  generalized  synthesis  of  ordered 
hybrid  films  utilizing  various  organoalkoxysilanes  with  hydrophobic  organic  groups. 

ACKNOWLEDGMENTS 

This  work  was  financially  supported  by  the  Grant-in-Aid  for  COE  research  and  for 
JSPS  Fellows  from  the  Ministry  of  Education,  Culture,  Sports,  Science  and  Technology. 

REFERENCES 

1 .  U.  Schubert,  N.  Hiising  and  A.  Lorenz,  Chem.  Mater.  7,  20 10  (1995). 

2.  C.  Sanchez,  F.  Ribot  and  B.  Lebeau, Mater.  Chem.  9,  35  (1999). 

3.  D.  A.  Loy,  B.  M.  Baugher,  C.  R.  Baugher,  D.  A.  Schneider  and  K.  Rahimian,  Chem. 
Mater.  12,  3624  (2000). 

4.  C.  J.  Brinker  and  G.  W.  Scherer,  “Sol-Gel  Science”,  Academic  Press,  San  Diego 
(1990). 

5.  C.  J.  Brinker,  Y.  Lu,  A.  Sellinger  and  H.  Fan,  Adv.  Mater.  11,  579  (1999). 

6.  A.  Stein,  B.  J.  Melde  and  R.  C.  Schroden,  Adv.  Mater.  12,  1403  (2000). 

7.  B.  Boury,  R.  J.  P.  Corriu,  V.  L.  Strat,  P.  Delord  and  M.  Nobili,  Angew.  Chem.  Int.  Ed. 
38,3172(1999). 

8.  Y.  Lu,  H.  Fan,  N.  Doke,  D.  A,  Loy,  R.  A.  Assink,  D.  A.  LaVan  and  C.  J.  Brinker,  J.  Am. 
Chem.  Soc.  122,  5258  (2000). 

9.  A.  Ulman,  Chem.  Rev.  96,  1533  (1996). 

10.  Y.  Fukushima  and  M.  Tani,  J.  Chem.  Soc.,  Chem.  Commun.  241  (1995). 

11.  Q.  Huo,  D.  I.  Margolese  and  G.  D.  Stucky,  Chem.  Mater.  8,  1147  (1996). 

12.  A.  Shimojima,  Y.  Sugahara  and  K.  Kuroda,  Bull.  Chem.  Soc.  Jpn.  70,  2847  (1997). 

13.  A.  Shimojima,  Y.  Sugahara  and  K.  Kuroda,  J.  Am.  Chem.  Soc.  120,  4528  (1998). 


81 


14.  A.  Shimojima  and  K.  Kuroda,  Langmuir,  in  press. 

15.  A.  Shimojima,  N.  Umcda  and  K.  Kuroda,  Chem.  Mater.  13,  3610  (2001). 

16.  A.  Shimojima  and  K.  Kuroda,  Chem.  Lett.  1310  (2000). 

17.  L.  Delattre  and  F.  Babonneau,  Mater.  Res.  Sac.  Symp.  Proc.  346,  365  ( 1 994). 

18.  S,  A.  Rodriguez  and  L.  A.  Colon,  Chem.  Mater.  11.  754  (1999). 

19.  G.  J.  T.  Tiddy,  Phys.  Rep.  57,  1  (1980). 

20.  M.  Ogawa,  S.  Okutomo  and  K.  Kuroda,  J.  Am.  Chem.  Soc.  120,  7361  (1998). 

21 .  A.  Shimojima,  D.  Mochizuki  and  K.  Kuroda,  Chem.  Mater.  13,  3603  (2001). 
22  E.  P.  Giannelis,  Adv.  Mater.  8,  29  (1996). 

23.  K.  Isoda,  K.  Kuroda  and  M.  Ogawa,  Chem.  Mater.  12,  1702  (2000). 


82 


Mat.  Res.  Soc.  Symp.  Proc.  Vol.  703  ©  2002  Materials  Research  Society 


V2.9 


Polymerization  in  Inverse  Microemulsion:  An  Effective  Tool  to  Produce 
Biodegradable  and  non  Biodegradable  Nanoparticles 

Lebon  Grandfils  C.^,  Jerome  Barakat  I.^  Saitore  L.^ 

'Dip.  Scienze  Biomediche  e  Biotecnologie,  Univ.  di  Brescia,  Brescia,  Italy 

^Ist.  Nazionale  di  Fisica  della  Materia  (INFM),  Brescia,  Italy 

^  Interfacultary  Bio  material  Centre,  University  of  Liege,  Belgium 

''CERM  (Center  for  Education  &  Research  on  Macromolecules),  University  of  Liege, 
Belgium 

Dip.  di  Chimica  e  Fisica  per  I'lngegneria  e  i  Materiali,  Universita  di  Brescia,  Brescia, 
Italy 

ABSTRACT 


Potential  of  polymerization  in  inverse  microemulsions  has  been  illustrated  by  the 
preparation  of  crosslinked  nanoparticles  with  functional  groups  on  the  surface. 
Nonbiodegradable  polyacrylamide  nanoparticles  have  been  prepared,  with  the  purpose  to  use 
these  stable  monodisperse  lattices  as  enzymatic  reactors  and  in  diagnostic  applications.  Their 
size  is  in  the  50  to  90  nm  range  and  they  contain  a  model  enzyme  (alkaline  phosphatase) 
immobilized.  In  another  example,  monodisperse  biodegradable  nanoparticles  of 
polyamidoamines  with  a  size  from  90  to  130  nm  have  been  prepared.  They  are  envisioned  for 
intravenous  administration  because  of  a  low  content  of  non-metabolized  material  and  absence  of 
toxicity. 


INTRODUCTION 


The  term  “microemulsion”  has  been  defined  by  Danielsson  and  Lindmann  [1]  as  “a  system 
of  water,  oil  and  amphiphile,  which  is  a  single  phase,  optically  isotropic  and  thermodynamically- 
stable  liquid  solution”.  For  other  workers,  a  microemulsion  refers  to  dispersion  of  very  small 
droplets  in  a  medium.  In  contrast  to  emulsions,  which  are  opaque,  unstable,  and  contain  1-10  pm 
droplets,  the  colloidal  particles  spontaneously  formed  in  microemulsions  are  typically  up  to 
nanometric-scale  globular  droplets  of  the  minor  solvent,  each  one  surrounded  by  a  surfactant 
monolayer  and  thus  dispersed  in  the  bulk  solvent.  The  nanoscale  compartmentalization  in  inverse 
microemulsions  (water-in-oil  microemulsion,  w/o)  can  be  used  as  a  structured  reaction  medium 
for  the  controlled  formation  of  colloids. 

Previous  papers  [2]  have  reported  on  an  original  way  to  immobilize  enzyme  within  latex 
particles  of  reticulated  polyacrylamide  starting  from  an  inverse  microemulsion  with  a  mixture  of 
surfactants  AOT  (Sodium  bis(-ethylhexyl)sulfosuccinate)  and  Brij30  (polyethylene  glycol  lauryl 
ether)  in  hexane.  It  is  now  well-established  that  the  constituents  of  the  reverse  micellar  system 
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can  modify  the  intcrfacial  rigidity  of  the  droplets,  the  intcrdroplct  interaction  and  ultimately  the 
size  and  size  distribution  of  the  final  nanoparticlesf3].  The  purpose  of  this  work  is  to  show  that 
polymerization  in  inverse  microemulsion  can  be  successfully  used  for  synthesis  of  calibrated 
biodegradable  and  non  biodegradable  latex  particles.  We  have  prepared  non-biodcgradablc 
nanoparticlcs  of  crosslinked  polyacrylamide/acrylic  acid  copolymers,  and  studied  their  size  and 
stability  after  purification  and  redispersion  increasing  the  functional  groups  content.  The 
preparation  of  functionalized  biodegradable  nanoparticlcs  of  biocompatiblc  vinyl-terminated 
macromonomers  based  on  polyamidoamines  was  also  accomplished  and  the  effect  of  polymer 
nature  on  the  particle  size  was  studied. 


EXPERIMENTAL  DETAILS 


Non  biodegradable  nanoparticles  were  prepared  from  a  mixture  of  18.4  wt  %  surfactants, 
73,8  wt  %  hexane  and  7.8  wt  %  aqueous  phase,  i.e.  a  composition  in  the  microcmulsion  domain 
of  the  p.scudo-ternary  phase  diagram.  The  organic  phase  consisted  of  hexane  and  a  pair  of 
anionic-nonionic  surfactants,  i.e.,  AOT  and  BriJ30  in  a  34/66  weight  ratio.  The  aqueous  phase 
contained  acrylamide  (2M),  acrylic  acid  (from  0  to  0.6  M),  bis-acrylamidc  (0.03M)  and 
ammonium  persulfate  (0.03M)  and  the  enzyme  (alkaline  phosphatase;  10  pg/ml)  in  a  Tris  buffer 
(pH  10,  O.IM).  In  a  typical  polymerization,  the  aqueous  phase  was  dispersed  in  the  oil  phase 
under  stirring  and  an  inert  atmosphere  was  maintained  during  the  whole  reaction.  The 
polymerization  was  initiated  by  addition  of  tetracthylmcthylenediamine  (TEMED)  and  carried 
out  at  25°C  for  30  min.  The  TEMED/(NH4)2S20s  molar  ratio  was  1/1 .  Cold  acetone  (poor 
solvent)  was  added  to  the  polymerization  medium  in  order  to  precipitate  the  polymer.  After 
centrifugation  at  15,000  rpm  for  5  min,  the  upper  phase  was  removed  and  replaced  by  fresh 
acetone.  This  purification  was  repeated  four  times,  and  the  nanolatex  was  redispersed  in  water. 
The  aqueous  dispersion  was  immediately  dialyzed  against  water  (10,000  cut  off  dialysis 
membrane)  and  then  lyophilized.  The  dry  powder  was  stored  at  low  tcmpciature  (4  C). 

Biodegradable  nanoparticlcs  based  on  polyamidoamines  were  prepared  by  radical 
polymerization  of  polyamidoamines  oligomers  (BAC-2MP  and  MBA-2MP),  These 
dimacromonomers  resulted  from  polycondensation  [4]  of  an  excess  of  2,2-bis(acrylamido  acetic 
acid)  (BAG)  and  N,N’-mcthylenc-his-acrylamidc  (MBA),  respectively,  with  2-mcthylpipcrazinc 
(2MP)  (figure  1). 

Polymerization  proceeded  under  the  same  conditions  as  before,  except  foi  the  aqueous 
phase  composition.  Indeed,  the  dimacromonomcr  (2%  w/w)  and  the  initiator  (ammonium 
persulfate;  0.5  M)  in  Tris  buffer  (0.1  M,  pH  8)  were  dispersed  in  the  organic  one  under  stirring 
followed  by  the  addition  of  TEMED  (0.3  M  in  the  reaction  medium).  After  reaction  under 
nitrogen  at  30°C  for  24  h,  the  nanoparticles  were  purified  by  repeated  precipitation/redispersion 
cycles.  Then  the  sample  was  passed  through  a  membrane  of  regenerated  cellulose  with  a  cut  off 
100,000  and  the  dispersion  was  finally  lyophilized. 
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X  CH2=CI+ft-NH-(jW-NH-C-CH=CH2  + 
R 


x>y 


CH2=Cf+C-Nt+[CH2-CH2-6-NH-CH-NH-C-CH2-CH2-l 


■]Clj<-NH-( 

R 


•CH=CH2 


R=HforMBA 

COOHforBAC 


Figure  1:  General  synthesis  of  PAA  oligomers:  x/y=L41  for  sample  I  (BAC-2MP)  and  III 
(MBA-2MP);  x/y=1.16  for  sample  II  (BAC-2MP)  and  IV  (MBA-2MP) 

Gel  permeation  chromatograms  (GPC)  were  recorded  with  TSK-GEL3000  PW  and 
G4000  PW  columns  eluted  with  Tris  buffer  (pH8.1,  O.IM)  in  NaCl  (0.2M)  and  calibrated  with 
home-made  PAA  standards  [5]. 

Size  distribution  of  the  latex  was  measured  by  quasi  elastic  light  scattering  (linear 
correlator,  BI-2030,  Brookhaven  Instruments  Corp.,  NY).  The  autocorrelation  function  was 
determined  with  argon  ion  laser  (2W)  operating  at  488  nm  and  20  mW.  Time-dependent  light 
scattering  fluctuations  were  usually  measured  at  90  degree.  The  concentration  of  the  suspension 
is  around  5  mg/ml. 

The  determination  of  the  zeta  potential  was  performed  using  a  Malvern  Zetasizer.  The 
colloidal  suspensions  (around  1  mg/ml)  were  placed  in  the  electrophoretic  cell  where  a  potential 
of +150  mV  was  established. 


RESULTS  AND  DISCUSSION 


Polyacrylamide  nanoparticles  of  increasing  content  of  acrylic  acid  have  been  prepared,  and 
the  size  and  size  distribution  have  been  measured  by  PCS  measurements  for  dispersions  of  the 
purified  latex  in  a  Tris  buffer  at  pH  8.  Table  1  shows  that  the  particle  size  is  in  the  range  of  60  to 
77  nm  when  the  acrylic  acid  content  of  the  copolymer  is  smaller  than  15  mol%.  There  is  a  sharp 
increase  in  size  when  this  acrylic  acid  content  is  exceeded,  which  indicates  an  aggregation  of 
small  particles  into  larger  ones.  These  aggregates  cannot  be  desegregated  by  ultrasound 
irradiation. 
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Table  1:  Characterization  of  polyacrylamide  nanoparticlcs 


AA  (M) 

Ti=t==[AA]/[Am+AA] 

Particle  size  (nm) 

Zeta  potential  (mV) 

0.0 

0.00 

55 

0.03+0.5 

0.1 

0.05 

77 

-1 1.80±  1.9 

0.2 

0.09 

70 

-18.15±  1.6 

0.3 

015 

70 

-34. 10  ±2.0 

0.4 

0.17 

158 

-29.60  ±  0.6 

0.6 

0.25 

132 

-30.40  ±  5.2 

'^molar  ratio  of  acrylic  acid  in  the  comonomers  feed 


The  zeta  potential  has  been  measured  for  the  same  samples  as  for  PCS.  Data  in  table  2 
show  that  the  amount  of  acrylic  acid  available  on  the  surface  of  the  particles  can  be  modulated 
by  the  composition  of  the  comonomers  feed.  When  the  acrylic  acid  content  is  increased  up  to  15 
mol%,  the  zeta  potential  is  more  negative  and  the  colloidal  stability  is  improved.  Beyond  this 
content,  the  zeta  potential  levels  off,  and  the  nanoparticle  dispersions  become  less  stable. 

As  demonstrated  by  Candaii  et  al.  [6],  the  acrylic  acid  has  an  intcrfacial  behavior  and  is 
presumably  located  at  the  w/o  interface  before  polymerization.  In  agreement  with  Antonietti  et 
al.  [7],  during  the  polymerization,  a  transfer!  of  monomer  and  comonomer  between  the  interface 
and  the  aqueous  core  could  affect  the  surfactant  head  group  interactions  and  then  the  curvature  of 
the  interface.  At  higher  concentration  in  acrylic  acid,  the  transfert  is  expected  to  increase 
involving  an  increase  of  the  attractive  force  between  particles. 

Polymerization  in  inverse  microemulsion  has  also  been  carried  out  in  order  to  prepare 
biodegradable  nanoparticles  based  on  polyamidoamines  (PA A).  This  synthetic  polymer  consists 
of  regularly  alternating  amido  and  tertiary  amino  groups,  and  it  is  water  soluble.  Radical 
polymerization  of  PA  A  oligomers  in  inverse  microemulsion  leads  to  nanoparticles  that  can  be 
functional  depending  on  the  staring  macromonomers.  In  this  work,  two  series  of  nanoparticlcs 
have  been  prepared  with  carboxylic  acid  group  attached  to  PAA  (BAC  series)  and  with  non 
functionalized  PAA  (MBA  series),  respectively.  M„  and  M  JM,,  of  the  dimacromonomers  are 
listed  in  table  2. 
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Table  2:  Characterization  of  dimacromonomers  polymerized  in  inverse  microemulsion 


x/y 

GPC 

Mn 

Mw/  M„ 

1.41  (I) 

725 

1,45 

BAC-2MP 

1.16(11) 

1250 

1,48 

1.41  (III) 

635 

1,51 

MBA-2MP 

1.16  (IV) 

1020 

1,43 

PCS  analysis  of  the  BAC-2MP  nanoparticles  shows  a  main  population  with  a  particle  size 
centered  at  107  and  1 13  nm  in  case  of  30  and  15  mol%  of  BAC,  respectively.  A  second 
population  of  larger  particles  (>  500  nm)  is  also  observed.  Figure  2  shows  a  population 
MBA-2MP  nanoparticles  centered  at  91  nm  for  30  mol%  MBA  and  very  large  (340  nm)  and 
polydisperse  particles  when  the  MBA  content  is  15  mol%. 


0  200  400  600  800 


Diameter  (nm) 


0  500  1000  1500  2000 

Diameter  (nm) 


Figure  2.  Quasi-elastic  laser  light  spectrum  of  polyaamidoamines  nanoparticle  purified  and 
dispersed  in  Tris  buffer  pH=8,  0.  IM  a)  I  b)  II  c)  III  d)  IV 

These  measurements  show  that  the  latex  size  of  the  BAC-2MP  and  MBA-2MP 
nanoparticles  depends  on  the  average  molecular  weight  of  the  dimacromonomer.  As  a  rule,  the 
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size  increases  with  the  molecular  weight,  and  ultimately  aggregates  can  be  formed  as  observed  in 
case  of  MBA-2MP.  Indeed  the  reaction  medium  becomes  turbid  when  the  sample  IV  is  prepared. 

This  behavior  might  be  explained  by  a  decrease  in  the  crosslinking  density  when  M„  of  the 
dimacromonomer  is  increased.  This  effect  was  previously  reported  for  crosslinked 
polyacrylamide  nanoparticles  [2].  Nevertheless,  additional  experiments  are  required  to  support 
this  explanation.  The  higher  stability  of  the  BAC-2IV1P  nanoparticles  suggests  that  the  carboxylic 
acid  groups  improve  the  colloidal  stability  by  electrostatic  repulsions. 


CONCLUSIONS 


Polymerization  in  inverse  microcmulsion  is  an  efficient  technique  to  prepare  monodisperse 
nanoparticles  of  crosslinked  polyacrylamide  bearing  carboxylic  acids  on  the  surface.  An  increase 
in  the  acrylic  acid  content  of  the  comonomers  feed  up  to  15  mol%  improves  the  colloidal 
stability.  Higher  content  has  an  adversary  effect  on  the  stability,  which  may  lead  to  latex 
aggregation.  Modulation  of  either  the  particle  size  or  the  content  of  carboxylic  acid  is  an 
important  parameter  for  diagnostic  applications.  Indeed,  occurrence  of  non  selective  adsorption 
of  proteins  could  be  prevented  and  sites  for  the  grafting  of  .sensors  can  be  made  available. 

Inverse  microcmulsion  polymerization  has  also  proved  efficiency  for  the  preparation  of 
biodegradable  nanoparticlcs  based  on  a  biocompatiblc  and  non  toxic  polymer:  polyamidoaminc. 
Latex  prepared  from  functionalized  macromonomer  (BAC-2MP)  have  been  prepared  with  a  size 
of  ca.  100  nm. 
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ABSTRACT 

Since  their  discovery  carbon  nanotubes  have  attracted  much  interest  for  their  peculiar 
electronic  properties  which  go  from  metallic  to  semiconducting  behaviour,  depending  both 
on  diameter  and  chirality.  The  exact  value  of  their  band  gap  is  obviously  a  crucial  point 
to  be  addressed  because  it  enters  in  the  nanotube  application  as  microelectronic  devices. 
By  making  use  of  an  efficient  GW  scheme,  previously  tested  on  bulk  systems,  as  well  as  of 
a  model  screening  function,  we  obtaind  for  the  first  time  excitation  energies  and  band-gap 
values  for  carbon  nanotubes.  Results  for  (6,0)  and  (7,0)  will  be  presented  and  discussed. 


Introduction 

Since  their  discovery  [1]  in  1991  carbon  nanotubes  have  attracted  much  attention  for 
their  peculiar  mechanical  and  electronic  properties.  As  it  is  well  known,  their  structure  can 
be  thought  as  obtained  by  rolling  up  a  graphite  sheet  in  such  a  way  that  the  carbon  atoms 
along  a  given  direction  are  arranged  in  parallel  rings  orthogonal  to  the  tube  axis.  If  after 
the  wrapping  procedure  a  lattice  site  of  a  graphite  sheet  turns  out  to  coincide  with  the  site 
originally  displaced  by  a  vector 


c  =  nai  -t-  77ia2,  (1) 

ai  =  (a\/3, 0)  and  a2  =  (a\/3/2, 3a/2)  being  the  graphite  lattice  vectors,  the  nanotube 
is  uniquely  identified  by  the  indices  (n,m).  Actually  both  the  tube  diameter  d  and  the 
chiral  angle,  i.e.  the  angle  between  c  and  ai,  can  be  easily  expressed  in  terms  of  n  and  m: 


d  = 


•\/3'v/n^  -I-  -f  nm 


(2) 


d  = 


tgO  = 


\/3m 
2n  +  m’ 


(3) 


a  —  I.42A  being  the  nearest  neighbor  distance  of  carbon  atoms  in  graphite.  For  obvious 
geometrical  reasons  chiral  angles  range  between  0  =  0  and  0  =  7r/6,  where  the  two  limiting 
cases  are  strictly  speaking  not  chiral  ones.  The  0  =  0  and  0  =  tt/G  wrappings  correspond 
to  (n,0)  and  (n,n)  indices  and  are  popularly  known  as  zig-zag  nanotubes  and  armchair 
nanotubes  respectively. 

Carbon  nanotubes  diameters  range  in  the  nanometer  size,  whilst  their  lenght  is  in  the 
millimiter  size,  and  small  changes  in  helicity  and  diameter  can  shift  their  electronic  char¬ 
acter  from  insulating  to  semiconducting  and  to  metallic.  Moreover  spontaneous  or  induced 
mechanical  distortions  can  dramatically  affect  their  properties.  If  one  now  takes  into  ac¬ 
count  the  possibility  of  growing  multiwalled  nanotubes,  i.e.  co-axial  carbon  tubes,  or  of 
arranging  them  in  bundles,  one  can  easily  understand  how  many  different  physical  prop¬ 
erties  can  be  obtained  by  modifying  the  same  basic  object.  Obviously  these  systems  have 
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been  submitted  to  theoretical  investigation,  in  order  to  reproduce  the  experimental  results 
and  to  predict  specific  material  properties.  [2,  5] 

We  have  reported  in  a  previous  paper  [6]  the  results  of  our  calculations  on  several 
armchair  and  zig-zag  single-wall  finite  nanotubes,  performed  by  the  discrete  variational 
method  (DVM)  within  DFT-LDA  approximation.  We  refer  to  the  original  paper,  as  well  as 
to  other  DVM-based  papers  for  discussing  the  reliability  of  such  computational  approach 
[7,  8,  9].  In  principle  our  results  should  be  of  comparable  quality  with  any  LDA  results 
for  similar  systems.  Actually  we  can  use  them  also  for  estimating  the  electronic  properties 
of  infinite  nanotubes,  provided  that  the  border  effects  in  the  local  densities  of  states  go 
rapidly  to  zero,  as  soon  as  states  localized  on  the  inner  carbon  rings  are  considered.  In  this 
way  we  have  been  able  to  obtain  predictions  for  the  gaps  of  quite  large  carbon  nanotubes 
in  reasonable  agreement  with  previous  LDA  results,  if  any,  and  with  a  very  reasonable 
computational  effort. 

Still  remains  the  problem  of  a  direct  determination  of  the  LDA  gaps  in  infinite  carbon 
nanotubes  as  well  as  the  problem  of  correctly  estimating  their  excitation  properties.  In 
fact,  DFT-LDA  approximation  has  been  successfully  used  for  determining  the  ground-state 
electronic  properties  of  a  large  class  of  materials  ranging  from  bulk  systems,  surfaces  and 
etherostructures  to  atoms  and  clusters.  [10]  On  the  other  hand  if  DFT-LDA  is  used  to 
determine  the  quasiparticle  (QP)  spectra  of  many-electron  systems  in  most  cases  results 
are  in  disagreement  with  experiments.  [10]  For  example,  in  the  case  of  bulk  semiconductors, 
assumption  of  the  Kohn-Sham  (K-S)  eigenvalues  as  electronic  QP  energies  leads  to  a  sys¬ 
tematic  underestimate  of  the  electronic  transition  energies  with  respect  to  the  experiment 
{band-gap  problem).  [11,  12,  13] 

QP  properties  of  many-electron  systems  are  correctly  evaluated  starting  from  the  QP 
equations,  in  which  the  full  electronic  self-energy  operator  appears.  [14]  The  self-energy 
operator  is  treated  usually  in  the  GW  approximation  (GWA)  by  starting  from  DFT-LDA 
eigenvalues  and  eigenfunctions  used  to  evaluate  the  one-electron  Green  function  and  the 
screened  Coulomb  interaction.  [11,  12]  Until  now  the  numerical  effort  required  to  calculate 
the  dynamical  screened  interaction  (W)  for  the  GW  self-energy  has  restricted  the  systematic 
solution  of  the  QP  problem  mainly  to  simple  structures.  [15]  In  this  work  for  the  first  time 
GW  self-energy  corrections  for  the  (6,0)  and  (7,0)  nanotubes  have  been  calculated.  The 
present  results  demonstrate  the  possibility  to  apply  our  method  to  larger  graphene  systems. 


Computational  Method 

Ab  initio  calculations  of  the  electronic  properties  of  infinite  isolated  carbon  nanotubes 
have  been  performed  by  using  a  plane  wave  basis  set  and  ionic  pseudopotentials  for  Carbon 
after  Troullier  and  Martins  [16].  Angular  components  of  ionic  pseudopotentials  up  to  f  =  2 
have  been  included  .  In  particular  we  have  considered  the  case  of  zig-zag  nanotubes  with 
indeces  (6,0)  and  (7,0).  A  repeated-cell  approach  has  been  used,  and  in  order  to  correctly 
simulate  the  isolated  structures  of  nanotubes,  distances  in  the  directions  orthogonal  to  the 
nanotube  axis  have  been  accurately  chosen.  Moreover  we  have  performed  two  different 
kinds  of  convergence  tests,  i.e.  with  respect  to  energy  cutoff  and  to  dimensions  of  the 
simulation  cell.  In  the  case  of  the  (6,0)  structure  a  3oxT2axl2a  cell  with  24-atom  basis  has 
been  used,  (see  figure  1) 

While  3a  =  8  a.u.  is  the  length  of  the  unitary  structure  to  be  repeated  along  the  graphene 
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Figure  1:  simulation  cell  for  (6,0)  structure 


nanotube,  the  320.^.  sides  garantee  a  sufficiently  large  distance  between  atoms  belonging 
to  different  nanotubes  (as  a  term  of  comparison  the  interplanar  distance  in  graphite  is 
d  —  6.34  a.U:  ). 

Within  our  simulation  cell  the  minimal  distance  between  carbon  atoms  belonging  to 
different  nanotubes  turns  out  to  be  greater  than  23  a.u.  For  what  attains  to  the  energy 
cutoff,  values  up  to  30  Ry  have  been  considered.  In  sampling  the  first  BZ  for  calculating  the 
nanotube  charge  density  only  the  F  point  has  been  used.  This  choice  has  been  obviously 
dictated  by  the  need  of  drastically  reducing  the  computational  effort  in  such  a  large  unit 
cell.  On  the  other  hand  the  BZ  of  the  system  is  correspondingly  small,  which  should  justify 
our  choice,  as  we  shall  see  later  on  in  the  discussion  of  the  results.  The  same  technicalities 
have  been  used  in  calculating  LDA  energies  of  (7, 0)  nanotube. 

An  efficient  DFT-GW  method  has  been  used  to  determine  the  quasiparticle  correction 
of  the  band-gap  of  (6,0)  and  (7,0)  nanotubes.  It  has  been  originally  developed  for  the  calcu¬ 
lation  of  quasiparticle  energies  of  cubic  semiconductors  [17]  and  then  succesfully  extended 
to  systems  of  lower  symmetry  such  as  SiC  polytypes  [18]  and  oxides  [19].  Local  fields  effects 
in  the  screening  of  the  material  are  described  within  an  LDA-like  approximation,  and  dy¬ 
namical  effects  are  treated  by  expanding  the  self-energy  operator  to  linear  order  in  energy. 
The  anisotropy  of  the  inverse  dielectric  matrix  is  taken  into  account  simply  averaging  over 
three  directions: 


Ccx)  C||  Cx 

o  and  6  being  two  weighting  factors  which  take  into  account  the  different  screening  properties 
along  the  tube  and  in  the  orthogonal  directions.  If  we  imagine  to  start  from  the  structure 
of  the  graphitic  plane  we  have  that  e||  is  the  in  plane  component  and  ex  is  the  component 
perpendicular  to  the  plane.  This  simple  approximation  permits  us  the  use  of  a  cubic  cell 
to  perform  self-energy  calculations  with  a  strong  reduction  of  computational  effort.  In 
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Table  I:  Band  gap  energies  for  (6,0)  and  (7,0)  zig-zag  nanotubes  calculated  with  DVM 
approch  (first  column)  DFT-LDA  approach  (second  column).  In  the  third  column  previous 
DFT-LDA  results  after  Ref.  [20] 

(n,m)  DVM  LDA(pw)  LDA(Rcf.[20]) 

(6,0)  0.0  Metal{-0.74)  Metal{-0.S3) 

(7,0)  1.04  0.18  0.09 


Table  II:  GW  quasi-particle  corrections  to  band  gap  energies  for  (6,0)  and  (7,0)  zig-zag 
nanotubes  calculated  with  different  Coo  values  (see  text). The  energies  arc  in  eV 

eoc  (6,0)  (7,0) 

240  0.04 

7.06  0.41  0.651 


order  to  keep  a  sufficiently  large  distance  between  atoms  of  different  isolated  nanotubes 
the  cube  side  must  be  at  least  twice  as  large  as  the  minimal  3a  one,  so  that  8  carbon 
rings  are  included  along  the  cell  vertical  axis.  In  this  way  the  minimal  distance  between 
atoms  belonging  to  different  (6,0)  nanotubes  turns  out  to  be  at  least  1.14  times  the  minimal 
distance  between  atoms  belonging  to  different  planes  in  graphite.  In  (7,0)  nanotubes  the 
corresponding  distance  is  0.91  times  that  of  graphite.  The  results  for  the  gap  values  will 
confirm  this  assumption.  The  self-energy  correction  of  the  eigenvalue  relative  to  the 
Bloch  state  \nk  >  is  calculated  according  to  equation  [17] 


A">‘ -  -  l  +  /3„,  ’ 

where  the  terms  appearing  in  the  third  member  of  the  equation  are  the  static  Coulomb 
Hole  (COH)  and  Screened  Exchange  terms  (SEX),  the  expectation  value  of  the  DFT-LDA 
exchange-correlation  potential, and  of  the  two  dynamical  terms  and  p  (see  Refs.  [17] 

and  [18]).  The  singularity  of  the  Coulomb  potential  in  the  screened-exchange  part  of  the 
electronic  self-energy  is  treated  by  using  auxiliary  functions  of  the  appropriate  symmetry 
[181. 


Results  and  Discussion 

In  Tab.  I  we  have  shown  the  results  of  our  LDA  calculation  for  the  (6,  0)  and  (7, 0) 
nanotubes  compared  with  previous  results.  We  note  the  our  result  for  the  gap  of  the  (7, 0) 
structure  is  slightly  different  from  the  result  of  Ref.  [20].  This  difference  can  be  reasonably 
explained  by  taking  into  account  the  different  cutoff,  and  the  different  relaxation  of  the 
structure. 

In  any  case  our  calculations  reproduce  the  same  trend  previously  reported  in  ref.  [20], 
with  semiconduting  properties  for  the  (7,0)  structure  and  metallic  properties  for  the  (6,  0) 
one.  The  band  structure  and  the  energy-level  ordering  results  in  good  agreement  too. 
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In  Tab.  II  we  have  reported  the  GW  corrections  to  the  band  gap  values  obtained 
with  our  method  for  the  (6,0)  and  (7,0)  zig-zag  nanotubes.  The  corrections  are  calculated 
with  Coo  obtained  from  equation  (4)  .  The  two  components  are  estimated  from  graphite 
parameter,  in  particular  we  follow  ref.  [21]  and  we  put  the  value  ei  =  2.4  and  for  e||  we 
use  a  value  100  times  greater  [21],  With  a  =  1  and  6  =  0,  i.e.  complete  metallic  screening, 
for  the  (6, 0)  a  very  small  GW  correction  results.  On  the  other  hand  even  with  a  more 
semiconducting  behaviour  Coo  =  7.06,  obtained  with  a  =  2/3  and  6  =  1/3  in  equation  4  the 
structure  maintains  a  metallic  character.  For  the  (7, 0)  nanotube  we  confirm  including  GW 
corrections  the  DFT-LDA  prediction  of  a  semiconducting  behaviour,  with  a  enhancement 
of  the  gap  due  to  self-energy  corrections. 

To  summarize,  we  have  presented  in  this  paper  DFT-  LDA  calculations  with  GW  cor¬ 
rections  for  the  band-gap  of  (6, 0)  and  (7, 0)  carbon  nanotubes.  Our  DFT-LDA  results  have 
been  compared  with  previous  theoretical  ones  in  order  to  prove  the  accuracy  of  the  present 
computational  method.  For  (6, 0)  nanotube  our  LDA  results  are  in  good  agreement  with 
previous  similar  calculations  and  our  GW  corrections  confirm  the  metallic  character  of  this 
tube.  On  the  other  hand  (7,0)  nanotubes  appears  to  be  semiconductors  with  a  relevant 
GW  gap  correction.  Since  C  nanotubes  as  small  as  3,3)  ones  have  been  detected  [22,  23], 
one  can  expect  that  specific  measurements  even  for  small  nanotubes  can  be  available  in 
the  next  future,  thus  eventually  confirming  our  predictions.  Moreover  the  combination  of 
different  approaches,  say  cluster  calculations,  repeated  cell  ones  and  GW  corrections,  de¬ 
pending  on  the  properties  one  is  looking  for,  turn  to  be  very  useful  in  addressing  such  kind 
of  systems. 
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ABSTRACT 

We  present  a  theoretical  study  of  the  modification  of  Casimir  forces  between 
nanocomposite  slabs  that  exhibit  a  metal-dielectric  transition.  In  particular,  we  consider 
slabs  made  of  VO2  precipitates  in  sapphire,  whose  effective  dielectric  ftinction  is  calculated 
within  a  mean  field  approximation.  The  results  for  the  Casimir  force  as  a  function  of  the 
separation  of  the  slabs,  show  that  at  a  fixed  separation  the  magnitude  of  the  force  changes 
as  temperature  increases  from  300  K  to  355  K.  The  possible  applications  of  these  results  to 
Casimir  devices  is  discussed. 


INTRODUCTION 

In  1948  Casimir  [1]  showed  that  two  parallel  plates  separated  by  a  distance  a  and  made 
of  a  perfect  conductor  will  attract  each  other  with  a  force  per  unit  area  given  by 


TThc 
240a" ' 


(1) 


This  force  is  attributed  to  the  quantum  vacuum  fluctuations  of  the  electromagnetic  field. 
Indeed,  Casimir  forces  appear  whenever  the  mode  distribution  of  a  fluctuating  field  is 
modified  by  the  presence  of  boundaries  [2].  Although  Casimir  forces  are  small  (0.13 
dynes  for  1  mm^  plates  separated  by  one  micron)  they  have  been  measured  through  a  series 
of  ingenious  experiments.  Lamoreaux  [3]  reported  an  agreement  with  theory  at  the  level  of 
5%  using  an  electromechanical  system  based  on  a  torsion  balance.  More  recent 
experiments  performed  by  Mohideen  with  atomic  force  microscopes  achieved  precisions 
close  to  \%  [4].  In  another  experiment,  a  micromachined  torsional  device  was  employed  to 
measure  the  Casimir  attraction  between  a  plate  and  a  spherical  metallic  surface  [5]. 

The  original  formulation  of  Casimir  was  for  perfect  conductors  motivating  Lifshitz  to 
propose  in  1956  a  theory  for  vacuum  forces  between  semi- infinite  dielectric  media  [6]. 

The  corresponding  theory  for  finite  dielectric  systems  has  been  developed  in  last  few  years 

m. 

With  the  advent  of  novel  experimental  techniques  associated  to  the  development  of 
micro  electromechanical  systems  (MEMS),  and  instruments  such  as  the  atomic  force 
microcope  (AFM)  different  proposals  related  with  the  technological  uses  of  the  Casimir 
forces  have  been  investigated.  For  example,  the  deflection  of  a  thin  microfabricated 
rectangular  strip  due  to  Casimir  forces  was  calculated  by  Serry  et  al.  [8].  According  to 
their  results,  the  strength  of  these  forces  is  high  enough  as  to  buckle  the  strip  and  limit  the 
operation  of  MEMS.  Maclay  [9]  has  also  suggested  to  build  MEMS  devices  in  order  to 
.study  the  properties  and  energy  balance  of  MEMS  when  static  or  vibrating  membranes  are 
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placed  on  the  top  of  open  rectangular  cavities.  The  proposed  experimental  configuration 
consists  of  an  array  of  open  rectangular  metallic  cavities.  A  top  plate  suspended  by 
micromecanica!  springs  may  be  used  to  measure  the  sign  and  magnitude  of  the  Casimir 
interaction  between  the  plate  and  the  cavity  array. 

In  a  recent  paper  [10],  we  discussed  the  possibility  of  controlling  the  strength  of  Casimir 
forces  using  heterostructures  made  of  materials  with  different  dielectric  properties  such  as 
metals  and  semiconductors.  This  kind  of  structures  would  be  also  useful  in  the  building  of 
Casimir  engines  in  which  part  of  the  energy  cycle  could  be  driven  by  the  Casimir 
interactions.  Such  a  cycle  has  been  proposed  by  Pinto  [  1 1]  in  order  to  design  a  vacuum 
energy  transducer,  using  optically  active  elements.  He  estimated  that  the  power  per  unit 
area  of  this  Casimir  engine  could  be  as  high  as  1  kW/m^,  Based  on  these  ideas,  in  this 
work  we  study  a  system  made  of  nanocomposite  slabs  that  exhibit  a  metal-dielectric 
transition.  In  particular,  we  consider  slabs  made  of  VO2  precipitates  in  sapphire  [12],  who.se 
effective  dielectric  function  is  calculated  within  a  mean  field  approximation.  These 
nanocomposites  undergo  a  first  order  phase  transition  which  changes  their  dielectric 
response  from  .semiconducting  to  metallic. 

This  behavior  would  allow  to  build  devices  in  which  the  Casimir  forces  could  be  modified 
not  only  by  changing  the  separation  between  the  slabs,  but  also  by  temperature  variations 
as  we  show  in  this  paper. 


THEORY 


Consider  two  parallel  slabs  made  of  a  dielectric  of  thickness  d  and  separated  by  a  distance 
a.  The  Casimir  force  between  dielectric  media  considering  only  wave  vectors 
perpendicular  to  the  slabs  is  given  by  [7] 


JVC 


M  2i0ki/c 

1  -  r  (co)e 


(2) 


where  the  r((0)  is  the  frequency-dependent  reflection  coefficient.  To  calculate  r( co)  the 
dielectric  function  of  the  slabs  is  needed.  For  a  nanocompositc  slab  made  of  a  ho.st  material 
with  a  dielectric  function  eh(co)  and  inclusions  with  dielectric  function  £i((0),  the  effective 
dielectric  response  eM(to)  can  be  calculated  within  a  mean  field  approximation  as  [  13] 

^-\  +  ?>fa+  /’W[3-i-21og  j  (3) 

e,^  8 -2a 

where /  is  the  volume  fraction  of  the  inclusions  and  a  is  the  effective  polarizability  given 
by  the  Maxwell  Garnett  theory.  This  expression  for  the  effective  dielectric  function 
includes  higher  order  corrections  in  the  volume  fraction  and  is  a  first  approximation  beyond 
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single  particle  mean  field  theories.  To  model  the  dielectric  function  of  the  VO2  precipitates 
embbeded  in  sapphire  we  considered  a  Lorentz  model  for  both  £i,((0)  (sapphire)  and  ei(co) 
(VO2).  The  parameters  appearing  in  Lorenz  formula  for  these  materials  have  been  taken 
from  Ref.  [14],  In  the  case  of  VO2,  these  parameters  change  as  a  function  of  temperature 
due  to  the  phase  transition. 


RESULTS 

The  system  we  study  consists  of  two  parallel  planar  nanocomposite  slabs  separated  a 
distance  a  and  with  a  thickness  of  d=0. 1  microns.  The  volume  fraction  of  the  VO2 
precipitates  was  arbitrarily  set  at  20  %.  In  figures  (la)  and  (lb),  we  present  the  real  and 
imaginary  parts  of  the  dielectric  function  as  calculated  from  Eq.(3).  The  dielectric  function 
is  shown  for  two  different  temperatures,  Tsc  =  300  K,  and  ,  Tm  =  355  K.  The  first 
temperature  corresponds  to  the  semiconducting  state,  and  the  second  to  the  metallic  one. 


(a) 


C.j(x  1014  Hz) 

(b) 


Figure  1.  (a)  Frequency  dependence  of  the  real  part  of  the  effective  dielectric  function  for 
the  semiconducting  (Tsc  =  300  K)  and  metallic  phases  (T,n  =  355  K).  (b)  Frequency 
dependence  of  the  imaginary  part  of  the  effective  dielectric  function  for  the  semiconducting 
(Tsc  =  300  K)  and  metallic  phases  (Tm  =  355  K). 

In  figure  (2)  we  present  the  calculated  reflectance  of  a  nanocomposite  slab  for  the 
semiconducting  and  metallic  phases  based  on  our  results  for  eM(co) .  The  metallic  case 
shows  a  significant  deviation  with  respect  to  the  semiconducting  one  at  an  angular 
frequency  of  1.5  x  10  Hz.  The  changes  in  r((o)  as  a  function  of  temperature  should  be 
reflected  in  the  calculation  of  the  Casimir  force.  This  is  indeed  the  case,  as  shown  in  figure 
(3)  where  we  plot  the  force  as  a  function  of  the  separation  a.  The  force  is  normalized  to  the 
ideal  case.  The  ideal  case  is  when  the  slabs  are  made  of  a  perfect  conductor.  As  shown  in 
the  figure,  after  a  separation  of  roughly  0.3  pm  the  magnitude  of  the  force  is  different.  This 
is  understood  from  Eq.  (2)  since  at  a  given  separation  of  the  slabs  the  modes  that  will 
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contribute  more  to  the  force  are  those  with  a  wavelength  that  fit  within  the  slabs.  This  is, 
modes  with  a  frequency  of  (O^Kda.  The  region  of  small  separations  (£?<0.2  jim)  the  force 
is  the  same  at  the  two  temperatures  since  these  separations  correspond  to  frequencies  at 
which  the  reflectivity  of  the  material  is  very  small  and  the  mode  density  within  the  slabs  is 
similar  to  that  of  vacuum  resulting  in  a  negligible  Casimir  force. 


Figure  2.  Frequency  dependence  of  the  reflectance  of  the  nanocomposite  slab  at  Tsc. 
and  T,ii.  In  the  frequency  region  around  1.5xl0'^  Hz  the  reflectance  differs  at  the  two 
temperatures. 
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Figure  3.  Casimir  force  as  a  function  of  the  nanocomposite  slab  separation  a  .  The  dashed 
curve  corresponds  to  the  metallic  phase,  while  the  continuous  one  corresponds  to  the 
semiconducting  phase.  The  force  is  normalized  with  respect  to  the  perfectly  conducting 
case  given  by  equation  (1). 


CONCLUSIONS 

We  have  explored  the  possibility  of  using  the  dielectric  properties  of  nanocomposite 
slabs  that  exhibit  a  metal-dielectric  transition  to  modulate  the  Casimir  forces.  In  this  work, 
we  considered  slabs  made  of  VO2  precipitates  in  sapphire.  The  results  for  the  Casimir  force 
as  a  function  of  the  separation  of  the  slabs  show  that  at  a  fixed  separation  the  magnitude  of 
the  force  changes  as  temperature  increases  from  300  K  to  355  K.  This  effect  could  be  used 
in  principle,  as  part  of  a  thermodynamic  cycle  of  a  micromachined  motor  similar  to  the  one 
proposed  by  Pinto  [1 1]  but  working  at  ambient  temperature. 
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Abstract 

A  combination  of  XRD  and  TEM  techniques  have  been  used  to  characterize  the  response  of 
room  temperature  magnetron  sputtered  Fe-Pd  thin  films  on  Si-susbtrates  to  post-deposition 
order-annealing  at  temperatures  between  400-500°C.  Deposition  produced  the  disordered  Fe-Pd 
phase  with  (1 1  l)-twinned  grains  approximately  18nm  in  size.  Ordering  occurred  for  annealing  at 
450°C  and  500°C  after  1.8ks,  accompanied  by  grain  growth  (40-70nm).  The  ordered  FePd  grains 
contained  (1 1  l)-twins  rather  than  (101  }-twins  typical  of  bulk  ordered  FePd.  The  metallic 
overlayers  and  underlayers  selected  here  produced  detrimental  dissolution  (Pt  into  Fe-Pd  phases) 
and  precipitation  reactions  between  Pd  and  the  Si  substrate. 


Introduction 

Tetragonal  intermetallic  phases,  such  as  FePt,  CoPt,  MnAl  and  FePd,  are  of  interest  as  active 
ferromagnetic  materials  in  thermally  stable  high-information  density  thin  film  data  storage  media 
[1].  Due  to  their  high  magnetocrystalline  anisotropy  (~1 0^-10*^  erg/cm^)  theoretical  estimates 
predict  thermally  stable  grain  sizes  resistant  to  spontaneous  magnetization  reversal  in  the  range 
of  approximately  3-5nm  for  these  intermetallics  [2].  Utilization  of  these  intermetallic  phases, 
which  derive  their  attractive  magnetic  properties  from  their  tetragonal  ordered  Llo-type  crystal 
structures  with  an  easy  magnetization  axis  parallel  to  the  c-direction,  promises  up  to  about  one 
order  of  magnitude  increase  in  data  storage  densities  with  respect  to  current  Co-based  media. 

Recent  research  on  ferromagnetic  intermetallic  thin  films  for  potential  storage  media 
applications  focused  mostly  on  FePt,  CoPt  and  on  property  measurements,  whereas  relatively 
little  published  work  on  the  structural  evolution  of  FePd  thin  films  during  post-deposition 
treatments  exists.  FePd  thin  films  have  been  grown  successfully  by  molecular  beam  epitaxy 
(MBE)  [3]  and  by  magnetron  sputtering  on  Pt-underlayers  on  MgO  substrates  [4].  The  latter 
method  allows  more  rapid  deposition  and  is  currently  popularly  employed  in  most  industrial 
operations.  Unlike  MBE,  magnetron  sputtering  without  substrate  heating  usually  produces 
intermetallic  films  that  consist  of  the  disordered  solid  solution  rather  than  the  ordered  phases.  In 
principle,  substrate  heating  can  be  used  to  induce  ordering  during  deposition  but  is  usually 
accompanied  by  undesirable  grain  growth,  producing  less  than  optimal  magnetization  behavior 
[4].  Post-deposition  annealing  procedures  that  induce  the  ordering  transformation  offer  potential 
control  of  the  ordered  phase  grain  size  in  room  temperature  sputtered  Fe-Pd  thin  films.  The 
development  of  optimized  processing  strategies  for  these  nanostructured  intermetallic  materials 
systems,  including  potential  alloying  schemes,  requires  a  basic  understanding  of  the 
microstructural  response  of  as-deposited  Fe-Pd  based  thin  films  to  annealing.  Therefore,  here 
exploratory  studies  have  been  performed  of  the  microstructural  response  of  magnetron  sputtered 
Fe-Pd  based  thin  films  to  post-deposition  order-annealing.  Combinations  of  X-ray  diffraction 
(XRD)  and  imaging  and  analytical  techniques  of  transmission  electron  microscopy  (TEM)  have 
been  used  in  the  characterization  of  the  as-deposited  and  annealed  films.  Based  on  the 
experimental  observations  possible  pathways  for  the  evolution  of  the  nanoscale  mierostructure 
are  identified  and  discussed  for  the  films  studied  here. 
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Experimental  Procedure 


FePd  based  thin  films  with  nominal  thickness  of  lOOnm  have  been  prepared  by  RF-magnetron 
sputtering  at  room  temperature  directly  on  Si  substrates  and  on  Si  substrates  with  various 
metallic  underlayers.  Targets  of  an  equiatomic  Fe-Pd  alloy  together  with  high-purity  elemental 
metal  targets  have  been  employed  and  all  films  were  capped  with  a  5nm  thick  overlayer  of  Pt. 
Some  pertinent  parameters  and  compositions  of  deposited  films  are  collated  in  table  1.  Cleaved 
sections  of  the  deposited  films  have  been  encapsulated  in  silica  quartz  tubes.  The  tubes  have 
been  evacuated  down  to  ~10 -^torr  and  were  then  refilled  with  a  reduced  atmosphere  of  argon  gas. 
Sequences  of  evacuation  and  argon  refilling  have  been  repeated  three  times  before  establishing  a 
final  partial  pressure  of  ~25xl0'^  torr  of  argon  in  the  tubes.  The  encapsulated  films  have  been 
annealed  isothermally  at  three  different  temperatures  (400°C,  450'C  and  SOOT)  for  times 
between  1 .8ks  to  7.2ks.  Plan-view  and  cross-sectional  samples  of  the  as-deposited  and  annealed 
films  for  transmission  electron  microscopy  (TEM)  have  been  prepared  by  standard  methods.  The 
structure  of  the  films  was  characterized  by  a  combination  of  X-ray  diffraction  (XRD)  and  TEM 
and  scanning  TEM  (STEM)  using  Phillips  X-pert  diffractometers  and  a  Jeol2000fx  and  a  Tecnai 
F20,  respectively.  Compositional  analyses  of  cross-sections  have  been  performed  by  energy- 
dispersive  X-ray  spectroscopy  (EDS)  in  the  TEM  and  EDS-maps  have  been  obtained  by  STEM. 


Table  I:  Composition  and  dimensions  of  the  magnetron  s 

puttered  FePd  based  thin  films. 

Sample  ID 

Overlayer 

Active  layer 

Underlayer 

Substrate 

#810 

Pt ,  5nm 

Ti,  20nm 

Si  <100> 

#811 

Pt ,  5nm 

Si  <100> 

#813 

Pt ,  5nm 

Fc-Pd,  lOOnm 

none 

Si  <100> 

Results 

As-denosited  thin  films 

Symmetric  (0/26)-XRD  and  glancing  incidence  scans  for  the  three  samples  (for  brevity  not 
reproduced  here)  indicated  that  a  significant  <1 1  l>-fiber  texture  with  the  fiber-axis  normal  to  the 
substrate  developed  in  the  active  layers  and  that  they  consisted  of  the  disordered  fcc-phasc  y- 
(Fe,Pd).  The  TEM  analyses  of  the  cross-sections  of  the  as-deposited  thin  films  confirmed  the 
nominal  compositions  (spot-EDS)  and  desired  dimensions  for  the  various  layers  as  summarized 
in  table  1  (Fig.  1).  Moreover,  the  y-(Fc,Pd)  layer  exhibited  a  columnar  morphology  with  about 
five  individual  grains  of  average  grain  size  ( 1 8±4)nm  constituting  the  columnar  grains  (Fig.  I ). 
The  individual  y-(Fc,Pd)  grains  exhibited  profuse  internal  faulting  (Fig.  1 ).  Selected  area  and 
micro-diffraction  (SAD  and  pD)  together  with  bright  field  (BF)  and  dark  field  (DF)  imaging 
tilting  experiments  have  been  used  to  determine  that  these  faults  arc  twins  on  { 1 1 1  }-plancs 
parallel  to  the  siibstrate/film  interface  (SAD  in  Fig.  lb).  The  SAD  pattern  (SADP)  of  Fig.  lb  has 
been  obtained  from  groups  of  columnar  grains  of  similar  orientations  with  <1 10>-zonc  axes 
approximately  parallel  to  the  electron  beam.  The  twin-conjugation  plane  normal,  gi,ki=l  1 1,  is 
marked  by  a  solid  white  line  and  the  open  circles  highlight  .some  twin-reflections  in  Fig.  lb. 

Annealed  thin  films 

No  structural  changes  were  detected  in  XRD  scans  of  the  isothermally  annealed  samples  (for 
brevity  not  reproduced  here)  for  isothermal  treatments  at  400T  for  up  to  7.2ks.  Structural 
changes  associated  with  the  annealing  response  of  the  Fc-Pd  based  thin  films  were  observed  for 
annealing  at  450T  and  at  500°C  after  1 .8ks.  Apparent  ordering  of  Y-(Fc,Pd)  to  yi-FePd,  a  loss  of 
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Pt  and  the  formation  of  additional  phases  could  be  inferred  qualitatively  from  the  XRD  data. 
TEM  imaging  and  diffraction  analyses  of  cross-sections  of  the  annealed  films  have  been 
performed  and  a  number  of  microstructural  changes  have  been  identified.  The  TEM  observations 
confirmed  that  the  active  layer  ordered  to  yi-FePd  with  the  tetragonal  Llo-structure  (Fig.  2  &  3). 
The  ordered  FePd  grains  exhibited  twinning  on  { 1 1 1 )  (Fig.  2b).  Furthermore,  the  local  loss  of 
the  Pt-overlayer  has  been  observed  (Fig.  2).  In  regions  that  retained  the  Pt-overlayer  the  active 
layer  exhibited  a  columnar  grain  structure  with  the  increased  average  grain  size  of  approximately 
40-70nm  (Fig.  2,3).  PdSi  precipitates  of  up  to  about  250nm  in  size  formed  periodically  at  the 
film/substrate  interface  and  consistently  in  regions  of  the  film  where  the  Pt-overlayer  had 
disintegrated  (Fig.  2,  3).  The  PdSi  precipitates  have  been  characterized  by  EDS,  SAD  and  pD. 
These  buried  precipitates  exhibited  an  approximately  equiatomic  composition,  Pd48Si52  (all  in 
mol%),  and  their  structure  was  determined  to  be  consistent  with  an  ordered  orthorhombic  MnP- 
type  structure  (Pnma)  with  ao=5.617A,  bo=3.39lA  and  Co=6.153A  [5].  The  additional  peaks 
observed  in  the  XRD  scans  for  some  of  the  annealed  samples  that  were  not  associated  with  FePd, 
Pt,  Ti  and  Si  could  be  indexed  consistent  with  respect  to  the  orthorhombic  PdSi  phase.  The 
ordered  ypFePd  grains  that  formed  in  the  vicinity  of  the  buried  PdSi  precipitates  also  exhibited 
internal  twining  on  { 1 1 1 }  but  the  columnar  grain  morphology  of  the  active  layer  was  largely  lost 
(Fig.  3).  The  composition  of  these  latter  yi -phase  grains  (Fig.  3)  was  determined  by  EDS  to  be 
Fe53Pd36Ptn  (in  mol%).  Hence,  significant  amounts  of  Pt,  dissolved  into  the  yj-phase  matrix, 
which  may  be  described  as  approximately  equiatomic  in  composition  with  respect  to  the  ratio  of 
Fe  to  (Pd  +  Pt).  EDS  mapping  by  STEM  has  been  utilized  to  analyze  the  area  depicted  in  Fig.  3, 
allowing  a  correlation  of  element  distributions  in  the  annealed  film.  Comparison  of  the  STEM 
BF  image  and  elemental  O-  and  Fe-maps  (Fig.  4)  reveals  a  strong  correlation  between  the  spatial 
distribution  of  oxygen  and  Fe.  The  regions  that  exhibited  significant  correlation  between  strong 
enrichment  in  O  and  Fe  have  been  labeled  FexOy  in  Fig.  2  and  3.  Hence,  it  appears  reasonable  to 
conclude  that  interspersed  with  the  yi -phase  grains  Fe-based  oxides  formed  in  regions  where  the 
Pt-overlayer  disintegrated  in  response  to  the  isothermal  annealing  (Fig.  2-4).  Such  oxide 
formation  was  not  detected  in  the  regions  with  columnar  yi -FePd  and  intact  Pt-overlayer. 
However,  the  EDS  analyses  of  these  latter  regions  indicated  significant  enrichment  of  the  Ti- 
underlayer  with  Pd  (e.g.  Fig.  2,  label  Ti-Pd). 


Fig.  1:  a)  Bright  field  (BF)  TEM  of  as-deposited  film  #810  depicting  columnar  grain 
morphology,  b)  selected  area  diffraction  pattern  (SADP)  from  strongly  diffraction  region, 
approximately  in  center  of  a),  for  BD  ~  <1 10>  of  g-(Fe,Pd);  open  circles  mark  (1 1  l)-twin 
spots  and  white  line  marks  direction  of  conjugation  plane  normal. 
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Fig.  2:  a)  BF-TEM,  film  #810,  7.2ks  at  500°C  (features  marked  discussed  in  text),  b)  SADP 
from  region  Ll,)-FcPd  in  a)  for  approximate  beam  direction  (BD)  of  [110];  open  circles  mark 
(1 1  l)-twin  spots,  triangles  and  rectangles  mark  superstructure  spots  from  Y|-FePd. 


DISCUSSION 

Room  temperature  magnetron  sputtering  of  Fc-Pd  films  on  Si-substrates  and  under  the  conditions 
employed  here  produces  an  active  layer  with  columnar  morphology  comprised  entirely  of 
disordered  y-(Fc,Pd)  grains,  which  arc  profusely  twinned  on  ( 1 1 1 )  parallel  to  the  film/substratc 
interface  plane  and  on  average  approximately  1 8nm  in  diameter.  In  response  to  isothermal 
annealing  at  400‘’C  for  up  to  7.2ks  no  microstructural  changes  were  detected  by  XRD.  Amicaling 
at  the  higher  temperatures  of  450‘'C  and  500°C  for  times  as  short  as  1 .8ks  induced  the 
transfonnation  of  the  disordered  Y-(Fc,Pd)  phase  to  Llo-ordered  Yi-FePd  in  the  active  layer.  The 
ordering  of  the  Fe-Pd  phase  was  accompanied  by  significant  grain  growth,  producing  elongated 
grains  with  their  largest  dimension  normal  to  the  film  and  with  maximum  diameters  in  the  range 
of  40-70nm.  The  typically  about  five  disordered  grains  that  comprised  the  columnar  grains  in  the 
as-deposited  films  are  usually  separated  by  low-angle  grain  boundaries  (LAGB).  It  appears 
reasonable  to  propose  that  some  of  these  LAGB  have  been  eliminated  and  adjacent  prior  y- 
(Fc,Pd)  grains  in  a  column  of  grains  coalesced  to  form  the  larger  elongated  grains  of  the  ordered 
phase  during  annealing.  The  transfonnation  from  the  disordered  phase  to  the  ordered  phase  is 
associated  with  a  volume  change  of  approximately  1.7%  and  a  reduction  in  symmetry  of  the 

crystal  structure.  FIcnee,  in  order  to 
minimize  the  attendant  transformation 
strains  the  characteristic  polytwin 
structures  with  dodecahedral  { 101  }- 
twin  conjugation  develop  during  the 
ordering  process  in  bulk  samples  of  Yr 
FePd  [6].  Interestingly,  the  ordered  Yi- 
FePd  grains  in  the  annealed  thin  films 
studied  here  retained  a  large  density  of 
the  octahedral  (1 1  l)-conjugatcd  twins. 
Presumably,  these  (1 1  l)-twins  have 
been  inherited  from  the  disordered 
phase.  Dodecahedral  {101  {-twins, 
characteristic  of  Yi-FePd  bulk  samples 
[6],  have  not  been  observed.  Hence,  it  is 
tempting  to  speculate  that  a  critical 
grain  size  exists  for  the  Yi-FcPd  phase 
below  which  the  transformation  strain 


FexOy 


FePd 


Fig.  3:  Film  #810,  annelaed  for  7.2ks  at  500°C. 
BF  TEM  of  region  in  vicinity  of  PdSi  precipitate 
at  film/substrate  interface.  Sec  text  for  details 
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induced  (101  }-conjugated  twins  do  not  form  during  isothermal  annealing.  The  additional  degree 
of  freedom  afforded  by  the  thin  film  geometry  as  compared  with  bulk  samples  may  influence 
such  a  scaling  effect  in  the  microstructural  response  to  isothermal  ordering.  The  observation 
regarding  the  twin  fault  plane  is  interesting,  because  the  nature  of  the  defect  structures  in  the 
ordered  phase  is  predicted  to  significantly  affects  magnetic  hysteresis  behavior  and  requires 
further  investigation. 

In  addition  to  the  desirable  ordering  transformation  a  number  of  undesirable  microstructural 
changes  were  deteeted.  Intermetallic  precipitates  of  an  orthorhombic  PdSi  phase  formed 
periodically  at  the  film/substrate  interface.  Pd  from  the  active  layer  grains  diffused  into  the  Ti- 
underlayer.  The  Pt-overlayer  locally  dissolved  and  Pt  was  incorporated  as  a  solute  into  the  Yr 
phase  grains.  The  consistent  correlation  between  local  loss  of  the  Pt-overlayer  and  formation  of 
the  buried  PdSi  precipitates  may  be  indicative  of  some  synergism  between  the  inward  (toward 
the  substrate)  diffusion  of  Pt  and  Pd.  The  yi-FePd  grains  in  the  active  layer  above  the  PdSi 
precipitates  have  an  approximately  equiatomic  composition  with  respect  to  the  ratio  of  Fe  to  the 
sum  of  Pd  plus  Pt.  This  is  consistent  with  Pt  atoms  from  the  dissolving  Pt-overlayer  migrating 
into  the  active  layer  forming  solute  species  in  the  Fe-Pd  grains.  The  polycrystalline  Pt-overlayer 
was  only  one  grain  thick  and  GB’s  exhibited  considerable  local  curvature  and  signs  of  surface 
grooving  prior  to  annealing  (Fig.  la).  With  thermal  activation  during  annealing  a  driving  force 
exists  to  initiate  the  inward  diffosion  of  Pt  into  the  active  layer  from  these  curved  and  grooved 
GB’s.  Hence,  it  appears  reasonable  to  propose  that  the  local  decomposition  of  the  Pt-overlayer 
involved  diffusion  of  Pt,  preferentially  from  grooved  GB’s  in  the  overlayer,  along  the  boundaries 
between  the  columns  of  grains  in  the  active  layer,  followed  by  irrigation  of  the  LAGB  between 
individual  Fe-Pd  grains  in  adjacent  columns.  Once  the  Pt  reached  the  LAGB’s  between 
individual  active  layer  grains,  incorporation  into  the  lattices  of  the  ordering  y-phase  and/or  the 
already  ordered  yi-phase  would  require  bulk  diffusion.  The  buried  PdSi  precipitates  grew  into  the 
Si-substrate  (Fig.  2,3).  Thus,  diffusion  of  Pd  from  the  active  layer  through  the  underlayer  into  the 
substrate  occurred.  At  a  temperature  of  760°C  a  eutectic  of  Pd  and  Pd3Si  exists  in  the  Si-Pd 
binary  system.  Neither  of  these  phases  has  been  observed  in  the  films  studied  here,  which  is  not 
surprising,  since  annealing  was  performed  well  below  the  euteetic  temperature.  However, 
considering  a  solid-state  reaction  between  Pd  and  Si  that  starts  with  a  Si-rich  composition  and  if 
Pd  is  the  faster  diffusing  species,  the  binary  phase  diagram  indicates  that  at  temperatures  at  or 
below  500°C  the  line  compound  PdSi  would  be  predicted.  Hence,  the  observed  growth 
morphology,  crystal  structure  and  composition  of  the  intermetallic  PdSi  precipitates  at  the 
film/substrate  interface  is  consistent  with  the  Si-Pd  phase  diagram.  Based  on  the  phase  diagram 
of  the  Ti-Pd  binary  system,  at  or  below  SOOT  solid  state  diffusion  of  Pd  into  the  Ti-underlayer 
could  potentially  produce  eutectoid  mixtures  of  Ti,  Ti4Pd  and  Ti2Pd,  depending  on  the  local  Pd 


Fig.  4:  a)  BF  STEM  image,  b)  EDS-map  for  Fe  and  c)  EDS  map  for  O  from  region  of  film 
#810  shown  in  Fig.  3.  The  X  marks  identical  positions  in  each  figure,  b)  and  c)  have  the 
same  scale,  y^  marks  an  ordered  FePd  grain  and  Fe^^Oy  marks  Fe-based  oxide. 
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composition.  Interestingly,  Pd  enrichment  of  the  Ti  underlayer  was  detected  by  EDS  analyses  in 
the  regions  between  the  buried  PdSi  preeipitates  (label  in  Fig.  2).  Thus,  Pd  diffused  into  the 
underlayer  and  eutectoid  Ti-Pd  mixtures  would  form  prior  to  PdSi  precipitates.  The  Pd  diffusion 
into  and  through  the  Ti  layer  is  a  required  intermediate  step  in  the  formation  of  the  PdSi  phase, 
which  locally  lead  to  disintegration  of  the  Ti-underlayer.  Gaseous  species,  such  as  O,  present  in 
the  residual  Ar-based  atmosphere  of  the  silica-quartz  tubes  during  annealing  also  diffused  into 
the  film.  This  proeess  was  rapid  after  the  protective  Pt-overlayer  locally  disintegrated  resulting  in 
Fe-oxides  near  the  PdSi  precipitates.  PdSi  precipitation  depleted  adjacent  active  layer  grains  of 
Pd,  rendering  them  less  precious  and  less  oxidation  resistant.  Observation  of  the  Fc-oxides  in  the 
regions  with  disintegrated  Pt-overlayer  and  buried  PdSi  precipitates  is  consistent  with  the 
oxidation  of  the  Pd-depleted  active  layer  grains  (Fig.  3,4).  Similar  observation  to  those  presented 
here  for  film  #810  have  been  made  for  the  other  films.  The  undesirable  microstructural  changes 
reported  here  are  attributed  to  the  interplay  of  the  solid-state  reactions  between  Pt-metal  atoms 
and  the  Fe-Pd  based  phases  and  between  Pd  and  the  chosen  metal-underlayers  and  Si-substrate 
resp^cctively,  together  with  the  residual  oxygen  partial  pressure  present  in  the  annealing 
environment.  Ti  and  NiCr  are  unsuitable  diffusion  barriers  to  prevent  detrimental  reactions 
between  Pd  and  Si.  Pt  is  unsuitable  as  an  overlayer  for  Fe-Pd  based  active  layers. 


CONCLUSIONS 

A  combination  of  XRD  and  TEM  techniques  have  been  used  to  characterize  the  response  of 
room  temperature  magnetron  sputtered  Fe-Pd  thin  films  on  Si  susbtrates  to  post-deposition  order- 
annealing.  The  main  conclusions  of  this  preliminary  study  can  be  summarized  as  follows: 

•  As-deposited  active  layers  consist  of  the  disordered  phase  with  (111  )-twinned  grains 
approximately  18nm  in  size. 

•  The  Fe-Pd  orders  upon  annealing  in  excess  of  1 .8ks  at  450°C  and  500°C. 

•  Ordered  FcPd  grains  in  annealed  films  grew  to  maximum  dimensions  of  40-70nm  and  exhibit 
(1 1  l)-twins.  Dodecahedral  {101  }-twins  typical  of  the  ordered  FePd  in  the  bulk  were  not 
observed. 

•  Pt  dissolves  into  Fe-Pd  phases  and  is  unsuitable  as  an  overlayer. 

•  The  metallic  underlayers  were  unsuitable  to  prevent  detrimental  precipitation  reactions 
between  Pd  and  the  Si  substrate. 

•  Post-deposition  treatments  of  room  temperature  sputtered  films  arc  susceptible  to  local 
oxidation  and  thus  should  be  performed  in  ultra-high  vacuum  or  otherwise  controlled  inert 
atmospheres. 
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ABSTRACT:  NiFe204  is  an  important  high  frequency  soft  magnetic  material  due  to  its  ultra 
high  resistivity;  however,  its  initial  permeability  is  rather  low.  Conventional  magnetic  ferrites 
are  manufactured  through  ceramic  processing.  In  an  effort  to  explore  innovative  approaches  for 
fabricating  ferrite  materials  with  improved  performance,  a  study  of  fabricating  nanostructured 
NiFe204  using  wet  chemical  approaches  has  been  carried  out.  The  synthetic  NiFe204  precursor 
was  synthesized  by  a  citrate  reaction  method  followed  by  calcinating  at  various  temperatures. 
Systematic  studies  concerning  the  crystallographic  structure,  the  nanostructure  and  morphology 
of  the  particle,  the  phase  homogeneity,  the  conditions  for  chemical  reaction  completion,  and  the 
magnetic  properties  have  been  carried  out  using  x-ray  diffraction,  transmission  electron 
microscopy,  and  magnetic  measurements.  The  results  show  that  by  using  a  citrate  reaction 
approach,  pure  phase  and  stoichiometric  NiFe204  can  be  fabricated  easily,  and  the  particle  size 
can  be  controlled  on  a  nanometer  scale,  even  at  high  calcination  temperatures.  In  addition,  a 
comparative  study  of  the  NiFe204  fabricated  by  conventional  ceramic  processing  and  this  new 
citrate  processing  will  be  presented. 

INTRODUCTION 

The  development  of  personal  computers  and  electronic  equipment  and  devices  is  proceeding 
in  the  direction  of  miniaturization  and  high  frequency  operation.  With  high  resistivity,  ferrites 
play  a  leading  role  in  many  high  frequency  applications  such  as  power  electronics, 
communications,  consumer  electronics,  and  microwave  equipment.  Among  the  various  types  of 
ferrite  magnetic  materials  [1-3],  NiFe204  represents  one  of  the  best  ferrites  for  ultra  high 
frequency  applications. 

Since  their  discovery  in  the  1940’s,  ferrites  were  fabricated  via  ceramic  processing  which 
involved  a  solid  state  reaction  between  the  constituent  metal  oxides  at  high  temperatures. 
Although  there  have  been  a  substantial  improvement  in  the  properties  of  conventional  ferrites, 
the  progresses  are  limited  and  the  magnetic  properties  of  the  ferrites  cannot  satisfy  the  increasing 
demand  for  high  quality  ferrite  products.  In  the  request  for  improved  magnetic  properties, 
perhaps  the  most  important  task  is  to  develop  a  novel  synthesis  approach.  Based  on  this 
consideration,  an  aqueous  solution  reaction  technique  was  developed  to  synthesis  nanophase 
NiFe204  particles.  This  report  deals  with  the  synthesis  of  NiFe204,  and  its  structural  and 
magnetic  properties. 

EXPERIMENTS 

Low  temperature  synthesis  approaches  based  on  the  aqueous  synthesis  method  have  been 
developed  in  recent  years  to  synthesis  very  fine  NiFe204  (n-NiFe204)  particles  [4-5].  The 
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synthesis  method  used  in  this  work  is  as  follows.  The  parent  materials  are  iron  (III)  citrate, 
nickel  nitrate,  and  citric  acid.  First,  the  iron  citrate  tri-hydrate  and  the  nickel  citrate  tri-hydrate 
were  dissolved  separately  in  DI  water.  The  two  clear  solutions  were  mixed  together  and  slowly 
dried  until  the  solution  was  concentrated  and  became  sticky.  The  concentrated  mixture  was 
further  dried  in  an  oven  at  40  ‘’C  for  8  hours.  The  dried  powder  was  crushed  and  passed  through  a 
60  mesh  screen.  The  crushed  powder  was  calcined  in  the  temperatures  between  100  to  900  '"C  for 
2  hours  in  a  controlled  oxygen  atmosphere.  Characterization  of  the  crystal  structure  and  particle 
size  of  the  synthetic  powders  was  carried  out  using  x-ray  diffraction  (XRD)  with  Cu  Ktti 
radiation.  The  nanostructure  of  the  NiFc204  particle  was  also  examined  using  high-resolution 
transmission  electron  microscopy  (HRTEM)  and  Mossbaucr  effect  (ME)  experiments.  Static 
magnetic  properties  of  the  synthetic  NiFc204  nanoparticics  were  measured  using  a  Quantum 
Design  SQUID  magnetometer  at  temperatures  between  10  K  and  300K. 

RESULTS  AND  DISCUSSION 


Sti:iictin:c_ Figure  1  shows  the  XRD  pattern  for  the  n-NiFe204  powder  samples  calcined  at  100, 
500,  700,  and  900  °C.  For  comparison,  the  figure  also  includes  the  XRD  pattern  of  a  bulk-size 
conventional  NiFe204  powder  sample.  The  x-ray  diffraction  results  identify  that  all  of  the 
synthetic  NiFe204  powders  have  the  same  spinel  NiFe204  structure.  As  shown  in  Figure  1,  the 
linewidths  of  XRD  diffraction  peaks  for  the  n-NiFe204  are  significantly  broader  than  that  for  the 
bulk  NiFe204  sample.  From  the  liiiewidth  of  the  main  peak  (at  35.7"),  the  mean  particle  size  of 
the  NiFc204  nanoparticle  samples  calcined  at  different  temperatures  was  calculated  according  to 
the  Scherrer  equation  [6].  Figure  2  shows  the  particle  size  of  the  synthetic  NiFe204  nanoparticles 
as  a  function  of  the  calcination  temperature.  It  can  be  seen  that  when  the  calcination  temperature 
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Figure  1.  XRD  pattern  for  nanostructured  NiFc204  and  microsized  (bulk)  NiFc204 
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Figure  2.  The  particle  size  of  n-NiFe204  as  a  function  of  the  calcination 
temperature 

is  500  “C  or  below,  the  NiFe204  particle  size  remains  small  (10  nm)  with  little  change  with 
temperature;  while  beyond  700  ”C,  the  particle  size  significantly  increases  with  increasing 
calcination  temperature. 

High-resolution  transmission  electron  microscopy  experiments  were  carried  out  to  study  the 
nanostructure  of  the  synthetic  NiFe204  samples.  Bright  field  images,  electron  diffraction,  and 
lattice  images  were  obtained.  A  typical  HRTEM  image  showing  the  morphologies  of  the 
NiFe204  nanoparticle  materials  is  presented  in  Figure  3.  This  image  shows  many  nanoparticles. 
It  is  very  interesting  that  several  nanoparticles  appear  for  this  particular  set  of  lattice  fringes, 
implying  that  it  is  possible  that  the  particles  do  not  have  a  random  orientation.  Many  Moire 
fringes  are  distinguished,  the  array  of  nanoparticles  is  3-D. 


Figure  3.  A  typical  atomic 
resolution  TEM  image  showing 
the  morphology  of  theNiFe204 
nanoparticles.  The  bar 
corresponds  to  20  nm. 
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Fig.  4.  Particle  size  distribution  of  NiFe204  obtained  by  TEM 

The  image  shows  a  rather  dispersive  particle  size  distribution  between  lOnm  and  30  nm. 
Figure  4  shows  the  particle  size  distribution  obtained  by  TEM.  The  width  of  the  distribution  is 
approximately  25  nm  and  there  is  a  peak  centered  around  15  nm.  For  this  histogram,  54  particles 
were  counted  and  analyzed.  The  typieal  length  in  the  figure  is  an  average  betu'een  the  maximum 
and  minimum  lateral  dimensions  measured  from  the  TEM  image. 

It  was  found  in  this  study  of  nanostructured  ferrites  that  the  nanostructured  ferrite  particle 
may  consist  of  an  outer  amoi*phous  shell  and  an  inner  crystalline  core  such  that  the  relative  shell 
thickness  increases  with  the  reduction  in  the  particle  size.  To  gain  some  insight  into  the 
nanostructure  of  the  synthetic  NiFe204  nanoparticles,  a  ME  experiment  has  been  carried  out  on 
these  samples.  The  results  indicate  that  the  NiFe204  calcined  at  low  temperatures  possess  a 
dominantly  amorphous  structure.  With  increasing  calcination  temperature,  the  crystalline 
constituent  increases  until  700  V,  beyond  which,  crystalline  phase  becomes  dominant.  The 
details  of  the  ME  study  will  be  published  elsewhere  [7]. 

Static  magnetic  properties  of  NiFc70i  nanoparticles 

Figure  5  shows  typical  magnetization  curves  measured  at  10  K  and  300  K  for  the  n-NiFe204 
powder  sample  calcined  at  700‘^C.  It  can  be  seen  from  the  figure  that  the  magnetization  of  n- 
NiFe204  is  close  to  saturation  for  a  field  of  10  kOe.  The  saturation  magnetization  of  the  powder 
at  I  OK  is  obtained  to  be  3410G.  Figure  6  shows  the  saturation  magnetization  as  a  function  of 
calcination  temperature.  Starting  from  400  °C,  calcination  at  an  elevated  temperature  makes  the 
NiFe204  phase  more  completely  formed,  thus  the  saturation  magnetization  increases  with 
increasing  the  calcination  temperature.  For  conventional  bulk  NiFe204,  the  saturation 
magnetization  at  10  K  is  3800  G.  As  shown  in  Figure  6,  the  same  value  can  be  reached  for  the 
as-synthesized  nanosized  NiFe204  when  calcination  occurs  at  700  ”C  or  higher. 
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Figure  5. 

Magnetization  curves 
for  the  700°C  calcined 
n-NiFe204  powder 
sample  measured  at  10 
K  and  300  K. 


Figure  7  shows  the  temperature  dependence  of  low  field  magnetization  for  the  n-NiFe204 
calcined  at  100  "C.  In  this  measurement,  the  sample  was  cooled  from  room  temperature  to  4.2  K 
in  a  zero  magnetic  field  (ZFC),  and  then  a  100  Oe  field  was  applied.  The  magnetization  on  the 
700  ”C  calcined  sample;  the  result  is  shown  in  Figure  8.  As  can  be  seen  from  the  figure,  the 
monotonic  increase  of  the  magnetization  with  increasing  temperature  and  the  complete 
irreversible  change  of  magnetization  when  reducing  the  temperature  clearly  prove  that  the 
particle  size  is  larger  for  the  700  "C  calcined  sample. 


o 


Figure  6.  The  variation  of  saturation  magnetization  measured  at  10  K  with  calcination 
temperature  for  nanostructured  NiFe204. 


Figure  7.  Magnetization  in  a  field  of  lOOOe  as  a  function  of  temperature  for  the  100  “C  calcined 
n-NiFe204  powder  sample.  The  arrows  indicate  the  direction  of  the  temperature  variation. 
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Figure  8.  Magnetization  as  a  function  of  temperature  for  the  700  “C  calcined  n-NiFe204 
powder  sample.  The  arrows  indicate  the  direction  of  the  temperature  variation. 


CONCLUSIONS 

Based  on  the  staictural  and  magnetic  properties,  it  is  determined  that  the  synthetic 
nanostructured  NiFe204  possesses  high  phase  purity  and  controllable  particle  size.  By  calcining 
at  700°C,  the  synthetic  NiFe204  nanoparticle  possesses  a  saturation  magnetization  of  3841  Gs  and 
a  particle  size  of  about  20  nm.  These  characteristics  arc  favorable  for  fabricating  a  nanophase 
NiFc204  ferrite. 
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ABSTRACT 

Parallel  molecular  dynamics  simulations  are  performed  to  investigate  dynamic  fracture  in 
bulk  and  nanostructured  silica  glasses  at  room  temperature  and  1000  K.  In  bulk  silica  the  crack 
front  develops  multiple  branches  and  nanoscale  pores  open  up  ahead  of  the  crack  tip.  Pores 
coalesce  and  then  they  merge  with  the  advancing  crack-front  to  cause  cleavage  fracture.  The 
calculated  fracture  toughness  is  in  good  agreement  with  experiments.  In  nanostrucutred  silica 
the  crack-front  meanders  along  intercluster  boundaries,  merging  with  nanoscale  pores  in  these 
regions  to  cause  intergranular  fracture.  The  failure  strain  in  nanostructured  silica  is  significantly 
larger  than  in  the  bulk  systems. 


INTRODUCTION 

Amorphous  silica  (a-Si02)  is  widely  used  in  various  technological  applications  because  of 
its  unique  chemical  and  physical  properties.  However,  the  brittle  nature  and  poor  shock 
resistance  of  silica  have  precluded  its  use  as  a  structural  material.  With  the  synthesis  of  “ductile” 
nanophase  ceramics,  there  is  renewed  hope  that  novel  amorphous  nanostructured  silica  systems 
that  fracture  more  gracefully  than  conventional  bulk  a-Si02  will  find  use  in  structural 
applications.  However,  any  hope  to  enhance  mechanical  properties  rests  on  understanding  crack 
initiation  and  propagation  at  the  atomic  scale.  Ten  years  ago  Simmons  and  al.  carried  out  the 
first  Molecular  Dynamics  simulations  to  investigate  brittle  fracture  in  a-Si02  [1-3].  They 
showed  that  the  crack  in  a-Si02  is  not  only  initiated  by  the  surface  defects  but  also  has  an  origin 
in  the  intrinsic  structure.  Nevertheless,  these  simulations  were  not  large  enough  to  study  the 
propagation  on  a  largest  scale. 

We  present  here  results  of  Molecular  Dynamics  (MD)  simulations  on  crack  propagation  and 
fracture  in  both  bulk  a-Si02  and  nanostructured  a-Si02  at  low  and  high  temperatures.  These 
simulations,  involving  a  million-atom  each,  are  performed  with  reliable  inter-atomic  potentials 
on  parallel  computers  using  highly  efficient  algorithms.  In  the  bulk  system  at  room  temperature 
(300  K),  we  find  that  the  crack-front  propagates  by  merging  with  the  cavities  that  open  up  just 
ahead  of  it.  In  contrast,  the  bulk  system  at  1000  K  many  more  cavities  both  close  and  far  from 
the  crack-tip  appear.  Those  far  from  the  crack-tip  coalesce  before  merging  with  the  main  crack 
forming  a  secondary  crack.  In  the  nanostructured  a-Si02  at  room  and  high  temperature,  we 
observe  intergranular  fracture  with  the  crack  meandering  along  the  nanoparticle  boundaries.  The 
observed  crack  propagation  and  fracture  behavior  in  both  bulk  and  nanostructured  silica  are 
related  to  the  inherent  intermediate  range  order  in  these  systems. 
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COMPUTATIONAL  PROCEDURE 


MD  , simulations  of  silica  are  performed  with  a  reliable  inter-atomic  potential,  consisting  of 
two-body  and  three-body  terms  [4],  The  two-body  terms  contain  the  effects  of  charge  transfer, 
electronic  polarization,  and  steric  repulsion.  The  three-body  terms  is  a  Stillinger- Weber  like 
potential  involving  bond  bending  and  bond  stretching  effects.  The  potential  is  validated  through 
a  detailed  comparison  with  various  experimental  results  on  bulk  silica  glass  such  as  elastic 
moduli,  static  structure  factor,  and  phonon  density  of  states  [5,  6]. 

Fracture  simulations  in  bulk  and  nanostructured  silica  glasses  are  performed  on  systems 
containing  a  million  atoms  each.  The  two  bulk  a-SiOi  systems  were  prepared  by  melting  (3- 
cristobalite  at  3500  K,  thermalizing  it  for  30,000  time  steps,  before  cooling  it  gradually  to  3000 
K  where  it  was  again  thermalized  for  30,000  time  steps.  Following  this  procedure  of  gradual 
cooling  and  thermalization,  the  system  was  cooling  down  to  5  K  and  then  subjected  to  conjugate- 
gradient  quench  which  brought  down  the  temperature  to  0  K.  This  system  was  then  heated  to 
300  K  where  it  was  further  thermalized  for  50,000  time  steps,  subsequently,  the  temperature  was 
raised  to  1000  K  and  this  system  was  also  relaxed  for  50,000  time  steps. 

The  nanostructured  system  was  prepared  by  cutting  out  spheres  of  radius  40  A  from  the  well 
thermalized  bulk  amorphous  sy.stem  [7].  These  spherical  nanoparticles  were  relaxed  with  the 
conjugate  gradient  technique.  Subsequently,  100  of  these  nanoparticules  were  randomly  placed 
in  a  box  and  consolidated  at  1000  K  with  the  application  of  a  hydrostatic  pressure  that  was 
gradually  increased  to  16  GPa.  Keeping  the  pressure  fixed,  the  system  was  cooled  from  1000  K 
to  300  K  and  the  system  was  relaxed  for  30,000  time  steps.  Subsequently  the  pressure  was 
slowly  decreased  to  zero.  This  consolidated  sy.stem  at  0  GPa  and  300  K  has  a  density  of  2.04 
g/cc  which  is  close  to  the  bulk  density  (2.2  g/cc).  The  nanostructured  glass  at  1000  K  was 
obtained  by  heating  the  room  temperature  system  and  subsequently  thermalizing  it  for  30.000 
time  steps. 

To  simulate  dynamic  fracture  the  periodic  boundary  conditions  arc  removed.  A  triangular 
notch  of  length  50  A  and  width  40  A  is  created  on  one  edge  of  the  simulation  box  by  removing 
atoms.  The  pre-notched  systems  is  then  subjected  to  an  external  strain  by  displacing  the  atoms 
included  in  the  lop  and  the  bottom  layers  of  the  simulation  box.  The  width  of  these  layers  is 
approximately  equal  to  a  cut-off.  The  strained  systems  is  subsequently  relaxed  under  isothermal 
conditions  before  increasing  the  strain  further.  In  all  the  systems  studied  we  applied  a  strain  rate 
of  0.01 /ps. 


RESULTS  AND  DISCUSSION 

Figure  1  shows  snapshots  of  notch  and  pores  in  bulk  a-SiOi  at  300  K  for  different  values  of 
.strains.  Pores  were  analyzed  by  dividing  each  system  into  voxels  of  size  4.5  A  and  then 
identifying  empty  voxels  with  a  common  edge  or  corner.  Figure  1(a)  shows  the  initial  notch. 
Figure  1(b)  displays  that  in  bulk  a-Si02  at  300  K  small  pores  open  up  directly  ahead  of  the  crack 
tip  when  the  strain  exceeds  3.4%.  In  a  region  approximately  of  50  A  ahead  of  the  crack  tip, 
pores  coalesce  to  form  cavities  of  dimensions  between  20  A  and  60  A.  With  further  increase  in 
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Figure  1.  Snapshots  of  pores  and  cracks  in  bulk  a-Si02  at  300  K.  Fig.  1(a)  shows  the 
initial  notch  and  fig.  1(b)  and  1(c)  show  its  evolution  into  several  branches  and  the 
appearance  of  nanoscale  pores  at  a  strain  of  3.4%  and  6%  respectively. 
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Figure  2.  Snapshots  of  pores  and  cracks  in  bulk  a-Si02  at  1000  K.  The  system  at  1000  K 
shows  little  progression  of  the  pre-notch  even  at  a  strain  of  5.3%  (fig.  2(a)).  However  in  fig. 
2(b),  further  increase  in  strain  causes  the  crack-front  to  move  significantly  and  in  fig.  2(c) 
several  cavities  appear  as  a  result  of  coalescence  of  nanoscale  pores  forming  a  distinct 
secondary  crack. 

the  strain  (Fig.  1(c))  the  number  of  cavities  increases  and  they  form  multiple  branches  on  the 
crack-front.  Finally,  the  system  ruptures  completely  at  a  strain  of  6.5  %. 

Figure  2  shows  many  features  of  crack  and  pore  evolution  in  a-Si02  at  1000  K  similar  to 
those  observed  at  room  temperature,  the  crack-front  propagates  by  growth  and  coalescence  of 
cavities.  Nevertheless,  the  onset  of  crack  in  a-Si02  at  1000  K  occurs  at  a  strain  of  5.3%  whereas 
at  room  temperature  it  appears  around  2%.  Further  analysis  reveals  that  the  glass  at  1000  K  has 
pores  100  A  ahead  of  the  crack  tip  leading  to  the  formation  of  a  secondary  crack,  whereas  in  the 
room  temperature  system,  pores  are  mostly  combined  closer  to  the  crack  tip. 

Figures  3  show  crack  and  pore  evolution  in  nanostructured  a-Si02  at  300  K,  Small  pores  are 
formed  in  interfacial  regions  along  nanoparticule  boundaries  even  in  the  absence  of  the  applied 
strain.  As  the  strain  increases  pores  grow,  and  some  of  them  merge  with  the  main  crack  while 
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Figure  3.  Snapshots  of  pores  and  cracks  in  nanostructurcd  a-SiO:  at  300  K.  Fig.  3(a) 
displays  the  initial  distribution  of  pores;  in  fig.  3(b)  the  pores  show  the  intcrfacial  regions 
between  the  clusters;  and  fig.  3(c)  shows  the  evolution  of  the  crack  through  the  interfacial 
regions. 

others  coalesce  to  form  a  secondary  cracks  approximately  100  A  ahead  the  crack  tip.  At  a  strain 
of  9  %,  the  primary  and  secondary  cracks  merge  to  cause  intergranular  fracture. 

Quantitatively,  the  similarities  and  differences  between  the  three  systems  can  be  seen  in  Fig. 
4(a)  where  the  porosities  are  plotted  as  a  function  of  the  applied  strain.  The  two  bulk  a-SiOi 
systems  have  nearly  the  same  porosities  up  to  a  strain  of  3.5%.  With  further  increase  in  the 
strain,  the  porosity  rises  more  sharply  in  the  room  temperature  glass  than  in  the  system  at  1000 
K.  In  order  to  characterize  more  precisely  the  correlation  between  the  number  of  pores  and  crack 
propagation  the  strain  dependence  of  crack  tip  positions  is  also  analyzed.  In  figure  4(b)  the 
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Figure  4.  (a)  Percentage  of  porosity  as  a  function  of  strain,  (b)  Position  of  the  crack  tip  as 

a  function  of  the  applied  strain. 
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position  of  the  crack  tip  in  a-Si02  at  300  K  advances  linearly  while  in  others  systems  it  grows 
intermittently  with  increasing.  The  intermittent  growth  is  much  more  accentuated  in  the 
nanostructured  systems.  The  plateaus  in  Fig.  4(b)  reflect  the  growth  of  bigger  cavities  and/or  the 
formation  of  secondary  cracks  ahead  of  the  crack  tip.  This  behavior  makes  difficult  to  determine 
precisely  the  crack  tip  velocities,  although  average  crack  tip  speeds  can  be  estimated.  In  the  case 
of  a-Si02  at  300  K  the  crack  propagation  starts  at  a  strain  of  2  %  and  it  advances  at  a  speed  of 
-800  m/s  up  to  a  strain  of  6.4  %.  This  corresponds  to  half  of  the  Rayleigh  wave  speed  in  the 
material.  In  the  case  of  a-Si02  at  1000  K  the  crack  tip  advances  at  a  strain  of  4.2  %  reaching  a 
plateau  within  a  small  increment  of  strain.  The  crack  tip  hardly  advances  until  the  strain  reaches 
6%.  Subsequently,  the  primary  crack  tip  coalesces  with  the  secondary  crack.  These  results 
strongly  indicate  that  the  strain  energy  in  a-Si02  at  300  K  is  dissipated  along  the  crack  tip, 
whereas  in  a-Si02  at  1000  K  the  strain  energy  is  also  dissipated  in  the  formation  and  growth  of 
pores  into  secondary  crack. 

Strained  nanostructured  silica  systems  also  exhibit  alternating  plateaus  and  crack  growth.  In 
the  nanostructured  system  at  300  K  the  onset  of  crack  growth  occurs  at  a  strain  of  1 .5  % 
followed  by  a  plateau  at  strains  between  3  %  and  4.5  %.  Further  increase  in  strain  results  in  an 
other  plateau.  Finally,  at  a  strain  of  8.2  %  the  system  undergoes  intergranular  fracture.  These 
results  provide  clear  evidence  that  the  strain  energy  supplied  to  this  system  is  dissipated  via  the 
creation  of  pores.  As  a  result,  this  system  fracture  at  a  higher  strain  than  its  bulk  counterparts. 

Hence,  the  augmentation  of  the  temperature  in  the  case  of  the  a-Si02  enhances  the  creation 
of  pores.  In  the  case  of  the  nanostructured  the  presence  of  many  pores  intrinsic  of  the  material 
plays  the  same  role  than  the  augmentation  of  the  temperature.  Therefore,  the  influence  of  the 
temperature  in  the  nanostructured  material  is  smaller  than  in  the  bulk. 

We  have  also  examined  the  relationship  between  structural  correlations  and  crack  growth  in 
the  bulk  and  nanostructured  a-Si02.  Experiments  and  atomic  simulations  have  shown  that 
amorphous  silica  consists  of  corner-sharing  Si04  tetrahedra  which  form  mostly  5-,  6-  and  7- 
membered  rings  [8].  In  so  far  as  the  short-range  order  is  concerned,  pair-distribution  functions 
and  bond-angle  distributions  do  not  reveal  any  notable  differences  and  the  corner-sharing 
tetrahedral  structure  is  mostly  unaffected  during  crack  propagation.  The  influence  of 


Figure  5.  Distribution  of  the 
membered  rings  for  the  bulk  a-Si02 
and  nanophase  a-Si02  (n-Si02)  at  1  % 
of  strain  corresponding  to  the  strain 
just  before  the  crack  propagation. 
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intcrmcdiatc-rangc  order  on  crack  initiation  is  analyzed  through  the  ring  distribution.  Figure  5 
shows  these  distributions  for  the  four  systems  just  before  the  onset  of  crack  propagation.  (Rings 
are  identified  by  a  procedure  described  in  [8]).  The  two  bulk  systems  have  significantly  different 
ring  distributions:  At  300  K,  nearly  80%  of  the  rings  have  3  to  7  members  and  only  12%  are  8-13 
membered  rings;  at  1000  K,  the  population  of  3-  to  7-mcmbcred  rings  drops  to  52%  while  the 
percentage  of  8-13  membered  rings  increases  to  42%.  (Note  that  a  13-membcred  ring  has  the 
same  size  as  a  10  A  pore.)  Thus,  pores  in  bulk  a-SiOz  at  ICKX)  K  initiate  from  the  breakup  of 
large  rings  that  are  distributed  uniformly  throughout  the  volume  of  the  systems.  In  contrast,  the 
nanostructured  systems  have  nearly  the  same  ring  distributions  indicating  that,  in  both  cases, 
pores  in  the  inlerfacial  regions  grow  by  breaking  up  all  size  rings. 


CONCLUSIONS 

In  conclusion,  these  million-atom  MD  simulations  show  that  advancing  crack-fronts  in  bulk 
silica  develop  multiple  branches  and  pores  which  coalesce  among  themselves  and  also  with  the 
crack-front.  The  strain  energy  dissipated  in  creating  nanoscalc  pores  causes  the  system  at  higher 
temperature  to  fracture  at  a  much  higher  value  of  strain.  In  nanostructured  silica  glasses  pores 
develop  mainly  in  intergranular  regions,  crack-fronts  meander  along  intcrcluster  boundaries  and 
they  coalesce  with  pores  to  cause  intergranular  fracture.  In  this  case  temperature  has  small 
influence  on  the  onset  of  crack. 
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ABSTRACT 

Multiple  silicon  nanowires  were  synthesized  using  large  gallium  pools  and  microwave 
plasma.  Results  showed  that  nanowires  growing  out  of  different  sized  large  gallium  drops  show 
little  variation  in  diameters,  suggesting  that  our  non-traditional  technique  can  be  used  to 
synthesize  bulk  amounts  of  monodispersed  nanowires  out  of  thin  films  of  molten  gallium. 

INTRODUCTION 

Size  constraints  and  surface  effects  induce  novel  characteristics  in  materials  at  nanoscale.''^ 
In  order  to  utilize  nanometer  scale  structures  in  applications  such  as  electronic,  optoelectronic, 
and  catalytic,  bulk  amounts  of  nanostructures  will  be  required  with  tunable  composition  and 
structure.  In  this  regard,  bulk  synthesis  of  semiconductor  nanowires  has  been  traditionally 
achieved  using  several  variations  of  transition  metal  catalyzed  techniques  such  as  vapor-liquid- 
solid  (VLS).  In  such  techniques,  the  nanowire  diameter  is  limited  by  the  catalyst  droplet  size. 
However,  creation  of  nanometer  size  catalyst  droplets  is  a  non-trivial  task.  Furthermore,  given 
the  fact  that  transition  metals  form  high  solubility  eutectics  with  various  semiconductor 
elements,  it  would  be  very  difficult  to  obtain  abrupt  compositionally  modulated  structures. 
Nanowires  have  also  been  synthesized  by  restrictive  growth  methods  such  as  nanotube-confined 
reactions  and  with  atomic  scale  step  edges  as  templates.  In  all  of  these  techniques,  it  will 
be  difficult  to  control  the  nanowire  diameter  and  diameter  distribution. 

Recently  our  group  demonstrated  bulk  synthesis  of  silicon  nanowires  using  gallium  as  the 
molten  metal  solvent  and  microwave  plasma  to  carry  out  the  gas  phase  chemistry.  It  was 
reported  that  multiple  nuclei  form  and  grow  as  nanowires  out  of  a  large  gallium  pool.  Thus,  this 
gallium  and  microwave  plasma  based  technique  eliminates  the  need  for  nanometer  sized  metal 
droplets  and  has  a  potential  to  work  at  much  lower  temperatures  than  the  conventional 
techniques  using  transition  metals.  However,  there  are  certain  important  aspects  of  this  technique 
that  remained  unaddressed.  In  this  paper,  we  discuss  issues  related  to  control  over  nanowire 
diameter  and  diameter  distribution  in  our  non-transition  metal-based  technique.  We  also  present 
evidence  for  in-situ  generation  of  silyl  radicals  thus  confirming  silicon  source  to  be  through  gas 
phase. 


123 


EXPERIMENTAL  DETAILS 

The  exjierimcntal  setup  for  bulk  synthesis  of  silicon  nanowires  has  been  previously 
described.  Chemical  vapor  transport  experiments  were  also  performed,  in  which  gallium- 
covered  p-BN  and  quartz  substrates  surrounded  by  silicon  pieces  were  exposed  to  a  diluted 
hydrogen  plasma.  An  Ocean  Optics®  optical  emission  spectrometer  (OES)  was  used  to  identify 
the  various  species  in  the  plasma.  Individual  nanowircs  were  analyzed  for  crystallinity  and 
composition  using  high-resolution  transmission  electron  microscopy  (HRTEM)  (200kV  JEOL 
model  201  OF)  and  energy-dispersive  X-ray  spectroscopy  (EDX). 

RESULTS  AND  DISCUSSIONS 

Figure  1(a)  shows  a  SEM  micrograph  of  several  fibers  growing  out  of  a  large  gallium  pool 
after  a  typical  growth  experiment.  Figure  1  (b)  shows  very  straight  silicon  nanowires  grown  out 
of  a  gallium  pool. 


(a)  (b) 

Figurel.  (a)  Multiple  silicon  fibers  ~20  nm  thick,  grown  out  of  a  200  |im  gallium  drop,  (b) 
Straight  silicon  filaments  nm  thick,  obtained  after  another  experiments  under  different 
conditions. 


In  traditional  VLS  methods,  nanowire  diameter  is  determined  by  the  transition  metal  droplet 
size.  Thus,  in  order  to  obtain  a  uniform  nanowire  diameter  distribution,  monodispersed  catalyst 
particles  need  to  be  created  on  a  solid  substrate.  However,  it  has  been  reported  that  there  is  an 
inherent  limitation  in  controlling  the  nanowire  diameter.  Formation  of  the  transition  metal-Si 
alloy  before  nucleation  causes  the  nanowires  in  general  to  be  thicker  than  the  metal  droplet. 
Thus,  it  is  difficult  to  absolutely  control  the  nanowire  diameter. 

In  our  non-traditional  technique  discussed  in  this  paper,  the  critical  nuclei  diameter  can  be 
defined  based  on  the  classical  nucleation  theory  as 


RTIn  (^) 


(I) 
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where,  dc,  a,  C  and  Coc  represent  critical  nucleus  diameter,  molar  volume,  surface  free  energy, 
concentration  of  silicon  within  liquid  alloy  and  equilibrium  concentration  at  temperature  T, 
respectively.  Thus  unlike  in  traditional  VLS  methods,  the  nanowire  diameter  in  our  technique  is 
determined  by  the  solute  supersaturation  in  molten  gallium  and  substrate  temperature.  Figure  2 
shows  variation  of  critical  nucleus  diameter  as  a  function  of  temperature  for  a  particular 
dissolved  solute  concentration  and  as  a  function  of  dissolved  solute  concentration  at  a  particular 
temperature.  It  can  be  seen  that  at  a  specific  dissolved  silicon  concentration  in  molten  gallium, 
critical  nucleus  size  increases  with  increasing  temperature  due  to  greater  influence  of 
temperature  on  the  equilibrium  solubility. 


Figure  2.  Variation  of  the  critical  nucleus  diameter  defined  by  eqn  (1)  as  a  function  of  (a) 
dissolved  solute  concentration  in  molten  gallium  at  a  particular  temperature,  and  (b)  temperature 
for  an  arbitrary  dissolved  silicon  concentration  of  0.01  at  %. 


The  liquid  phase  solute  supersaturation  is  dependent  on  silicon  supply  at  the  V-L  interface 
and  the  substrate  temperature.  The  vapor  phase  silicon  supersaturation  is  determined  by  substrate 
temperature,  gas  temperature,  pressure,  diluent  gas  and  dilution  fraction.  Independent  control 
over  these  parameters  will  enable  a  tighter  control  over  nanowire  diameter  and  diameter 
distribution.  However  in  our  current  experimental  setup,  these  parameters  are  related  in  a 
convoluted  manner.  Figures  2  (a)-(c)  demonstrate  that  nanowires  grown  under  different  sets  of 
experimental  conditions  have  different  diameters.  Figure  2  (d)  shows  a  representative  diameter 
distribution  of  nanowires  grown  out  of  a  1 .3  mm  diameter  gallium  droplet  at  a  substrate 
temperature  of  700  -C.  For  a  particular  set  of  experimental  conditions,  mean  diameters  of  the 
nanowires  grown  out  of  different  sized  gallium  droplets  were  very  close  to  each  other.  Please  see 
Table  I.  Thus  it  could  be  possible  to  synthesize  silicon  nanowires  with  a  narrow  diameter 
distribution  using  a  thin  film  of  gallium. 
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Wire  diam eter,  nm 

(d) 

Figure  2.  Bulk  amounts  of  silicon  nanowircs  obtained  in  three  different  experiments.  Process 
parameters  are  (a)  ~10  nm  dia,  1000  W  MW  power,  30  torr  total  pressure,  0.2.'i  seem  Hi/lOO 
seem  N2,  6  hrs  (b)  ~21  nm  dia,  1000  W,  50  torr,  2.0  seem  H2/IOO  seem  N2,  4  hrs  (e)  -150  nm 
dia,  900  W,  50  torr,  0.75  seem  H2/IOO  seem  N2,  5  hrs.  (d)  Diameter  distribution  of  the  nanowires 
grown  under  process  conditions  of  (b);  mean  wire  dia:  21 .4  nm. 


Table  I.  Mean  nanowire  diameters  grown  under  different  set  of  experimental  conditions. 


MW 

Fower 

(W) 

Pressure 

(Torr) 

H2  flow  rate  in 
100  seem  N2 
(seem) 

Ten^jerature 

(degQ 

Duration 

(hrs) 

Droplet 

aze 

(Um) 

Mean 

wire  dia 
(nm) 

SD 

(nm) 

850 

40 

0.8 

580 

12 

800 

24.2 

0.8 

850 

40 

0.8 

580 

12 

1300 

25.0 

1.0 

1000 

50 

2 

(95 

4 

71.75 

35.3 

2.8 

1000 

50 

2 

695 

4 

305 

34.4 

2.6 

1000 

50 

2 

695 

4 

1219 

34.3 

3.1 

850 

50 

10 

701 

9 

217.3 

21.4 

1.6 

850 

50 

10 

701 

9 

364.7 

20.4 

2.1 
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Gallium  is  not  known  to  act  as  a  catalyst  for  gas  decomposition  or  dehydrogenation 
reactions.  In  our  experiments,  Silyl  species  are  produced  by  atomic  hydrogen  etching  of  the 
exposed  silicon  substrate.  In  order  to  confirm  this  hypothesis,  silicon  nanowire  growth 
experiments  were  performed  using  gallium  covered  non-silicon  substrates  surrounded  by  small 
silicon  pieces.  Figure  4  (a)  shows  silicon  nanowires  grown  on  a  pyrolytic  boron  nitride  substrate 
covered  with  Gallium  droplets.  Figure  4  (b)  shows  an  optical  emission  spectrum  taken  during 
these  chemical  vapor  transport  experiments.  A  SiH  peak  was  identified,  providing  evidence 
of  in-situ  production  of  silyl  radicals. 


(a)  (b) 

Figure  3.  (a)  Silicon  nanofibers  obtained  using  PBN  substrate  covered  with  gallium  droplets  and 
surrounded  by  silicon  pieces,  exposed  to  the  nitrogen  plasma  containing  atomic  hydrogen,  (b)  An 
optical  emission  spectrum  of  the  plasma  taken  in  the  experimental  conditions  of  (a). 

CONCLUSIONS 

It  is  possible  to  grow  monodispersed  silicon  nanowires  out  of  a  gallium  film  using  our  non- 
traditional  technique,  as  demonstrated  by  a  very  narrow  diameter  variation  exhibited  by  the 
nanowires  grown  out  of  different  sized  gallium  drops. 
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ABSTRACT 

Large  scale  of  straight  GaaOB  nanowires  is  grown  on  a  fused  silica  substrate  by  a  simple 
catalyst- free  CVD  method  using  Ga  metal  and  N2/  H2O  reactants.  The  Ga203  nanowires  with 
diameters  ranging  from  60  to  1 50  nm  can  be  as  long  as  several  micrometers.  XRD  and  TEM 
analyses  indicate  that  the  Ga203  nanowires  exhibit  a  monoclinic  structure.  PL  characteristic  of 
the  Ga203  nanowires  shows  a  UV  emission  of  375  nm  at  room  temperature. 


INTRODUCTION 

The  synthesis  of  nanometer  scale  one-dimensional  materials,  for  example  /3  -SiC  [1-3], 
GaN  [4,5],  In203  [6],  and  Si  [7,8],  has  received  intensive  research  because  of  their  great  potential 
for  fundamental  studies  of  the  roles  of  dimensionality  and  size  in  their  physical  properties  as  well 
as  for  the  application  to  optoelectronic  nanodevices  [9]. 

Gallium  oxide,  /S  -Ga203,  is  a  wide  band  gap  compound  ( Eg  =  4.9  eV),  and  has  potential 
applications  in  optoelectronic  devices  including  flat  panel  displays,  solar  energy  conversion 
devices,  and  high  temperature  stable  gas  sensors  [10,1 1].  Even  more,  upon  optical  excitation 
through  the  band  gap,  jS  -Ga203  exhibit  up  to  three  different  emissions,  UV,  blue,  and  green 
[12-14].  Recently,  ^  -Ga203  nanowires  have  been  synthesized  by  an  arc  discharge  method  [15] , 
and  physical  deposition  [16].  Here,  we  present  a  simple  catalyst- free  CVD  approach  for  the 
growth  of  the  straight  yS  -Ga203  nanowires  at  a  temperature  of  800°C. 


EXPERIMENTAL  DETAILS 

The  schematic  representation  of  the  /3  -Ga203  nanowires  growth  apparatus  is  shown  in  Fig. 
1.  Typically,  an  excess  amount  of  molten  gallium  (Alfa  Aesar,  99.99%)  was  placed  on  the  fused 
silica  substrate  A  (Ixlcm^)  that  was  put  in  the  end  of  the  AI2O3  boat.  The  fused  silica  substrate  B 
(Ixlcm^)  was  put  away  from  substrate  A  about  3mm.  An  AI2O3  plate  (4x4cm^)  put  on  the 
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Fig.  1  Schematic  diagram  of  the  high  temperature  furnace  used  for  the  synthesis  of  the  straight 
/3  -Ga203  nanowires. 


top  of  the  Al203boat  was  used  to  increase  the  reactants  space  time  in  the  AI2O3  boat.  Then  the 
AI2O3  boat  was  inserted  into  the  center  of  a  3  in.  diameter  furnace.  Before  the  synthesis  process, 
the  furnaee  was  evacuated  to  a  base  pressure  of  I  x  1 0‘“  Torr.  The  temperature  of  the  furnace  was 
increased  to  SOOT,  within  1  hr  at  a  constant  N2  flow  of  200  seem  and  a  pressure  of  500  Torr.  As 
the  temperature  reached  8OOT,  the  H2O  vapor  was  can'ied  from  an  isothermal  bath  by  another 
N2  flow  into  the  furnace.  The  synthesis  processes  were  conducted  under  the  following  condition: 
furnace  temperature,  H2O  vapor  rate,  N2  flow  rate,  furnace  pressure  of  8OOT,  3  seem,  200  seem 
and  500  Torr,  respectively.  After  the  6-hr  reaction,  the  furnace  was  cooled  to  room  temperature 
and  white  products  were  deposited  on  the  fused  silica  substrate  B. 

The  morphology  and  size  distribution  of  the  products  were  examined  using  SEM  (Hitachi, 
S-4200).  The  crystal  structure  of  the  products  was  analyzed  using  XRD  (Rigaku)  and  HRTEM 
(JEOL  2010),  which  equipped  with  an  EDS.  Micro-Raman  with  514.5  nm  photons  was  also 
employed  to  characterize  the  products.  Photolumincscence  studies  were  conducted  with  a  Hitachi 
F-4500  fluorescence  spectrophotometer  with  a  Xe  lamp  at  room  temperature.  The  excitation 
wavelengths  were  320  nm. 


RESULTS  AND  DISCUSSION 

Figure  2(a)  shows  a  typical  SEM  image  of  the  products  on  the  fused  silica  substrate.  Large 
scale  of  needle-like  nanowires  was  formed  with  random  direction  on  the  fused  silica  substrate 
with  diameters  in  the  range  of  60-150  nm.  Fig.  2(b)  shows  a  cross-sectional  image  of  the 
nanowires,  it  reveals  that  the  length  of  the  nanowires  is  about  several  ten  mierometers. 
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Fig.2  SEM  images  of  large  quantity  of  ^  -Ga203  nanowires  grown  on  fused  silica  substrates,  (a) 
45°  tilted  view,  (b)  cross-section. 

The  typical  XRD  pattern  of  the  nanowires  is  shown  in  Fig.3.  The  diffraction  peaks  can  be 
indexed  to  a  monoclinic  structure  of  /S-Ga203  with  lattice  constant  a=5. 8  A,  =3b.  A,4=lc2  .  2  3 
A,  /5  =  1  0  “SFurffier  structural  characterization  of  the  /3  -Ga203  nanowires  was  performed  using 
TEM.  As  shown  in  Fig.4  (a),  the  image  reveals  that  the  surfaces  of  the  nanowire  are  smooth 
without  any  step  edge  and  sheathed  amorphous  phase.  Moreover,  there  is  no  additional  metal 
particle  appeared  at  the  ends  of  the  wires,  implying  a  non-VLS  approach  for  the  growth  of  the 
straight  yS  -Ga203  nanowires  is  achieved.  Fig.  4(b)  shows  a  high-resolution  TEM  image  of  the 
individual  nanowire.  The  insert  shows  a  corresponding  selected  area  electron  diffraction  pattern. 


Fig.3  XRD  spectrum  of  the  synthesized  product. 
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Fig.4  (a)  High  resolution  TEM  image  of  individual  nanowire,  (b)  Lattice  image  of  the 
individual  nanowirc,  and  a  corresponding  selected  area  electron  diffraction  pattern  (inset). 

The  composition  of  the  Gallium  oxide  nanowires  is  confirmed  by  EDX.  As  shown  in  Fig.  5, 
the  EDX  spectrum  reveals  that  the  nanowires  are  composed  of  gallium  and  oxygen  without  any 
additional  metal.  Quantitative  analysis  shows  that  the  atomic  ratio  of  Ga  :0  is  about  2:3.  The 
Raman  spectnam  of  the  /3  -Ga20.i  nanowires  is  shown  in  Fig.  6.  The  peaks  appeared  in  this 
spectrum  are  consistent  very  well  with  the  FT-Raman  spectrum  of  the  /3  -Ga203  nanowires 
produced  by  arc  discharge  [15]. 


Fig.5  EDX  spectrum  of  the  /3  -Ga203  nanowires  on  a  fused  silica  substrate. 
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Fig.6  Raman  spectrum  of  the  /5  -Ga203  nanowires. 


rig.7  Typical  photoluminescence  spectrum  of  the  -  Ga203  nanowires. 

To  examine  the  optical  properties  of  the  /3  -Ga203  nanowires,  the  photoluminescence(PL) 
measurement  was  conducted  at  room  temperature.  As  shown  in  Fig.  7,  the  broad  PL  emission 
band  is  mainly  located  in  the  UV  region  with  its  maximum  intensity  centered  at  375  nm. 


CONCLUSION 

Large  scale  of  straight  Ga203  nanowires  was  synthesized  on  a  fused  silica  substrate  by  a 
simple  catalyst-free  CVD  method  using  Ga  metal  and  N2  /  H2O  reactants.  The  Ga203  nanowires, 
which  have  diameters  ranging  from  60  to  150  nm  and  lengths  of  several  micrometers,  are 
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identified  to  be  monoclinic  Ga203  using  XRD.  PL  emission  band  centered  at  375  nm  arc 
observed  at  room  temperature. 
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ABSTRACT 

The  evolution  of  both  micro  structural  and  magnetic  properties  of  the  Sm2Coi7— Cu  powder,  is 
studied  as  a  function  of  soft  co-milling  time.  The  average  grain  size  in  the  range  20  -  50  nm  was 
determined  by  transmission  electron  microscopy  coupled  with  x-ray  diffraction  using  the  Rietveld 
method.  The  particle  shape  and  chemical  distribution  were  investigated  by  elemental  mapping, 
using  wavelength  dispersive  x-ray  analysis  with  electron  microprobe  analysis.  The  coercivity 
evolution  shows  that  an  optimum  value  of  6  kOe  is  obtained  after  5  h  co-milling.  The 
microstructure  analysis  indicates  that  both  materials  are  well  mixed  in  nanometer  scale.  This 
technique  appears  as  a  potential  route  to  synthesize  nanocrystalline  Sm2Coi7  isolated  by 
non-magnetic  metal  Cu. 

INTRODUCTION 

Tremendous  interest  in  the  binary  rare-earth  transition  metal  (RE-TM)  alloys  exists  because  of 
their  superb  magnetic  properties  [11.  Most  commercial  high  strength  magnets  are  made  from 
either  the  binary  compound  SmCos  or  the  compound  Sm2Coi7.  New  core-shell  structure  as 
Sm2Coi7/Cu  presents  a  great  interest  in  the  magnetic  recording  field.  High-density  storage 
material  requires  small  magnetically  independent  particles  above  their  superparamagnetic  critical 
diameter  (lower  than  20  nm).  Thus  the  powder  coating  process  seems  to  be  an  appropriate  way  to 
obtain  isolated  ferromagnetic  particles.  Magnetic  nanostructures  often  exhibit  distinctly  different 
behavior  than  their  bulk  counterparts  [2J.  The  ideal  medium  for  high-density  magnetic  recording 
with  low  noise  consists  of  magnetically  isolated  nanoscale  grains  [3,4].  For  such  small  grain  high 
magnetocrystalline  anisotropy  is  needed  to  avoid  the  magnetization  fluctuation  caused  by  thermal 
effect  and  demagnetizing  field.  In  the  last  few  years,  Sm-Co  system  has  received  considerable 
attention  due  to  the  high  anisotropy  [5,6j.  In  order  to  magnetically  isolate  the  grains  different 
solutions  have  been  proposed  such  as  physical  separation  of  the  grains  [7]  and  segregation  of  a 
nonmagnetic  phase  at  the  grain  boundaries  [8].  Current  studies  have  investigated  Sm-Co  particles 
prepared  by  annealing  Sm-Co  thin  film  on  different  substrates  and  under  layers. 

This  study  deals  with  the  grain  size  dependence  of  magnetic  properties  of  nanocrystalline 
Sm2Coi7  particle  soft  co-milled  with  Cu  nanoparticules  in  order  to  get  potential  candidates  for 
magnetic  recording.  The  requirements  for  such  goal  are  monodomain  magnetically  isolated 
grains  of  20  to  about  50  nm  with  magnetization  iiqMs  ~  0.5  T  and  coercivity  He  ~  5kOe.  The 
special  choice  of  Sm2Coi7  results  from  its  semi-hard  magnetic  character. 

EXPERIMENTAL  DETAILS 

The  intermetallic  Sm2Coi7  was  prepared  by  mechanical  alloying  technique.  High-purity  powders 
Sm  (99.99%)  and  Co  (99.8%),  were  used.  All  chemicals  were  handled  inside  a  glove  box  under 
high-purity  argon  gas.  They  were  carefully  weighed,  in  the  stoichiometric  ratio  2:17,  inside  the 
box  to  give  SmCo  mixtures,  and  placed  immediately  into  stainless  steel  jars.  Next  the  powders 
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Figure  1 :  The  image  of  element  mapping  of  Sm2Coi7-Cu  co-millcd  30  min. 


were  ball-milled  in  a  high  energy  (power  10)  Fritsch  P7  planetary  ball  mill  to  fonn  an  ultra-fine 
layered  microstructure.  The  mixtures  were  sealed  in  hardened  steel  vial  together  with  five  15  mm 
diameter  steel  balls.  A  ball  to  powder  mass  ratio  of  15: 1  was  used  with  milling  time  of  5  hours. 
The  as-millcd  powder  were  wrapped  in  Tantalum  foil  and  sealed  into  silica  tubes  under  a  vacuum 
of  5x10  Torr,  then  annealed  at  800  °C  for  30  min.  Particle  size  was  reduced  by  means  of 
hydrogenation-deshydrogenation  technique  (HD) 

Sm2Coi7  powder  and  Cu  nanoparticles,  produced  by  cryogenic  melting  technique  |9J,  were  soft 
co-millcd  using  the  same  planetary  miller  but  with  power  5  and  25  steel  balls  with  diameter  7.3 
mm.  The  milling  time  was  varied  from  30  min  to  5  hours.  The  particle  shape  and  the  chemical 
distribution  of  samples  milled  30  min,  2h  and  3h  were  investigated  by  elemental  mapping  using 
wavelength  dispersive  x-ray  analysis  by  electron  microprobe  analysis  (EPMA). 

Bright-ficld  transmission  electron  micrographs  (TEM)  were  taken  using  a  JEOL  2010 
high-resolution  microscope  operating  at  200  kV.  TEM  sample  preparation  consisted  of 
encapsulating  milled  powder  in  a  room-temperalure-cured  epoxy  and  microtoming  with  a 
diamond  knife  to  a  thickness  of  approximately  100  nm. 

The  crystal  structure  was  deduced  from  x-ray-diffraction  (XRD)  patterns,  registered  on  a  Bruckcr 
diffractometer  with  automatic  divergence  slit  (CuKo  radiation  A  =  1 .541  78  A).  The  grain  size  of 
the  sample  was  determined  from  XRD  patterns  using  Rietveld  method. 

The  magnetic  properties  of  all  samples  were  measured  using  a  vibrating  sample  magnetometer 
equipped  with  a  7  T  superconducting  magnet  in  Max-Pianck-Institute  for  Metal  Research, 
Stuttgart,  Germany. 

DISCUSSION 

After  annealing  the  as-milled  (Sm,Co)  powders,  the  Rietveld  analysis  confirms  the  existence  of 
hexagonal  Sm2Coi7  with  PG/mmm,  space  group.  The  diffraction  crystallite  size  (DCS)  is  around 
50  nm.  From  scanning  electron  micro.scopy  (SEM)  the  particle  size  is  evaluated  in  the  range  of  20 
/mt.  One  particle  should  contain  a  large  number  of  crystallites.  Afterwards,  the  particle  size  is 
reduced  down  to  5  -  10  //m  by  HD  technique.  The  final  magnetic  characteristics  arc  obtained  by 
further  soft  co-milling  with  Cu:  (i)  reduction  of  crystallite  size  at  most  down  to  20  nm  (ii) 
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Figure  2:  Transmission  electron  micrograph  of  Sm2Coi7— Cu  co-milled  2  h. 
separation  and  coating  of  Sm2C0]7  crystallite. 

The  EPMA  images  for  samples  with  Cu  co-milled  half  an  hour  are  shown,  as  an  example,  in 
figure  1.  It  can  be  deduced  that  the  particle  size  of  Sm2Coi7  reduces  monotonously  from  about  10 
(ira  for  sample  milled  30  min  to  1  fim  for  samples  milled  2  h.  For  the  sample  milled  2  h,  the 
Sm2Coi7  particles  are  homogeneously  separated  by  Cu  particles.  Figure  2  shows  the  TEM 
micrograph  for  the  sample  milled  2  hours.  The  TEM  investigation  shows  that  the  grain  size  is  in 
the  range  of  10-20  nm.  The  EDX  analysis  carried  out  by  TEM  didnot  show  neither  a  region  of 
pure  Sm2Coi7  nor  pure  Cu.  This  indicates  that  the  materials  are  well  mixed  in  nanometer  scale. 
The  XRD  patterns  of  all  samples  can  be  indexed  by  hexagonal  Sm2Coi7  with  additional  cubic  Cu 
phase.  After  soft  co-milling  with  Cu  nanoparticles,  Sm2Coi7  powder  keeps  hexagonal  P6/mmm 
structure  but  with  much  broader  reflections.  The  DCS  and  the  microstrain  rate  have  been 
determined  from  x-ray  diffraction  patterns  using  Rietveld  method.  The  obtained  Sm2Coi7  DCS  is 
plotted  as  a  function  of  milling  time  and  shown  in  figure  3.  The  grain  size  of  Sm2Coi7  decreases 
monotonously  with  milling  time  whereas  the  grain  size  of  Cu  remains  constant.  One  can  notice 
from  figure  3  a  slow  decrease  of  Sm2Coi7  grain  size  from  2  h  to  5  h  of  co-milling  time.  This 
behavior  means  that  it  is  possible  to  reduce  the  DCS  to  within  20  nm  a  value  required  for  the 
high-density  magnetic  recording. 


Figure  3:  The  dependence  of  room  temperature  coercivity  (He)  on  Sm2Co]7  grain  size  and  co¬ 
milling  time. 
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The  room  temperature  hysteresis  loop  for  sample  before  co-milling  and  after  5  hours  co-milling 
are  comparatively  shown  in  figure  4.  The  room  temperature  coercivity  {He)  and  remanence  ratio 
{Mr /Ms)  as  a  function  of  co-milling  time  is  illustrated  in  figure  5.  It  can  be  seen  that  Mr/M^ 
decreases  rapidly  from  the  0.58  for  the  unmilled  powder  down  to  0.52  after  only  half  an  hour 
milling.  Then,  with  milling  time,  it  decreases  slightly  to  0.5  for  5  h  milled  powder.  On  the 
contrary,  the  coercivity  keeps  almost  constant  at  the  beginning  of  milling.  After  1  h  milling  He 
decreases  monotonously  from  8.6  kOe  to  6.0  kOc  for  sample  milled  5  hours.  This  value  is  an 
optimum  value  for  magnetic  recording  application.  The  powder  after  5  hours  co-milling  possesses 
suitable  magnetic  and  microstructure  properties  (magnetically  separated  grains)  for  high-density 
recording  application. 
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Figure  4:  Hysteresis  loops  of  co-milled  Sm2Coi7-Cu  powder. 

From  figure  3  it  can  be  seen  that  the  coercivity  remains  constant  as  the  grain  size  decreases  from 
50  nm  before  co-milling  to  30  nm  after  1  h  co-milling.  He  decreases  rapidly  with  further 
decreasing  grain  .size.  Two  competing  effects  can  explain  this:  the  co-milling  refines  the  grain 
size  and  reduces  the  coercivity.  However,  meanw'hile  the  co-milling  breaks  the  exchange  coupling 
between  the  grains  (which  is  oroved  bv  the  reduction  of  M,./rvi,.).  it  tends  to  enhance  the 
coercivity. 


Figure  5:  The  dependence  of  the  remanence  ratio  Mr /Mg  on  co-milling  time. 
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After  1  h  milling  the  exchange  coupling  between  grains  is  completely  broken,  further  reducing 
grain  size,  from  30  nm  to  10  nm,  leads  to  decreasing  the  coercivity.  For  a  fine  particle  system,  the 
decrease  in  He  with  decreasing  grain  size  is  due  to  thermal  effect.  Hence,  the  temperature 
dependence  of  the  coercivity  should  obey  the  He  cc  law.  The  coercivity  of  sample  milled  5 
hours  at  different  temperature  are  obtained  and  plotted  as  a  function  of  in  figure  6.  It  shows  a 
linear  relation  between  He  and  and  indicates  that  the  reduction  of  coercivity  for  small  grain 
size  (see  figure  4)  is  a  consequence  of  thermal  effect,  and  15  nm  is  near  the  superparamagnetic 
limit  for  Sm2Coi7  powder. 


Figure  6:  The  coercivity  for  5  h  milled  sample  as  a  function  of 


CONCLUSION 

*  After  soft  co-milling  with  Cu  nanoparticles,  nanocrystalline  Sm-Co  powder  remains  hexagonal 
with  P6/mmm  structure. 

*  The  diffraction  crystallite  size  of  Sm2Coi7  decreases  from  50  nm  before  co-milling  down  to  15 
nm  after  5  h  co-milling. 

*■  TEM  shows  that  the  grain  size  is  in  the  range  of  10  -  20  nm  after  5  h  co-milling.  The  material  is 
well  mixed  in  nanometric  scale,  consistent  with  the  DCS  study. 

*  The  coercivity  decreases  to  6.0  kOe  after  5  h  co-milling. 

*  By  co-milling  with  Cu  nanoparticles,  the  microstructure  as  well  as  the  magnetic  properties  of 
Sm2Coi7-Cu  powder  can  be  controlled  by  milling  conditions.  Thus,  this  technique  is  a  potential 
way  to  synthesize  nanocomposite  Sm2CO]7— Cu  particles  isolated  by  non-magnetic  metal  Cu  with 
suitable  magnetic  properties  and  microstructure  for  high-density  recording. 
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ABSTRACT 


In  this  paper,  we  demonstrate  a  “Plug  and  Play”  approach,  whereby  externally 
synthesized  nanoparticles  of  desired  functions  and  size  are  incorporated  into  the  semiconductor, 
followed  by  the  manipulation  of  surface  chemical  bonds  in  order  to  achieve  multiple 
functionality.  Sonochemically  synthesised  Fe203  nanoparticles  were  introduced  onto  device 
quality  Si  wafers.  On  annealing  the  particle-treated  Si  wafer  in  ultra  high  vacuum,  oxygen 
changes  the  bonding  partner  from  Fe  to  Si  and  desorb  as  SiO  at  ~  760°C,  leading  to  the 
formation  of  uniform  sized  Fe  nanoparticles  (  size  ~6-8  nm)  on  the  surface  and  the  sample 
shows  ferromagnetic  behaviour.  More  importantly,  the  particle  treated  Si  exhibits  light  emission 
at  wavelengths  1.57,  1.61  and  1.65  microns  (full  width  at  half  maximum  ~  20  meV).  Emission 
in  this  wavelength  range  is  crucial  for  optical  communications  and  is  highly  desired  from  a  Si 
based  material.  Further,  oxidation  of  this  material  leads  to  the  formation  of  a  selective  capping 
layer  of  SiOa.  Thus,  by  manipulating  the  surface  chemical  bonds,  we  are  able  to  introduce  optical, 
magnetic,  metallic  and  insulating  functions  to  Si.  Additionally,  the  particles  exhibit  self- 
assembly  on  a  patterned  Si  surface.  We  believe  that  this  approach  is  universal  and  the  material 
developed  here  is  compatible  with  the  planar  Si  technology,  bringing  us  closer  to  realization  of 
Si  based  monolithic  electronics. 

INTRODUCTION 

Realization  of  nanoscale  devices  depends  crucially  on  the  successful  fabrication  of 
nano.structures  and  their  functionalization.  Techniques  such  as,  lithography,  self-organization, 
atom  manipulation  using  scanning  tunneling  microscope  tip,  chemical  bond  manipulation, 
control  and  design  of  surface  atomic  steps,  or  a  combination  of  some  of  these,  are  employed  to 
achieve  these  goals  [1-4].  However,  there  are  major  problems  encountered  in  these  approaches 
which  limit  the  advancement  in  this  field.  They  are  mainly  associated  with  the  poor 
controllability  of  the  size,  positioning  as  well  as  the  functionality  of  the  nanostructures.  In  order 
to  ovecome  these  problems,  we  propose  a  “Plug  and  Play”  approach,  where  externally 
.synthesized  nanoparticles  of  desired  functions  and  size  are  incorporated  into  the  semiconductor, 
followed  by  the  manipulation  of  surface  chemical  bonds.  This  would  enable  fabrication  of 
tailor-made  structures  on  the  whole  wafer  surface.  In  this  paper,  we  demonstrate  this  idea,  by 
taking  the  example  of  the  interaction  of  FezOs  nanoparticles  with  device  quality  Si,  Ge  wafers 
and  graphite. 
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EXPERIMENTAL 


Sonochcmically  synthesised  FeiO.^  nanoparticles  (spherical  shape,  size  ~6-8  nm)  [5]  were 
introduced  onto  device  quality  Si  wafers,  from  an  ethanol  suspension,  kept  in  ultrasonic  bath  for 
a  period  of  30  min.  They  are  rinsed  in  running  water  and  dried  with  nitrogen  gas.  Si  wafers  are 
prior  cleaned  chemically.  These  samples  are  introduced  into  ultrahigh  vacuum  chamber  (UHV) 
and  degassed  at  around  100°C  for  a  couple  of  hours.  The  samples  arc  heated  to  a  particular 
temperature  and  kept  for  15-20  min.  and  the  photoemission  measurements  arc  performed  at 
room  temperature.  For  achieving  complete  reduction,  final  anneal  was  performed  at  around 
850°C  for  3  min.  In  some  eases,  an  ultrathin  layer  of  Si  was  deposited  onto  this  sample  at  around 
500°C  followed  by  anneal  at  550°C  for  about  10-15  hrs.  The  samples  arc  examined  by  a  variety 
of  other  techniques,  such  as  atomic  force  microscopy,  photolumincsccncc,  magnetic 
measurements,  mapping  of  Auger  signals,  after  taking  it  out  of  the  chamber.  The  nature  of  the 
surface  species  was  characterised  in-situ  by  photoelectron  spectroscopy.  Samples  were 
transferred  to  the  molecular  beam  epitaxy  (MBE)  chamber  where  evaporation  of  Si  was  carried 
out  by  using  an  electron  beam.  The  samples  were  examined,  outside  the  chamber,  by  a  variety  of 
technique.  Additionally,  we  have  examined  the  surface  transformation  by  employing  highly 
surface  sensitive  synchrotron  radiation  photoclectron  spectroscopy  and  the  results  will  be 
published  elsewhere  6 

RESULTS  AND  DISCUSSION 

Figure  1  shows  an  AFM  image  of  a  planar  Si(l  1 1)  which  was  treated  with  the  nanopart  ides  and 
subsequently  annealed  in  UHV  at  850°C.  As  can  be  seen,  the  particles  arc  of  uniform  size  and 
nucleate  at  step  edges  and  annealing  results  in  the  etching  of  Si  as  SiO  species  and  leads  to  the 
reduction  of  the  iron  oxide  to  elemental  Fc.  The  XPS  results  shown  in  figure  2  clearly  indicate 
the  occurrence  of  the  reaction, 

FC2O3  +  3  Si  ^  2  Fc  -f  3  SiO 


700  710  720  730  740 
Binding  Energy  (eV) 


Figure  1  Figure  2 


Figure  I  AFM  image  from  ihc  nanopartieic  Ireated  .Si  sample.  The  dot  like  stmcturcs  <ire  nanomagncls  ot  Fc. 
Figure  2  shows  the  thermal  Iraiisformalion  of  iron  oxide  particles  by  reaction  with  substrate  silicon  atoms 
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At  these  temperature  and  pressure  the  SiO  is  volatile  and  desorbs  immediately,  driving  the 
reaction  to  completion,  as  is  evident  from  x-ray  photoelectron  spectroscopy  (Figure  2).  The 
chemical  shift  in  Fe  2p  3/2  core  level  (3.5  eV)  in  the  annealed  sample,  and  the  disappearance  of 
the  signal  due  to  oxygen  in  Si  2p  as  well  as  O  Is  regions,  unequivocally  establish  the  occurrence 
of  this  reaction.  In  essence,  this  reaction  is  similar  to  the  reduction  of  iron  oxide  by  carbon  in  the 
preparation  of  steel  at  ~1500°C.  However,  in  the  case  of  a  surface  reaction,  the  temperature  is 
reduced  due  to  desorption  of  SiO  species.  Interestingly,  we  have  observed  complete  reduction  of 
Fe203  nanoparticles  to  Fe  at  450°C  when  deposited  on  Ge  surfaces.  Thus,  the  temperatures  in 
which  SiO  and  GeO  species  desorb  dictate  the  reduction  temperature  in  the  Si  and  Ge  cases, 
respectively. 

Figure  3  depicts  the  photo  luminescence  (PL)  spectrum  recorded  from  this  sample,  showing  sharp 
emission  at  three  wavelengths — excited  by  He-Ne  laser — 1.57,  1.61  and  1.65  |Ltm.  This  is  the 
first  report  on  multiple  and  narrow  width  light  emission  from  a  well-defined  and  device 
compatible  Si  based  material  that  is  of  great  significance  for  fiber  optics  communications 
Although  weak,  there  is  emission  even  at  room  temperature  (RT).  The  emission  at  1 .57  Mm 
originates  from  traces  of  the  semiconducting  silicide,  p-FeSi2,  which  is  formed  by  the  reaction 
of  Fe"  and  Si”.  The  p-FeSi2,  a  covalent  and  environmentally  friendly  semiconductor 
possessing  a  direct  bandgap  (Eg  ~  0.8  eV),  has  been  a  topic  of  intense  study  recently  as  a 
candidate  for  a  Si-based  light  emitter.  They  employed  the  method  of  implanting  Fe  ions  into 
Si  wafers  and  formed  precipitates  of  iron  silicide  of  various  sizes. '  ’ '  * 


Figure  3  Figure  4 

Figure  3.  PL  spectrum  recorded  from  the  naiioparticle  treated  Si  sample  at  12  K.  Figure  4.  Magnetization  data  measured  on  the 
nanoparticle  treated  Si  sample  at  various  temperatures,  clearly  showing  the  ferromagnetic  behaviour.  Hysteresis  loop  opens  at  low 
temperature 
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The  emission  intensity  could  be  further  increased  by  depositing  a  thin  overlayer  of  Si,  using 
molecular  beam  epitaxy  (MBE)  mode,  followed  by  annealing  at  530X  for  several  hours.  The 
reflection  high-energy  electron  diffraction  monitored  in  situ  during  the  Si  MBE  and  subsequent 
annealing  provides  support  for  this  reaction.  The  emission  intensity  decreased  on  raising  the 
sample  temperature,  suggesting  that  the  process  is  thermally  activated,  and  indicating  that  the 
origin  is  exciton  related.  The  observation  of  features  at  similar  energies  in  the  absorption 
spectrum  from  these  samples  supports  this  view.  However,  further  measurements  arc  required  to 
fully  understand  the  emission  mechanism  from  this  novel  material.  We  have  fabricated  a  scries 
of  samples  by  a  variety  of  methods  (such  as  Fc  deposited  or  Fc  implanted  into  Si,  and 
nanoparlicle  treated  Ge),  examined  the  PL  spectra,  and  found  that  none  other  than  the 
nanoparticle-ireatcd  Si  exhibits  this  behaviour.  Secondary  ion  mass  spectroscopy  (SIMS)  failed 
to  detect  any  Fe  diffused  into  the  bulk. 

The  Si  wafer  with  the  as- incorporated  amorphous  Fe203  particles  exhibits  supcrparamagnetic 
behaviour,  which  is  characteristic  of  amorphous  nanoparticics.  However,  after  annealing,  the 
samples  show  soft  ferromagnetic  property  as  shown  in  Figure  4.  This  behaviour  is  attributed  to 
the  fact  that  the  oxide  particles  arc  transformed  to  crystalline  nanoparticics  of  Fc.  The  magnetic 
measurements  were  performed  using  a  superconducting  quantum  interference  device  (SQUID). 

It  was  ob.scrvcd  that  the  coercivity  increa.ses  when  the  sample  temperature  is  lowered  to  10  K. 
This  type  of  material  might  have  tremendous  impact  in  the  area  of  magnetic  semiconductors  or 
spintronics  and  memory  devices  .  We  have  further  introduced  insulating  features  to  this 
material  by  oxidation,  which  results  in  the  preferential  formation  of  an  SiOz  capping  layer,  thus 
prc.scrving  the  light  emitting  and  magnetic  propcilics.  The  nanoparticics  exhibit  self-assembly  on 
patterned'si  wafers.  Figure  5  shows  that  the  periphery  of  the  dot  and  trench  patterns  is  decorated 
by  uniform  sized  nanoparticics.  This  is  due  to  their  preferential  nuclcation  on  reactive  centres  in 
the  step-bunched  regions.  Element  mapping  of  the  SEM  image  performed  micro-Augcr  mapping 
iprl!r'^^lr‘<,'  lh;>t  irtiirr'i;  r'r»nvi<cf  nrorlominantly  Of  Clcmcntal  Fc. 


A  B 

Fimirc  5  .Scir-oig;tiii/:ilioii  of  Fe  naiioparlicics  Ibrincd  by  llic  reduction  of  iron  oxide  particles  on  patterned  silicon  substrates  A 
and  B  are  dot  and  trench  patterns 


144 


In  conclusion,  we  have  demonstrated,  for  the  first  time,  that  manipulating  the  properties 
of  amorphous  Fe203  nanoparticles  on  Si  results  in  multiple  light  emission  (narrow  fwhm)  and 
multiple  functionality  (magnetic,  metallic,  semiconducting,  insulating,  and  optical)  and  clearly 
show  an  “all  in  one”  or  “all  from  one”  approach.  The  amorphous  Fe203  nanoparticle  changed 
their  properties  from  superparamagnetic  to  soft  ferromagnetic  by  their  reduction  to  metallic  Fe. 
The  subsequent  reaction  of  Fe”  with  Si”  results  in  the  formation  of  p-FeSb,  a  semiconductor  that 
emits  light  in  wavelengths  that  are  critical  for  fiber  optics  communication.  The  spatial 
distribution  of  the  nanoparticles  could  be  controlled  by  proper  patterning  of  the  Si  wafer.  While 
ion  beam  synthesis,  which  introduces  a  large  number  of  defects  in  the  Si  substrate,  this  “plug  and 
play”  approach  is  compatible  with  the  existing  planar  Si  technology,  and  therefore  is  a  promising 
candidate  for  realising  monolithic  integration  of  optical  and  magnetic  features  along  with 
integrated  circuits. 
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ABSTRACT 

Tetramethyl  ammonium  silicate  (TMAS)  is  known  as  a  structuring  agent  in  zeolite 
synthesis.  We  report  its  first  use  to  prepare  porous  silica  films  for  low  k  dielectric 
applications  in  microelectronics.  A  solution  of  TMAS  18.7  wt.  %  was  spin  coated  on  silicon 
substrates  with  a  3000  A  thick  thermal  oxide.  The  spin  coated  films  were  subsequently  heat- 
treated  at  450°C  to  obtain  porous  silica.  The  use  of  TMAS  solution  without  gelation  led  to 
films  of  only  moderate  porosity  value  of  10%.  The  addition  of  methyl  lactate,  a  gelling  agent, 
significantly  increased  film  porosity  and  improved  the  pore  size  distribution.  For  example, 
50%  porosity  and  uniform  pore  size  distribution  (average  pore  size  ~  40  A)  has  been 
achieved.  Dielectric  constants  (k)  of  our  porous  films  are  as  low  as  2.5. 


INTRODUCTION 

There  has  been  intensive  research  on  low  dielectric  constant  materials  for  metal- 
insulator  interconnects  in  integrated  circuits.  A  variety  of  materials  have  been  explored  so  far, 
including  polymers  [1],  inorganic-organic  hybrid  [2]  and  porous  silica  [3-6].  Among  those 
candidates,  porous  silica  is  the  most  promising  because  it  has  high  tunability  of  porosity  and 
thermal  stability.  Tetramethylammonium  (TMA)  cation  salts  have  been  used  as  common 
structure-directing  agents  in  the  synthesis  of  zeolite  [7].  This  quartenary  ammonium  ion  is 
known  to  form  hydrates  in  aqueous  solution.  Water  associated  with  the  TMA  ion  is  partially 
displaced  by  silicate  in  the  synthesis  of  zeolite  to  form  precursors  for  nucleation  centers, 
allowing  for  the  structure-direction  to  occur.  TMA  ions  have  strong  affinity  to  silicate  ions, 
which  allows  effective  screening  and  dispersing  of  silicate  ions  in  the  solution.  Nuclear 
magnetic  resonance  study  of  tetramethyl  ammonium  silicate  (TMAS)  has  shown  that  it  forms 
oligomers  at  high  pH  [8],  The  sol-gel  chemistry  of  TMAS  system  is  much  simpler  than  that 
of  typical  TEOS-  based  recipe  because  it  does  not  need  to  use  co-solvent  (i.e,  methanol).  The 
unique  feature  of  TMAS  sol-gel  process  is  kinetically  controllable  gelation  with  hydrolyzable 
ester  [9].  The  addition  of  ester  reduces  the  pH  value  down  to  a  level  below  10  where  gelation 
takes  place  in  this  system.  Introduction  of  positive  charge  dissipates  the  space  charge  on 
silicate  and  allows  the  silica  monomers  to  coalesce  under  the  influence  of  attractive  van  der 
Waals  forces.  Spin  coating  has  been  used  to  deposit  the  porous  thin  silica  films  on  desired 
substrates.  This  technique  can  be  easily  adapted  to  a  manufacturable  process. 


EXPERIMENTS 

An  aqueous  solution  consisting  of  1 8.7  wt.%  TMAS  in  water  (Aldrich,  99.99+% 
purity,  LOT  06301  HU)  was  used.  The  ratio  between  TMA  cation  to  Si  atom  is  1:2.  Silicon 
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wafers  with  a  3,000  A  thermal  oxide  were  used  as  substrates  for  spin  coating  using  a  Model 
PC  101  spinner  by  Headway  Research,  Inc.  All  the  wafers  were  used  as-received  without  any 
prelreatment  process.  Approximately  2  niL  of  TMAS  liquid  was  dispensed  onto  the 
stationary  substrate,  which  was  then  accelerated  to  the  process  speed  of  interest.  The 
deposition  was  carried  out  at  spin  speeds  ranging  from  2,000  to  7,000  rpm  for  30s  during 
which  time  most  of  the  water  evaporated.  Partially  gelled  silica  films  were  obtained  using  a 
similar  method.  In  addition,  0.8  equivalent  mol  ester  (i.c.  methyl  lactate,  98  wt.%,  Aldrich) 
was  introduced  to  the  solution  before  spin  coating.  Spin  coating  did  not  start  until  the 
solution  reached  the  about-to-gel  point,  approximately  6/7  of  its  gelation  time.  After  spin 
deposition,  the  wafers  were  heat-treated  in  a  tube  furnace  at  450  "'C  for  an  hour  in  air  to 
remove  any  residual  solvent  and  carbon  contents. 

The  thickness  and  refractive  index  of  the  heat-treated  porous  silica  films  were 
measured  by  a  SENTECH  SE801  spectroscopic  ellipsomcter.  The  ellipsometric  data  from  a 
350nm  to  800nm  was  fit  to  a  Cauchy  dispersion  model.  The  thickness  values  of  the  films 
were  further  measured  using  profilometry.  Selected  samples  were  also  examined  using  a 
LEO  1530  field  emission  scanning  electron  microscope  (FESEM)  in  a  cross-section  geometry. 
Powder  samples  of  gelled  TMAS  were  prepared  for  BET  measurement.  The  powder  was 
gelled  with  methyl  lactate  and  dried  quickly  using  air  sprayer  on  hot  plate  so  as  to  yield 
nearly  the  same  evaporation  condition  as  in  spin  coating.  A  nitrogen  isotherm  at  77  K  on  the 
powder  was  conducted  with  Micromcritics  ASAP  2010.  A  Pi-silica-Pt  parallel-plate  capacitor 
structure  was  fabricated  for  dielectric  measurements.  The  top  and  bottom  Pt  electrodes  were 
electron-beam  evaporated  and  sputter  deposited,  respectively.  Top  electrode  area  was  1.13 
mm^.  The  dielectric  constant  of  the  porous  films  was  calculated  based  on  their  capacitance 
values  at  1  MHz. 


RESULTS  AND  DISCUSSION 

Fig.l  shows  the  dependence  of  thickness  on  spin  speed  for  TMAS  films  as  well  as 
partially  gelled  TMAS  films.  As  expected,  the  thickness  of  both  types  of  silica  films 
decreases  as  the  spin  speed  increases  due  to  increased  shear  forces  exerted  on  the  liquid 
before  drying.  The  partially  gelled  films  are  three  to  four  times  thicker  as  compared  to  the 
films  without  the  gelling  agent.  These  results  can  be  understood  as  follows.  At  the  about-to- 
gel  point,  the  solution  containing  gelling  agent  experiences  an  abrupt  increase  in  viscosity, 
which  better  withstands  the  centrifugal  force  of  spin  coating.  According  to  Bornside’s  model 
[10],  the  thickness  of  spin  coated  film  is  roughly  proportional  to  one-third  power  of  viscosity 
of  the  fluid  used.  For  example,  a  tripled  film  thickness  means  that  the  viscosity  is  increased 
by  3^  =  81  times.  This  dramatic  increase  in  the  viscosity  of  solution  can  only  be  attributed  to 
the  process  of  gelation  rather  than  the  shear  thickening  of  the  fluid.  Shear  thickening  can  at 
most  double  the  vkscosity  of  the  original  solution. 

Illustrated  in  Fig.  2  is  refractive  index  versus  the  spin  speed  for  TMAS  only  films 
and  partially  gelled  TMAS  films.  The  refractive  index  is  not  a  strong  function  of  the  spin 
speed,  indicating  the  insensitivity  of  the  film  porosity  to  the  spin  speed.  The  refractive  index 
of  the  partially  gelled  films  is  significantly  lower  than  that  of  the  TMAS  films  without  the 
gelling  agent. 
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Figure  1.  Thickness  data  of  TMAS  films  vs  spinner  speed 
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Figure  2.  Refractive  index  data  of  TMAS  films  vs  spinner  speed 


Bruggemann  effective  medium  layer  model  [11]  based  on  refractive  index  data  was 
used  to  estimate  the  porosity  of  these  films.  Fig.  3  (a)  describes  the  assumption  this  model 
makes.  It  is  assumed  that  the  film  has  small  spherical  inclusions  (in  this  case,  pores  filled 
with  air)  in  silica  with  a  different  index  of  refraction,  nj.  The  fraction  of  inclusion  can  thus  be 
calculated  using  the  equation  in  Fig.  3  (a).  Fig.  3  (b)  shows  that  the  theoretically  calculated 
curve  based  on  this  model  fits  well  with  the  experimental  data  of  one  of  the  samples.  This 
technique  allows  us  to  evaluate  the  porosity  of  films  indirectly  with  ease  even  though  we  can 
not  get  pore  size  or  pore  distribution  information.  TMAS  films  without  gelling  agent  contain 
less  than  10%  porosity  whereas  partially  gelled  films  have  50%  porosity  on  average.  As 
gelation  takes  place,  the  silica  network  starts  cross-linking  and  pore  structure  begins  to  evolve. 
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Enough  lime  was  allowed  for  partial  gelation  till  about-lo-gel  point  before  significant 
evaporation  occurred  during  spin  coating.  Therefore,  when  evaporation  takes  place  in  spin 
coating  of  these  films,  the  already  formed  silica  network  would  resist  collapsing  and  pores 
created  during  gelation  would  remain  intact.  This  mechanism  is  responsible  for  the  higher 
porosity  of  partially  gelled  films.  Shown  in  Fig.  4  is  a  cross  sectional  SEM  micrograph, 
which  gives  the  general  morphological  appearance  of  partially  gelled  porous  silica  thin  film. 
In  contrast,  TMAS  without  gelling  agent  would  experience  quick  evaporation  of  solvent  and 
precipitate  relatively  dense  silicates  on  the  substrate.  Further  cross  section  SEM  analysis 
revealed  the  existence  of  cluster-like  precipitates  in  TMA  only  silicate  films. 


Figure  3.  (a)  Schematic  diagram  of  Bruggemann  effective  layer  model  (b)  two  curves  fitting  of 
Psi  and  Delta  values  over  wavelength  range  of  350  -  800  nm 


Figure  4.  Cross  sectional  SEM  of  a  partially  gelled  silica  film  at  4,000  rpm  spin 
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XMAS  gel  with  gelling  agent  shows  a  typical  adsorption  and  desorption  curve  of 
mesoporous  materials  (type  IV),  based  on  the  BET  analysis  of  the  corresponding  powder 
samples  shown  in  Fig.  5.  The  specific  surface  area  of  the  porous  silica  is  about  790  m^/g.  A 
BJH  desomtion  curve  study  shows  a  very  narrow  pore  size  distribution  of  average  diameter 
of  ~  40  A  for  this  material.  Low  angle  x-ray  diffraction  experiments  did  not  reveal  any 
evidence  of  ordered  pore  structures.  Silica  films  from  TMAS  with  gelling  agent  are  therefore 
considered  to  contain  randomly  distributed  ~  40  A  size  pores. 


Figure  5.  N2  isotherm  curve  by  BET  measurement 


Figure  6.  BJH  desorption  curve  (pore  size  distribution)  by  BET  measurement 
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Accurate  dielectric  mcasLircmcnts  of  silica  films  can  be  challenging  because  they  arc 
terminated  with  hydroxyl  (-OH)  groups  and  thus  highly  hydrophilic.  Any  moisture  uptake  in 
the  porous  thin  films  would  significantly  affect  the  measured  values  of  the  dielectric 
constants.  Extra  care  was  therefore  taken  by  immediately  storing  the  porous  silica  films  in  a 
dry  nitrogen  ambient  after  the  heat  treatment,  Pt  metallization  and  capacitance  measurement. 
The  lowest  dielectric  constant  on  50  %  porous  TMAS  films  was  2.5  at  1  MHz. 

CONCLUSION 

Two  different  types  of  TMAS  thin  films  were  fabricated  via  sol-gel  processing. 
Partially  gelled  TMAS  films  have  high  porosity  (~  50%)  and  narrow  pore  size  distribution  of 
small  pores  (~40  A).  These  films  would  be  good  candidates  for  low  k  application  with 
further  hydrophobic  treatment  as  well  as  for  host  materials  of  larger  pore  arrays  from 
surfactants. 
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ABSTRACT 

ChromiuTn  nitride  films  CrNx  with  x  ranging  form  0  to  1  were  deposited  by  reactive 
PVD.  Both  stress  and  hardness  in  the  films  are  a  function  of  the  composition.  The  growth  stress 
and  hardness  for  the  majority  of  the  films  can  be  related  through  the  Hall  Fetch  relation.  It  is 
shown  that  the  hardest  films  fall  outside  this  relation.  It  is  also  shown  that  the  hardest  films  are 
nanocrystalline.  It  is  argued  that  the  hardness  of  these  films  is  a  consequence  of  the 
nanocrystallinity  of  these  films. 

INTRODUCTION 

Chromium  nitride  coatings  are  succesfully  applied  in  tribological  systems  where 
corrosion,  oxidation  and  intense  wear  are  expected  [1].  Hardness  of  the  coating  is  one  of  the  key 
parameters  to  the  succesful  performance  of  the  coating.  Wear  and  corrosion  resistant  coatings  are 
preferably  in  a  state  of  compressive  stress.  The  stress  in  the  films  at  room  temperature  is  the  sum 
of  the  tensile  growth  stress  generated  at  the  column  boundaries,  the  compressive  growth  stress 
generated  by  the  ion  bombardment  on  the  growing  film,  and  the  thermal  stress. 

Typically  deposition  conditions  are  chosen  such  that  the  compressive  stress  from  the  ion 
bombardment  is  larger  than  the  tensile  stress  from  the  columnar  growth,  leading  to  corrosion  and 
wear  resistant  films.  In  the  work  reported  in  this  paper  however  conditions  were  chosen  such  that 
the  tensile  stress  is  still  visible.  It  turns  out  that  growth  stress  and  hardness  can  be  related  through 
the  Hall-Fetch  relation  for  most  CrNx  films.  The  hardest  films  obtained  in  this  work  fall  outside 
that  relation,  indicating  that  the  deformation  mechanism  for  these  films  is  different. 

EXPERIMENTAL 

Chromium  nitride  films  were  deposited  on  ball  bearing  steel  and  silicon  in  a  Hauzer 
HC  139  FVD  machine  by  reactive  sputter  deposition.  The  base  pressure  in  the  system  was 
always  below  1x10'^  mbar.  In  all  experiments  an  argon  flow  of  1 15  seem  was  led  into  the 
reaction  chamber.  The  chamber  was  pumped  by  a  2200  1/s  turbomolecular  pump  resulting  in  an 
argon  partial  pressure  of  3x10'^  mbar.  By  sputter  deposition  in  an  argon/nitrogen  mixture  CrNx 
films  are  deposited,  with  x  depending  monotonically  on  the  nitrogen  flow.  The  nitrogen  flow  was 
varied  from  0  to  150  seem,  resulting  in  films  ranging  from  pure  chromium  to  CrN.  All 
depositions  were  done  at  180°C. 

The  samples  performed  a  planetary  motion  in  the  chamber;  i.e.  the  substrate  table  rotated 
around  its  axis  and  the  samples  were  mounted  on  rods  on  the  substrate  table,  which  also  rotated 
about  their  axes  (Fig.  1 ).  All  depositions  were  carried  out  for  75  minutes.  The  thickness  of  the 
resulting  film  decreases  monotonically  with  increasing  nitrogen  flow  during  deposition.  Fure 
chromium  films  were  1.7  micron  thick,  CrN  films  were  1.1  micron  thick. 
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FIg.l.  Schematic  lay  out  of  the  PVD  installation.  On  the  left  is  shown  the  target  with  magnet 
assembly  and  plasma  in  front  of  the  target.  In  the  middle  the  planetary  system,  on  the  right  the 
turbomolecular  pump. 

The  microstructure  of  the  film  was  studied  by  X-ray  diffraction  both  for  films  deposited 
on  ball  bearing  steel  and  on  Si  wafers.  The  composition  of  the  films  was  measured  by  EPMA. 
The  film  for  which  the  EPMA  yielded  CrNcws  was  also  the  film  with  the  sharpest  X-ray  peak  for 
Cr^N.  In  accordance  with  the  accuracy  of  the  EPMA  of  2  at%.  The  hardness  and  the  reduced 
modulus;  Ey/(1-v^)  were  measured  by  nano-indentation  on  a  Hysitron/Digital  Instruments  nano- 
indenter  on  samples  deposited  on  polished  ball  bearing  steel.  The  stress  in  the  films  was  studied 
by  wafer  curvature  measurements  from  films  deposited  on  100  mm  Si-wafers  <100>, 

RESULTS 

All  films  showed  a  columnar  structure  in  cross  sectional  SEM.  with  columns  of 
increasing  diameter  over  the  film  thickness.  The  final  width  of  the  columns  at  the  surface  was  on 
the  order  of  100  nm.  A  TEM  micrograph  of  the  CrN().43.  i.e.  chromium  rich  Cr2N  film,  on  ball 
bearing  steel  is  shown  in  Fig.  2.  The  hardness,  reduced  modulus  and  stress  in  the  films  are 
reported  in  Figs.  3,  4,  and  5.  For  the  CrN(M3  film  a  maximum  in  hardness  of  18  GPa  was 
obtained.  A  second  but  lower  maximum  in  the  hardness  of  9  GPa  was  obtained  at  a  composition 
of  CrN(),73  i.e.  chromium  rich  CrN.  In  contrast,  the  hardness  of  stoichiometric  Cr,  Cr2N,  and  CrN 
films  is  only  5,  7  and  4  GPa  respectively.  The  reduced  modulus  exhibits  a  broad  maximum  at 
stoichiometric  Cr^N. 


Fig.2.  Cross  sectional  TEM  micrograph  of  a  1.3  micron  thick  CrNo.43  film  on  ball  bearing  steel. 
Apart  from  a  columnar  structure  faults  inside  the  columns  can  be  seen. 
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Fig.3.  Hardness  of  CrNx  films  versus  composition.  The  hardest  films  are  chromium  rich  Cr2N 
films. 


In  Fig.6  the  X-ray  diffraction  spectra  for  the  CrN().43  and  CrNo.4s  films  are  presented, 
these  films  resulted  from  deposition  in  an  AifNi  mixture  with  respectively  30  and  35  seem 
nitrogen.  A  small  difference  in  nitrogen  flow  leads  to  a  large  difference  in  microstructure  of  the 
film  as  is  witnessed  by  the  X-ray  spectrum. 

A  crystallite  size  of  8  nm  was  estimated  from  the  broadness  of  the  diffraction  peaks  for  the 
CrN().43  films,  using  the  Scherrer  equation  [2].  This  is  not  in  correspondence  with  the  width  of  the 
columns,  as  observed  in  SEM.  Close  inspection  of  the  TEM  micrograph  (Fig.2)  showed  two 
length  scales:  the  width  of  the  colums  that  develop  in  the  film  and  the  size  of  unfaulted  regions 
within  the  columns.  Apparently  the  intra-columnar  length  scale  causes  the  diffraction  line 
broadening. 


xinCrNic 


rig.4.  Reduced  modulus  of  the  CrNx  films  versus  composition.  The  modulus  shows  a  broad  peak 
for  stoichiometric  Cr2N. 


155 


Fig.5.  Stress  in  Cr  (square)  and  CrNx  films  (dots)  versus  composition. 


Fig.6.  X-ray  diffraction  spectra  taken  on  films  deposited  at  30  seem  Ni  flow  and  35  seem  Ni 
flow.  Although  the  composition  differs  only  slightly,  the  microstucture  is  considerably  different. 

DISCUSSION 

In  none  of  the  films  a  mixture  of  phases  was  observed.  This  is  particularly  intruiging  for 
CrNo.43,  the  composition  of  the  hardest  films.  Only  Cr2N  peaks  with  pronounced  broadening 
were  identified  in  the  X-ray  spectrum  taken  on  the  CrNo.43  film.  No  bcc  Cr  was  observed  in  the 
CrNo.4.3  films  indicating  the  absence  of  Cr  crystals.  Assuming  that  the  excess  Cr  in  these  films  is 
located  at  the  grain  boundaries  of  8  nm  crystallites,  we  calculate  the  thickness  of  the  chromium 
at  the  grain  boundaries  to  be  less  than  one  atomic  layer.  Apparently,  during  deposition  the 
mobility  of  the  excess  chromium  is  so  small  that  this  growth  mode  prevails  over  the  growth  of  a 
two  phase  mixture,  thereby  forcing  the  growth  of  a  nanocrystalline  material. 

In  remainder  of  the  text  we  will  use  the  stress  measurements  for  a  discussion  on  the 
microstructure  .  First  we  discuss  the  tensile  stress  in  the  films.  During  deposition  a  bias  voltage 
of  75V  was  applied  to  the  substrate.  A  compressive  stress  was  expected  due  to  ion  peening.  The 
resulting  tensile  stress  is  explained  in  hindsight  from  the  observation  that,  due  to  the  planetary 
motion,  the  substrate  is  not  in  contact  with  the  plasma  for  the  major  part  of  the  time.  During  all 


of  this  time  film  growth  takes  place,  unaided  by  ion  bombardment,  leading  to  tensile  stress.  We 
checked  this  hypothesis  by  depositing  a  1 . 1  micron  chromium  film  with  the  substrate  stationary 
for  the  target.  This  film  exhibited  a  compressive  stress  of  900  MPa.  Work  is  in  progress  to 
deposit  films  in  compressive  stress  on  planetary  mounted  substrates. 

The  observed  stress  at  room  temperature  is  the  sum  of  the  growth  stress  (1),  the  effect  of 
ion  bombardment  (2)  and  the  thermal  stress  (3).  The  linear  thermal  expansion  coefficients  of  Cr 
and  Si  are  VxlO'^K’’  and  3.2x10'^K  '  respectively.  Thus  the  thermal  stress  in  the  pure  Cr  film  at 
room  temperature  is  140  MPa.  From  the  measured  linear  thermal  expansion  coefficient  for 
CrNo.43:  cc=  9.3x10“^,  a  thermal  stress  of  220  MPa  is  calculated  [3].  This  thermal  stress  is 
assumed  to  be  present  in  all  CrNx  samples.  The  compressive  stress  due  to  ion  peening  is  assumed 
to  be  40  MPa  for  all  films,  based  on  the  lowest  measured  stress  of  180  MPa  for  CrNo.gs  films. 

Let  us  assume  that  the  tensile  growth  stress  is  generated  at  the  column  boundaries  of  the 
growing  film.  Assuming  that  the  average  column  boundary  relaxes  by  a  fixed  distance,  this 
means  that  the  colums  in  the  film  will  have  to  stretch  by  the  same  amount  [4].  Therefore  the 
strain  in  the  film  (f)  will  be  inversely  proportional  to  the  column  size  (d).  Of  course  this  straining 
of  the  film  will  have  to  be  weighted  over  the  film  thickness,  due  to  the  evolution  of  the  columns 
over  the  thickness.  For  the  time  being  it  is  assumed  that  the  column  evolution  is  comparable  for 
all  films.  Then: 


- ' - oc  — 

Ey  d 


(1) 


with  the  Youngs  modulus  Ey  and  Poisson  ratio  v. 

In  many  systems  the  Hall-Petch  relation  is  observed.  Hardness  is  inversely  proportional 
to  the  square  root  of  the  grain  size.  Here  we  identify  columns  with  grains  for  all  but  the  nano¬ 
crystalline  films. 

Hardness  oc  (^2) 

Originally  this  relation  was  proposed  on  the  basis  of  dislocation  pile  up.  However  the 
grain  boundary  acting  as  a  barrier  for  transfering  the  resolved  shear  stress  from  one  grain  to  the 
next  was  also  proposed  as  a  mechanism  [5].  In  Fig.7  we  plot  the  haidness  versus  Ve.  The 
majority  of  the  points  obey  the  Hall  Petch  relation.  Four  points  fall  outside  the  curve.  The  two 
points  with  the  low  hardness  are  pure  chromium  and  CrNoj.  The  two  points  with  the  high 
hardness  are  the  points  for  CrNo.38  and  CrN(,.46,  both  nano-crystalline  CraN.  First  of  all  it  is 
suiprising  to  note  that  CrNx  films  with  x  ranging  from  0.17  to  1.0  obey  the  same  Hall  Petch 
relation.  Bcc  Cr  for  0.1 8<x<0.35,  hep  Cr2N,  for  0.40<  x<0.65  and  fee  CrN  for  x>0.70  all  obey 
the  same  Hall  Petch  relation. 

Now,  if  the  plasticity  of  our  films  is  indeed  dislocation  based  we  can  explain  the  marked 
different  behaviour  of  the  nano-crystalline  films.  The  width  of  the  columns  determines  the  stress 
in  all  films  and  the  hardness  in  the  “micro-crystalline”  films.  In  the  case  of  the  nano-crystalline 
films  the  stress  is  still  determined  by  the  width  of  the  columns,  but  the  hardness  is  determined  by 
the  size  of  the  unfaulted  regions  (8  nm). 
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Fig.7.  Hardness  versus  Vf .  Most  films  obey  the  Hall-Petch  relation  (dots).  Chromium  films 
(squares)  obey  the  Hall  Fetch  relation  with  different  coefficients.  Nano-crystalline  films 
(diamonds)  fall  outside  the  hall-Pctch  relation. 

CONCLUSION 

For  chromium  nitride  films  deposited  by  reactive  sputter  deposition  under  tensile  stress 
the  hardness  depends  strongly  on  the  composition.  The  hardest  films  are  chromium  rich  Cr2N 
films.  It  is  shown  that  the  hardness  is  a  consequence  of  the  nano-crystallinity  of  the  material.  The 
maximum  obtained  hardness  in  our  experiments  was  18  GPa. 
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ABSTRACT 

Gold  nano  wires  were  fabricated  on  the  stepped  MgO  (100)  surfaces.  The  stepped 
MgO  (100)  surfaces  were  produced  by  polishing  (100)  surfaces  at  an  inclined  angle 
toward  a  [1 10]  direction.  An  atomic  force  microscope  image  indicates  that  gold 
nano  wires  have  grown  at  the  steps  on  MgO  (100)  surface  with  a  height  of  ~  2  nm  and  a 
width  of  ~60  nm. 

INTRODUCTION 

Recently  nano-size  materials  have  been  paid  attentions  due  to  their  diverse 
potentials  in  the  fields  of  laser,  optics,  computer,  electronics,  biomedical  science,  and  so 
on.  Moreover,  the  nano-size  materials  provide  the  fields  to  study  fundamental  physics 
such  as  the  quantized  conductivity  and  the  quantum  Hall  effect  [1]. 

Regardless  of  any  actual  applications  at  this  stage,  the  gold  nanowire  formation 
on  MgO  (100)  surfaces  was  attempted.  As  shown  later  in  the  experimental  results 
section,  we  have  observed  that  the  annealing  single  crystalline  MgO  (100)  surface  at  high 
temperature  in  an  oxidizing  atmosphere  can  cause  the  step  formation  along  two  possible 
[110]  directions  on  the  (100)  surface.  By  tilt-polishing  the  surface  toward  one  of  [1 10] 
directions  by  an  angle  of  ~U,  we  may  depress  the  step  formation  of  the  other  of  two 
possible  [1 10]  directions,  as  shown  in  Fig.l. 

(a)  as-received  (b)  tilt-polished 


Figure  1  Schematic  model  of  the  regulated  steps  for  the  tilt-polished  MgO  surface,  (a)  Two  possible  [1 10] 
directional  step  edges  can  be  formed  on  an  as-received  MgO  (1(X))  surface,  (b)  One-directional  step  edges 
can  be  formed  on  the  tilt-polished  MgO  surface. 
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Once  we  obtain  such  regulated  steps,  we  may  fabricate  gold  nanowircs  by 
depositing  gold  and  by  a  suitable  annealing  recipe.  We  expect  that  gold  atoms  have  the 
tendency  to  accommodate  at  the  step  sites,  and  the  accumulation  of  the  gold  atoms  leads 
to  the  formation  of  gold  nanowircs. 

During  this  research,  we  have  come  across  a  scries  of  recent  publications  by 
Hinfipscl’s  group  [2]  in  which  the  step  arrays  of  Si  were  formed  on  a  Si  ( 1 1 1 )  7x7 
reconstructed  surface  by  miscutting  a  Si  substrate  and  special  annealing  procedures. 

They  also  deposited  CaFi  to  make  some  patterns  for  the  formation  of  nanowircs  or 
quantum  dots,  which  is  similar  to  the  way  of  the  lithographic  procedures.  Their  method 
on  Si  has  been  established  and  the  applications  are  also  in  a  process.  For  our  case,  the 
substrate  is  a  single  crystalline  MgO  that  is  transparent  in  visible-near  IR  range,  and  it 
may  have  an  advantage  for  the  optical  applications. 

EXPERIMENTAL 

The  substrates  were  purchased  from  Princeton  Scientific  Corp.  (Princeton,  NJ) 
and  were  cut  into  smaller  pieces  suitable  for  the  optical  transmission  measurements  and 
the  atomic  force  microscopy.  The  transmission  measurements  were  made  with  a  UV- 
Vis-NIR  spectrophotometer  (Hitachi  U3501),  and  the  morphologic  images  were  made 
with  an  atomic  force  microscope  (AFM,  Digital  Instrument  Nanoscope  III).  The  tilt- 
polishing  was  carried  out  with  a  home-made  polishing  device  with  three  kinds  of  alumina 
polishing  powders  with  water  and  with  ortho-phosphoric  acid.  After  polishing,  the  MgO 
substrates  were  annealed  at  1200‘’C  with  a  tube  furnace  in  an  oxidization  atmosphere  (an 
oxygen  flowing  tube  furnace).  The  annealed  substrates  were  observed  with  the  AFM  to 
see  how  the  steps  were  formed.  Gold  was  deposited  to  the  substrates  by  using  an  e-beam 
evaporation  device  (Thermionics  model  100-0030)  in  a  high  vacuum  chamber  with  a 
background  pressure  of  lO  ’  torr.  The  gold  deposited  samples  were  observed  with  the 
AFM  and  the  transmission  measurements  were  carried  out  before  and  after  every  thermal 
annealing. 

RESULTS  AND  DISCUSSION 
The  preparation  of  substrates 

Fig. 2  shows  the  AFM  images  of  a  flat  MgO  (a)  as-received  [4  pm  x  4  pm]  and  (b) 
annealed  substrates  [8  pm  x  8  pm],  which  was  annealed  at  1200‘’C  in  an  oxidizing 
atmo.sphere  for  5  h.  In  every  pair  of  images  in  this  paper,  the  left  image  is  for  the  height 
mode  and  the  right  image  is  for  the  amplitude  mode  of  Tapping  AFM.  The  sides  of  the 
image  frames  arc  along  the  directions  of  crystal  axes  [100].  According  to  our  cross- 
section  analysis,  the  as-received  substrate  has  a  roughness  of  less  than  I  nm  as  rms  (the 
root  mean  square  for  the  entire  image  of  3 1 2  x  512  pixels).  Although  it  has  a  fairly  flat 
surface,  the  morphology  docs  not  show  an  atomically  flat  surface,  as  shown  in  Fig. 2  (a). 
On  the  other  hand,  although  the  annealed  substrate  has  many  steps  with  different  edge 
lengths,  there  are  atomically  flat  terraces  between  steps  and  the  average  step  height  is  in 
the  order  of  1  nm  (the  cross-section  analysis  is  not  shown).  The  step  edges  are  running 
along  two  possible  crystal  directions  of  [  1 10]. 
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This  step  formation  along  two  possible  crystal  directions  [110]  of  MgO  led  to  the 
idea  that  the  step  arrays  along  only  one  direction  of  crystal  axes  [110]  may  be  formed  by 
tilt-polishing  the  substrate  toward  other  [1 10]  direction,  as  mentioned  in  the  introduction 
and  shown  in  Fig.l.  Although  our  procedure  for  tilt-polishing  and  annealing  is  not  well 
established  yet,  we  have  obtained  nearly  regulated  step  arrays.  In  Fig. 3,  the  AFM  images 
[2  pm  X  2  pm]  and  the  eross-section  analysis  are  given  for  the  MgO  substrate  tilt- 
polished  and  annealed  at  1200T  in  the  oxygen  atmosphere  for  20  h.  In  Fig.3  (a),  the  step 
edges  are  running  nearly  along  only  one  of  [110]  directions,  which  is  diagonally  from 
top-left  to  bottom-right.  There  is  a  crystal-like  particle  in  the  middle  in  this  image,  whieh 
is  probably  a  MgO  crystal  island  that  was  not  completely  annealed  with  the  main  MgO 
substrate.  In  Fig.3  (b),  the  cross-section  analysis  shows  that  the  average  step  height  is 
about  2-3  nm  and  the  separation  between  steps  is  in  the  order  of  100  nm. 

(a)  As-received  flat  MgO  substrate 
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(b)  Annealed  flat  MgO  substrate 
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Figure  2  AFM  images  of  MgO  substrates  (a)  as-received  and  (b)  annealed  at  120(fC  in  an  oxidizing 
atmosphere  for  5  h. 
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(a)  Substrate  with  the  tilt-polishing  and  annealing 
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(b)  Cross-section  analysis 


Section  Analysis 


Figure  3  AFM  image  of  MgO  substrate  with  the  tilt-polishing  and  annealing  in  Oi  at  I200‘'C  for  20  h,  with 
the  cross-section  analysis. 


The  gold  deposited  MgO 

The  prepared  MgO  substrate  with  the  .step  arrays  was  deposited  with  gold  of  25  A 
by  using  an  electron-beam  evaporator  and  was  gradually  annealed  up  to  800^C.  Fig.4 
shows  the  AFM  images  and  the  cross-section  analysis,  which  indicates  that  there  are 
higher  rims  on  the  step  edges.  In  this  image  [8  pm  x  8  pm],  there  are  several  crystal 
islands,  which  may  interact  with  steps  to  disturb  the  step  formation. 
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Figure  4  The  AFM  images  of  a  MgO  surface  deposited  with  gold  and  annealed.  The  MgO  substrate  was 
prepared  by  tilt-polishing  and  annealing,  as  mentioned  in  the  text,  and  was  deposited  with  gold  of  25  A  by 
using  an  electron-beam  evaporator  and  gradually  annealed  up  to  800°C. 

Fig,5  shows  the  cross-section  analysis  of  a  portion  of  Fig.4.  The  cross-section 
that  we  chose  is  marked  with  a  line  in  the  small  image  located  at  the  left-bottom  comer  of 
each  figure,  and  the  numerical  data  are  shown  on  the  right.  Fig.5  (a)  shows  the  heights  of 
two  rims,  and  the  rims  are  higher  than  the  terrace  level  by  ~2  nm.  Fig,5  (b)  shows  the 
widths  of  two  rims,  and  their  widths  are  in  the  rage  of  50-70  nm,  which  includes  some 
uncertainty  due  to  the  AFM  tip  dimension,  as  known  in  AFM  imaging.  As  shown  in 
Fig.4,  all  the  rims  formed  at  the  steps  in  the  AFM  image  have  similar  dimensions, 
according  to  our  observation. 

We  claim  that  these  rims  are  gold  nanowires  by  utilizing  the  regulated  step  arrays. 
There  are  MgO  islands  on  the  substrate,  and  gold  particles  are  on  the  terraces  as  well. 

For  the  application  purposes,  we  need  to  improve  the  substrate  preparation:  ( 1)  The 
elimination  of  crystal  islands,  (2)  the  regulation  of  the  step  arrays,  (3)  the  suitable 
conditions  for  the  deposition  of  gold  to  the  substrates,  and  (4)  the  suitable  condition  for 
the  annealing  of  samples  to  form  gold  nanowires. 

CONCLUSION 

We  claim  that  gold  nanowires  have  been  formed  by  utilizing  the  regulated  step 
arrays,  which  were  created  by  tilt-polishing  and  annealing  at  a  high  temperature.  At  this 
stage,  the  preparation  of  MgO  substrates  is  not  well  established  yet,  and  there  are 
problems  to  fabricate  gold  nanowires:  (a)  The  elimination  of  crystal  islands  and  the 
regulation  of  the  step  arrays,  and  (b)  the  suitable  conditions  for  the  deposition  of  gold  and 
the  annealing  of  the  samples.  We  would  like  to  continue  to  seek  for  the  solutions  to  these 
problems. 


163 


(a)  The  cross-section  analysis  for  the  heights  of  gold  nanowires 


(b)  The  cross-section  analysis  for  the  widths  of  gold  nanowires 


Figure  5  The  cross-section  analysis  of  gold  nanowires.  The  measurement  of  (a)  the  heights  and  (b)  the 
widths  for  two  nanowires. 
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ABSTRACT 

Nanocrystalline  Li-Ti-0  spinel  samples  were  prepared  by  solvothermal  reaction  of  Ti02 
with  lithium  hydroxide  in  water  and  ethanol.  The  hydrothermal  reaction  proceeds  at  temperature 
higher  than  130  °C.  The  reaction  proceeds  via  dissolution-precipitation  mechanism  and  its  course 
is  not  sensitive  to  titanium  dioxide  polymorph  used  in  the  reaction.  Product  of  the  reaction  in 
water  has  cubic  rock  salt  type  structure.  It  converts,  however,  to  spinel  if  annealed  to 
temperatures  exceeding  250  °C.  The  re-crystallization  is  accompanied  with  water  removal  from 
the  structure.  Solvothermal  reaction  in  ethanol  leads  directly  to  a  product  with  spinel  structure 
without  need  for  annealing.  Both  products  are  active  for  Li  insertion;  theelectrochemical  activity. 
The  specific  capacity  ranges  between  100  and  160  mAh/g  depending  on  the  annealing 
temperature. 

INTRODUCTION 

Nano-crystalline  materials  play  an  important  role  in  design  of  new  electrochemical 
energy  related  applications  namely  in  development  of  new  rechargeable  batteries  or  photo¬ 
electrochemical  cells.  The  use  of  nano-crystalline  materials  allows  one  to  improve  both  the  size 
and  quality',^  of  the  electrode-electrolyte  interface  as  well  as  to  shorten  significantly  the 
characteristic  diffusion  lengths.  Nanocrystalline  Ti(IV)  based  oxides,  particularly  Ti02  anatase 
and  Li4Ti50i2  spinel  make  prospective  materials  for  2V  lithium  ion  batteries. 

Solvothermal  synthsis  in  Ti  oxides  chemistry  is  usually  used  to  prepare  large  crystals  of 
perovskites  The  potential  of  the  hydrothermal  synthesis  in  preparation  of  nanocrystals  was, 
on  the  other  hand,  also  demonstrated  on  controlled  growth  of  anatase  nanocrystals  in 
tetramethylammonium  containing  solutions  at  190-270  °C  Li-Ti-0  ternary  phases  are  usually 
prepared  by  solid-state  reaction  at  elevated  temperatures.  Hydrothermal  synthesis  of 
electrochemically  active  nanocrystalline  Li-Ti-0  ternary  phases  like  e.g.  Li4Ti50i2  spinel  has  not 
been  reported. 

EXPERIMENTAL 

Nanocrystalline  titanium  dioxide  (Bayer)  was  used  as  starting  materials  in  syntheses. 
Parallel  experiments  were  performed  on  anatase  (PKP  5538)  and  mixture  of  anatase  and  rutile 
(1:3,  P25  Bayer).  All  other  chemicals  in  all  experiments,  i.e.  LiOH  and  NaOH  were  obtained 
from  Fluka.  The  water  used  in  experiments  was  of  Millipore  MilliQ  quality,  used  ethanol  was  of 
p.a.  grade. 
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Reactions  were  carried  out  in  poly(tetrafluoroethylcnc)  (PTFE)  -  lined  stainless  steel 
autoclaves.  The  molar  ratio  0fTiO2  and  LiOH  in  reaction  mixture  ranged  between  2:1  and  1:5; 
the  pH  of  the  reaction  mixture  was  adjusted  to  14  by  addition  of  concentrated  NaOH  solution. 
Syntheses  were  performed  at  temperatures  between  130-200°C  for  2  -  24  hours.  Products  of  the 
reactions  were  filtered  and  carefully  washed  with  water. 

X-ray  power  diffraction  of  the  prepared  materials  was  measured  using  Siemens  X500 
powder  X-ray  diffractometer  and  CuKa  radiation.  Crystal  morphology  and  size  distribution  was 
examined  by  field-emission  SEM  S-4500  (Hitachi).  Additional  estimate  of  crystal  size 
distribution  was  done  by  Fourier  transform  analysis  of  peak  shapes  in  X-ray  diffractograms  using 
Winfit  program  ^.Thermal  analysis  of  hydrothermal  powders  was  performed  on  NETZSCH  STA 
409  TG/DTA  apparatus  complemented  with  mass  spectrometer  QMS  403/4  (Balzers)  allowing 
for  qualitative  analysis  of  gases  evolved  during  heating. 

The  electrochemical  activity  of  prepared  phases  was  examined  by  cyclic  voltammetry  in 
three-electrode  arrangement  with  Li  counter  and  reference  electrodes  on  PAR263A  potentiostat 
in  IM  solution  of  Li(CF3S02)2N  in  1:1  (w/w)  mixture  of  ethylene  carbonate  (EC)  and 
dimcthoxycthanc  (DME).  Li-Ti-O  electrodes  were  prepared  by  mixing  of  powder  samples  with 
teflonized  carbon  black  (ca  15%  of  carbon  black). 

DISCUSSION 

X-ray  powder  diffraction  patterns  of  the  starting  titania  and  materials  prepared  in  water 
and  ethanol  at  200  °C  are  shown  in  Fig.  1.  The  solvothermal  synthesis  at  this  temperature  leads 
to  complete  removal  of  starting  material.  The  products  of  both  reactions  contain  small  amounts 
of  lithium  carbonate,  which  was  not  removed  by  washing.  The  diffraction  pattern  of  the  product 
prepared  in  water  shows  three  resolved  diffraction  peaks  at  approximately  4.8 1  A,  2.81  A  and 
1 .54  A.  The  broad  peak  at  about  1 8  °  could  be  attributed  to  an  amorphous  phase.  Such  a  phase, 
however,  was  not  found  in  SEM.  The  diffraction  peaks  of  the  material  prepared  in  water  show 
good  agreement  with  those  of  cubic  rock  salt  LiTiOi  (a  =  4. 14  A,  Fm3m).  Annealing  of  the 
material  prepared  in  water  leads  to  its  re-crystallization  to  .spinel  structure  {Fcl3m).  This  process 
is  accompanied  by  removal  of  the  structural  water,  which  starts  at  temperatures  above  250  °C. 


Figure  1  X-ray  diffraction  patterns  of:  a)  the  starting  Ti02  (mixture  of  rutile  and  anatase  1 :3), 
b)  product  of  the  reaction  in  water,  c)  product  of  the  reaction  in  ethanol.  In  both  cases  the 
reaction  proceeded  at  200  °  for  24  hours. 
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The  diffraction  pattern  of  the  material  prepared  in  ethanol,  on  the  other  hand,  shows  good 
agreement  with  that  of  L4Ti50i2  spinel  (a=8.357  A).  Small  amounts  of  a  material  identical  with 
product  of  the  reaction  in  water  can  be  traced  in  diffraction  pattern.  We  attribute  the  presence  of 
this  impurity  phase  to  the  fact  that  the  used  ethanol  contained  ca  5  %  of  water  (v/v).  Low 
intensity  of  the  signal  and  rather  broad  diffraction  peaks  indicate  small  crystal  size  of  the 
prepared  materials. 

Analysis  of  the  XRD  patterns  indicates  average  coherent  domain  size  in  the  range  10-25 
nm.  SEM  measurements,  however,  revealed  the  actual  particle  size  to  be  about  twice  bigger. 
Slightly  bigger  particles  were  found  in  the  case  of  water  prepared  materials.  The  reaction  time 
has  no  pronounced  effect  on  the  particle  growth.  Also  the  annealing  of  the  materials  to 
temperatures  below  500  °C  does  not  lead  to  pronounced  particle  size  increase. 

ELECTROCHEMICAL  BEHAVIOR 

Insertion  behavior  of  the  Li-Ti-0  oxides  prepared  by  solvothermal  reaction  is  shown  in  Fig.  2, 
For  both  hydrothermal  as  well  as  solvothermal  materials  the  lithium  insertion  and  extraction 
proceeds  in  single  step.  The  standard  potential  characterizing  the  thermodynamics  of  the 


Figure  2  Cyclic  voltammograms  of  Li  insertion  into  solvothermally  prepared  Li-Ti-O  spinel 
annealed  at  0,  200  and  300  °C.  The  material  was  prepared  by  reaction  at  200  °C  in  water. 
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Table  I  Standard  potential  of  the  Li  insertion  into  Li-T-0  oxides  prepared  in  water  and  ethanol 


Annealing 

temperature 

E”[V] 

H2O  Ethanol 

0 

1.616 

1.664 

200 

1.740 

1.649 

300 

1.577 

1.561 

inserlion  process  obtained  are  summarized  in  Table  1.  The  annealing  causes  a  shift  of  the 
standard  potential  towards  more  negative  potentials  what  indicates  an  increase  in  activation 
barriers  for  the  insertion  process.  The  specific  capacity  of  the  materials  is  between  100-160 
mAh/g  and  improves  with  increasing  temperature  of  the  post-synthesis  treatment.  The  upper 
specific  capacity  values  are  comparable  with  those  reported  for  microcrystalline  Li-Ti-O  spinels. 
The  kinetics  of  the  insertion  process  into  solvothermally  prepared  nanocrystaline  spinels  is, 
however,  superior  to  that  of  materials  prepared  at  high  temperature  (see  Figure  3). 


Figure  3  Heterogeneous  rate  constant  of  the  lithium  insertion  into  high  temperature  prepared 
(circles)  and  solvothermally  prepared  Li4Ti50i2  spinel 
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Abstract 

An  Aerosol  Mass  Spectrometer  (AMS)  is  a  combination  of  a  Quadrupol-  (QMS)  and  a 
Particle  Mass  Spectrometer  (PMS)  and  enables  the  in-situ  analysis  of  gas  phase  processes  for  the 
generation  of  nanoparticles.  Size  distributions  of  ultrafine  silicon  carbide  particles  in  the  range 
of  10“^  atomic  mass  units  (amu)  to  10^  amu  are  measured  in  the  PMS.  Simultaneously,  molecular 
species  up  to  300  amu  can  be  detected  in  the  QMS.  Aerosols  containing  nanocrystalline  silicon 
carbide  are  produced  from  tetramethylsilane  (TMS)  by  thermal  decomposition.  In  situ  process 
analysis  with  the  AMS  as  a  function  of  process  parameters  was  performed  to  elucidate  the 
formation  and  growth  mechanism  of  SiC  nanoparticles. 

1.  Introduction 

Powders  of  small  grain  size,  narrow  size  distribution,  low  agglomeration  and  high  purity  are 
required  for  the  production  of  solid  nanocrystalline  materials  and  the  exploitation  of  size  effects 
in  applications  (Winterer  2001  and  multiple  references  therein).  The  synthesis  of  particles  from 
the  gas  phase  is  one  important  technique  to  produce  ultrafine  particles  with  a  narrow  size 
distribution  and  high  purity.  Chemical  Vapor  Synthesis  (CVS)  is  a  method  to  generate  particles 
in  the  size  range  below  10  nm,  narrow  size  distribution,  geometric  standard  deviation  smaller 
than  1.2  and  low  degree  of  agglomeration.  Silicon  Carbide  is  an  advanced  ceramic  material  for 
high  performance  applications.  Sintering  of  SiC  to  high  density  is  very  difficult  because  of  low 
diffusion  coefficient  even  at  high  temperatures  due  to  strong  covalent  bonds.  Ultrafine  particles 
of  SiC  are  promising  for  the  production  of  dense  bulk  solids  due  to  the  small  grain  size  of  such 
powders.  Up  to  now,  CVS  powders  have  been  analysed  only  by  ex  situ  methods  (Klein  1998). 

In  situ  analysis  methods  of  CVS  processes  have  to  be  compatible  with  high  temperatures,  low 
pressures,  high  particle  number  concentration  and  very  small  particle  size  of  the  order  of  a  few 
nanometers.  One  instrument  which  meets  those  requirements  is  called  AMS,  which  has  been 
used  for  particle  size  measurements  in  premixed  low  pressure  flames  (Roth  1993,  Homann 
1987). 

2.  Methodology 
Chemical  Vapor  Synthesis 

In  the  Chemical  Vapor  Synthesis  (CVS)  process  a  precursor  vapor  with  carrier  gas  is  delivered 
into  a  hot  wall  reactor.  The  precursor  is  thermally  decomposed  and  particles  form  by 
coagulation  and  sintering.  Process  parameters  like  temperature,  pressure,  mass  flow,  precursor 
concentration,  precursor  material  and  reactor  geometry  influence  the  time-temperature  history  of 
the  particles  and  determine  the  particle  size  and  chemical  purity  of  the  powder.  For  the  synthesis 
of  SiC  the  precursor,  TMS,  is  evaporated  at  room  temperature  and  is  directly  delivered  through  a 
thermal  mass  flow  controller  into  the  reactor.  To  adjust  residence  time  and  precursor 
concentration  an  additional  helium  flow  is  used.  The  mass  flow  of  helium  is  controlled  by  a 
second  thermal  mass  flow  controller.  The  total,  absolute  pressure  is  measured  with  a  Baratron 
capacitance  gauge.  The  continuous  gas  flow  is  produced  by  a  combination  of  a  roots  blower  and 
a  sliding  vane  pump  and  stabilised  at  different  pressures  by  means  of  a  butterfly  valve  (figure  1 ), 
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TEM  sampling 


^  detector 
(Faraday -Cup) 


Figure  1.  CVS  reactor  attached  to  the  Aerosol  Mass  Spectrometer  for  in  situ  process  analysis. 


Aerosol  Mass  Spectrometer 

A  new  Aerosol  Mass  Spectrometer  (AMS)  was  constructed  by  combining  a  Quadrupol  Mass 
Spectrometer  (QMS)  (Balzers,  QMA  430  with  QMG  422)  and  a  Particle  Mass  Spectrometer 
(PMS)  (Roth  1993)  (figure  1).  Molecular  species  in  the  mass  range  0-300  atomar  mass  units 
(amu)  can  be  measured  in  the  QMA.  Paniculate  Species  in  the  mass  range  10^  to  10^  amu, 
corresponding  to  a  diameter  of  1  to  35  nm  for  SiC,  can  be  measured  in  the  PMS.  The  aerosol 
from  the  reaction  chamber,  which  is  in  the  continuous  pressure  regime  (po)  is  supersonically 
expanded  through  a  nozzle  (0.8  mm  diameter)  into  the  first  vacuum  chamber  (pi,  figure  1).  Due 
to  the  high  pressure  ratio  larger  than  10"^  a  molecular  free  jet  is  generated,  where  all  reactions, 
coagulation  and  sintering  processes  are  quenched.  The  pressure  in  the  first  vacuum  chamber  is 
smaller  than  10  '^  mbar  and  pumped  by  a  1000  1/s  turbomolecular  pump  (Pfeiffer  Vakuum  TMP 
1001  SG).  The  center  of  the  molecular  free  Jet  is  extracted  by  a  sharp  edged  skimmer  (Molecular 
Beam  Dynamics  Standard  Model  1,  with  0.5rnm  orifice  diameter)  to  generate  a  molecular  beam 
(p2,  figure  1).  The  molecular  beam  (aerosol)  is  ionised  in  a  cross  beam  ion  source,  which  is  part 
of  the  QMA,  by  electron  impact  (p3,  figure  1).  Molecular  species  up  to  a  mass  of  300  amu  can 
be  analysed  in  the  QMA.  The  separation  of  the  particles  is  realised  by  their  electrical  charge  and 
their  inertia.  A  detailed  description  of  the  fundamentals  of  the  PMS  is  given  in  (Roth  1993).  The 
molecular  beam  enters  a  homogeneous  electrical  field,  which  is  perpendicular  to  the  molecular 
beam  direction.  The  electrical  field  is  realised  by  a  capacitor  with  100  mm  in  length  and  a 
distance  of  20  mm.  Charged  particles  are  accelerated  in  the  electrical  field  in  direction  of  the 
field  lines.  Outside  the  electrical  field  the  particles  move  in  a  straight  line.  For  fixed  geometric 
conditions  of  the  detector  the  voltage  selects  particles  of  a  certain  kinetic  energy  carrying  z 
elementary  charges.  By  varying  the  voltage  and  therefore  the  electrical  field  of  the  capacitor  a 
signal  I(Uk)  is  detected. 

v‘ 

Uk  =  const. — ^ ^  (1) 

re  2 


where  Uk  is  the  deflection  voltage,  nip  the  particle  mass.  Vp  the  particle  velocity,  e  the  elementary 
charge,  z  the  number  of  charges  and  I  is  the  current  measured  by  the  ion  detectors  of  the  Faraday 
cup.  With  the  information  of  the  kinetic  energy  of  the  particles  mass  distributions  can  be 
determined  if  the  particle  velocity  is  known.  The  particle  velocity  is  measured  in  an  electrical 
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chopping  system  with  a  synchronously  pulsed  repelling  potential.  By  sweeping  the  chopping 
frequency  of  the  repelling  potential  a  periodic  signal  is  measured.  The  determination  of  the 
particle  velocity  is  then  given  by  the  following  equation; 

Vp  =  Afiiiin  (Imin)  Irg  (2) 

where  Vp  is  the  particle  velocity,  Af^i,,  (Imi„)  the  frequency  of  the  signal  at  minimum  signal 
intensity,  and  l,p  the  distance  of  the  reflection  grids.  Figure  3  and  4  show  a  typical  measurement. 

3.  Results  and  Discussion 

Detection  of  the  Molecular  Species  (OMA); 

The  thermal  decomposition  of  TMS  in  the  CVS  reactor  was  measured  using  the  QMS  at  different 
temperatures  of  the  hot  wall  reactor  at  otherwise  constant  process  parameters  (2000  Pa,  800  seem 
He  and  30  seem  TMS;  seem  stands  for  standard  cubic  centimeter).  The  decomposition  of  the 
TMS  precursor  (m/e  =  73)  starts  at  about  1 173K  and  the  signal  vanishes  at  about  1673  K  where 
the  precursor  is  completely  decomposed  (figure  2).  With  increasing  temperature  an  increase  of 
lower  hydrocarbon  groups  and  also  an  increase  of  carbon  and  hydrogen  is  observed.  Also 
observed  is  the  occurrence  of  species  of  masses  higher  than  88  amu  at  the  beginning  of  the 
precursor  decomposition.  This  indicates  that  formation  of  nano  SiC  takes  place  by  a 
polymerisation  reaction  as  discussed  by  Fritz  (Fritz  1986).  With  increasing  temperature  the 
signal  of  the  higher  masses  decreases.  It  is  not  clear  if  species  of  higher  masses  decompose  with 
increasing  temperature  or  whether  the  polymerisation  reaction  goes  on  to  form  nano  SiC.  A 
signal  in  the  PMS  is  observed  as  soon  as  a  decrease  of  the  TMS  signal  is  measured  in  the  QMS. 
Therefore,  at  1 173  K  TMS  is  decomposed  and  converted  to  SiC  particles.  The  intensity  of  this 
signal  increases  from  1 173  K  to  1473  K. 


Figure  2.  Quadrupol  mass  spectrum  of  the  tetramethylsilane  base  peak  (m/e  73  at  70  eV)  at 
different  temperatures. 
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Detection  of  the  Particular  Species  (PMS): 


In  the  following  plots  the  classification  by  the  deflection  voltage  and  the  velocity  determined  at 
the  maximum  intensity  of  the  deflection  voltage  are  shown.  The  synthesis  conditions  were  as 
follows:  T  =  1 323  K,  p  =  2000  Pa,  800  seem  He  flow  and  30  seem  TMS  How.  It  was  found  that 
particle  charging  by  an  external  ion  source  is  not  necessary.  The  SiC  particles  are  charged 
bipolaiiy  in  the  CVS  process  as  detected  by  switching  the  polarity  of  the  deflection  voltage.  The 
maximum  intensity  at  the  kinetic  energy  filler  is  measured  at  130  V.  A  velocity  of  530  m/s  was 
detected.  The  particle  size  distribution  calculated  from  these  data  is  shown  in  figure  5. 

The  distribution  is  fitted  by  a  lognormal  function  and  a  particle  mean  diameter  of  approximately 
13.5  nm  with  a  geometric  standard  deviation  of  about  1.1  is  deducted. 

This  PMS  size  distribution  is  compared  with  a  TEM  sample,  which  was  taken  directly  from  the 
molecular  beam  (figure  5).  Altough  only  approximately  120  particles  were  measured  by  TEM 
the  size  distribution  (histogram)  shows  a  good  agreement  with  the  PMS  data.  In  contrast  the 
measured  ion  current  in  the  PMS  (figure  3)  is  about  4  pA  at  the  maximum,  which  corresponds  to 
about  10^  single  charged  particles.  The  size  distribution  from  the  TEM  data  was  also  fitted  by  a 
lognormal  function  and  gives  a  mean  particle  diameter  of  15.7  nm  with  a  geometric  standard 
deviation  of  1.3.  Measurements  with  increasing  He  flow  (800/1200/1500  seem)  but  otherwise 
constant  process  conditions,  i.e. shorter  residence  time  result  in  a  decrease  of  particle  diameter 
(14.9,  10.8,  8.9  nm  (+  0.5  nm)).  These  trends  arc  also  predicted  by  a  monodisperse  reaction 
coagulation  sintering  model  (Winterer,  2001). 


Figure  3.  Measured  kinetic  energy  distribution 
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Figure  4.  Measured  particle  velocity. 


Figure  5.  Particle  size  distribution  from  PMS  measurements  (squares)  compared  with  TEM 
sampling  (full  line). 
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4.  Conclusions 


The  AMS  allows  the  in  situ  analysis  of  high  temperature,  low  pressure  gas  phase  processes. 
Particular  and  molecular  type  species  can  be  detected  simultaneously  allowing  the  optimisation 
of  the  particle  size  distribution  and  the  determination  of  precursor  decomposition  kinetics.  The 
synthesis  of  nano  SiC  by  thermal  decomposition  of  TMS  has  been  analysed.  At  about  1 173  K 
the  beginning  of  TMS  decomposition  is  observed.  At  this  point  particles  arc  detected  in  the 
PMS.  Particle  sizes  between  1-35  nm  of  SiC  can  be  measured  in  the  PMS  with  an  accuracy  of 
about  8  %  in  size  or  25  %  in  mass  in  the  measured  range.  To  simulate  CVS  processes  with 
particle  size  distributions  models  without  restriction  to  monodispersity  have  to  be  used  ,  e.g.  a 
sectional  model  (Landgrebe  1990). 


References 


Fritz,  G.,  CarhosUanes  Syntheses  and  Reactions,  Springer.  1986. 

Homann,  K.H.,  Traube  i.,Ber.  Bunsen^es.  Phys.  Chem.,  91,  828-833  (1987). 

Klein,  S.,  Winterer,  M.,  Hahn,  H.,  Chern.  Vap.Dep.,  4,  143-149  (1998). 

Landgrebe,  J.D.,  Pratsinis,  .,  S.E.,./.  Colloid  Inteiface  Sei.,  139.  63-86  (1990). 

Roth,  P.  and  Hospital.  A., Aerosol  Sci„  25.  61-73  (1994). 

Winterei',  M.,  Synthesis  and  Characterisation  of  Nanocrystalline  Ceramics,  (2001)  to  be 
published  by  Springer  Heidelberg. 


Mat.  Res.  Soc.  Symp.  Proc.  Vol.  703  ©  2002  Materials  Research  Society 


V4.7 


GRAIN-SIZE-DEPENDENT  THERMAL  TRANSPORT  PROPERTIES  IN 
NANOCRYSTALLINE  YTTRIA-STABILIZED  ZIRCONIA 


Ho-Soon  Yang,  J.A.  Eastman,  LJ.  Thompson,  and  G.-R.  Bai 
Argonne  National  Laboratory,  Materials  Science  Division 
Argonne,  IL  60439 


ABSTRACT 

Understanding  the  role  of  grain  boundaries  in  controlling  heat  flow  is  critical  to  the 
success  of  many  envisioned  applications  of  nanocrystalline  materials.  This  study  focuses 
on  the  effect  of  grain  boundaries  on  thermal  transport  behavior  in  nanocrystalline  yttria- 
stabilized  zirconia  (YSZ)  coatings  prepared  by  metal-organic  chemical  vapor  deposition. 
A  strong  grain-size-dependent  reduction  in  thermal  conductivity  is  observed  at  all 
temperatures  from  6-480  K.  The  behavior  is  due  primarily  to  the  effect  of  interfacial 
(Kapitza)  resistance  on  thermal  transport.  In  response  to  the  application  of  heat  to  a 
material,  interfacial  resistance  results  in  a  small  temperature  discontinuity  at  every  grain 
boundary,  an  effect  that  is  magnified  in  nanocrystalline  materials  because  of  the  large 
number  of  grain  boundaries.  The  observed  behavior  in  YSZ  is  compared  with  predictions 
derived  from  a  diffuse-mismatch  model.  Implications  for  the  possible  development  of 
improved  thermal  barriers  based  on  nano-layered  structures  with  large  interfacial  thermal 
resistance  are  discussed. 

INTRODUCTION 

The  efficiency  of  gas  turbine  engines  is  dictated  by  the  maximum  sustained  operating 
temperature  of  their  typically  Ni-  or  Co-based  alloy  turbine  rotors.  Recent  studies  have 
concluded  that  significant  near-term  progress  in  increasing  turbine  engine  operating 
temperatures  is  more  likely  to  come  from  the  development  of  improved  thermal  barrier 
coatings  (TBCs),  typically  yttria-stabilized  zirconia,  than  from  the  design  of  new  alloys. 
New  processing  techniques  that  result  in  TBC  microstructures  with  lower  thermal 
conductivity  could  lead  either  to  higher  operating  temperatures  of  turbine  engines, 
resulting  in  greater  efficiency,  or  thinner  coatings  for  the  same  operating  temperature, 
which  would  reduce  overall  weight.  Using  nanocrystalline  YSZ  coatings  offers  the 
possibility  of  lowering  thermal  conductivity,  and  may  also  provide  additional  benefits  for 
TBC  applications  because  of  the  possibility  of  improved  toughness  and  ductility  compared 
to  that  of  coarser-grained  ceramics. 

Recent  studies  of  thermal  conductivity  in  nanocrystalline  YSZ  coatings  have  shown  a 
very  strong  grain  size  dependence  for  average  grain  sizes  below  approximately  40  nm  [1]. 
Studies  of  the  grain  size  and  temperature  dependence  of  the  thermal  conductivity  in  YSZ 
have  been  interpreted  in  terms  of  the  interfacial  (Kapitza)  resistance  to  thermal  transport 
[2].  This  report  summarizes  the  results  of  those  studies  and  extends  them  to  include  a 
comparison  of  the  experimental  observations  with  predictions  of  a  diffuse  mismatch 
model. 
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EXPERIMENTAL  PROCEDURES 


Nanocryslalline  YSZ  coatings  with  thicknesses  of  500-to-1200  nm  were  grown  on 
polished  polycrystalline  a-AhO.,  substrates  by  metal-organic  chemical  vapor  deposition 
[1].  Samples  with  controlled  average  grain  sizes  from  10-100  nm  were  produced  by 
varying  the  processing  conditions,  primarily  the  substrate  temperature.  Yttria  contents  for 
all  samples  used  in  this  study  varied  from  8-15  mol%,  resulting  in  formation  of  the 
expected  cubic  fluorite-type  structure  [3].  Samples  were  found  to  contain  approximately 
10%  porosity  based  on  nanoindentation  [1]  and  small-angle  neutron  scattering  studies  [4], 
independent  of  grain  size.  No  dependence  of  thermal  conductivity  on  Y;OrContent  was 
observed,  providing  additional  confidence  that  the  observed  behavior  was  due  to  intrinsic 
grain-size  effects. 

Thermal  conductivity  was  measured  using  the  3co  method  [5,6].  A  typically  25  pm- 
wide  and  300  nm-thick  Au/Cr  line  was  patterned  onto  the  sample  surface  by  electron  beam 
evaporation  and  photolithography  for  use  as  both  sample  heater  and  thermometer  in  these 
measurements.  Samples  were  placed  in  a  liquid-helium  cryostat  in  a  low  pressure  gaseous 
helium  environment  for  thermal  conductivity  measurements  at  temperatures  from  6-280  K. 
Measurements  from  280-480  K  were  performed  in  vacuum  using  a  high-temperature 
probe  station  [7].  The  data  were  corrected  to  account  for  the  approximately  10%  porosity 
in  the  samples. 


RESULTS  AND  DISCUSSION 

Recent  studies  of  thermal  conductivity  in  nanocrystalline  YSZ  coatings  have  shown  a 
very  strong  grain  size  dependence  for  average  grain  sizes  below  approximately  40  nm  [1]. 
As  seen  in  Fig.  1,  at  room  temperature  the  thermal  conductivity  of  YSZ  with  10  nm  grain 
size  is  reduced  more  than  a  factor-of-two  compared  to  that  of  coarse-grained  coatings.  In 
the  case  of  YSZ,  this  reduction  is  primarily  due  to  the  increasing  contribution  with 
decreasing  grain  size  of  the  interfacial  (Kapitza)  resistance  to  thermal  transport,  which,  as 
shown  in  Fig.  2,  results  in  a  temperature  discontinuity  at  every  interface  in  response  to  an 
applied  heat  flux.  The  temperature  difference  across  a  single  grain  can  be  described, 
therefore,  as  the  sum  of  the  temperature  difference  across  a  single  grain  interior  region  and 
the  average  temperature  discontinuity  at  a  grain  boundary.  The  measurable  thermal 
conductivity  of  a  polycry.stalline  material,  k,  can  be  defined  [2,  8]  as: 


where  k„  is  the  grain  interior  thermal  conductivity,  d  is  the  grain  size,  and  Rt  is  the  Kapitza 
resistance  [2,  8].  The  parameters  k„  and  /?;  can  be  determined  by  fitting  plots  of  k  vs.  d  to 
Eq.  1 .  A  typical  fit  is  shown  in  Fig.  1 .  The  obtained  values  of  the  Kapitza  conductance.  G 
=  J/Rk,  are  shown  as  closed  circles  in  Fig.  3.  The  conductance  increases  as  temperature 
increases  and  plateaus  in  the  vicinity  of  300  K. 
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Figure  1.  Thermal  conductivity  versus  grain  size  at  280  K.  Line  represents  a  fit  to  Eq.  1. 


Figure  2.  Schematic  representation  of  the  one-dimensional  temperature  profile  across 
single  crystal  and  polycrystalline  material  in  response  to  an  applied  heat  flux.  The 
temperature  drop  across  a  nanocrystalline  material,  T„ano,  is  larger  than  that  across  a  single 
crystal,  Tsc  due  to  the  many  temperature  discontinuities  at  grain  boundaries.  This  results  in 
a  reduction  of  the  net  thermal  conductivity,  which  becomes  increasingly  significant  as 
grain  size  is  reduced. 
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The  Kapitza  conductance  is  the  derivative  of  the  net  heat  flux  transmitted  across  an 
interface  with  respect  to  the  temperature  difference  across  the  interface.  In  the  diffuse 
mismatch  model,  it  is  assumed  that  all  phonons  are  scattered  diffusely  at  an  interface  and 
the  correlation  between  the  incoming  and  outgoing  phonons  is  completely  destroyed  by 
the  scattering  [9].  The  transmission  probability  is  determined  by  a  mismatch  betw'ccn 
phonon  densities  of  states.  The  Kapitza  conductance  can  be  expressed  as 

G  ,  (2) 

4  y  ,,  d'l 

where  vi.,  and  Djico)  are  the  velocity  and  the  density  of  states  for  phonons  with  mode  j  on 
the  incident  side  of  the  interlace,  respectively,  is  the  transmission  probability  across  the 
interface,  and  /?(©)  is  the  occupation  number  of  a  phonon  with  energy  [3],  Assuming 
that  both  sides  of  an  interface  have  an  identical  structure  {a\  assumed  to  equal  0.5  in  this 
case),  Eq.  2  is  calculated  for  polycrystalline  YSZ  using  the  Debye  model.  The  results  of 
the  calculation  arc  denoted  as  open  circles  in  Fig.  3.  At  all  temperatures,  the 


Figure  3.  Kapitza  conductance,  G,  for  YSZ  derived  from  the  measured  grain-size 
dependent  thermal  conductivity  (•)  and  predicted  with  the  diffuse  mismatch  model  (O). 
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calculation  of  G  with  the  diffuse  mismatch  model  predicts  higher  Kapitza  conductance 
values  than  those  obtained  from  fits  of  the  measured  k  vs.  grain  size  to  Eq.  1.  The 
structures  on  both  sides  of  a  grain  boundary  would  be  different  due  to  the  random 
orientation  of  grains  in  polycrystalline  materials.  This  needs  to  be  considered  in 
determining  the  transmission  coefficient.  However,  simply  using  a  value  for  tti  other  than 
0.5  does  not  improve  the  agreement  with  the  G  values  calculated  using  Eq.  1.  The 
deviation  of  the  calculated  G  becomes  larger  with  increasing  temperature  because  the 
Debye  model  breaks  down  at  high  temperatures.  For  this  reason,  we  believe  that  the  G 
values  calculated  from  Eq.  1  are  more  accurate  than  those  determined  from  a  diffuse 
mismatch  approach. 

While  YSZ  is  the  material  of  choice  in  most  current  TBC  applications,  our  studies 
suggest  that  an  effective  new  strategy  in  designing  TBC's  with  lower  thermal  conductivity 
could  be  to  search  for  materials  with  large  Kapitza  resistance.  Little  is  currently  known 
about  the  magnitude  of  the  average  Kapitza  resistance  in  different  materials.  At 
nanocrystalline  grain  sizes,  materials  with  bulk  thermal  conductivity  larger  than  that  of 
YSZ  could  actually  have  a  smaller  net  thermal  conductivity.  Nanocomposites  of  two  or 
more  dissimilar  materials  could  be  prime  candidates  for  future  TBC  applications,  both 
because  the  interfaces  in  such  systems  could  exhibit  large  Kapitza  resistance,  and  because 
formation  of  composite  microstructures  is  a  strategy  that  has  been  demonstrated  to  be 
effective  in  stabilizing  nanocrystalline  grain  sizes  to  the  high  temperatures  that  would  be 
encountered. 


CONCLUSIONS 

The  observed  grain  size  dependent  reduction  in  thermal  conductivity  of  nanocrystalline 
YSZ  is  believed  to  arise  primarily  due  to  the  Kapitza  resistance  to  thermal  transport  at 
grain  boundaries.  The  temperature-dependent  Kapitza  resistance  in  polycrystalline 
materials  can  be  determined  from  measurements  of  grain-size  dependent  thermal 
conductivity  and  compared  with  the  predicted  values  obtained  from  a  diffuse  mismatch 
model.  Even  in  a  highly  defective  material  like  YSZ,  a  substantial  reduction  in  thermal 
conductivity  is  obtained  by  increasing  the  number-density  of  grain  boundaries  through 
grain  refinement  to  the  nanometer  scale.  Comparisons  of  the  magnitude  of  the  average 
Kapitza  resistance  in  YSZ  with  that  in  other  material  are  desirable.  It  is  possible  that  future 
studies  of  other  materials  could  lead  to  the  development  of  improved  thermal  barriers  by 
identifying  materials  possessing  both  low  bulk  thermal  conductivity  and  large  Kapitza 
resistance. 

This  work  is  supported  by  the  U.  S.  Department  of  Energy,  Office  of  Science,  under 
Contract  W-31-109-Eng-38. 
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ABSTRACT 


Thin  transparent  and  electrically  conductive  films  of  tin  doped  indium  oxide  (ITO)  were 
made  by  sintering  of  nanoparticle  dispersions.  The  resistivity  decreased  to  MO'^  Qcm  upon 
treatment  at  800°C,  while  the  luminous  transmittance  remained  high.  The  property  evolution  was 
connected  with  sintering  and  densification  as  studied  by  Scanning  Electron  Microscopy,  X-ray 
Diffraction,  X-ray  Fluorescence  and  Elastic  Recoil  Detection  Analysis. 


INTRODUCTION 


Films  of  tin  doped  indium  oxide  (ITO)  are  able  to  combine  high  visible  transparency  with 
good  electrical  conductivity.  They  are  widely  used  in  modern  technology  such  as  for  flat  panel 
displays,  solar  cells,  switchable  and  low-emissivity  windows,  as  well  as  for  electromagnetic 
shielding  [1  j.  The  most  prevalent  production  methods  for  ITO  films  are  sputtering  and 
evaporation. 

Many  applications,  including  flat  panel  displays,  require  patterned  ITO  layers.  The  pattering 
is  commonly  achieved  by  etching  which,  however,  is  a  time  consuming  and  environmentally  less 
favourable  method.  An  attractive  alternative  would  be  to  print  the  ITO  structure  directly  onto  a 
substrate. 

The  purpose  of  this  work  is  to  investigate  the  micro  structural,  optical,  and  electrical 
properties  of  thin  films  made  from  an  ITO  nanoparticle  dispersion.  The  ultimate  goal  is  to 
develop  a  technique  allowing  thin  lines  of  ITO  to  be  applied  by  printing. 
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FILM  PREPARATION  AND  STRUCTURE 


ITO  parlicles  were  produced  by  a  wet-cliemical  method.  The  average  primary  particle 
diameter  and  crystallite  sizes  were  both  approximately  16  nm.  The  tin  to  indium  atomic  ratio  was 
5%.  1.1  pm  thick  films  were  prepared  by  spin-coating  a  dispersion  of  the  particles  onto 
Corning  1737  glass  and  AI2O3  substrates.  The  thickness  was  measured  by  a  mechanical  stylus 
Dektak  3030  problometer.  Post  deposition  sintering  was  carried  out  in  the  300°C  <  7’s  <  800°C 
range  for  2  hours.  The  temperature  was  ramped  by  10°C  per  minute. 

The  crystalline  structure  was  investigated  by  X-ray  Diffraction  using  a  Siemens  D5000  unit 
operating  with  CliKk  radiation.  The  diffractograms  were  consistent  with  an  In^O.i  structure 
(Powder  Diffraction  File  06-0416).  Crystallite  sizes  were  evaluated  from  the  (222)  peak  of  ITO 
by  Scherrer’s  method  [2].  For  all  samples  only  a  minor  shift  in  the  peak  location,  as  compared  to 
11120.3  was  noticed.  Hence,  the  enlargement  of  the  lattice  parameter  due  to  tin  atom  incorporation 
is  small. 

Microstructures  were  studied  with  Scanning  Electron  Microscopy  (SEM),  using  a  Leo  1550 
instrument.  Figure  1  gives  a  high-resolution  image  of  agglomerated  ITO  nanoparticles  treated  at 
500°C.  It  is  obvious  that  the  particles  are  loo.sely  packed,  i.e.  that  the  relative  density  j'is  much 
less  than  unity.  Ouniititative  measurements  using  Elastic  Recoil  Detection  Analysis  (see  e.g.  [3J) 
and  X-ray  Fluorescence  [4]  indicated  that  the  relative  density  was  approximately  30%  for 
.samples  sintered  at  300  to  500°C. 

Figure  2  presents  SEM  micrographs  for  samples  treated  at  400,  650,  and  800°C.  The 
corresponding  average  particle  sizes  determined  from  these  pictures  are  16,  19,  and  34  nm. 
However,  at  650°C  when  the  particles  have  started  growing  the  cry.stallitc  size  still  remains  at  16 
nm.  At  800°C  the  grain  and  crystallite  sizes  are  again  equal. 

It  is  obvious  that  a  fully  dense,  sintered  structure  has  not  yet  been  reached  at  800°C. 
According  to  conventional  sintering  theory  [5],  the  grain  growth  severely  slows  down  the 
sintering  rate. 


Figure  1:  High-resolution  SEM  image 
of  nanoparticle-based  ITO  film,  heat 
treated  at  500°C. 
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Figure  2:  SEM  images  of  nanoparticle-based  ITO  films  sintered  at  400°C  (a),  650°C  (b)  and 
800°C  (c). 


OPTICAL  AND  ELECTRICAL  PROPERTIES 


Spectral  normal  transmittance  (T)  and  near-normal  reflectance  (R)  were  measured  in  the 
300  <  >l<  2500  nm  wavelength  range  on  a  Perkin  Elmer  Lambda  9  spectrophotometer  equipped 
by  an  integrating  sphere.  The  resistivity  (p)  was  calculated  fi'om  resistance  values  measured  by  a 
square-probe.  The  data  were  taken  on  samples  that  had  aged  in  room  temperature  and  ambient 
atmosphere  for  several  months.  This  generally  means  that  the  value  of  the  resistivity  has 
increased  by  a  factor  three,  as  compared  to  newly  sintered  samples.  No  effect  of  the  specific 
substrate  material  was  noticed. 

Figure  3  illustrates  T(X)  and  /?(/l)  for  five  different  sintering  temperatures.  It  is  found  that 
T{X)  is  high  across  the  400  <X<  700  nm  interval,  pertinent  to  luminous  radiation,  and  significant 
changes  occur  only  at  800°C,  Values  of  the  luminous  transmittance  T]um,  determined  by 
integrating  over  the  sensitivity  of  the  eye,  are  reported  in  Figure  4.  Clearly,  7iu,„  exceeds  90% 
except  when  the  sintering  temperature  is  800°C. 

The  magnitude  of  the  resistivity  drops  monotonically,  as  the  sintering  temperature  is 
increased,  as  apparent  from  Figure  4,  and  reaches  lO'^Qcm  at  800°C. 
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Figure  3:  Spectral  reflectance  (R)  and  transmittance  (7)  for  nanopart icles-bascd  ITO  films 
sintered  at  the  shown  temperatures. 


Figure  4:  Luminous  transmittance  (7'iu,„)  and  resistivity  (p)  as  a  function  of  sintering  temperature 
for  nanoparticle-based  ITO  films. 


DISCUSSION  AND  CONCLUSIONS 


We  made  transparent  and  electrically  conducting  ITO  films  by  spin-coating  a  nanoparticle 
dispersion  and  ensuing  heat  treatment,  A  high  luminous  transmittance  could  be  combined  with  a 
moderately  low  resistivity,  whose  value  dropped  as  sintering  progressed  to  higher  temperatures. 
This  relationship  is  connected  with  grain  growth  and  densification.  but  no  detailed  modelling  is 
possible  yet.  We  note  that  earlier  work  [6,  7J  on  sol-gel  produced  ITO  films  have  stated 
resistivities  as  low  as  2  to  4- 10"*  Qcm,  which  arc  only  a  factor  three  off  from  the  lowest 
resistivity  reported  for  highly  transparent  ITO  layers  [8,  9].  A  comparison  between  our  data  and 
the  former  ones  is  hampered  by  the  fact  that  the  effects  of  sample  ageing  were  not  reported  in  the 
cited  literature. 
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ABSTRACT 

Nd  doped  TiOi  nano  structured  thin  films  were  prepared  by  sol-gel  technique  on 
quartz  and  Si  substrates  using  TiCU  precursor.  As-deposited  amorphous  films  were 
annealed  to  form  anatase  phase  in  the  thin  films.  The  film  grain  size  increased  with 
annealing  temperature.  Above  800°C,  rutile  began  to  segregate  and  the  grain  size 
decreased  slightly. 

The  photodegradation  of  2-chlorophenol  (2-CP)  was  studied.  Doping  Ti02  with  Nd^^ 
reduced  the  photodegradation  time.  The  difference  in  the  ionic  radii  of  Nd"^^  and  Tf‘^  and 
the  oxygen  affinities  of  Nd  and  Ti  were  responsible  for  this  effect.  These  differences 
help  promote  electron  trapping,  thereby  increasing  the  lifetime  of  the  holes  which  are 
responsible  for  the  oxidation  of  2-CP. 

1.  INTRODUCTION 

Contaminants  from  industrial  waste  pose  a  major  environmental  threat  to  air  and 
water.  As  of  1990,  the  EPA  estimated  that  10,000  U.S.  public  water  sources  contained 
pesticides  or  other  contaminants  linked  to  cancer  and  to  kidney  and  nervous  system 
damage.  A  method  is  needed  to  effectively  neutralize  these  and  other  pollutants. 
Semiconductor  photocatalysis  offers  a  promising  solution.  Nanostructured 
semiconductors  effectively  catalyze  aqueous  reactions,  which  break  down  harmful 
organic  pollutants  to  relatively  harmless  constituent  chemicals. 

Semiconductor  photocatalysis  takes  advantage  of  the  valence/conduction  bandgap 
specific  to  semiconductor  molecules.  Incoming  photons  with  energies  at  or  above  the 
bandgap  will  cause  valence  electrons  to  become  excited  and  move  to  the  conduction 
shell,  leaving  holes  in  the  valence  band.  These  excited  charge  carriers  can  react  with 
molecules  adsorbed  on  the  semiconductor  surface,  thus  acting  as  catalysts  [1].  There  are 
several  competing  effects,  which  limit  the  effectiveness  of  the  catalysts.  Most  of  the 
activated  charge  carriers  will  undergo  recombination  before  reaching  the  surface  to 
interact  with  adsorbed  molecules.  Up  to  90%  of  the  generated  carriers  are  lost  within  a 
nanosecond  of  generation.  As  the  grain  size  decreases,  the  probability  of  volumetric 
recombination  also  decreases,  along  with  creating  greater  surface  area  for  adsorption, 
thus  making  nanostructured  systems  particularly  viable.  However,  there  is  an  optimum  in 
the  particle  size.  As  the  particle  size  decreases,  the  probability  of  surface  recombination 
increases,  thereby  limiting  the  minimum  particle  size. 

Among  the  most  viable  nanoparticles  for  photocatalysis  applications  is  titanium 
dioxide.  Ti02  is  stable  in  aqueous  media  and  is  tolerant  of  both  acidic  and  alkaline 
solutions.  It  is  inexpensive,  recyclable,  reusable  and  relatively  simple  to  produce.  It  also 
forms  nanostructures  more  readily  than  other  catalysts.  Furthermore,  its  bandgap 
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includes  the  redox  potential  for  the  HiOZ-OH  reaction  (-2.8V),  thus  allowing  degradation 
of  many  organie  compounds  [2].  Unfortunately,  the  large  (3.2  eV)  bandgap  of  Ti02,  lies 
in  the  UV  range,  so  that  only  5-8%  of  sunlight  photons  have  the  requisite  energy  to 
activate  the  catalyst,  A  visible  light  (A,  =  400-800nm)  catalyst  would  be  much  more 
effective  and  efficient. 

There  are  several  ways  to  increase  the  efficiency  of  TiOi  as  a  catalyst.  Decorating  the 
particle  surface  with  noble  metals  increases  the  surface  charge  transfer  by  stabilizing  the 
electron-hole  pairs  once  they  reach  the  catalyst  surface.  Another  option  is  sensitization  in 
which  catalyst  is  coated  with  a  lower-bandgap  material  (organic  dyes,  CdS,  etc.)  which, 
upon  activation,  creates  electron-hole  pairs  which  can  be  transferred  to  the  host  TiO:  and 
made  available  for  photocatalysis.  A  related  field  of  interest  is  photovoltaics,  which  uses 
the  principle  of  dye  sensitized  TiOi  [3].  Unfortunately,  all  of  the  known  sensitizers  arc 
toxic  or  unstable  in  aqueous  medium,  thus  making  them  inappropriate  for  application  in 
photocatalysis.  Doping  the  catalyst  with  certain  metal  ions  can  increase  its  effectiveness 
by  introducing  trapping  sites.  Trapping  of  electrons  or  holes  at  these  sites  effectively 
increases  their  lifetime  and,  therefore,  the  probability  that  they  will  reach  the  surface 
without  suffering  recombination  and  participate  in  the  desired  photocatalysis  reaction. 
Some  possible  dopant  ions  include  Nd■^^  Cr^^  Pd^"^  and  Selection  of  the  dopants 
depends  on  the  reaction  of  interest.  Not  all  dopants  work  efficiently  for  all  reactions.  For 
example,  Fe^^  works  well  for  the  catalysis  of  CHCI3  [4]  but  not  for  2-chlorophcnol  [5J. 

This  study  describes  the  preparative  methodology  used  in  making  TiOi 
nanostructured  thin  films  on  quartz  substrates  via  sol-gel  method.  The  purpose  of  this 
study  was  to  determine  the  effects  of  preparation  conditions  and  Neodymium  dopant 
concentration  on  nanostructured  thin  film  titania.  Effects  on  the  physical  and 
photochemical  properties  arc  investigated. 

2.  EXPERIMENTAL  PROCEDURES 

The  Neodymium-doped  Ti02  nanostructured  thin  films  were  synthesized  from 
titanium  tetrachloride  (Fluka  98%)  and  Neodymium  (III)  acctylacetonatc  hydrate 
(Aldrich)  precursors  in  ethanol  (Pharmco  200  Proof)  by  the  sol-gel  method  previously 
described  [6].  The  Nd-precursor  was  massed  to  yield  the  desired  molar  ratios  with  Ti02 
and  sonicated  in  20ml  ethanol  to  yield  a  homogenous  opaque  purple  .solution.  2  ml  of 
TiCh  was  added  drop-wi.se  to  this  solution.  The  reaction  was  carried  out  at  room 
temperature  under  a  fume  hood  due  to  the  large  amount  of  HCl  gas  evolved  in  this 
reaction.  The  product  was  allowed  to  rc.st  until  all  HCl  gas  had  dissipated,  leaving  a 
transparent,  slightly  viscous,  yellow  solution.  This  solution  was  allowed  to  evaporate  for 
several  hours  to  remove  excess  ethanol. 

For  physical  and  compositional  measurements,  quartz  substrates  and  Boron  (P-Type) 
doped  silicon  wafers  (VSl)  were  dip  coated  in  the  solution  and  removed  at  approximately 
2cm/min.  For  photodegradation  experiments,  1”  x  10”  quartz  tubes  were  coated  by  a 
similar  method.  These  films  were  allowed  to  air  dry  in  a  desiccator  (to  avoid  hydrolysis) 
overnight,  followed  by  calcination  in  a  stainless  steel  tubular  furnace  operating  between 
500°  and  875°C  under  flowing  O2.  Cry.stal  growth  was  analyzed  via  X-ray  diffraction 
and  SEM. 


194 


Structural  characterization  of  the  doped  and  undoped  Ti02  samples  was  carried  out  by 
X-ray  diffraction  (XRD).  6-20  scans  were  recorded  using  Cu  Ka  radiation  in  a  Rigaku 
D-Max  B  diffractometer  equipped  with  a  graphite  crystal  monochromator.  Precise  20 
positions  and  the  full  width  at  half  maxima  of  the  diffraction  peaks  were  obtained  by 
using  XFIT  software  [7].  Compositions  of  the  samples  were  determined  by  X-ray 
photoelectron  spectroscopy  (XPS)  and  energy  dispersive  X-ray  spectroscopy  (EDS).  A 
SSl-M  Probe  XPS  was  used  employing  A1  exciting  radiation.  In  addition  to  the 
survey  scans,  high  resolution  scans  in  the  Ti  2p,  Nd  4d,  O  Is,  and  C  Is  regions  were  also 
recorded.  The  Ti  2p  and  dopant  4d  regions  were  used  to  measure  the  composition  of  the 
nanoparticles  and  to  ascertain  the  valence  states  of  Ti  and  the  dopant.  The  doping 
concentration  in  Ti02  was  also  confirmed  by  a  JEOL  energy  dispersive  x-ray 
spectrometer  using  a  20.0keV  electron  beam  for  X-ray  excitation.  The  measurement  of 
average  particle  size  and  surface  morphology  were  performed  by  means  of  Scanning 
Electron  Microscopy  (SEM)  in  a  JEOL  SEM  operating  at  15.0  kV. 

Photodegradation  experiments  were  performed  in  the  photocatalytic  reactor  system. 
This  bench-scale  system  consisted  of  a  cylindrical  Pyrex-glass  cell,  12  cm  inside 
diameter  and  30  cm  high,  with  an  inside  reflective  surface.  A  100  Watts  Hg  lamp  was 
used  which  was  immersed  in  the  solution  with  the  cold  air-cooling  jacket.  The  maximum 
energy  emission  of  UV  at  the  wavelength  of  365  nm  was  achieved  in  4  minutes  after  the 
lamp  was  turned  on.  At  the  cooling  jacket,  an  energy  density  of  5.3  mW/cm^  was 
measured  and  the  photon  flux  was  calculated  to  be  4.42  x  10"^  Einstein/min.  An  aqueous 
solution  (1000  mL)  of  2-CP  and  the  quartz  tube  coated  with  10  mg  Ti02  nanoparticles 
were  placed  in  the  photoreactor  cell.  A  magnetic  stirrer  was  used  in  the  suspension  and 
O2  was  supplied  through  compressed  air  for  the  oxidation  reaction.  During  illumination, 
the  pH  value  of  whole  suspension  was  controlled  at  9.5.  After  illumination,  samples 
were  collected  at  regular  intervals  in  a  test-tube  and  each  sample  suspension  was  filtered 
by  0.2-|j.m  filter  and  then  analyzed  by  high  performance  liquid  chromatograph  (HPLC). 


Fig.l.  XRD  patterns  of  as-deposited 
and  annealed  Nd-doped  Ti02 
nanostructured  thin  films. 


Fig.2.  Grain  size  of  Nd-doped  Ti02 
films  as  a  function  of  the  calcination 
temperature. 
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The  total  organic  carbon  (TOC)  of  a  sample  solution  was  measured  at  constant 
irradiation  time  intervals  using  a  DC- 190  high  temperature  TOC  analyzer.  The  Cl  ion 
was  analyzed  by  ion  chromatograph  (Dioncx  Bio  LC  Chromatography)  equipped  with  an 
electrochemical  detector  and  a  Dioncx  PAX- 100  metal-free  anion  column  (25  cm  long, 
4.6  mm  I.D.).  The  eluent  solution  was  a  mixture  of  80  %  H2O,  10%  acetonitrile  and  10% 
191-mM  NaOH.  The  flow  rate  was  1  mL/min  and  the  injection  loop  volume  was  50  pL. 
The  activity  of  the  photocatalylic  decomposition  of  2-CP  was  again  estimated  from  the 
yield  of  carbon  dioxide,  determined  gravimetrically  as  BaC03,  from  the  yield  of  carbon 
dioxide  as  decreasing  results  of  electric  conductivity  for  Ba(OH)2  solution.  HCO3  m  a 
sample  solution  was  measured  by  ion  and  liquid  chromatography. 


3.  RESULTS 


Figure  1  shows  the  X-ray  diffraction  pattern  obtained  from  films  grown  on  quartz 
substrates  and  annealed  at  temperatures  ranging  from  500  °C  to  875  °C.  The  as-grown 
thin  film  was  amorphous  and  did  not  show  and  x-ray  structure.  From  500°C  to  700°C 
only  peaks  related  to  anatasc  structure  were  evident.  Above  800°C,  films  contained  a 
mixture  of  both  the  anatase  and  rutile  phases  of  Ti02.  The  anatasc  (101)  peak  was  used 
to  determine  the  grain  size  by  Scherrer’s  formula  [8].  The  results  of  the  gram  size 
analysis  arc  presented  in  Fig.  2.  The  grain  sizes  increases  at  first,  as  the  calcination 
temperature  is  raised  from  500°C  to  800°C  and  then  decreases  slightly  as  the  calcination 
temperature  is  further  raised  above  800°C.  The  grain  size  ranges  between  14  to  30  nm. 
The  initial  increase  in  grain  size  with  temperature  is  as  expected.  Slight  decrease  in  the 
grain  size  above  800°C  correlates  with  the  formation  of  rutile  phase.  Such  grain  size 
decrease  has  been  reported  previously  and  explained  in  terms  of  the  intragranular  rutile 
segregation  in  the  anatase  matrix  [9]. 

No  Nd  related  phases  were  observed  by  the  x-ray  diffraction  analysis.  This  suggests 
that  there  is  no  Nd  segregation  in  amounts  large  enough  to  be  detected  by  XRD.  Most  of 
the  Nd  resides  as  substitutional  or  interstitial  impurity. 

The  surface  structure  of  the  films  was  analyzed  by  SEM,  as  shown  in  Fig.  3.  The 
particle  sizes  found  by  SEM  generally  concur  with  those  determined  by  XRD,  though 
some  agglomeration  is  apparent.  The  surfaces  of  the  samples  are  flat  with  no  noticeable 
protrusions  commonly  as.sociated  with  dip  coating  methods. 


Fig.  3.  SEM  micrograph  of  the  Nd- 
doped  Ti02  film  surface. 


Fig.  4.  XPS  survey  and  high 
resolution  Ti  2p  and  Nd  4d  regions. 
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The  valence  state  and  the  cation  composition  in  the  films  were  determined  by  X-ray 
photoelectron  spectroscopy  and  energy  dispersive  spectroscopy.  Fig.  4  shows  the  XPS 
survey  for  a  Nd  doped  sample.  Only  peaks  associated  with  Ti,  O  and  Nd  were  observed. 
Nd  concentration  was  measured  to  be  about  1  at%.  The  inserts  in  Fig.  5  are  the 
magnified  Ti  2p  and  Nd  4d  regions.  The  Ti  2p  region  shows  two  peaks  located  at  458.5 
eV  and  464.2  eV,  respectively.  The  peaks  for  metallic  Tf  are  expected  at  455  (2p3/2)  and 
459  (2pi/2)  eV  [10].  The  shifts  in  Ti  (2p3/2)  and  Ti  (2pi/2)  peak  positions  are  due  to  the 
presence  of  tetravalent  Ti"^"^,  as  expected  in  Ti02.  The  change  in  the  separation  between 
the  Ti  (2p3/2)  and  Ti  (2pi/2)  peaks  is  also  consistent  with  the  formation  of  Ti02  [10,1 1]. 

The  analysis  of  the  Nd  4d  region  is  relatively  problematic  due  to  the  low 
concentration;  however,  the  peak  is  shifted  from  the  metallic  position  indicating  Nd-O 
bonding.  The  detailed  analysis  of  this  peak  is  currently  being  carried  out.  The 
composition  of  the  cations  was  confirmed  by  EDX  analysis. 

The  photodegradation  experiments  were  carried  out  on  samples  doped  with  about  1% 
Nd.  The  activities  for  the  photodegradation  for  2-CP  are  presented  in  Fig.  5.  The  figure 
also  shows  the  photoactivity  of  the  undoped  Degussa  P25  standard.  The  results  show  that 
the  activities  for  the  photodegradation  of  2-CP  have  been  enhanced  with  the  addition  of 
Nd.  The  time  of  90%  destruction  of  2-CP  has  been  reduced  to  25  minutes  from  60 
minutes  in  the  case  of  Degussa  P25.  Assuming  that  the  fraction  of  absorbed  photons  by 
Ti02  is  1,  the  apparent  quantum  yields  can  be  calculated.  The  apparent  quantum  yields 
are  shown  in  Table  I.  The  quantum  yield  of  2-CP  suspension  with  Nd  doped  Ti02 
catalyst  is  almost  2.5  times  that  of  Degussa  P25. 

For  the  oxidation  of  2-chlorophenol,  the  trapping  of  electrons  is  critical.  In 
nanostructured  Ti02  thin  films,  electron  trapping  reduces  surface  recombination  and 
allows  holes  to  diffuse  to  the  particle  surface  and  participate  in  the  oxidation  reaction. 
Any  dopant  that  effectively  increases  the  localized  positive  charge  will  improve  the 
oxidation  of  chlorophenol.  The  effective  ionic  radii  of  Nd^^  and  Tf  are  0.983  A  and 
0.605  A,  respectively  [12,13].  The  large  difference  in  the  ionic  radii  causes  dilation  of 
the  lattice  and  localized  charging.  The  high  oxygen  affinities  of  Nd  cause  a  strong 


Fig.  5.  2-CP 
photodegradation  with 
Nd-doped  Ti02  and 
Degussa  P25  standard 
Ti02. 


Table  I:  Photodegradation  Analysis 

Catalyst 

Initial  Rate 

Photon  Flux 

Quantum  Yield 

10^  (mol/min) 

1  (Kiiistein  /  mi  n) 

-10-<I>,cp  =  Ri„/Ro 

2CP  mj  0,,,.,,) 

~1  at.%  Nd  Dopant 

15.5 

4.42 

3.5 

Degussa  P25 

11.7 

4.42 

2.7 
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dopant-oxygen  bond.  This  effectively  creates  a  localized  positive  charge  around  Ti 
and/or  forms  an  oxygen  vacancy.  Both  of  these  possibilities  help  form  electron  traps  and 
increase  the  lifetime  of  holes. 

4.  CONCLUSION 

We  have  prepared  Nd  doped  TiOi  nanostructured  thin  films  on  quartz  and  Si 
substrates  by  .standard  sol-gel  technique  using  TiCb  as  precursor.  As-deposited  films 
were  amorphous  and  required  a  post-deposition  calcination.  Calcination  caused  anatasc 
formation.  The  anatase  grain  size  grew  with  calcination  temperature.  Above  800°C, 
rutile  started  to  segregate  from  the  anatase  phase  and  the  anatase  grain  size  decreased 
slightly. 

Photocatalysis  measurement  on  the  degradation  of  2-CP  indicated  a  reduction  in  the 
degradation  time  by  the  addition  of  Nd  to  TiO:.  This  reduction  is  related  to  the 
difference  in  the  ionic  radii  of  Nd^^  and  Tf"^  and  the  oxygen  affinities  of  Nd  and  Ti.  The 
larger  Nd^‘^  ionic  radius  causes  localized  charge  perturbations  and  the  higher  oxygen 
affinity  of  Nd  induced  the  formation  of  oxygen  vacancy.  Both  these  effects  help  promote 
electron  trapping,  increasing  the  lifetime  of  the  holes  which  are  responsible  for  the 
oxidation  of  2-CP. 
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Abstract 

Bulk  amorphous  Zr54.5Ti7.5Aln)Cu2oNi8  is  investigated  by  rru'aiis  of  small-angle  neutron  scat¬ 
tering  (SANS),  dilf(;rential-scanning  calorimetry  (DSC),  liigh-resolutioii  electron  microscopy 
(HREM)  and  oth(^r  methods.  Th(^  formation  of  ultrafin(^  nanostnu'tiires  in  the  glassy  phase 
is  observed  and  (explained  by  a  new  mod(d.  Structural  fluc.tuations  of  randomly  distributed 
partially  ordered  domains  grow  during  annealing  just  below  the  glass  transition  tempera¬ 
ture  by  local  re-ordering.  During  annealing  the  DSC  gives  evidence  for  a  increasing  volume 
fraction  of  the  locally  ordered  domains.  At  high  volume  fractions  of  impinging  domains  a 
percolation  threshold  on  the  interconnected  domain  boundaries  occurs  and  enhanced  diffu¬ 
sion  becomes  possible.  At  that  stage  SANS  measurements  lead  to  statistically  significant 
scattering  data.  The  SANS  signals  are  analyzed  in  terms  of  a  model  taking  into  account 
spherical  particles  surround(xl  by  diffusion  zonc^s  and  iiiterparticle  interference  effects.  The 
mean  radius  of  the  rianocrystalline  particles  is  determined  to  1  nm  and  the  mean  thickness 
of  the  depletion  zone  is  2  iini.  The  ui)per  limit  for  tin;  volume  fraction  after  annealing  at 
653  K  for  4  hours  is  about  20  %.  Electron  mid’oscopy  confirms  the  size  and  shows  that  the 
parti(de  ar(i  (uystalline. 


Introduction 

The  nuH^hanisms  of  nanostnudure  formation  in  amorphous  precursors  are  of  much  current  in¬ 
terest.  Acx'.ording  to  th(^  variability  of  chemi(*al  (X)mposition,  short-  and  medium-range  order, 
and  preparation  methods  of  metallic  glasses  [1],  these  materials  show  a  great  variety  of  phys¬ 
ical  and  chemical  properties.  One  of  these  properties  is  the  ability  of  some  amorphous  alloys 
(e.g.,  Finemt,  see  [2])  of  transforming  into  a  nanostructured  state  during  annealing.  Both 
from  the  technological  and  physical  point  of  view,  it  is  important  to  understand  the  processes 
responsible  for  the  transition  from  the  iiornogeneous  amorphous  state  into  the  nanostructured 
one.  Several  possible  mechanisms  of  tlu;  formation  of  nanoscale  structures  in  metallic  glasses 
hav(;  been  discussed:  preformation  of  aggregates  in  the  liquid  state  [3,  4,  5,  6],  extremely 
high  nucleation  rate  accompanied  by  decreased  growth  rate  [7,  8],  spiiiodal  decomposition  [9], 
decomposition  within  the  amorphous  state  and  subsequent  crystallization  of  at  least  one  of 
the  amorphous  phases  [8,  10],  homogen(K)us  nucleation  taking  into  account  linked  stochastic 
fluxes  of  interfacial  attachment  and  diffusion  in  the  cluster  neighborhood  [11],  and  a  model 
considering  inhibitors  accumulating  at  the  surface  of  the  nanocrystals  to  be  responsible  for 
limited  growth  [12].  Recently,  ultrafine  nanostructures  have  been  observed  in  Zr-based  bulk 
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ainorplioiis  alloyn.  Ciystal-lik('  clustc'rs  [13]  and  iianociystals  [11]  with  iiu'an  grain  siz('  of 
2  inn  w('r('  dcti'ctcd  and  analyzc'd  by  inrans  of  A'-ray  diffiaction(XRD)  and  HREM.  i('S])<'c- 
tivoly.  It  was  shown  [15,  16,  17]  that  partial  crystallization  of  such  alloys  on  a  nanometer 
scale  may  liave  considi’rable  infltumce  on  mechanical  prop('rti('s  of  tlu'  material.  Ihai'  we 


Figure  1:  HR.EM  image  of  the  sample  annealed  for  240  min.  at  653  K.  For  the  marked  areas 
a),  b)  and  c)  two  dimensional  fast  foiirier  transformations  were  shown  in  separate  pictures. 
In  b)  and  c)  a  uaiiociystal  is  visible. 

examine  the  evolution  of  ult  rafine  nanostructures  in  bulk  amorphous  Ziy)  r,Ti7.5.A.li()Cn2()Xi8 
during  annealing  in  the  glass  t.ransition  rang('  in  oirh'r  to  find  out  the  nu'chanisms  of  the 
structure  formation. 


Sample  preparation  and  thermal  treatment 

The  samples  were  prepared  by  a  single  roller  melt  spinning  technique.  By  rapid  quenching 
from  the  melt  one  obtains  ribbons  with  a  width  of  about  5  mm  and  a  thickness  of  about 
50  //in).  The  obtained  as-i)repared  samples  are  homogeneous  with  respect  to  HREM  and 
S.4NS.  The  SANS  signal  of  the  as-{}uenclied  state  which  contains  only  statistical  noise  was 
shown  in  figure  6.  IToni  this  material  a  time-series  of  samples  was  prepared  by  annealing  at 
653  K  for  15  min  u]j  to  240  min.  The  used  temi)erature  is  slightly  below  the  glass  tem])er- 
atim'  Tg  which  is  charactc'iized  by  the  e.stiniates  of  the  7]^(ons('t)=  660  K  and  7^,(infi('ction 
l)oint)=  680  K  teinperatun's  of  tlu'  glass  transition  n'gion  shown  in  figure  2.  Tlu'  tlunnial 
characterizations  were  made  by  using  a  P('rkin-Elmer  DSC  7  calorinieP'r  at  a  Inviting  rate 
of  40  K/min.  Tin'  DSC  plot  for  tin'  as-])r('par('d  samph'  in  a  tc'nqn'raturc'  rangi'  from  500  K 
to  850  K  is  shown  in  figun^  2.  Two  exothermic  evi'nts  b('tw('('n  695  K  and  740  K  and  alnnv' 
740  K  lead  to  an  heat  release  of  19.7  J/g  and  14.0  d/g,  re.spectively.  .Annealing  up  to  873  K 
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Figure  2:  The  heat  flow  measured  with  DSC  technique.  The  DSC  scan  (40  K/min)  shows  two 
exothermic  events.  The  total  heat  release  between  —  695  K  and  Tx2  =  740  K  is  19.7  J/g. 
For  the  second  event  (T  >  740  K)  one  obtains  14.0  J/g.  The  annealing  temperature  of  the 
samples  was  Tp  =  653  K. 

lead  to  a  completely  crystallized  state  with  particles  of  about  50  /im  in  diameter.  All  the 
ultrafine  nanostructures  occur  only  below  740  K.  The  preparation  temperature  of  653  K  was 
chosen  because  pre-experiments  indicated  that  the  time  scale  of  transformation  was  good  for 
our  observations.  The  embedded  picture  in  figure  2  outlines  the  procedure  of  the  determi¬ 
nation  of  the  heat  releases  for  the  annealed  samples.  The  difference  (proportional  to  AA  in 
the  picture)  between  the  heat  release  measured  for  the  as-quenched  sample  (19.7  J/g)  and 
the  heat  release  obtained  for  the  annealed  one  (proportional  to  Ai)  was  used  to  define  the 
transformed  volume  fraction  during  this  exothermic  event  in  figure  5.  The  fractional  heat 
releases  for  the  sample  series  with  different  annealing  times  is  used  in  figure  5  to  describe 
the  transformation  kinetics. 


Small-angle  neutron  scattering 

The  SANS  experiments  were  carried  out  at  the  small-angle  scattering  facility  V4  at  the 
Berlin  Neutron  Scattering  Center  (BENSC).  To  characterize  the  global  time  evolution  of  the 
SANS  signal  on  can  calculate  the  scattering  invariant  h  defined  (see  e.g.  [18])  by 


h 


N 


(1) 


The  result  of  this  analysis  is  shown  in  figure  3.  The  error  bars  arise  from  the  experimental 
errors  of  d(j/dQ,[qi)  and  the  confidence  interval  of  the  background  fit  (c/cr/dD)oo.  For  two- 
phase  systems  h  is  given  by  c(l  -  c)  At?^  where  A?;  is  the  scattering  length  density  contrast 
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of  the  two  pliases  and  c  tlie  voliinie  fraction  of  one  of  the  phases.  Tli(>  behavior  of  Lj 
versus  aniK'aling  time  ditfers  in  a  fundamental  manner  from  the  DSC  (see  figure  5)  and 
XDR  n'sults  [13].  In  tlu’  bound  of  tin'  errors  tlnne  is  no  chang('  of  tli('  invariant  during  th(' 
aiiiK'aliiig  proc(Hlur('  up  to  90  min.  In  contrast  to  tlu'  ('volution  of  tlu'  lu'at  reh'asc'  shown  in 
figure  5.  Aft('r  90  min.  the  hc'at  r('h'as('  at  this  stage'  of  tin'  aniu'aling  proct'ss  reaclu's  ov<'r 
70  %.  Tliis  means  tlu'  (.ransformation  proc(’ss  n'sponsibh'  for  the  observed  lu'at  release  is 
not  detectable  in  SANS.  Then  the  value  of  changes  significantly  for  120  miry  180  min  and 
240  min  anneviling.  This  give's  a  hint  to  the  pre'sumplion  that  a  new  kind  of  transformation 
process  was  actuated.  This  confirms  to  a  significant  change  in  the  behavior  of  the  heat 
release  curve  (see  figure  5)  and  the  viscosity  curve  (see  figure  7)  at  that  time. 


Figure  3:  Evolution  of  the  SANS  se-attering  contrast  versus  anne'aling  time'.  The'  scattering 
invariant  is  equal  to  (31  ±  9)  +  10 nm~  '  sr  'E 

A  qualitative'  analysis  of  the^  SANS  data  for  the  120  min.,  180  min.  and  240  min.  anneah'd 
samples  is  made  with  a  mode'l  of  polydisperse  spherical  particle's  with  diffusion  zone's  [19]. 
To  take  into  account  interparticle  interlerences  we  combine  the  Percus-^■evick  approach  ac¬ 
cording  to  [20]  and  our  model  in  the  following  way: 


/b  <^7  01^  de.scribes  the  contribution  of  the  isolated  gamma  distributed  spherical  particles 
with  diffusion  zone  where  p  and  er  are  mean  value  and  root  mean  sejuare  of  the  gamma 
distribution,  respectively,  and  I  characterizes  the  dimension  of  the  diffusion  zone  (for  details 
see  [19]).  S{(iJii„.,Cp)  is  the  cotitribution  of  the  hard-core  system  with  hard-core  radius 
and  volume  fraction  Cp  and  can  be  ('X])r('ss('d  in  the'  Pe'rcus-Yevick  a])])roach  as 


S{(1,  Rl,r.Cp) 


1  -h  c(2e/ c,,) 


(3) 
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Table  1:  Results  of  the  least-square  fit  of  the  SANS  data  obtained  from  the  653  K  /  240  min 
state.  Mean  values  and  limits  of  the  95%  confidence  intervals. 


parameter 

p,  (nm) 

G  (nm) 

1  (nm) 

Rhc  (nm) 

(%) 

mean  value 

0.96 

0.34 

2.2 

5.2 

17.2 

lower  limit 

0.85 

0.31 

1.6 

3.7 

7.0 

upper  limit 

1.07 

0.37 

3.0 

5.7 

21.3 

Here  c{x,Cp)  is  a  function  which  can  be  calculated  analytically  (sec  e.g.  [21,  22]).  The 
experimental  SANS  data  are  fitted  by  equation  (2)  using  a  non-linear  least-square  routine. 
The  results  are  given  in  table  1  and  the  quality  of  the  fit  was  demonstrated  in  figure  6. 
The  upper  and  lower  bounds  of  the  confidence  intervals  are  not  symmetric  to  the  mean 
value.  This  is  a  consequence  of  the  non-linearity  of  the  fit.  The  confidence  interval  is  chosen 
so  that  the  true  value  of  the  parameter  fitted  can  be  found  within  this  interval  with  a 
probability  of  95%.  The  spatial  distribution  of  the  scattering  length  density  for  one  particle 
with  the  R.adius  fi  is  shown  in  figure  4.  It  was  shown  [22]  that  for  the  samples  annealed  for 
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Figure  4:  Radial  profile  of  the  scattering  length  density  for  a  given  particle. 

120  min.,  180  min.  and  240  min.  it  is  essential  to  use  a  model  with  diffusion  zones  to  fit  the 
data.  The  influence  of  the  interparticle  interferences  together  with  a  simple  two-phase  model 
(e.g.  polydisperse  spheres)  cannot  explain  the  SANS  data.  In  our  model  this  interferences 
permitted  a  estimate  of  the  volume  fraction  of  the  particles.  This  estimate  is  crowing  from 
about  7  %  in  the  120  min.  case  up  to  17  %  in  the  240  min.  case.  The  results  of  the 
particle  sizes  were  confirmed  by  HREM  in  figure  1.  The  HREM  images  were  taken  with  the 
300  kV  microscope  TecnaiF30-STwin  (FEI)  at  IFW  Dresden  after  preparation  in  the  Rapid 
Etching  System  RESOlO  (Bal-Tec)  with  fiat  striking  Ar+  ions.  The  embedded  FFT  pictures 
in  figure  1  additionally  shows  that  the  particles  are  crystalline. 
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Figure  5:  Time  evolution  oftlie  fractional  heat  release  during  annealing.  The  solid  line  shows 
the  theoretical  curve  /(„(/)  +  /(/,(/),  the  dashed  line  shows  for  t  >  hi. 

Results  and  Discussion 

The  dillerent  b('havior  for  th('  ('volution  of  the  SAXS  curvt's  vc'isus  antu'aling  tinu'  and  tin' 
DSC  curves  guided  to  a  model  with  two  different  jjrocesses  during  nanocrystallisation.  The 
presented  interpretation  is  based  on  the  idea  that  the  structure  of  a  supercooled  liciuid  alloy 
is  heterogenous.  Recent  experimental  (see  e.g.  [23,  24.  25])  and  theoretical  (see  e.g.  [2C. 
27,  28,  20])  workings  discuss  the  influence  of  this  assumption  to  physical  ])roperties.  It 
might  be  expected  that  the  reason  for  the  type  of  nanostructuring  described  here  is  related 
to  ])ro])('iti('s  of  the  suix'rcooh'd  liriuid  state,  ('spc'cially  to  dynamical  In'tc'iogc'in'itic's.  W(' 
assuiiK'  that  in  the  sup('rcooI('d  liciuid  .state  diff('r('nt  local  configurations  c'xists  with  diffc'ic'nt 
local  fr('('  eiK'rgy  and  corn'lation  h'ngth.  AniK'aling  with  a  ])ro])('r  temp<'ratur('  ('iiabh's  clust('r 
having  a  suitable  fre('  energy  start  to  grow  hy  rearranging  of  atoms  or  atom-groups  at  their 
surfa(X)s.  We  state  that  the  lu'at  release  in  th('  DSC  measurements  up  to  about  100  min. 
rises  from  this  process.  If  the  growing  clusters  are  distributed  randomly  in  the  material  and 
all  clusters  participate  in  the  growing  process  tlie  well  known  Kolmogorov-Johnson-.Mehl- 
Avrami  (K.JMA)  model  (see  [30,  31,  32])  can  be  used  to  explain  the  growing  of  the  clusters. 
If  Va  is  the  transformed  volume  fraction  the  K.IM.4  model  predict  a  time  evolution  of  this 
parameter  to: 

(]l-«l>{-4o(l-(l  +  ]^)')})  ■  (1) 

Here  l-exp{-An}  is  the  volume  fraction  of  the  activated  clusters  at  /  =  0  and  7'o  their  mean 
radius  at  the  beginning  of  growth,  r  describes  the  velocity  of  the  cluster  surface  propagation 
during  growing  and  in  a  first  approximation  is  supposed  to  be  constant.  In  equation  (4) 
it  is  supposed  that  the  activated  clusters  have  a  finite  size  at  the  beginning  of  the  growing 
process.  If  we  assume,  that  the  heat  release  /q,  is  proi)ortional  to  the  transformed  volume 
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fraction  Va  we  can  fit  the  DSC  data  with  following  equation. 

ha  =  /C“(l-exp|^(l-(l  +  ^f)|j  (5) 

The  result  is  shown  in  figure  5  as  a  dashed  line. 

For  annealing  times  greater  than  approximately  100  min  we  learned  from  the  SANS 
results,  that  a  new  process  should  occur  to  explain  the  increase  of  h  and  the  predicted 
particles  with  a  mean  radius  of  about  1  nm.  The  essential  diffusion  zone  around  the  particles 
places  us  in  the  position  to  postulate  the  start  of  a  diffusion  controlltKl  process  after  about 
100  mill.  If  we  assume  here  again,  that  the  heat  release  is  proportional  to  the  transformed 
volume  fraction  we  can  approximate  its  contribution  to  the  heat  release  also  by  a  KJMA 
expression. 

«6  =  -’rqi-™p{(i-«.(t-4)"/")})  for  i>4  (6) 

ht,(t)  =  /i““  (l  -  exp  {{1  -  a(t  -  for  f>4  (7) 

A  least-s(piares  fit  of  ha  +  hi,  to  the  DSC  data  shown  in  figure  5  as  a  solid  line.  A  statistical 

analysis  reveals  the  parameter  values  =  17.7  J/g  ,  —  2.0  J/g,  Aq  =  0.35,  tb  = 

96  min,  =  0-67  where  the  95  %  confidence  intervals  are  in  the  range  of  10  %  to  20  %  of 

the  expectation  values.  It  is  obvious  that  the  introduction  of  difi'usion  controlled  mechanism 


q(nm  ') 


Figure  6:  Sans  data  obtained  from  the  as-prepared  state  and  the  annealed  sample  (240  min 
at  653  K).  The  solid  line  is  a  th{!oreti(;al  curve  obtained  with  a  model  of  polydispense  spherical 
particles  with  diffusion  zones.  The  embedded  picture;  shows  the  fitted  probability  demsity 
p{r)  of  the  particle  sizes. 

at  a  time  ti,  can  explain  both  the  results  of  the  DSC  experiment  and  the  results  from  the  SANS 
experiment.  The  question  of  physical  background  of  this  process  arises  naturally.  We  assume 
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that  largo  locally  ordorcd  chistors  heconio  iinstablo  during  tho  growth.  This  assumption  is 
suggested  by  theoretical  and  experimental  results  on  the  stability  of  clusters  of  atoms.  It 
has  been  shown  that-  icosahedial  arrangement  of  atoms  is  eneigetically  advantageous  foi' 
small  clusters  consisting  of  several  hundreds  of  atoms  whereas  for  largei'  particles  crystalline 
order  is  more  favorable  {see  e.g.  [33]).  It  is  reasonable  to  assume  the  existence  of  icosahedral 
local  ])acking  in  the  ])res('nt  metallic  glass  since  in  similar  alloys  such  as  ZiVirjCip7.:,NiioAl7.r, 
the  formation  of  icosahedral  ])has('s  was  obs('rv('d  ('Xi)('riiu('ntally  [31.  So].  Additionally  at 
this  stage  of  the  procc'ss  the  packing  fraction  is  so  high  that  due  to  diffusion  proce.sses  at 
the  impingitig  surfaces  the  transformation  into  th('  crystalline  state  can  be  promoted.  The 
change  of  the  local  clnunical  composition  or  tlnur  local  boundary  conditions  can  than  lead 
to  the  scattering  conti'ast  increase  observed  by  SAXS.  The  onset  of  diffusion  and/or  the 
formation  of  nanocrystallites  should  be  visible  in  the  behavior  of  the  shear  viscosity  7  of  a 
sample  subjected  to  isothermal  annealing.  Figure  7  shows  the  result  of  the  corresj)ondiug 


Figure  7:  Evolution  of  the  slu'ar  viscosity  versus  annealing  time. 

expcu'iment  carried  at  a  constant  uniaxial  load  using  a  Pc'rkin-Elnu'r  DSC  7E.  There  is  a 
continuous  increase  of  7  from  the  beginning  of  the  thermal  treatment  at  653  K  up  to  about, 
90  min.  This  increase  can  be  understood  as  a  decrease  of  the  mean  free  vj  volume  according 
to  the  expi'cssion 

''({t)  oc  exp  s  —  f  with  ry  a  critical  value  of  vj  (8) 

I  J 

In  the  interval  from  100  min  to  130  min  annealing  time  the  curve  shows  a  significant  dip  indi¬ 
cating  a  temporarily  increase  of  tlu'  mean  free  volunn'  according  to  ('Cjuation  8.  So  that  also 
tlm  slu'ar  viscosity  ri'conh'd  a  significant  change  of  its  Ix'havioi-  at  tin'  sanu'  stage'  as  SANS 
and  DSC  do.  In  this  model  the  improvenn'iit  of  the  nu'dinm-rangc'  orde'r  during  amu'aling 
in  the  samples  at  constant  properties  of  the  next-nean'st  neighbor  shell  can  b('  undc'i'stood 
as  th('  incH'ase  of  the  correlation  length  of  local  icosalu'dral  packing  realize'd  by  re-arranging 
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of  small  icosahedral  structure  units  at  the  cluster  surface.  This  also  may  explain  a  decrease 
of  the  free  volume  and  a  increase  of  the  shear  viscosity  according  to  equation  8.  The  evolu¬ 
tion  of  th(!  corndation  huigth  r^^rd  rruiasurcid  by  XRD  (scie  [13])  and  its  mean  value  of  about 
1.6  nm  confirms  this  interpr(!tation  as  well.  We  assume  further  on,  that  large  nont:rystallinc 
clusters  bciconui  unstable  during  their  growth.  Them  the  change  of  the  chemical  e;e)mpe)sition 
and/or  their  local  boundary  conditions  load  to  an  transformation  into  the  crystalline  state. 
As  mentioned  above  icosahedral  arrangememts  of  atoms  are  energetically  advantageous  for 
small  clusters  whereas  for  larger  particles  crystalline  order  is  more  favorable  (see  e.g.  [33]). 
The  volume  fraction  of  locally  ordered  clusters  at  that  stage  of  about  70  %  leads  to  imping¬ 
ing  of  domains.  An  percolation  threshold  on  the  interconnected  domain  boundaries  may 
occur  and  enhanced  diffusion  becomes  possible.  The  SANS  results  were  obtained  under 
the  assumption  of  a  diffusion  zone  around  spherical  particles  and  a  good  evidences  for  its 
existence  was  found.  All  parameters  obtained  with  the  non-linear  least-square  fit  are  in  a 
very  good  agreement  with  the  results  from  HREM,  DSC  and  XDR.  analysis.  The  methods 
together  permit  us  to  suggest  a  model  with  is  in  agreermmt  with  the;  data  and  theoretical 
considerations.  Thennvith  this  model  is  a  (X)ntribution  to  explain  the  formation  process  of 
nanoscale  structures  in  metallic,  glasses. 
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ABSTRACT 

We  experimentally  demonstrate  the  large  scale  production  and  controlled  collection  of  metal 
and  semiconductor  nanocrystals  by  laser  ablation  of  microparticles  entrained  at  high  density  in  a 
flowing  aerosol.  For  silver,  produced  nanocrystals  exhibit  bimodal,  log-normal  size  distributions. 
Mean  particle  sizes  are  controlled  from  3-16  nm  by  varying  the  type  and  pressure  of  carrier  gas 
as  well  as  laser  fluence.  For  collection,  a  micronozzle  orifice  (d  =  200  pm)  accelerates 
nanocrystals  through  a  sonic  jet  into  a  vacuum  chamber  for  deposition  onto  a  room  temperature 
substrate.  We  describe  two  regimes  of  deposition  that  depend  on  the  nanocrystal's  energy  per 
atom  on  impact.  Soft  landings  ( E  «  1  eV/  atom)  preserve  the  individual  particle  properties  such 
as  size  and  shape.  Low  energy  impaction  is  demonstrated  for  CdSe  in  an  argon  carrier  gas.  The 
CdSe  nanoclusters  remain  crystalline  upon  deposition  and  display  visible  photoluminescence.  At 
higher  particle  impaction  velocities  (E  ~  0.3  eV/atom)  nanocrystals  exhibit  the  onset  of  self 
sintering  upon  impact.  At  high  number  densities,  adherent,  conductive  lines  are  formed  from 
deposited  silver  nanocrystals.  Line  widths  of  33  pm  FWHM  are  directly  written  onto  substrates 
using  a  200  pm  diameter  nozzle. 

INTRODUCTION 

Cluster  beam  methods  have  been  gaining  increasing  attention  for  the  formation  of 
nanoscale  systems. These  techniques  have  the  ability  to  produce  and  deposit  both  individual 
nanocrystals  as  well  as  thin  and  thick  films  directly  from  the  nanocrystal  jet^^l  Traditionally, 
however,  cluster  beam  techniques  have  faced  a  trade  off  between  controlling  the  properties  of  the 
individual  deposited  nanoclusters  or  producing  significant  quantities  of  materials.  Recently  our 
group  has  reported  a  technique  known  as  laser  ablation  of  microparticles  (LAM)^^^  which  is 
capable  of  controlling  the  size  of  the  nanocrystals  at  production  rates  of  grams  per  hour.  Here  we 
demonstrate  the  use  of  this  system  for  deposition  of  individual  nanocrystals  and  their  assembly 
into  nanocrystalline  thick  films. 

Smalley  and  co-workers  first  demonstrated  laser  ablation  followed  by  supersonic  expansion 
of  the  vapor  to  form  nanoclusters  with  controllable  properties,  Particle  deposition  using  an 
orifice  as  small  as  200  pm  was  described  by  Hayashi  and  co-workers^^^  for  depositing  metal 
nanoparticles.  This  work  first  demonstrated  the  ability  of  gas  jet  deposition  for  producing 
nanostructured  patterns.  Recently,  supersonic  deposition  of  nanoparticles  has  been  developed 
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extensively  by  Girshick  and  co-workers.’^”’^  Their  technique  involves  the  aerodynamic  focusing 
of  nanoparticles  formed  in  a  thermal  plasma  into  a  collimated  beam  that  supersonically  impacts 
onto  a  substrate.  By  aerodynamic  focusing,  they  are  able  to  deposit  macroscopic  quantities  of 
nanoparticlcs  in  a  controllable  manner.  Though  their  results  arc  quite  good,  the  production 
technique  lacks  fine  nanoparticle  control  and  the  collection  technique  is  hindered  by  the  use  of  a 
large  nozzle  (~2  mm)  that  requires  an  increased  pumping  capacity  as  well  as  a  scries  of 
aerodynamic  lenses  to  collimate  the  nanoparticle  beam  to  sub-millimeter  dimensions.  The  LAM 
technique  coupled  with  a  sonic  micronozzlc  combines  the  advantage  of  fine  nanocrystal  control 
exhibited  by  laser  ablation  with  the  large  quantities  inherent  to  many  aerosol  processes  and  the 
controllable  direct  deposition  of  sub-millimeter  patterns. 

This  system  has  been  tested  with  silver  for  its  applicability  to  conductive  nanostructures 
and  CdSc  for  its  potential  as  a  tunable  optical  device  element.  Previous  work  has  characterized 
the  nanocrystals  produced  by  ablation  of  silver  microparticles.  In  addition  to  silver  and  cadmium 
scicnidc,  several  other  materials  arc  being  tested  for  various  applications.  Functional  materials 
such  as  Tcrfinol-D  yield  adherent  nanostructured  thick  films  with  magnctostrictivc  properties. 
Soft  impaction  of  silicon  and  gallium  nitride  nanocrystals  are  being  studied  for  use  in  nonlinear 
optical  nanocomposites. 

SOURCE  NANOCRYSTALS 

The  LAM  system  consists  of  a  generator  producing  an  aerosol  of  micron  sized  feedstock 
microparticles  which  arc  ablated  by  a  pulsed  excimer  laser  forming  an  aerosol  of  nanocrystals.^ 
Previously,  we  have  characterized  this  nanocrystal  generator  for  the  production  of  silver 
nanoparticlcs  in  argon,  nitrogen  and  helium  at  various  pressures^^^ .  Pressure  was  found  to  be  an 
excellent  parameter  for  tuning  the  size  distributions  to  a  desired  mean  size  in  the  range  from  6-20 
nm  (Fig.  la).  More  detailed  studies  of  the  size  distributions  for  silver  nanocrystals  showed  that 
they  exhibit  bimodality  with  a  mode  due  to  the  laser  induced  shock  wave,  at  small  sizes  (3-6  nm) 
and  a  second  surface  evaporation  mode  at  larger  sizes  (11-16  nm)’‘^l  The  mass  in  the  distribution 
displayed  a  striking  shift  from  the  surface  mode  to  the  shock  mode  with  increasing  laser  fluence 
as  seen  in  Fig.  I  b,c. 

The  produced  nanocrystals  arc  sonically  accelerated  into  a  vacuum  chamber  for  deposition 
onto  a  solid  substrate.  In  this  work  we  have  studied  the  collection  sub-system  by  utilizing  a 
micronozzle  and  two  different  carrier  gases  with  greatly  different  expansion  velocities.  Of  special 
note  is  the  compatibility  of  the  LAM  process  with  the  use  of  micronozzics  for  collection.  As 
discussed  by  Di  Fonzo  et  al.^^^  micro-expansion  nozzles  produce  narrow  beams  of  nanoparticlcs, 
however,  due  to  their  small  diameter  often  become  clogged.  Our  system  has  not  encountered  this 
difficulty  when  using  nozzles  as  small  as  150  microns,  even  at  large  deposition  rates.  It  is 
believed  that  two  factors  are  responsible  for  the  large,  continuous  throughputs.  First,  we  use  a 
co-axial  sheath  gas  to  reduce  radial  diffusion  of  the  aerosol.  A  skimmer  is  adjusted  to  accept  the 
nanoparticle  flow  plus  a  fixed  amount  of  the  sheath  gas  flow  to  buffer  the  nanoparticles  from  the 
walls  of  the  expansion  nozzle.  Second,  LAM  produces  nanoparticles  that  are  charged,  thus 
preventing  coalescence  of  the  small  particles  into  larger  agglomerates  that  may  cause  material 
build  up  around  the  edges  of  the  nozzle  leading  to  blockage  of  the  flow. 
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Figure  1.  Size  analysis  for  silver 
nanoparticles  produced  in  the  LAM 
process:  a)  Mean  size  versus  gas  pressure 
at  varying  laser  fluences.  Control  of 
bimodal  nanoparticle  mass  distributions 
using  laser  fluence  b)  1 .8  J/cm^  and 
c)  4.2  J/cm^. 


RESULTS  AND  DISCUSSION 
Particle  Deposition 

Soft  landings  of  the  produced  nanocrystals  are  required  to  retain  their  individual  properties 
such  as  size  and  shape.  Hard  impaction  leads  to  particle  agglomeration  and  low  temperature 
coalescence  into  materials  with  enhanced  mechanical  and  electrical  properties  due  to  the  nano¬ 
scale  grain  sizes.  For  a  given  substrate  and  cluster  typQ,  the  kinetic  energy  per  atom  determines 
the  fate  of  the  cluster  on  impact.  Simulations  of  Hsieh  et  al.^’*^^  indicate  that  clusters  with  energy 
much  less  than  1  eV  per  atom  show  little  deformation  on  impact  while  near  this  energy  significant 
deformation  and  compaction  occurs. 

Our  nanocluster  beam  expands  through  the  micro-orifice  nozzle  into  a  low  pressure  chamber 
with  a  pressure  ratio  of  10"^.  The  rarefied  gas  flow  accelerates  to  the  limiting  choked- flow  velocity 
(He;  Ve  =  760  m/s;  An  Ve  =  240  m/s).  Particles  in  this  flow  accelerate  to  the  gas  velocity  within 
seven  relaxations  times^^'^  which  corresponds  to  ~  1-2  nozzle  diameters  for  particles  of  10  nm  or 
less.  The  distance  required  for  particle  acceleration  is  less  than  400  ^m,  well  within  our  typical 
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collection  distances  of  1-3  mm.  Therefore,  we  can  expect  the  nanoclusters  will  impact  onto  the 
substrate  surface  with  a  kinetic  energy  given  to  good  accuracy  by  the  mass  of  the  cluster  and  the 
velocity  of  the  choked  flow  of  gas  through  the  micronozzle. 

To  adjust  this  velocity  through  our  thin  plate  nozzle  we  have  two  options:  increase  the 
carrier  gas  stagnation  temperature  or  use  different  carrier  gases.  Higher  temperatures  produce 
faster  jets  through  an  inercasc  in  the  average  kinetic  energy  of  the  gas  molecules  in  the  carrier  gas. 
In  this  work  we  demonstrate  soft  and  hard  impaction  through  the  use  of  different  carrier  gases. 
The  average  velocity  of  an  ideal  gas  is  inversely  proportional  to  the  molecular  mass.  A  low 
molecular  weight  gas  such  as  helium  will  have  a  high  gas  velocity  (v^.  =  760  m/s)  whereas  heavier 
molecules  such  as  argon  have  a  lower  average  velocity  (v^.  =  240  m/s).  For  materials  like  silver  and 
cadmium  selenide  in  argon  the  kinetic  energy  per  atom  is  limited  to  0.03  eV/atom  while  for  helium 
it  is  up  to  0.3  eV/atom.  Therefore  materials  deposited  from  a  helium  Jet  have  kinetic  energy  that 
is  a  significant  fraction  of  the  cluster  binding  energy  and  will  compact  on  the  substrate.  On  the 
other  hand,  materials  deposited  in  argon  arc  expected  to  land  softly. 

Soft  Landings  (CdSc  nanocrvstals  in  Argon) 

For  application  as  quantum  dots,  nanocrystals  must  retain  their  size  and  shape  upon 
impaction.  In  addition,  no  defects  should  be  generated  within  the  nanocrystals  during  deposition. 
As  discussed  above,  CdSc  nanociy.stals  in  an  argon  carrier  gas  impact  the  substrate  with  no  more 
than  0.03  eV/atom,  well  below  the  binding  energy  of  the  crystal.  Figure  2  demonstrates  that  the 
nanoparticlcs  were  non-agglomcratcd,  spheroidal  and  remained  crystalline  upon  impact.  Note  that 
the  nanocrystal  density  on  the  surface  can  be  controllably  deposited  in  a  fractional  monolayer  by 
adjusting  the  number  density  of  feedstock  in  the  carrier  gas  and  the  raster  speed  of  the  substrate 
underneath  the  jet.  Visible  luminescence  was  observed  from  CdSc  nanocrystals  deposited  onto 
quartz  substrates. 


Figure  2.  Cadmium  Selenide  nanocrystals 
deposited  at  low  kinetic  energy  in  argon  carrier 
gas.  The  main  TEM  micrograph  shows  the 
overall  size  distribution  and  the  inset  shows  a 
single  crystalline  8  nm  diameter  CdSc 
nanocrystal. 
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Hard  Impacts  (Ag  nanocrvstals  in  Heliuml 


To  demonstrate  hard  impaction  of  clusters,  we  ablated  silver  microparticles  and  deposited 
the  resultant  nanoclusters  onto  a  room  temperature  substrate.  At  large  velocities,  the 
nanocrystals  sintered  together  on  the  substrate  as  a  continuous  adherent  film.^*^^  Preliminary 
conductivity  measurements  as  well  as  cross-sectional  SEM  imaging  of  these  films  support  the 
conclusion  that  the  nanocrystals  form  dense,  sintered  compacts.  By  employing  a  micronozzle  for 
the  expansion  and  by  using  a  small  substrate-nozzle  distance  (~lmm),  the  width  of  the 
nanocrystal  jet  at  the  substrate  can  be  minimized.  Figure  3  shows  an  optical  micrograph  of  silver 
nanocrystals  deposited  on  a  translated  silicon  wafer  to  controllably  write  lines.  The  height 
profiles  of  these  lines  can  easily  be  made  in  the  10  - 100  p.m  range  with  widths  of  less  than  80  pm 
FWHM,  The  diffuse  edges  of  the  lines  are  due  to  Brownian  diffusion  within  the  Jet.  To  achieve 
sharp  edged  lines,  a  stencil  mask  can  be  used^'^^.  It  should  be  noted  that  these  lines  are  less  than 
half  the  nozzle  diameter  demonstrating  the  effectiveness  of  the  sheath  gas  both  at  reducing  radial 
particle  diffusion  in  the  jet  and  the  ability  to  aerodynamically  focus  the  jet. 

These  films  are  robust  and  adherent  when  deposited  on  silicon  wafers  from  a  helium  jet.  No 
indication  of  scratch  off  is  noted  when  the  film  is  measured  with  the  sharp  profilameter  scribe. 
This  demonstrates  qualitatively  the  onset  of  sintering  even  at  room  temperature.  Observations  of 
the  microstructure  within  the  deposited  silver  lines  revealed  a  variation  in  grain  structure  with 
impaction  energy.  At  lower  cluster  energies,  the  films  were  nanostructured  and  exhibit  numerous 
small  voids  with  coarsening  of  grains.  For  higher  energies,  better  compaction  was  seen  with  fewer 
voids  and  a  grain  structure  approaching  the  bulk.  Films  impacted  from  the  helium  jet  at  large 
deposition  energies  (~  0.3  eV/atom)  had  improved  conductivity  as  compared  to  silver  films 
deposited  in  argon. 


Figure  3.  Adherent  and  conductive  silver  lines  that  were  directly  written  from  silver 
nanocrystals  in  a  helium  jet.  A)  Optical  micrograph  of  a  serpentine  test  pattern,  B)  Profilometer 
scan  of  a  line  with  33  pm  FWHM  and  80  pm  base  width. 
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CONCLUSIONS  AND  FUTURE  WORK 


We  have  demonstrated  soft  impaction  of  CdSc  nanocrystals  in  an  argon  jet  and  hard 
impaction  of  Ag  nanocrystals  in  a  helium  jet.  Aerodynamical ly  focused  silver  nanoparticle  jets 
arc  capable  of  writing  patterns  of  narrow  conductive  lines  with  good  adhesion  to  the  substrate. 
Currently  we  arc  studying  the  variation  of  conductivity  and  film  microstructurc  with  particle 
kinetic  energy.  Luminescence  studies  of  semiconductor  nanocrystal  quantum  dots  are  underway 
to  determine  the  fraction  of  fluorescing  particles  and  their  quantum  yield.  To  incorporate  these 
particles  into  functional  optoelectronic  nanocomposites,  we  have  constructed  a  system  with 
allows  nanocrystal  deposition  as  described  above  followed  by  thin  film  passivation  with  a  larger 
band  gap  material  by  ion  beam  sputtering  or  pulsed  laser  deposition. 
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Abstract 


Nanocomposites  of  PMR-15  polyimide  and  a  diamine  modified  silicate  were  prepared  by 
addition  of  the  silicate  to  the  PMR-15  resin.  The  orientation  of  the  ion  exchange  diamine  within 
the  silicate  gallery  was  determined  by  x-ray  diffraction  and  found  to  depend  on  the  clay  cation 
exchange  capacity.  The  oligomer  melt  viscosity  exhibited  a  dependence  on  the  orientation  of  the 
diamine  in  the  silicate  interlayer,  and  in  some  cases,  on  the  length  of  the  diamine,  A  correlation 
was  observed  between  the  oligomer  melt  viscosity  and  the  crosslinking  enthalpy,  where 
nanocomposites  with  an  increased  melt  viscosity  exhibited  a  decrease  in  enthalpy  on 
crosslinking.  After  crosslinking,  those  nanocomposites  with  a  high  melt  viscosity  had  poorer 
thermal  oxidative  stability  compared  to  the  less  viscous  systems.  The  melt  viscosity  was  tailored 
by  co-exchange  of  an  aromatic  diamine  and  an  aliphatic  amine  into  the  silicate.  Nanocomposites 
prepared  with  this  silicate  exhibited  an  increase  in  thermal  oxidative  stability  compared  to  the 
neat  resin. 

Introduction 


The  durability  and  reliability  of  materials  used  in  aerospace  components  is  a  critical 
concern.  Many  of  these  applications,  in  particular  those  in  propulsion  components,  require  a 
high  glass  transition  temperature  (Tg),  high  temperature  stability  in  a  variety  of  environments, 
and  good  mechanical  properties  over  a  wide  range  of  temperatures.'  PMR  (Polymerization  of 
Monomer  Reactants)-  type  polyimides  are  thermosetting  polymers  which  combine  excellent 
processability,  mechanical  properties,  and  thermal  oxidative  stability  (TOS),  PMR-15  is 
commercially  available  and  prepared  in  two  .stages  from  three  monomer  reactants:  2- 
carbomethoxy-3-carboxy-5-norbomene  (nadic  ester,  NE),  4,4’-methylenedianiline  (MDA),  and 
the  dimethyl  ester  of  3,3’,4,4’-benzophenonetetracarboxylic  acid  (BTDE).  Curing  under  heat 
and  pressure  results  in  a  highly  crosslinked  network  structure.^  There  has  been  a  significant 
amount  of  research  aimed  at  increasing  the  TOS  of  PMR- 1 5  by  altering  the  structure  of  the 
diamine,^  the  dianhydride,^  or  the  end-cap"'.  An  alternative  to  modification  of  the  polymer,  as  a 
means  of  increasing  TOS,  is  the  dispersion  of  a  layered  silicate  in  the  polymer  matrix. 

Layered  silicates  have  quickly  become  recognized  as  useful  fillers  in  polymer  matrix 
composites.  Their  platelet  morphology  and  high  aspect  ratio  results  in  greatly  improved 
thermal,^  mechanical,'’  and  barrier  properties.^  A  number  of  papers  have  reported  improvements 
in  the  physical  properties  of  thermoplastic  polyimide  nanocomposites."  However,  the  majority  of 
work  in  thermosetting  polymers  has  focused  on  epoxy  systems.*^  The  purpose  of  the  work 
described  in  this  paper  was  to  investigate  the  TOS  of  PMR-15  nanocomposites.  Specifically  this 
research  was  focused  on  the  relationship  between  the  ion  exchange  diamine  chain  length  and 
orientation,  including  its  effect  on  the  oligomer  melt  viscosity  and  the  polymer  crosslink  density. 
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Experimental 


Bentonite  (Bcntolitc-H,  cation  exchange  capacity  (CEC)  =  90  nicq/IOOg)  was  received  from 
Southern  Clay  Products  and  will  be  referred  to  as  SCP  throughout  this  paper.  Montmorillonitc 
(PGV-gradc,  CEC  =  145  ineq/lOOg)  was  received  from  Nanocor  and  will  be  referred  to  as  PGV. 

PMR-15  resins  were  fabricated  in  several  steps,  as  illustrated  in  Figure  1.  The  monomers 
were  dissolved  in  methanol  (50  wt%)  followed  by  solvent  evaporation,  on  a  hot  plate,  at  60^  to 
70‘’C.  B-staging  the  mixture  at  204"  to  232"C  in  an  air  circulating  oven  produced  a  mixture  of 
low  molecular  weight  imide  oligomers.  The  oligomer  mixture  was  then  cured  in  a  mold  at 
315"C  under  2355  psi  to  produce  the  crosslinked  polymer.  The  polymer  was  post  cured  in  an  air 
circulating  oven  for  16  hours  at  3I5"C  to  further  crosslinking.  The  average  number  of  imide 
rings  was  kept  constant  by  using  a  stoichiometry  of  2NE/  (n+l)MDA/  nBTDE  (n=2.087) 
corresponding  to  an  average  molecular  weight  of  1500.'*’  The  method  used  in  the  preparation  of 
PlVIR-15  nanocomposites  was  identical  to  that  used  for  the  neat  resin,  except  that  the  organically 
modified  silicate  (1  wt%  to  7  wt%)  was  added  to  the  methanol  solution  of  the  monomers. 

Aromatic  diamines  were  used  for  ion  exchange.  They  included:  p-phenylcne  diamine 
(pPDA),  methylene  dianilinc  (MDA),  4,4’{1.4-phenylene-bismethylene)  bisanilinc  (BAX),  and 
4,4’-bis(4-aminobcnzyl)diphenylmethanc  (MMM).  Ion  exchange  of  the  interlayer  cations  of 
SCP  and  PGV  clays  with  the  protonated  forms  of  the  listed  amines  w'as  performed  by  dissolving 
the  amine  (5mmol)  in  450  niL  of  a  0.005M  aqueous  HCl  solution  at  60"C.  In  the  case  where  the 
diamine  did  not  dissolve  in  the  aqueous  solution,  ethanol  (25  -  50  mL)  was  added.  The  silicate 
(5g)  was  dispersed  in  the  solution  and  the  resultant  mixture  was  stirred  at  60"C  for  three  hours. 
The  solution  was  filtered  and  the  clay  was  washed  thoroughly  with  warm  water.  To  maximize 
the  amount  of  diamine  exchanged,  the  procedure  was  repeated  by  addition  of  the  organically 
modified  silicate  to  a  new  solution  of  protonated  amine.  A  total  of  three  exchange  reactions 
were  completed  for  each  silicate/  amine  system."  The  silicate  was  then  dried  overnight  in  a 
vacuum  oven  at  100"C.  Throughout  this  paper,  the  clays  modified  with  various  amines  will  be 
identified  by  the  silicate  and  the  ion  exchange  amine,  for  example,  SCP-amine  or  PGV-aminc  for 
the  organically  modified  forms  of  SCP  and  PGV  respectively. 

The  melt  viscosities  of  B-staged  nanocomposites  were  compared  by  measurement  of  the 
materials’  squeeze  flow  index  (SFI).'^  Comparison  of  the  SFI  gives  a  relative  indication  of  the 
melt  flow.  The  powders  (0.5g)  were  cold  pressed  into  a  pellet.  The  pellet  was  placed  between 
Kapton  sheets  in  a  25  ton  press  and  held  at  315"C  and  200  psi  for  two  minutes.  This  process 
resulted  in  a  circular  “splat”  of  resin,  due  to  the  resin  flow.  The  diameter  of  the  “splat”  was 
measured  in  several  places  and  the  average  was  used  to  calculate  the  area  of  resin  flow.  Each 
sample  was  run  in  triplicate. 
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Figure  1.  PMR-15  synthesis 

Results  and  Discussion 


The  aromatic  diamines  chosen  as  the  ion  exchange  material  were  similar  in  chemical 
structure  to,  or  the  same  as,  the  diamine  found  in  PMR-15.  Tethering  one  end  of  the  diamine  to 
the  silicate  leaves  the  second  free  for  reaction  with  BTDE  during  PMR-15  synthesis.  Wei  et  al^ 
demonstrated  this  as  a  viable  method  of  achieving  irreversible  swelling  of  the  silicate  in  a 
thermoplastic  polyimide  matrix. 

The  d-spacing  of  the  organically  modified  silicates  was  calculated  from  x-ray  diffraction 
(XRD)  data.  The  investigated  diamines  and  the  XRD  patterns  of  SCP  exchanged  with  each 
diamine  are  shown  in  Figure  2.  The  dooi  peak  of  untreated  SCP  appears  at  26  =  7.07'’  (d(K)i  = 

1.25  nm).  Ion  exchange  with  pPDA  shifts  the  peak  to  20  =  5.97°  (i)oi  =  1.48  nm).  After  this 
initial  increase  in  gallery  height,  there  is  little  change  in  d-spacing  as  the  number  of  phenylene 
linkages  in  the  diamine  increases.  Unlike  SCP,  ion  exchange  in  PGV  produces  a  monotonic 
increase  of  the  d-spacing  with  increasing  diamine  length. 

The  observed  variation  in  d-spacing  between  organically  modified  SCP  and  PGV  suggests 
that  the  exchange  diamines  may  adopt  a  separate  configuration  in  each  silicate.  Organically 
modified  SCP  shows  little  change  in  gallery  height  on  increasing  the  length  of  the  diamine, 
suggesting  that  the  longer  diamines  adopt  a  folded  conformation  within  the  silicate  gallery.  The 
increase  in  d-spacing  that  is  observed  on  ion  exchange  with  PGV  suggests  the  aromatic  diamines 
are  not  folding,  but  may  extend  away  from  the  silicate  surface.  However,  the  increase  in  gallery 
spacing  is  small  and  therefore  the  chains  are  likely  not  perpendicular  to  the  silicate,  but  may  lie 
at  an  inclined  angle  with  respect  to  the  silicate  surface. 

The  clays  differ  in  CEC  (PGV  =145  meq/IOOg,  SCP  =  90meq/100g)  therefore  fewer 
diamines  can  be  exchanged  with  SCP.  It  has  been  shown  that  the  orientation  of  alkyl  ammonium 
cations  within  a  silicate  gallery  is  dependent  on  the  chain  length  and  layer  charge  density  of  the 
clay.‘^’  Due  to  the  low  CEC  of  SCP,  there  is  a  large  surface  area  available  to  the  chains  so  that 
they  may  fold  back  toward  the  silicate  sheet.  As  the  CEC  increases,  the  chain  packing  density  of 
the  exchange  diamines  increases  and  the  available  surface  area  decreases.  This  may  prevent 
folding  and  force  the  diamines  away  from  the  silicate  surface,  resulting  in  the  observed 
dependence  of  PGV  d-spacing  on  the  aromatic  chain  length. 
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Figure  2.  Structures  of  the  diamines  used  in  ion  exchange  and  the  XRD  patterns  of  unmodified 
SCP  (bottom  pattern)  and  SCP  organically  modified  with  pPDA.  MDA.  BAX  and  MMM. 

A  comparison  of  the  amount  of  exchanged  diamine  was  made  by  thermogravimetric  analysis 
(TGA).'*'  Measurement  of  the  weight  loss  on  heating  the  untreated  clays  to  800*^0  gives  the 
content  of  adsorbed  and  structural  water  within  each  clay.  Heating  the  organically  modified 
clays  to  800‘’C,  and  subtracting  out  the  weight  loss  corresponding  to  water  content,  gives  an 
indication  of  the  amount  of  diamine  present.  TGA  measurements  suggest  that  an  average  of  33% 
more  diamine  by  weight  was  exchanged  into  PGV,  which  is  consistent  with  the  difference  in  the 
CEC  of  each  clay.  An  exception  is  the  ion  exchange  of  pPDA,  where  approximately  18%  by 
weight  more  diamine  is  exchanged  into  SCP. 

PMR-13/  silicate  nanocomposites  were  prepared  using  either  modified  SCP  or  PGV.  The 
silicate  dispersion  was  evaluated  by  XRD  and  transmission  electron  microscopy  (TEM).  All 
systems  showed  primarily  exfoliated  silicate  layers  with  regions  of  intercalation  evident  in  TEM. 
The  SFI  data  shown  in  Table  I  reveals  an  increase  in  the  oligomer  melt  viscosity  of  SCP 
nanocomposites  compared  to  the  neat  resin.  Nanocomposites  prepared  using  PGV  show  a 
similar  oligomer  melt  viscosity  increase  when  the  clay  has  been  ion  exchanged  with  pPDA  and 
MDA.  However,  nanocomposites  prepared  with  the  longer  chain  diamines,  PGV-BAX  or  PGV- 
MMM,  show  an  identical  or  an  increased  SFI.  This  suggests  a  similar  or  even  lower  oligomer 
melt  viscosity. 

The  energy  released  during  endcap  crosslinking  was  measured  by  high  pressure  differential 
.scanning  calorimetry  (HP-DSC)  for  B-staged  nanocomposites  and  is  listed  in  Table  I ,  HP-DSC 
thermograms  of  B-staged  SCP  nanocomposites  show  a  decrease  in  the  amount  of  energy  released 
during  the  crosslinking  reaction,  compared  to  the  neat  resin,  with  little  dependence  on  the  ion 
exchange  diamine.  In  B-staged  PGV  nanocomposites  there  is  an  increase  in  the  exotherm, 
compared  to  neat  PMR-15,  with  the  exception  of  PGV-pPDA. 

The  data  in  Table  I  suggests  a  correlation  between  the  oligomer  melt  viscosity  and  the 
crosslinking  enthalpy.  The  apparent  decrease  in  crosslinking  with  increased  oligomer  melt 
viscosity  suggests  that  polar  interactions  between  the  oligomer  and  the  silicate  surface  may  limit 
chain  mobility  and  increase  the  oligomer  melt  viscosity,  thus  decreasing  the  number  of  crosslinks 
formed  upon  curing. 

Typically,  an  advantage  of  polymer-clay  nanocomposites  is  an  improvement  in  the  polymer 
thermal  stability  over  that  of  the  neat  resin.  However,  PMR-15  is  a  fairly  stable  thermosetting 
polymer.  Disruption  of  its  highly  cros.slinked  structure  could  lead  to  a  reduction  in  the  TOS. 
Weight  loss  measurements  of  the  neat  resin  and  the  nanocomposites  over  1000  hours  at  288'’C 
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show  a  decrease  in  TOS  in  all  SCP  and  PGV  nanocomposites,  with  the  exception  of  PGV-MMM 
nanocomposites.  This  material  has  a  weight  loss  approximately  equal  to  PMR-15  and  is  the  only 
nanocomposite  with  an  oligomer  melt  viscosity  lower  than  the  neat  resin. 

Since  the  higher  oligomer  melt  viscosity  tends  to  decrease  the  nanocomposite  TOS, 
decreasing  the  melt  viscosity  of  the  B-staged  PGV-MDA  nanocomposite  should  yield 
improvements  in  TOS.  To  decrease  the  melt  viscosity  of  B-staged  PMR-15/  PGV-MDA,  PGV 
was  ion  exchanged  with  50  mol%  MDA  and  50  mol%  dodecylamine,  (C12).  The  longer  chain 
length  of  C 12  compared  to  MDA  should  keep  the  oligomer  from  close  contact  with  the  silicate, 
but  still  allow  reaction  between  the  tethered  diamine  and  BTDE. 

Table  I.  SFI  and  DSC  measurements  for  PMR-15  nanocomposites  prepared  with  modified  SCP 
and  PGV  clays.  The  clay  concentration  was  2  wt%. 


Sample  (clay 
modification) 

SFI  (cm") 
(SCP) 

DSC  (mcal/mg) 
(SCP) 

SFI  (cm") 
(PGV) 

DSC  (mcal/mg) 
(PGV) 

PMR-15 

93.3 

13.7 

93.3 

13.7 

PPDA 

77.0 

12.0 

67.83 

11.92 

MDA 

78.5 

10.3 

82.39 

14.5 

BAX 

81.7 

10.4 

93.3 

14.6 

4-ring 

73.9 

10.7 

108.7 

15.0 

Measurements  of  the  melt  viscosity  and  crosslinking  enthalpy  for  B-staged  nanocomposites 
prepared  with  the  mixed  amine  demonstrate  that  the  oligomer  melt  viscosity  and  crosslink 
density  can  be  manipulated  by  introduction  of  a  long  chain  alkylamine  onto  the  silicate.  Figure  3 
shows  the  TOS  of  the  PGV-(MDA-C12)  nanocomposites,  where  the  silicate  concentration  is 
increased  from  1  wt%  to  7  wt%.  It  should  be  noted  that  the  degradation  temperature  of  the 
alkylamines  is  near  the  processing  temperature  of  PMR-15  so  there  is  a  question  as  to  whether 
these  materials  degrade  during  processing.  There  is  ongoing  work  to  address  this  question.  Here 
it  is  assumed  that  the  aliphatic  amine  is  present  within  the  silicate  during  processing  and  is 
responsible  for  the  observed  decrease  in  oligomer  melt  viscosity.  Unfortunately,  the  low 
molecular  weight  alkyl  amine  can  act  as  a  plasticizer  in  the  polyimide  matrix,  reducing  the  Tg. 
The  Tg  of  neat  PMR-15  as  measured  by  DMA  is  345‘’C.  Addition  of  2  wt  %  PGV-MDA  results 
in  a  small  increase  to  348'’C,  where  addition  of  2  wt%  PGV-C12  lowers  the  Tg  to  330”C.  Co¬ 
exchange  of  MDA  and  Cl  2  results  in  a  Tg  of  340°C,  which  is  not  a  significant  change  in  the  Tg. 
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Figure  3.  Weight  loss  of  neat  PMR-15  and  nanoconipositcs  on  increasing  clay  concentration. 
The  silieate  is  PGV  modified  with  MDA  and  Cl 2. 

Conclusions 


The  orientation  and  paeking  density  of  the  aromatic  diamine  used  to  modify  bentonite  and 
montmorillonitc  clays  affects  the  oligomer  melt  viscosity  of  a  PMR-15/  silicate  nanocompositc. 
An  increase  in  oligomer  melt  viscosity  is  accompanied  by  a  decrease  in  the  oligomer 
cro.sslinking  enthalpy,  as  well  as  a  decrease  in  the  TOS  of  the  cured  nanocompositc.  The 
oligomer  melt  vi.scosity  can  be  modified  by  co-exchange  of  an  aromatic  diamine  and  a  long 
chain  alkyl  amine  on  the  clay.  Incorporation  of  PGV/(  MDA-C 1 2)  into  the  PMR- 1 5  matrix  has 
little  affect  on  Tg.  In  addition,  the  TOS  of  the  nanocompositc  is  improved  compared  to  the  neat 
resin  or  nanocomposites  prepared  with  clay  exchanged  only  with  the  aromatic  diamine.  Thus, 
use  of  PMR-15/  silicate  nanocomposites  is  a  viable  approach  to  improve  high  temperature 
stability. 
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ABSTRACT 

This  investigation  deals  with  the  production  of  materials  containing  a  dispersion  of  magnetic 
nanoparticles  in  an  insulating  matrix.  Such  a  distribution  of  magnetic  centers  is  expected  to 
absorb  electromagnetic  radiation  in  a  range  of  wavelengths.  Wustite-magnetite  and  magnesia- 
magnesioferrite  nanocrystalline  ceramics  have  been  prepared  by  mechanical  milling  and  spark 
plasma  sintering.  As-milled  powders  have  a  nanocrystalline  structure  in  both  systems.  Low 
energy  milling  gives  rise  to  an  increasingly  higher  volume  fraction  of  wustite  as  a  function  of 
milling  time  in  the  Fei.x0-Fe304  system.  Similar  results  are  obtained  in  the  MgO-MgFe204 
system  with  increasingly  larger  amounts  of  MgFe204  produced  by  milling.  Composites  of 
magnetic  particles  (Fe304  or  MgFe204)  in  a  nonconductive  matrix  (FeO  or  MgO,  respectively) 
are  found  in  the  sintered  samples.  Measurement  of  magnetic  properties  can  be  used  to  determine 
conclusively  the  nature  of  the  developed  phases  and  the  effect  of  grain  size. 

INTRODUCTION 

Materials  for  absorption  of  electromagnetic  waves  can  be  divided  into  basically  two  types.  One  of 
them  consists  of  pure  materials  such  as  ferrites  and  the  other  is  typically  a  composite  including  a 
polymeric  supporting  phase  and  a  magnetic  material  in  dispersion  or  forming  a  characteristic 
arrangement.  Ferrites  have  high  potential  for  electromagnetic  wave  absorption  since  they  have 
frequency  dependent  physical  properties  such  as  permittivity  and  permeability.  There  are  several 
investigations  on  the  frequency  dispersion  of  complex  permeability  in  polycrystralline  ferrite  [1- 
3].  Such  properties  depend  on  the  chemical  composition  of  the  ferrite  and  on  the  postsintering 
density,  grain  size,  porosity  and  inter  or  intragranular  porosity  [3].  On  the  other  hand,  composite 
wave  absorbers  are  also  commonly  produced.  Takada  et  al.  [4]  report  the  properties  of  a  Fer- 
rite/SiC  sintered  composite  showing  a  dependence  between  the  volume  fraction  of  ferrite  and  the 
absorption  properties.  Arrangements  of  aligned  thin  magnetic  metal  particles  in  polymers  have 
also  been  successfully  used  as  electromagnetic  wave  absorbers  [5].  Nevertheless  few  efforts  have 
been  made  to  evaluate  the  effect  of  a  nanostructure  (including  grain  size  and  scale  of  the 
magnetic  centers)  on  the  wave  absorbing  properties  of  this  type  of  materials.  This  investigation 
deals  with  the  production  of  a  wave  absorber  by  using  mechanical  milling.  Such  an  experimental 
method  produces  nanostructured  materials  usually  in  a  non  stable  condition  but  proper  heat 
treatment  can  be  used  to  achieve  the  desired  dispersion  of  nanomagnetic  particles  in  the 
insulating  matrix.  This  report  summarizes  the  production,  magnetic  properties  and 
characterization  of  materials  designed  for  electromagnetic  wave  absorption. 

EXPERIMENTAL  PROCEDURE 

Materials  containing  particles  of  MgFe204  (magnesioferrite)  in  a  Mg(i.x)FexO  (magnesio- wustite) 
matrix  and  particles  of  Fe304  (magnetite)  into  FCxO  (wustite)  have  been  produced  by  the 
mechanochemical  reaction  of  pure  components  in  low,  high  and  ultrahigh  energy  mills 
(horizontal,  planetary  and  Spex  mills,  respectively).  All  powder  handling  was  performed  in  an 
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Ar- filled  glove  box  with  an  oxygen  content  below  0.01  ppm.  Consolidation  of  powders  was 
performed  by  spark  plasma  sintering  (SPS).  Cylindrical  solid  samples  of  18  mm  or  13  min  in 
diameter  and  5  mm  of  thickness  were  produced  by  sintering  at  high  temperature  (873  to  1273  K) 
and  low  pressure  (30  MPa)  or  at  low  temperature  (673,  773  K)  and  high  pressure  (100  MPa). 
Microstruclural  characterization  was  done  by  means  of  X-Ray  diffraction  (Siemens  D-300,  Cukcx 
XRD),  scanning  electron  microscopy  (JSM-200,  SEM),  transmission  electron  microscopy 
(Hitachi  800,  TEM)  and  high  resolution  electron  microscopy  (Philips  CM300,  HREM). 
Measurement  of  magnetic  properties  was  made  in  a  vihrating  sample  magnetometer  (Riken 
Denshi  Co.,  VSM).  Identification  of  the  iron  containing  phases  was  made  by  Mossbauer  spectros¬ 
copy  (Source  Co-60,  MoS). 

RESULTS  AND  DISCUSION 

XRD  patterns  of  powders  in  the  Fcx0-Fe304  system  milled  in  a  horizontal  mill  indicate  a 
reduction  of  grain  size  and  a  variation  of  the  unit  cell  dimensions.  Fig.  la  .shows  the  XRD  of 
different  samples  milled  for  1000  h.  A  variety  of  starting  materials  has  been  used,  pure  FC3O4, 
Fe304  with  additions  of  Fe  or  C  and  Fe^O?  together  with  Fe.  The  obtained  XRD  patterns  have 
broad  intensity  maxima  at  similar  angular  positions  suggesting  the  formation  of  the  same  pha.ses 
in  all  cases.  The  angular  positions  expected  for  the  pure  phases  are  also  indicated  in  the  lower 
section  of  this  figure.  It  can  be  seen  that  the  experimental  angular  positions  do  not  correspond  to 
either  of  the  equilibrium  phases  (Fe.xO,  FezO.^  or  Fe304).  They  are  close  to  wustite  or  magnetite 
and  thus  the  experimental  peak  positions  can  be  interpreted  either  as  a  Fe-lean  non-equilibrium 
wu.stite  phase  or  as  a  Fe-rich  non-equilibrium  magnetite.  However,  consideration  of  the  peak 
displacements  suggests  that  an  Fe-lean  wustite  is  formed  during  milling  with  .some  minor 
amounts  of  magnetite.  The  Mg0-MgFe204  system  is  represented  in  Fig.  lb  that  shows  XRD 
patterns  corresponding  to  the  sample  MgO-4  cat.%  Fe  after  different  milling  times.  The  mixture 
was  prepared  with  powders  of  Fe^O.i  and  MgO  as  starting  materials.  Fig.  lb  shows  that  low 
amounts  of  Fe^O.^  can  be  dissolved  into  the  MgO  lattice  producing  lattice  distortions  that  give  rise 
to  variation  of  the  expected  angular  po.sitionso  of  MgO.  The  displacement  is  always  towards  large 
lattice  spacing  and  thus  it  is  likely  that  the  MgO  lattice  saturates  with  Fe  and  thus  the  as-milled 
microstructure  is  composed  mostly  of  Mg]  ^FexO.  Other  peaks  indicate  the  presence  of  MgFe204, 
especially  after  long  milling  times.  The  XRD  maxima  in  the  patterns  also  show  broadening 
indicating  a  reduction  of  the  crystal  size. 


Figure  1.  XRD  patterns  of  powders  after  milling  1000  h  in  a  horizontal  mill  from  the  Fcx0-Fe304 
system,  (b)  XRD  patterns  of  MgO-4cat.%  Fe  before  and  after  milling  in  a  Spex  mill. 
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Figure  2  shows  a  typical  view  of  the  grain  structure  of  the  as-milled  powder  particles.  In  this  case 
the  sample  is  Fe304  with  addition  of  12  wt.%  Fe  after  200  h  of  milling.  Nanosized  grains  can  be 
clearly  seen  with  an  average  size  of  10  ±  8  nm  (Fig.  2a),  The  corresponding  diffraction  pattern  is 
given  in  Fig.  2b,  the  somewhat  diffuse  rings  are  typical  of  fine  grained  materials  and  the  angular 
positions  allow  identification  of  the  phases  Fe304  and  FexO. 


Figure  2.  (a)  Dark  field  TEM  image  of  sample  Fe304+12  wt.%Fe  milled  in  a  horizontal  mill  for 
200  h.  It  was  taken  with  the  overlapping  reflections  (222)  of  Fe304  and  (111)  of  FcxO.  (b) 
Diffraction  pattern. 

Mdssbauer  spectroscopy  (MoS)  has  been  used  to  identify  the  nature  of  the  iron-containing 
phases.  Fig.  3a  shows  an  example  that  corresponds  to  pure  Fe304  milled  for  500  and  1000  h  in  a 
horizontal  mill.  They  consist  of  two  separate  sextets  (magnetic  effect,  see  i  and  ii)  and  one  pair  of 
overlapping  doublets  (paramagnetic  effect,  see  I  and  //).  Thus  only  two  phases  can  be  identified 
i.e.,  magnetite  and  wustite.  The  spectra  exhibit  a  magnetic  relaxation  as  a  function  of  the  milling 
time  i.  e.,  the  intensity  of  the  sextets  (magnetite  phase)  is  smaller  for  the  sample  milled  for  1000  h 
and  therefore  the  amount  of  Fei-xO  increases  with  longer  milling  times.  Quantitative  evaluation 
shows  an  increase  from  66.6  %  to  74  %  for  500  and  1000  h  of  milling.  In  addition,  the  spectra 
present  a  strong  absorption  asymmetry,  which  can  be  related  to  disordered  phases  or  nanosized 
grains.  These  results  suggest  that  during  milling  magnetite  transforms  into  wustite.  The  same 
tendency,  i.e.  formation  of  a  solid  solution,  is  found  for  the  other  investigated  mixtures.  Figure  3b 
shows  the  MdS  spectra  of  MgO  -  4  cat.%  Fe  milled  for  40  and  120  h  in  a  Spex  mill.  The 
spectrum  of  the  sample  milled  for  40  h  consists  of  two  sextets  (magnetic  effect,  see  i)  and  two 
doublets  (paramagnetic  effect,  see  ii).  The  magnesiowiistite  (Mgi-xFexO)  phase  produces  the  two 
doublets  and  the  magnesioferrite  (MgFe204)  the  two  sextets  in  the  MoS  spectrum.  Quantitative 
evaluation  shows  that  the  as-milled  powders  are  rich  in  magnesioferrite  (75%  refered  to  the  total 
amount  of  Fe-containing  phases)  with  low  amounts  of  magnesiowiistite.  On  the  other  hand,  the 
spectrum  of  the  sample  milled  for  120  h  consists  of  one  sextet  (see  I),  two  doublets  (see  11)  and 
one  singlet  (see  III).  The  doublets  are  related  to  magnesiowiistite  (a  total  content  of  80  %)  and  the 
sextet  is  due  to  pure  iron  (20  %).  These  results  suggest  that  the  mechanochemical  reaction 
between  MgO  and  Fe203  ends  before  120  h  of  milling  and  also  that  the  magnesioferrite  formed  at 
shorter  milling  times  (40  h)  transforms  into  magnesiowiistite  if  milling  is  continued  further. 
Measurement  of  magnetic  properties  of  as-milled  powders  also  indicates  the  formation  of  a  new 
magnetic  phase  during  milling  i.e.,  magnesioferrite.  Thus  a  similar  transformation  sequence  is 
observed  in  this  system  in  that  the  spinel  oxide  precedes  the  formation  of  the  solid  solution  i.e., 
Mg0+Fe203^Mg0+MgFe204^  Mg(|.x)FexO. 

Figure  4  shows  measurements  of  magnetization  (M)  as  a  function  of  applied  field  (H)  in  the 
wiistite-magnetite  system  after  mechanical  milling  in  a  horizontal  mill.  Measurements  of  samples 
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containing  magnetite  as  starting  material  show  a  decrease  of  saturation  magnetization  Ms  as  a 
function  of  milling  time.  A  different  behavior  is  observed  in  the  sample  prepared  with  hematite  as 
shown  in  Fig.  4a  (FeiO.i  +  15  wt,%  Fe),  where  Ms  shows  a  fluctuation  in  value.  The  monotonic 
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Figure  3,  MoS  spectra,  (a)  Pure  FC3O4  milled  500  and  1000  h  in  a  horizontal  mill,  (b)  MgO-4 
cat.%  Fe  powders  milled  40  and  120  h  in  a  Spex  mill. 


reduction  in  Ms  can  be  seen  in  Fig.  4b  (Ms  Vs  milling  time)  that  shows  a  summary  of  results  for 
the  as-milled  powders.  Such  a  trend  can  be  explained  by  the  transformation  of  magnetic  phases 
into  non-magnetic  phases  i.e.,  magnetite  and/or  iron  into  wiistite.  A  net  reduction  of 
approximately  50%  in  Ms  is  seen  when  comparing  Ms  values  after  50  and  1000  h  of  milling. 
However,  the  transformation  of  magnetic  phase  into  paramagnetic  wiistite  is  not  complete  even 
after  1000  h  of  milling  due  to  the  applied  low  energy  processing.  A  different  behavior  is  seen  for 
the  sample  prepared  with  FeiO.^  as  starting  material.  There  is  an  increase  of  the  M,  value  for 
milling  times  up  to  500  h.  Additional  milling  promotes  M.,  values  similar  to  those  found  for  other 
samples.  Apparently  FC2O3  first  transforms  into  Fc304upon  milling  and  then  to  Fe^O.  Therefore 
the  decomposition  sequence  appears  to  be  Fe+Fe203->Fc304-^FcxO.  This  can  also  be  predicted 
from  the  relative  values  of  the  oxides  free  energy  of  formation  [6].  Thus  the  initial  components 
have  a  definite  influence  on  formation  of  phases  during  milling.  On  the  other  hand,  the  central 
.sections  of  the  hysteresis  loops  are  magnified  and  shown  in  the  insert  of  Fig.  4a.  This  can  be  used 
to  evaluate  the  coercivity  of  the  as-milled  powders  (half  width  of  hysteresis  loop  with  no  induced 
field,  M).  As  seen  in  Fig.  4a,  the  coercivity  remains  constant  in  this  sample  as  a  function  of 
milling  time,  indicating  that  the  size  of  the  magnetic  domains  is  independent  of  such  a  variable. 


Figure  5  shows  representative  measurements  of  magnetic  properties  in  sintered  samples.  Fig.  5 
corresponds  to  pure  Fe304  milled  for  500  and  1000  h  and  sintered  at  1073  and  1173  K.  Lower 
saturation  magnetization  values  are  achieved  in  these  samples  with  respect  to  the  as-milled 
powders  (see  Fig.  4b).  This  suggests  that  a  phase  transformation  takes  place  during  the  sintering 
process,  most  likely  a  transformation  to  oversaturated  wiistite  (paramagnetic)  which  represents 
the  solid  solution  of  Fe  and  O.  This  phase  can  .still  transform  upon  aging  to  wiistite  and  magnetite 
in  metastable  equilibrium  as  shown  in  [7]  for  materials  prepared  by  conventional  melting 
techniques.  In  addition  the  relative  differences  among  the  curves  shown  in  Fig.  5  can  be  ex¬ 
plained  on  the  basis  of  two  effects  i.e.,  the  magnetic  domain  size  (s„,)  and  the  volume  fraction  of 
magnetite  (F).  A  higher  f,.  of  magnetite  produces  a  higher  M^  value  while  a  smaller  s,,,  gives  rise 
to  a  higher  coercivity.  The  central  sections  of  the  hysteresis  loops  have  been  magnified  and  are 
shown  in  the  insert  in  to  to  depict  the  differences  in  coercivity. 
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Milling  Time  (h) 


Figure  4.  Magnetization  curves  of  wustite  magnetite  system  after  milling  in  a  horizontal  mill,  (a) 
Fe203  +  15  wt.%  Fe.  (b)  Saturation  magnetization  (Ms)  as  a  function  of  the  milling  time. 

Thus  for  example  the  sample  milled  for  1000  h  and  sintered 
at  1073  K  contains  a  finer  distribution  of  magnetic  particles 
in  the  paramagnetic  FcxO  matrix.  However  in  all  cases  in 
Fig.  5,  the  formation  of  a  fine  dispersion  of  magnetic 
particles  in  a  matrix  of  FcxO  is  evident.  Therefore  it  is 
possible  to  control  the  magnetic  behavior  by  controlling  the 
milling  time  and  the  sintering  temperature. 

The  final  microstructure  after  SPS  depends  on  the  sintering 
conditions.  Low  sintering  temperatures  produce  microstruc¬ 
tures  composed  of  fine  nanograins  around  30  nm  in  average 
size  and  very  similar  to  the  microstructures  of  as-milled 
powders.  SPS  at  1073  K  gives  rise  to  equilibrium  phases  in 
most  cases.  In  addition,  the  grain  size  depends  on  the  processing  temperature.  For  example 
powders  of  pure  Fe304  milled  for  1000  h  produce  an  average  size  of  230  ±  120  nm  if  sintered  at 
1 173  K  while  a  value  of  150  ±  70  nm  is  found  for  sintering  at  1073  K.  In  general  sintering  below 
1073  K  allows  retention  of  the  nanocrystalline  grain  structure. 


H(KOe) 


Fig.  5.  Magnetization  curves  of 
sintered  Fe304  samples. 


As  sintered  samples  have  a  characteristic  dispersion  of  phases.  Fig.  6  shows  darks  field  images 
and  diffraction  patterns  of  some  grains  in  a  sample  sintered  at  1273  K  after  500  h  of  milling  with 
a  nominal  composition  of  Fe304  with  15  wt.%  Fe.  The  images  have  been  obtained  in  dark  field 
by  using  the  satellite  reflections  of  the  diffraction  patterns.  The  modulated  microstructures  are 
typical  of  an  spinodal  decomposition  process  (see  arrows).  Nucleation  by  an  spinodal  mechanism 
is  rarely  seen  in  ceramic  phases  and  it  can  appear  in  this  wustite  -  magnetite  system  among  other 
factors  because  of  the  close  structural  similarities  between  the  two  lattices.  The  oxygen  sublattice 
is  common  in  the  two  lattices  giving  a  perfect  coherency  between  the  two  phases  and  only  the  Fe 
content  changes  to  produce  the  typical  composition  modulation  on  the  spinodal  decomposition. 
The  microstructure  formed  during  sintering  has  been  also  observed  by  means  of  HREM.  Fig.  7 
shows  experimental  and  processed  images  of  the  sample  Fe304-15wt.  %  Fe  milled  for  200  h  and 
sintered  at  1173  K.  Two  different  orientations  are  given  in  this  figure  i.e.,  [100]  and  [110]  as 
shown  in  the  inserted  diffraction  patterns  obtained  from  a  Fourier  transform  of  the  experimental 
image.  The  experimental  images  (Figs.  7a  and  7c)  show  the  presence  of  domains  where  different 
spacings  of  the  structural  lattice  are  apparent.  Such  domains  can  be  seen  more  easily  in  the 
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milled  for  500  h  and  sintered  at  1273  K.  (a)  and 
reflections,  (b)  and  (d)  Electron  diffraction  patters  showing 


Figure  6.  TEM  images  from  Fe304-15wt.%  Fe 
(c)  Dark  field  images  form  [200] 
satellite  reflections. 

processed  images.  The  processing  consists  in 
creating  a  Moire  pattern  with  a  selected 
reflection  from  the  diffraction  pattern.  The 
differences  (if  any)  in  the  periodic  distribution 
created  by  domains  nucleated  independently  as 
in  the  case  of  an  spinodal  decomposition  can 
then  be  more  easily  observed. 

CONCl.UDING  REMARKS 

A  fine  distribution  of  magnetic  particles  in  a 
nonconduct  ive  matrix  can  be  produced  by 
mechanical  milling  and  sintering  in  the  systems 
FexO-Fe304  and  Mg0-MgFe204.  It  is  noticed 
that  phase  formation  is  related  to  the  relative 
values  of  the  energy  of  formation.  The  spinel 
phase  precedes  the  formation  of  the  oxygen 
solid  solution  in  both  systems  under 
investigation. 
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ABSTRACT 

Effect  of  a  crystalline-amorphous  interface  on  heat  conduction  has  been  studied  using  atom¬ 
istic  simulations  of  a  silicon  system.  System  with  amorphous  silicon  was  created  using  the 
bond-switching  Monte  Carlo  simulation  method  and  heat  conduction  near  room  tempera¬ 
ture  was  studied  by  molecular  dynamics  simulations  of  this  system. 

INTRODUCTION 

As  the  sizes  of  electronic  devices  decrease  an  increasing  amount  of  heat  has  to  be  dissipated 
by  ever  decreasing  volume  of  the  device  material.  The  details  of  device  structures,  namely 
interfaces,  surfaces  and  defects  in  them  affect  the  heat  conduction,  which  can  give  rise  to 
behavior  that  differs  drastically  from  behavior  in  bulk  materials  [1,2]. 

In  addition  to  the  interest  in  improving  the  heat  dissipation  from  electronic  components, 
different  nanostructures  can  be  utilized  to  decrease  heat  conduction  where  it  is  not  de¬ 
sired.  One  example  of  this  are  the  new  thermoelectric  devices  where  thermal  conduction 
is  reduced  by  ultra-short-period  superlattices  [3].  When  the  dimensions  of  nanostructures 
become  comparable  to  the  phonon  mean  free  path  in  the  material  the  Fourier  law  describ¬ 
ing  thermal  conduction  in  macroscopic  systems  becomes  inapplicable.  Heat  conduction  is 
influenced  -  among  other  things  -  by  phonon  scattering  from  interfaces,  by  phonon  inter¬ 
ference  and  the  modification  of  the  phonon  dispersion  relation  due  to  small  dimensions  of 
the  device.  These  events  can  be  included  in  kinetic  theories  of  heat  conduction  [4]  in  an  ap¬ 
proximate  way.  However,  in  order  to  get  a  reliable  estimate  how  the  atomic  level  structure 
of  the  device  influences  the  heat  conduction,  atomic  level  studies  are  needed. 

In  this  work  we  study  heat  conduction  through  an  interface  between  crystalline  (c)  and 
amorphous  (a)  material.  We  use  molecular  dynamics  (MD)  method  to  study  the  effect  of 
the  crystalline  silicon  and  amorphous  silicon  (c-Si/a-Si)  interface  on  the  heat  conduction 
near  room  temperature.  We  have  chosen  this  particular  system  with  only  structural  (not 
chemical)  differences  in  order  to  study  the  basic  effects  of  the  interface.  This  study  - 
which  is  interesting  on  own  right  -  serves  as  a  necessary  but  yet  insufficiently  explored 
precursor  for  investigating  perhaps  the  most  important  interface  in  electronics;  namely  an 
interface  between  crystalline  silicon  and  amorphous  silicon  dioxide. 
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COMPUTATIONAL  DETAILS 


Our  simulation  system  consisted  of  a  layer  of  a-Si  between  slabs  of  c-Si  (see  Fig.  3).  In 
order  to  avoid  complication  with  open  surfaces  periodic  boundary  conditions  were  applied 
in  all  three  dimensions.  However,  this  means  that  the  system  is  effectively  a  superlattice. 
Three  systems  (denoted  A,  B,  and  C)  with  different  sizes  were  studied  (sec  Fig.  3): 

A:  Lc.  =  29C)  A,  =  1 00  A,  d  =  32  A,  20736  atoms 

B;  Lc  =  187  A,  La  =  3SKd^  16  A,  2952  atoms 

C:  Lr.  =  187  A,  La  =  38  A,  d  =  32  A,  1 1808  atoms 

Initially  the  amorphous  part  of  the  system  was  prepared  by  using  the  bond-switching  Monte 
Carlo  algorithm  |5, 61.  In  this  method  a  continuous  random  network  (CRN)  of  atoms  is  con¬ 
structed  starting  from  a  perfect  diamond  lattice  by  introducing  disorder  through  switching 
bonds  between  neighboring  atoms  (sec  Fig.  I).  In  this  way,  four-fold  coordination  of  each 
atom  is  preserved  but  long-range  order  is  destroyed.  In  the  beginning  of  the  simulation  the 
system  was  mixed  by  applying  bond-switching  moves  without  rejection  on  the  average  two 
times  for  each  atom  in  the  system.  After  this  bond  switching  moves  were  continued  but 
this  time  the  move  was  accepted  by  using  the  .standard  Metropolis  algorithm.  Moreover,  all 
the  atomic  positions  were  relaxed  in  order  to  calculate  the  potential  energy  of  the  proposed 
state.  This  relaxation  was  performed  by  simulated  annealing  method,  which  is  known  to 
give  very  good  ’optimization’  results,  quite  slowly.  The  system  with  a  c-Si/a-Si  interface 
was  created  by  applying  the  bond  switches  only  to  the  center  part  of  the  system  that  was 
required  to  be  amorphous. 

The  bond-switching  method  requires  a  potential  model  that  uses  explicit  bonding  informa¬ 
tion.  Therefore,  we  cho.se  a  Keating-type  valence  force  field  (VFF)  potential  model  [7,81 
for  Si: 

E  =  Y,  h(k  -  60)"  +  '  E  *■»('■««  D„  -  ( I ) 

*  i^j 

where  the  sums  run  over  the  bonds  in  the  system  and  is  the  length  of  the  bond  i  and 
cosOij  is  the  angle  between  bonds  i  and  j  originating  from  the  same  atom.  Values  for  the 
constants  ki„  bo,  kg,  and  eos^o  were  taken  from  Ref.  [81.  In  addition  to  the  VFF  potential 
a  repulsive  potential  was  applied  between  those  atoms  that  were  not  the  nearest  or  next 
nearest  neighbors  according  to  the  bonding  infonnation  used  to  calculate  the  VFF  potential. 
This  prevented  atoms  that  were  not  bonded  to  come  too  near  to  each  other. 

The  system  created  using  the  bond-switching  method  was  relaxed  with  the  Stillingcr- Weber 
[91  potential  and  the  heat  conduction  through  the  interface  was  studied  by  using  this  po¬ 
tential  and  the  method  proposed  in  Ref.  [101.  This  is  particularly  suitable  to  study  heat 
conduction  through  interfaces,  because  it  docs  not  require  a  homogeneous  system.  More¬ 
over,  it  is  compatible  with  periodic  boundary  conditions  and  a  rapidly  convergent  quantity 
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Figure  I.  Principle  of  the  bond-switching  algorithm,  (a)  Initial  configuration,  (h)  Configuration  after  bond 
switching,  (c)  Configuration  after  energy  minimization. 

-  i.e.  temperature  gradient  -  is  calculated.  In  this  method  the  desired  heat  flux  J  is  gener¬ 
ated  into  the  system  by  exchanging  velocities  in  the  ’hot’  and  ’cool’  parts  of  the  system. 
This  creates  a  temperature  gradient  VT.  The  thermal  conductivity  k  is  calculated  based  on 
the  macroscopic  definition 

J  =  -fcvr.  (2) 

In  the  simulations  a  slab  with  width  of  8  A  at  the  center  of  the  amorphous  region  was  as¬ 
signed  as  the  hot  part  and  slabs  with  widths  of  4  A  at  the  both  ends  of  the  system  were 
assigned  as  cool  parts  (see  Fig.  3).  In  this  case  temperature  in  the  system  depends  only  on 
one  coordinate,  namely  x,  and  the  problem  reduces  to  one-dimensional:  J  =  -kdT/dx. 
In  a  homogeneous  system  the  temperature  profile  should  be  linear  and  the  thermal  con¬ 
ductivity  can  be  obtained  by  fitting  a  line  to  the  profile.  Conductivities  in  the  amorphous 
and  crystalline  parts  of  the  system  were  calculated  this  way.  Temperature  profiles  were 
calculated  as  averages  of  data  obtained  from  simulation  times  between  200-500  ps. 

The  amount  of  heat  flux  can  be  adjusted  by  varying  the  interval  between  velocity  ex¬ 
changes.  In  our  simulations  we  used  a  flux  of  J  =  3  x  10^  W/m^. 

RESULTS  AND  DISCUSSION 

In  Fig.  2  we  show  the  radial  distribution  function  of  the  amorphous  part  of  the  system  along 
with  the  recent  experimental  data  fl  1].  The  simulated  curve  is  convoluted  with  a  Gaussian 
in  order  to  make  it  comparable  with  the  experimental  data.  The  width  of  the  Gaussian 
was  chosen  such  that  the  width  of  the  first  peak  in  T(r)  is  the  same  for  the  experimental 
and  simulated  curves.  As  can  be  seen,  results  of  the  current  simulation  are  in  agreement 
with  the  experimental  data.  Also  shown  in  Fig.  2  is  the  bond  angle  distribution  which  is 
in  reasonable  agreement  with  other  simulation  studies  [12].  The  final  potential  energy  - 
given  by  the  VFF  potential  -  of  the  amorphous  part  of  the  system  was  0.74  eV/atom.  Note 
that  the  VFF  potential  has  zero  potential  energy  for  the  equilibrium  diamond  structure  of 
silicon.  In  Fig.  3  we  show  an  example  of  the  configuration  created  using  the  bond-switching 
simulation.  It  should  be  noted  that  not  all  the  crystalline  material  is  shown:  some  additional 
crystalline  material  are  added  on  both  sides  of  the  system. 
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Figure  2.  (a)  Radial  distrihiitiau  function  of  amorphous  silicon.  Solid  li/ic  is  the  result  of  the  bond-switching 
simulation  (convoluted  with  a  Gaussian }  and  dotted  line  is  e.vpcrimenud  data  from  Ref  1 1 1  j.  (h)  Bond  angle 
distribution  of  simulated  amorphous  silicon.  Dashed  line  denotes  the  tetrahedral  angle  of  the  perfect  diamond 
lattice. 


Simulations  of  the  interface  systems  yielded  the  following  values  for  the  thennal  conductiv¬ 
ity  in  the  amorphous  {ka)  and  crystalline  (^c)  regions:  system  A,  =  0.93  W/mK,  kc  =  13 
W/mK;  system  B,  =  0.85  W/mK,  k,  -  9  W/mK;  system  C,  k^  =  0.80  W/mK,  k,  = 
15  W/mK.  Uncertainties  due  to  fitting  procedure  are  approximately  5%  and  20%  for  the 
amorphous  and  crystalline  values,  respectively.  For  an  amorphous  silicon  system  without 
crystalline  parts  and  with  a  size  of  215  x  42  x  46  A'^  (20480  atoms)  thermal  conductivity 
of  k  =  1.11  ±  0.04  W/mK  was  obtained. 

Result  for  the  amorphous  system  without  interfaces  are  in  agreement  with  theoretical  and 
experimental  data  presented  in  Ref.  [13].  Values  of  the  thennal  conductivity  for  the  amor¬ 
phous  regions  in  the  interface  systems  are  not  very  far  from  that  of  the  pure  amorphous 
system.  Moreover,  the  dependence  on  system  size  is  not  very  strong,  indicating  that  even 
a  moderate  size  simulation  systems  are  sufficient  in  describing  thennal  conduction  realis¬ 
tically  in  amorphous  materials.  However,  the  values  for  the  crystalline  regions  are  at  least 
order  of  magnitude  lower  than  experimental  values  for  bulk  silicon  (160  W/mK  at  room 
temperature)  and  the  calculated  values  depend  on  the  system  size.  This  is  expected  since 
the  mean  free  path  of  the  heat  carriers  -  i.c.  phonons  -  in  crystalline  silicon  at  room  temper¬ 
ature  is  of  the  order  of  1000  A.  In  addition,  the  statistical  errors  in  the  curves  for  crystalline 
regions  in  Fig.  4  are  larger  than  for  the  amorphous  parts.  Finite  size  of  the  simulation  sys¬ 
tem  is  manifested  in  the  bending  of  the  temperature  profiles  at  the  ends  of  the  samples.  This 
gives  additional  uncertainty  to  the  results  for  the  crystalline  regions.  In  order  to  draw  quan¬ 
titative  conclusions  from  the  size  dependence  of  the  thermal  conductivity  more  extensive 
simulations  arc  needed. 
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Figure  J.  Example  of  a  configuration  of  a  simulation  system  containing  crystalline-amorphous  interface. 

No  thermal  boundary  resistance  could  be  observed  in  the  simulation  data.  This  probably 
partly  due  to  the  statistical  noise  in  the  data  and  partly  due  to  the  fact  that  the  two  materials 
are  not  very  different  as  far  as  phonon  properties  are  concerned. 

CONCLUSIONS 

We  have  studied  heat  conduction  through  an  interface  between  crystalline  and  amorphous 
silicon.  The  effect  of  the  interface  can  be  seen  clearly  in  the  temperature  profiles.  Results 
for  the  amorphous  regions  indicate  that  even  for  very  thin  layers  conductivity  values  turned 
out  to  be  near  the  bulk  values.  Values  obtained  for  the  crystalline  regions  show  larger  size 
dependence.  Due  to  the  statistical  noise  in  the  data  and  the  fact  that  the  two  materials  are 
not  very  different  no  thermal  boundary  resistance  was  observed.  This  study  is  currently 
being  extended  to  investigate  the  thermal  properties  of  an  interface  between  crystalline 
silicon  and  amorphous  silicon  dioxide. 
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ABSTRACT 

In  an  effort  to  explore  new  highly  resistive  soft  magnetic  materials,  Fe/Si02  nanocomposite 
materials  have  been  synthesized  using  a  wet  chemical  reaction  approach  in  which  the  precursor 
complex  was  annealed  at  various  temperatures.  The  crystallographic  structure,  nanostructure, 
morphology,  and  magnetic  properties  of  the  synthetic  Fe/Si02  particles  were  studied  by  x-ray 
diffraction,  transmission  electron  microscopy,  and  magnetic  measurements.  The  experimental 
results  show  that  for  this  approach,  the  a-Fe  particles  are  coated  with  amorphous  silica.  The 
progress  of  the  reaction,  the  purity  of  Fe/Si02  in  the  synthetic  powder,  and  the  Fe  particle  size 
are  highly  dependent  on  the  annealing  temperature.  By  adjusting  the  annealing  temperature,  the 
particle  size  can  be  controlled  from  approximately  20  nm  to  70  nm.  For  the  synthetic 
nanopowder  obtained  by  H2  reduction  at  400  ”C,  there  exists  a  superparamagnetic  behavior 
below  room  temperature;  while  for  the  nanopowders  obtained  by  reduction  at  higher 
temperatures,  the  ferromagnetic  behavior  is  dominant.  Based  on  these  studies,  optimum 
synthesis  conditions  for  Fe/Si02  nanocomposites  is  determined. 

INTRODUCTION 

The  application  of  soft  magnetic  materials  in  AC  electrical  and  electronic  devices  can  be 
divided  into  two  categories.  One  is  the  low  power  application,  such  as  magnetic  cores  in 
inductors.  In  this  case,  the  material  works  in  its  initial  (linear)  magnetization  region;  the 
frequency  range  can  be  from  100  Hz  to  10  GHz.  The  other  is  the  high  power  application,  such  as 
magnetic  cores  of  transfonners  or  chokes.  In  this  case,  the  material  works  in  a  high 
magnetization  region  (over  50%  of  its  saturation  magnetization).  Both  applications  require  soft 
magnetic  core  materials  which  possess  high  resistivity,  high  saturation  magnetization,  high  Curie 
temperature,  high  initial  permeability,  low  eddy  current  loss,  low  hysteresis  loss,  low  residual 
loss,  and  low  dielectric  loss.  The  advances  in  electronic  equipment  technology  are  in  the 
direction  of  increasing  the  operating  frequency,  which  creates  a  large  demand  for  high  frequency 
magnetic  core  materials. 

Originally,  metallic  alloys  possessed  the  best  soft  magnetic  properties  among  all  of  the  soft 
magnetic  materials,  but  their  extremely  low  resistivity  (10'^  12  cm)  make  them  inapplicable  for 
slightly  elevated  frequency  (>  50  kHz),  even  in  thin  ribbon  form.  To  overcome  this  problem, 
two  types  of  highly  resistive  magnetic  materials  have  been  developed:  ferrites  and  powder 
materials.  However,  ferrites  possess  low  saturation  magnetization  and  low  Curie  temperature, 
while  the  demagnetizing  factor  makes  the  penneability  of  powder  materials  very  low. 
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Nanocomposite  processing  has  resulted  in  new  opportunities  to  develop  novel  magnetic 
materials.  For  instance,  in  a  metal/insulator  nanocompositc,  resistivity,  which  is  the  major 
concern  at  high  frequencies,  can  be  dramatically  increased,  leading  to  significantly  reduced  eddy 
current  loss.  Meanwhile,  the  exchange  coupling  between  neighboring  magnetic  nanoparticles 
can  overcome  the  anisotropy  and  demagnetizing  effects,  resulting  in  better  soft  magnetic 
properties  than  conventional  materials  [I],  Based  on  this  idea,  nanocomposite  thin  films  with 
significantly  improved  high  frequency  properties  have  been  developed  [2,3].  However,  the  thin 
film  techniques  cannot  be  used  to  produce  bulk  components.  In  an  earlier  report,  a  study  was 
presented  which  concerned  Co/Si02  nanocomposite  high  frequency  soft  magnetic  materials. 
These  materials  were  fabricated  using  chemical  synthesis  and  powder  processing,  suitable  for 
mass  production  of  bulk  sizx  magnetic  components  [4].  In  addition,  the  Fe/SiOi  nanocomposite 
system  has  also  been  developed.  Here,  the  structural  and  magnetic  property  studies  on  the 
synthetic  Fc/Si02  nanoparticlcs  arc  presented. 

EXPERIMENTAL 

Fe/Si02  nanocomposites  were  synthesized  using  a  wet  chemical  solution  technique  [5]. 
Solutions  of  Fc-  and  Si-containing  precursors  were  prepared  separately  in  alcohol  with  controlled 
pH,  reaction  time,  and  temperature,  to  form  precomposite  precipitates  in  solution.  The 
precipitated  nanoparticle  suspensions  were  dried  in  an  oven  to  obtain  a  precomposite  powder, 
which  was  then  transferred  to  a  high-temperature  crucible  in  an  environmental  furnace.  The 
prccompositc  powder  was  then  thcnnochemically  converted  into  a  metal-ceramic  Fe/Si02 
nanocomposite  powder  in  the  presence  of  a  reducing  agent  at  temperatures  from  400  °C  to  900 
°C.  The  nanocomposites  were  passivated  in  oil  to  prevent  oxidation.  The  oil  was  finally  washed 
away  by  an  organic  solvent. 

Characterization  of  the  ciystal  structure  and  particle  size  of  the  synthetic  powders  were 
carried  out  using  x-ray  diffraction  (XRD)  with  Cu  Kai  radiation.  The  nanostructure  of  the 
Fe/Si02  particles  was  also  examined  using  high-resolution  transmission  electron  microscopy 
(HRTEM)  and  Mossbauer  effect  (ME)  experiments.  Static  magnetic  properties  of  the  synthetic 
NiFc204  nanoparticlcs  were  measured  using  a  Quantum  Design  SQUID  magnetometer  at 
temperatures  between  10  K  and  300K. 

RESULTS  AND  DISCUSSION 


Structure 


In  the  synthesis  procedures  of  the  Fc/Si02  nanoparticlcs,  the  FT  reduction  treatment  of  the 
precursor  is  the  most  critical  step.  In  a  previous  paper,  it  was  mentioned  that  the  precursor 
consisted  of  ferrihydrite  (5Fc204»9H20)  and  Fe2Si04  [6].  By  annealing  the  precursor  in  IT  at 
different  temperatures,  they  gradually  convert  into  bcc  a-Fe.  We  refer  the  reader  to  Ref  [6]  for 
a  detailed  discussion  of  the  ferrihydritc-to-Fe  conversion.  Here,  we  focus  on  the  crystal  stmeture 
and  moiphology  of  these  (Fe)v/(Si02)i-v  nanoparticlcs,  where  v  represents  volume  percentage. 
Figure  1  shows  the  XRD  patterns  of  the  synthetic  (Fe)5o/(Si02)5o  powder  samples  obtained  by 
reducing  the  precursor  in  hydrogen  at  400,  600,  and  900  '"C  for  3  hours.  For  comparison,  the 
figure  also  includes  the  XRD  pattern  of  a  bulk-size  conventional  Fc  sample.  The  XRD  results 
indicate  that  all  of  the  synthetic  (FcXsn/(Si02)?n  powders  have  the  same  bcc  structure.  Chemical 
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analysis  was  perfonned  for  the  nanoparticles  as  synthesized,  and  the  content  for  Si02  is  48.7%  in 
volume  for  (Fe)5o/(Si02)50  sample.  As  shown  in  the  figure,  there  is  no  trace  of  any  Si02  XRD 
lines,  implying  that  the  Si02  is  in  an  amorphous  state.  From  the  linewidth  of  the  main  peak  at 
44.6®  the  mean  particle  size  for  the  Fe  nanoparticles  was  calculated  according  to  the  Scherrer 
equation  [6].  Our  results  show  that  the  Fe  particle  size  increases  with  increasing  H2  reduction 
temperature  in  general;  however,  other  processing  parameters  affect  the  particle  size  as  well.  For 
example,  at  the  same  H  reduction  temperature  of  600  °C,  the  resultant  Fe  particle  size  can  vary 
between  20  nm  to  70  nm. 


Figure  1.  XRD  patterns  for  Fe/Si02  nanoparticles  and  microsized  (bulk)  Fe  particle. 


Amorphous 

SiOz 


Si^€jrystaHinG  Fe 


Figure  2.  A  typical  TEM  image  showing  the  morphology  of  Fe/SiOz  nanoparticles. 

High-resolution  transmission  electron  microscopy  experiments  were  used  to  study  the 
nanostructure  of  the  synthetic  Fe/SiOz.  Bright  field  images,  electron  diffraction,  and  lattice 
images  were  carried  out.  A  typical  HRTEM  image  showing  the  morphologies  of  the 
Fe5o/(Si02)5o  nanoparticle  materials  is  presented  in  Figure  2.  This  image  shows  a  nanoparticle 


239 


where  the  inner  Fe  core  and  the  outer  Si02  cover  are  distinguished.  Transmission  electron 
microscopy  observations  clearly  show  that  the  outer  Si02  cover  is  amorphous.  Another 
interesting  result  obtained  from  TEM  is  that  the  outer  cover  and  the  inner  Fc  core  arc  in  close 
contact  all  around  the  interface. 

Static  magnetic  properties 

Figure  3  shows  typical  magnetization  curves  measured  at  10  K  and  300  K  for  Fe?o/(Si02)5o 
powder  sample  reduced  in  H2  at  700‘’C.  It  can  be  seen  from  the  figure  that  the  magnetization 
curve  is  close  to  saturation  in  a  field  of  6  kOc.  The  saturation  magnetization  of  the  powder  is 
obtained  to  be  7095  G.  Figure  4  shows  the  saturation  magnetization  as  a  function  of  the  FI2 
reduction  temperature.  Starting  from  400"C,  reducing  at  an  elevated  temperature  makes  the 
ferrihydrite  and  Fe2Si04  phases  more  completely  converted  to  bcc  a-Fe,  thus  the  saturation 
magnetization  increases  with  increasing  reduction  temperature. 
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Figure  3.  Magnetization  cuiwes  of  the  400T  reduced  Fe5o/(Si02)5o  nanopowder  sample 
measured  at  1 0  K  and  300  K. 


10000 

z 

O  9000 
5  8000 
^  7000 

^  6000 
5000  \ 

a  4000 
g  5000 
K  ?nnn 
a  1000 


t 


8 

10  K 

300  K 

8 


200  400  600  800  tOOO 

K  REDUCTION  temperature  (C) 


Figure  4.  The  variation  of  saturation  magnetization  with  H2  reduction  temperature  for 
Fe5o/(Si02)5n nanopowder  samples  measured  at  lO  K  and  300  K. 


As  shown  in  Figure  3,  the  magnetization  curves  measured  at  10  K  and  300  K  for  the  700‘"C 
annealed  Fe5o/(Si02)5o  sample  arc  very  close.  This  is  due  to  the  high  Curie  temperature  of  a-Fc 
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(>  700  °C).  However,  for  the  400®C  annealed  sample,  its  magnetization  curves  shown  in  Figure 
5  are  quite  different;  a  significant  decrease  in  saturation  magnetization  occurs  going  from  10  K 
to  300  K.  In  order  to  gain  additional  information,  a  low  field  measurement  of  the  magnetization 
temperature  dependence  was  carried  out.  In  this  measurement,  the  sample  was  cooled  from 
room  temperature  to  4.2  K  in  a  zero  magnetic  field  (ZFC),  and  then  a  100  Oe  field  was  applied. 
The  magnetization  variation  was  measured  with  increasing  temperature  up  to  360  K,  followed  by 
decreasing  temperature  (FC)  to  10  K.  The  results  are  plotted  in  Figure  6.  The  curve  shows  a 
superparamagnetic  relaxation  behavior  with  a  rather  broad  blocking  temperature  distribution. 
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Figure  5.  Magnetization  curves  of  the  700"C  reduced  Fe5o/(Si02)5o  nanopowder  sample 
measured  at  1 0  K  and  300  K. 
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Figure  6.  Magnetization  as  a  ftinction  of  temperature  for  the  Fe5o/(Si02)5o  nanopowder  reduced 
in  H2  at  400  °C.  The  arrows  indicate  the  direction  of  the  temperature  variation. 

CONCLUSION 

A  wet  chemical  approach  is  developed  for  synthesizing  Fe/Si02  nanoparticles.  By  reducing  the 
precursor  with  a  controlled  H2  atmosphere,  temperature  and  time  period,  the  conversion  into  a- 
Fe  can  be  completed  and  the  particle  size  can  be  controlled.  In  this  Fe/Si02  nanocomposite,  the 
Si02  is  in  an  amorphous  state  which  plays  as  a  network  coating  the  Fe  nanoparticles. 
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ABSTRACT 

Transparent  polymeric  material  with  enhanced  thermal,  mechanical  and  barrier  properties 
are  of  special  interest  for  advanced  structural,  optical  and  photonic  applications.  The  present 
paper  reports  a  novel  solution  processing  scheme  for  fabricating  optically  transparent  polymer 
nanocomposites  involving  organophilic  layered  silicates.  It  is  shown  that  the  nanocomposite 
material  prepared  with  PMMA  and  an  organically  modified  montmorrilonite  maintains  the 
excellent  optical  transparency  of  PMMA.  Small-angle  x-ray  scattering  of  the  polymer 
nanocomposite  material  does  not  show  any  Bragg’s  reflection  of  the  organophilic  layered 
silicate.  The  optical  transparency  of  the  nanocomposite  material  is  attributed  to  a  high  degree  of 
exfoliation  of  the  montmorrilonite  in  the  polymer  matrix. 

INTRODUCTION 

Organic  and  inorganic  fillers  are  commonly  used  to  enhance  polymer  performance. 
Among  the  various  inorganic  fillers,  nanoscale  layered  silicates,  which  have  a  sheet-like 
structure  and  an  extremely  large  surface  area  (700  mVg  vs.  150  m^g  for  carbon  black)  [1],  are 
especially  attractive  for  conferring  thermal,  mechanical  and  barrier  properties  to  polymeric 
materials  for  specific  applications.  The  organic  affinity  of  the  nanophase  fillers  can  be  modified 
by  cation  exchange  with  organic  salts  to  tailor  the  structure  and  properties  of  the  resulting 
polymer  composite  material.  Individual  platelets  of  nanoscale  layered  silicates  have  a  length 
scale  smaller  than  the  wavelength  of  visible  light.  As  a  result,  they  may  be  used  to  reinforce 
organic  polymers  such  as  PMMA  and  polycarbonate  without  significantly  degrading  their  optical 
clarity.  The  transparent  polymer  nanocomposite  material  has  potential  for  advanced  applications 
in  protective  coatings,  windows,  and  integrated  optical  devices  [2]. 

In  order  to  achieve  the  maximum  reinforcement  of  the  layered  silicates,  their  unit  layers 
must  be  uniformly  dispersed  in  the  polymer  matrix  and  have  strong  interaction  with  the  polymer 
[3].  Various  methods,  such  as  solution  mixing  [4,5],  melt  mixing  [6,7],  and  in-situ 
polymerization  [8,9],  have  been  used  to  disperse  layered  silicates  into  organic  polymers. 
However,  except  a  very  few  cases  [9,10],  results  are  usually  a  composite  material  containing 
both  intercalated  and  exfoliated  layered  silicates.  Normally,  such  a  phase-separated  composite 
material  does  not  lead  to  significant  improvement  in  thermal,  mechanical  and  barrier  properties 
over  its  host  polymer.  The  only  system  that  exhibits  dramatic  property  improvement  is  the  nylon 
6-montmorrilonite  nanocomposites  obtained  by  in-situ  polymerization.  This  composite  material 
contains  highly  exfoliated  montmorrilonite  unit  layers  that  are  uniformly  dispersed  in  the 
polymer  matrix.  As  the  in-situ  polymerization  of  nylon  6  from  caprolactam  is  initiated  by  the 
amino  acid  counter  ions  on  the  surface  of  the  montmorrilonite,  it  is  believed  that  the  interfacial 
nylon  molecules  are  tethered  to  the  layered  silicate  through  the  organic  salt. 
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In  the  present  study,  a  novel  solution  processing  scheme  is  devised  to  produce  optically 
transparent  PMMA-montmorrilonite  nanocomposites.  The  nanodispersion  of  an  organically 
modified  montmorrilonite  (OMM)  in  PMMA  is  achieved  by  mixing  in  a  common  solvent  with 
ultrasonic  agitation.  The  composite  solution  is  sprayed  into  a  fmc  mist  to  result  in  a  rapid 
removal  of  the  solvent  and  thereby,  to  obtain  the  nanodispersion  of  the  OMM  in  the  polymer 
matrix.  The  x-ray  scattering  patterns  and  optical  transmission  spectra  of  the  sprayed  polymer 
composite  films  arc  compared  with  those  obtained  from  the  composite  films  prepared  by  the 
conventional  solution  casting  method. 

EXPERIMENTAL 

Materials 


The  OMM  used  in  this  study  is  Cloisitc  6A  (C6A)  from  Southern  Clay  products.  Inc. 
This  montmorrilonite  is  cation-exchanged  with  1.40  meq/g  of  dimethyl  dehydrogenated  tallow 
ammonium  from  a  sodium  montmorillonitc,  Cloisitc  Na"^  (CNa).  Since  the  cation-exchange 
capacity  of  CNa  is  0.92  -  0.95  meq/g,  therefore  the  C6A  unit  layers  are  covered  with  about  50% 
excess  of  the  surfactant.  The  characteristic  d-spacing  of  C6A  is  36.4  A.  The  PMMA  was 
obtained  from  Scientific  Polymer  Products.  It  has  a  weight-average  molecular  weight  of  63,000 
g/mol  and  a  polydispersity  of  1.7.  The  solvent  used  is  xylene  from  Aldrich  Chemicals. 

Sample  Preparation 


In  this  study,  composite  solutions  of  PMMA  and  C6A  were  prepared  by  adding  PMMA 
to  a  2%  C6A  solution  in  xylene.  The  final  solutions  had  a  concentration  of  approximately  12 
wt%  solid  content.  Two  mixing  methods,  i.e.,  mechanical  stirring  and  ultrasonic  agitation,  were 
applied  to  preparing  the  solutions  and  the  detailed  processing  conditions  arc  provided  in  Table  1. 
The  ultrasonic  agitation  vessel  was  immersed  in  an  ice  water  bath  to  control  the  temperature. 

The  solutions  were  immediately  used  after  mixing  for  preparing  the  polymer  composite  films  by 
a  spraying  or  a  casting  method.  The  spraying  was  carried  out  using  a  Paaschc  single  action- 
gravity  feed  airbrush  with  a  0.635mm  diameter  nozzle  under  a  pressure  of  20  psi.  The  films 
were  sprayed  on  a  glass  substrate  from  a  distance  of  15  cm.  The  various  polymer  composite 
samples  prepared  are  denoted  by  their  solution  preparation  and  film  forming  methods.  For 
example,  a  D-C  film  indicates  the  sample  prepared  from  solution  D,  followed  by  the  solution 
casting  method.  All  the  polymer  composite  films  characterized  had  been  vacuum  dried  at  SOX 
overnight. 

Characterization 

Small-angle  x-ray  scattering  (SAXS)  was  used  to  probe  the  dispersion  of  C6A  in  the 
polymer  composites.  It  was  performed  using  an  Ultrax  18  rotating  anode  generator  equipped 
with  a  Statton  camera.  CuKa  radiation  (X  =  1.5418  A)  with  a  graphite  monochromator  was  used 
at  an  accelerating  voltage  of  50kV/150mA.  The  x-ray  scattering  patterns  were  recorded  on 
phosphor  image  plates.  UV-visible  spectra  of  the  polymer  composite  films  were  measured  over 
a  wavelength  range  from  200  to  1000  nm  with  a  Hewlett  Packard  8453  spectrophotometer  at 
ambient  conditions. 
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Table  1.  Composite  solution  preparation  conditions 


Solution 

C6A/xylene 

PMMA/C6A/xylene 

A 

Mechanical  stirring/ 1  hr 

Mechanical  stirring/1  hr 

B 

Mechanical/ 1  hr  +  Ultrasonic/3  hrs 

Mechanical  stirring/ 1  hr 

C 

Mechanical/1  hr+  Ultrasonic/3  hrs 

Ultrasonic  agitation/1  hr 

D 

Mechanical/ 1  hr  +  Ultrasonic/3  hrs 

Ultrasonic  agitation/3  hrs 

E 

Ultrasonic  agitation/1  hr 

Ultrasonic  agitation/1  hr 

F 

Mechanical  stirring/ 1  hr 

Ultrasonic  agitation/3  hrs 

RESULTS  AND  DISCUSSION 

Small-angle  x-ray  scattering  was  used  to  probe  the  nanodispersion  of  C6A  in  both 
sprayed  and  cast  composite  films.  The  as  received  C6A  has  a  d-spacing  of  36.4  A,  which 
decreases  to  34A  after  C6A  is  vacuum  dried  at  80‘^C.  However,  after  C6A  is  dissolved  in  xylene 
and  then  vacuum  dried  at  80°C,  it  shows  a  d-spacing  of  31.6A.  It  suggests  that  once  C6A  is 
dissolved  in  xylene,  some  dimethyl  dehydrogenated  tallow  ammonium  is  removed  from  the  C6A 
surface  resulting  in  the  smaller  d-spacing.  Figure  1  shows  the  x-ray  scattering  pattern  of  a  D-C 
composite  film.  The  film  exhibits  a  basal  spacing  of  38.2A,  indicating  PMMA  molecules  have 
migrated  into  the  C6A  gallery  and  formed  an  intercalated  polymer  composite  material.  The  flat- 
view  scattering  pattern  of  the  polymer  composite  suggests  that  the  intercalated  C6A  platelets  are 
uniformly  dispersed  in  the  film,  while  the  edge-view  pattern  indicates  that  the  C6A  platelets  are 
oriented  to  some  degree  in  the  plane  of  the  film,  giving  rise  to  stronger  scattering  intensity  in 
equatorial  direction. 


(a)  (b) 

Figure  1.  X-ray  scattering  pattern  of  a  D-C  composite  film:  (a)  flat-view  and  (b)  edge-view. 

The  D-S  composite  film  did  not  show  an  x-ray  scattering  pattern  of  significant  intensity 
in  either  flat-view  or  edge-view  test  configuration.  Figure  2  compares  the  intensity  scan  in 
equatorial  direction  of  the  flat  view  scattering  pattern  of  a  D-C  composite  film  with  that  of  a  D-S 
composite  film.  The  sprayed  composite  film  shows  minimal  scattering  intensity  due  to  Bragg’s 
reflection  from  the  basal  spacing  of  the  layered  silicate.  It  suggests  that  the  OMM  was  exfoliated 
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in  Ihc  D-S  composite  film.  Since  the  D-C  and  the  D-S  composite  films  were  prepared  from  the 
same  solution,  the  distinct  morphologies  of  the  two  films  must  arise  from  the  different  film 
forming  processes.  In  order  to  cast  optically  clear  and  surface-smooth  polymer  composite  films, 
solvent  evaporation  was  controlled  at  a  considerably  slow  rate.  Previously,  it  was  found  that 
when  the  solvent  of  a  polymer  composite  solution  of  layered  silicates  is  removed  to  a  certain 
extent,  the  solution  forms  a  gcl-likc  structure.  This  gcl-likc  structure  gradually  builds  up  as  the 
layered  silicate  platelets  orient  themselves  towards  a  position  of  minimum  free  energy  under  the 
influence  of  Brownian  motion  [11].  Upon  coalescing  of  the  platelets,  polymer  chains  arc 
entrapped  in  between  platelets  resulting  in  a  basal  spacing  of  38-40A.  In  the  sprayed  films,  the 
solvent  was  removed  so  rapidly  that  the  system  did  not  have  an  opportunity  to  reach  the 
equilibrium  state.  As  a  result  the  composite  film  retained  the  nanodispersion  of  the  layered 
silicate  platelets  in  the  polymer  matrix  as  that  in  the  composite  solution. 


Figure  2.  X-ray  intensity  scan  of  a  sprayed  and  a  cast  composite  film  prepared  from  solution  D 
(intensity  vertically  shifted  for  clarity). 


A  scries  of  composite  films  were  prepared  by  the  spray  method  from  the  various 
composite  solutions.  Their  x-ray  intensity  scan  in  equatorial  direction  of  the  llat-vicw  scattering 
pattern  is  shown  in  Figure  3.  It  indicates  that  A-S  composite  film  sprayed  from  solution  A  had 
the  characteristic  basal  reflection  of  intercalated  structure.  Since  the  same  spray  method  was 
used  to  prepare  A-S  as  well  as  D-S  composite  film,  the  difference  in  the  morphology  must 
originated  from  their  composite  solutions.  This  points  out  that  mechanical  stirring  alone  is 
insufficient  to  exfoliate  C6A  into  individual  unit  layers  in  the  composite  solution.  The  films  that 
showed  the  highest  dccrca.se  in  the  degree  of  coherent  layer  stacking  were  those  sprayed  from 
solutions  D  and  F,  which  had  experienced  the  longest  ultrasonic  agitation  after  the  addition  of  the 
layered  silicate.  The  initial  ultrasonic  agitation  of  C6A/xylcnc  solution  did  not  seem  to  facilitate 
the  subsequent  exfoliation  of  the  layered  silicate  in  the  composite  solution,  which  may  be  due  to 
a  poor  chemical  affinity  between  PMMA  and  C6A.  When  the  composite  solution  is  under 
ultra, sonic  agitation,  high  intensity  energy  is  introduced  into  the  solution  keeping  the  layered 
silicate  platelets  in  constant  motion  and  dissociated  from  one  another.  The  lack  of  basal 
reflection  in  D-S  composite  film  pattern  suggests  that  using  ultrasonic  agitation  to  disperse 
layered  silicates  in  polymer  solutions  achieves  exfoliation  even  when  the  silicate  concentration  is 
moderately  high  (20%  wt). 
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Figure  3.  X-ray  intensity  scan  of  various  sprayed  composite  films  (vertically  shifted  for  clarity). 

The  optical  transmittance  of  several  sprayed  and  cast  composite  films  is  shown  in  Figure 
4.  The  transmittance  was  measured  with  a  UV-Vis  spectrometer  over  a  wavelength  range  from 
200  to  1000  nm.  Figure  4  shows  that  the  most  optically  clear  composite  films  have  a 
transmission  between  80  and  90%  in  the  visible  light  region.  However,  the  optical  transmission 
of  the  cast  composite  films  was  relatively  poor,  especially  in  the  low  wavelength  region.  This 
indicates  that  the  cast  films  contain  layered  silicate  particles  that  are  large  enough  to  scatter  the 
visible  light.  The  result  suggests  that  the  present  processing  scheme  may  open  new  windows  for 
achieving  nanodispersion  of  layered  silicates  in  organic  polymers,  even  when  the  polymer  is 
incompatible  with  the  layered  silicate. 


Wavelength  (nm) 

Figure  4.  Optical  transmittance  of  sprayed  and  cast  PMMA/C6A  composite  films. 
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CONCLUSIONS 


A  novel  solution  processing  scheme  was  devised  to  produce  optically  transparent 
polymer  nanocomposites  of  layered  silicates.  In  the  processing  scheme,  ultrasonic  agitation  is 
utilized  to  achieve  nanodispersion  of  an  organophilic  layered  silicate  in  the  composite  solution  of 
a  choice  polymer.  Then  the  solvent  is  rapidly  removed  by  spraying  the  composite  solution  into  a 
fine  mist.  This  rapid  solvent  removal  greatly  curtails  the  phase  separation  kinetics  of  the  layered 
silicates,  even  though  it  may  be  thermodynamically  favored.  It  is  shown  that  PMMA/C6A 
nanocomposites  (20  wt%  of  the  layered  silicate)  prepared  by  the  present  processing  scheme  have 
an  optical  transmission  greater  than  80%  in  the  visible  light  region.  This  processing  scheme 
opens  new  processing  windows  for  achieving  polymcr/laycrcd  silicate  nanocomposites  even  if 
the  polymer  may  not  be  compatible  with  the  layered  silicate. 
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ABSTRACT 

Faceting  in  a  polyhedral  rutile  particle  was  modeled  from  transmission  electron 
microscopy  images.  A  double-tilt,  rotate  transmission  electron  microscope  (TEM)  sample  holder 
was  used  to  manipulate  the  particle.  Using  this  holder,  it  was  possible  to  align  the  c  axis  of  the 
particle  along  one  of  the  axes  of  the  sample  holder.  This  alignment  allowed  images  to  be 
obtained  of  the  particle  in  several  orientations  around  its  c  axis.  Assuming  symmetrical  growth 
perpendicular  to  the  c  axis  of  the  rutile  particle,  comparison  of  dimensions  and  angles  obtained  to 
those  obtained  for  hypothetieal  models  of  the  particle  gives  information  about  its  likely  prismatic 
and  pyramidal  faceting.  This  approach  to  facet  modeling  in  combination  with  thickness 
information  should  be  useful  for  more  complete  determination  of  the  faceting  in  individual 
euhedral  particles  using  transmission  electron  microscopy. 

INTRODUCTION 

Identification  of  the  faceting  in  polyhedral  particles  is  important  in  many  applications. 

For  example,  different  facets  in  catalysts  have  different  efficiencies  for  promoting  reactions.  In 
pigment  particles,  certain  morphologies  are  more  desirable  for  durability  of  paint. 

Characterizing  the  morphology  of  particles  with  transmission  electron  microscopy  is  challenging 
because  a  TEM  image  is  a  two-dimensional  (2D)  projection  of  the  material.  In  the  biological 
field,  3D  reconstruction  techniques  have  long  been  used  to  derive  3D  models  of  cellular  and 
other  biological  structures  from  2D  TEM  images.  Recently,  there  have  been  several  efforts  to 
apply  similar  reconstruction  techniques  in  the  material  science  field  [1-4].  The  techniques  have 
been  applied  to  deriving  the  distribution  of  metal  particles  on  silicates  [1,2],  channels  in  zeolites 
[1],  and  particles  in  nanocomposites  [4]. 

The  3D  reconstruction  techniques  have  not  yet  been  used  to  derive  information  about  the 
faceting  of  particles.  At  present,  such  faceting  information  is  typically  derived  by  examining 
oriented  crystallites  and  measuring  angles  between  linear  features  in  the  outline  of  the  2D 
projections.  If  several  crystallites  are  found  in  different  orientations,  a  3D  model  for  the  typical 
particle  can  be  derived.  Such  a  3D  model  is  an  average  of  information  from  different  particles 
and  is  not  particle  specific.  In  this  work,  a  double-tilt,  rotate  (2TR)  holder  is  used  to  orient  and 
tilt  a  particle  to  derive  information  for  comparison  with  morphological  models.  The  2TR  holder 
has  three  degrees  of  freedom  theoretically  allowing  the  TEM  operator  to  align  a  crystallographic 
direction  of  interest  along  one  of  the  tilt  axes.  This  alignment  is  not  possible  with  conventional 
double-tilt  or  rotate-tilt  holders  unless  serendipity  leads  to  a  suitably  oriented  particle.  When  a 
crystallographic  direction  of  interest  is  suitably  oriented,  tilting  of  the  particle  around  that 
direction  can  allow  for  measurement  of  dimensions  and  comparison  to  models  of  crystallite 
faceting.  In  this  initial  study,  four-fold  symmetrical  growth  perpendicular  to  the  c  axis  of  the 
particle  was  assumed. 
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EXPERIMENTAL 


The  material  examined  was  rutile  (TiOi)  used  in  paint  pigment.  The  material  was  dry 
mounted  onto  a  carbon  film  grid.  It  was  studied  in  an  FET  CM30  TEM  operated  at  300  kV'.  A 
Gaian  Model  679  CCD  camera  was  used  to  record  images  of  the  particle.  A  Gatan  Model  925 
TEM  sample  holder  was  used  in  the  study  (note:  in  this  work,  the  till  axis  along  the  rod  length  is 
referred  to  as  the  x  axis;  the  tilt  axis  perpendicular  to  the  x  axis  is  referred  to  as  the  y  axis).  The 
till  range  around  the  x  axis  is  limited  by  the  objective  pole  piece  (±  45"  in  this  work)  and  tilt 
around  the  y  axis  is  ±  24".  Measurement  of  particle  width  and  length  was  done  using  tools  in 
Lispix,  a  public  domain  image  analysis  program  for  Windows  [5,6].  The  particle  was 
highlighted  using  a  threshholding  tool  and  the  maximum  and  minimum  diameters  determined 
automatically  using  a  caliper  tool.  Two  sets  of  measurements  were  made.  Particle  modeling  was 
aided  by  u.sc  of  Shape  software  [7]. 

RESULTS 

For  this  initial  study,  a  cuhcdral  rutile  particle  approximately  200  nm  in  width  and  500 
nm  in  length  was  chosen.  The  particle  was  oriented  down  [110]  using  the  double-tilt  x  and  y 
axes  of  the  sample  holder.  The  particle  was  then  rotated  around  [110]  .so  that  the  c  axis  of  the 
particle  was  aligned  along  the  x  axis  of  the  sample  holder  (Fig.  la).  The  particle  was  then  tilled 
around  its  c  axis  (Figs.  la-f).  The  alignment  of  the  c  axis  of  the  particle  and  the  x  axis  of  the 
sample  holder  is  confirmed  by  the  acquisition  of  .several  diffraction  patterns  containing  [001  ]'■' 
including  tho.se  in  Figs,  lb,  d,  and  f. 

Prismatic  faceting 

For  the  2D  projection  given  in  Figure  la,  there  are  several  possible  prismatic  facets 
including  those  commonly  found  for  rutile  -  (110),  |230},  (I20[,  {130},  {140},  {170}  and 
{ 100}  [8].  It  is  not  po.ssiblc  to  readily  distinguish  between  these  forms  using  the  single  image  of 
Figure  la.  However,  the  good  alignment  of  the  c  axis  of  the  particle  to  the  x  axis  of  the  sample 
holder  allows  for  deductions  to  be  made  about  the  prismatic  faceting  based  on  measurement  of 
the  particle  width  and  its  variation  with  tilt  angle.  Images  were  collected  in  intervals  of  3"  lilt 
around  the  particle  c  axis  with  the  [I  10]  orientation  at  0"  tilt.  The  width  of  the  particle  at  each 
till  was  measured.  Slight  curvature  of  the  particle  sides  was  noted  at  higher  angles  of  lilt.  For 
this  initial  study,  the  largest  width  was  measured.  For  comparison  purposes,  the  width  at  each 
orientation  was  then  normalized  to  the  width  of  the  particle  in  the  [1 10]  orientation. 

Subsequently,  the  projected  widths  for  hypothetical  particles  with  the  common  rutile 
forms  were  calculated  at  3"  intervals  from  the  [110]  orientation.  As  done  for  the  rutile  particle, 
each  width  was  then  divided  by  the  width  of  the  particle  in  the  [110]  orientation.  Plots  of  the 
width  ratios  vs.  tilt  angle  for  the  actual  particle  and  the  models  are  given  in  Figure  2.  The  width 
ratios  for  the  particle  do  not  exactly  match  any  of  those  for  the  common  single  forms.  It  is 
therefore  postulated  that  the  prismatic  facets  consist  of  a  combination  of  forms.  We  note  from 


'  Certain  commercial  equipment,  instruments,  or  materials  are  identified  in  tliis  paper  to  specify  adequately  the 
experimental  procedure.  Such  identification  does  not  imply  recommendation  or  endor.sement  by  the  Ntitional 
Institute  of  Standards  and  7’echnology,  nor  does  it  imply  that  the  materials  or  equipment  tire  necessarily  the  best 
available  for  the  purpose. 


250 


Figure  1.  Images  and  diffraction  patterns  of  a  rutile  particle.  The  particle  is  oriented  down  [110] 
so  that  the  c  axis  of  the  particle  is  aligned  along  the  x  axis  of  the  sample  holder  (projection  of  x 
axis  indicated  by  dashed  line  in  Fig  la).  The  particle  is  rotated  around  the  holder  x  axis. 
Diffraction  patterns  containing  [001]*  are  obtained  (b)  [1 10],  (d)  [210],  and  (f)  [100], 


degrees  of  tilt  around  x-axis 

Figure  2.  Plots  of  the  ratio  of  particle  width  to  particle  width  in  [110]  orientation  vs,  degrees  tilt 
for  various  prismatic  forms  of  rutile  and  for  particle  data. 
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Figure  2  that  ihc  width  ratios  for  the  particle  increase  for  increasing  tilt  angle  whereas  there  is  an 
initial  decrease  in  width  ratios  for  |230},  { 120|,  { 130}.  { 140},  { 170}  and  ( 100}.  It  is  therefore 
postulated  that  {110}  is  a  major  facet  since  it  is  the  only  form  for  which  the  width  ratio 
consistently  increases  with  tilt  angle. 

Possible  combinations  of  common  forms  include  {110}  with  {120},  {130},  {140},  {170} 
or  { 100}.  Models  of  three  of  these  combinations  arc  shown  in  Figure  3  a-c.  Width  ratios  for  the 
five  possible  combinations  were  determined  for  different  orientations  for  the  models  rotated 
around  the  c  axis  at  3"'  intervals  (plots  for  three  of  the  models  arc  given  in  Figs.  3d-f).  A 
comparison  of  the  data  and  plots  for  the  five  cases  shows  that  the  {120}  modification  is  not  a 
good  match  to  the  data;  the  other  models  show  a  fairly  good  match.  Given  the  uncertainties  in 
measurements  in  the  present  work,  it  is  not  possible  to  distinguish  between  the  {110}  form 
modified  by  {130},  { 140},  {170}  or  { 100}. 

Pyramidal  faceting 

Pyramidal  facets  can  be  modeled  directly  from  the  projected  angles  (Figs.  4a,  b).  The 
average  measured  pyramidal  angles  in  the  [110]  orientation  is  ~  95  ±  2"  and  in  the  [100] 
orientation  is  -114  +  2".  These  values  can  be  compared  to  those  expected  from  pyramidal  facets 
commonly  found  in  rutile  (Table  I)  [8].  Projected  angles  were  determined  from  Shape  software. 

Table  1 .  Projected  angles  for  common  pyramidal  facets  of  rutile 


Pyramidal  form 

Projected  angle  [110] 

Pro  jected  angle  [100] 

{101} 

131. or 

114.42" 

{111) 

95.38 

114.42 

{301} 

72.39 

54.72 

{501} 

47.41 

34.5 

{221} 

57.52 

75.63 

{133} 

1 17.46 

1 14.42 

{131} 

57.52 

54.72 

{233} 

105.59 

114.42 

{231} 

47.41 

54.72 

Projected  angles  for  { 1 1 1 }  most  closely  match  the  angles  in  experimental  images  in  both  [110] 
and  [  100]  orientations.  Note  that  for  both  the  [110]  and  [100]  orientation  there  arc  forms  with 
the  same  projected  angles.  Acquisition  of  angles  in  two  orientations  is  helpful  in  making  an 
unambiguous  identification. 

Model  for  faceting  of  the  particle 

A  basic  model  for  faceting  of  the  particle  consists  of  { 1 10}  prismatic  facets  with  {111} 
pyramidal  facets.  The  corners  of  the  {110}  facets  are  truncated.  A  working  model  of  the 
faceting  is  shown  in  Figure  5  in  the  [110]  and  [100]  orientation.  The  modification  of  { 1 10}  is 
represented  as  {hkO}.  The  model  is  an  approximation  to  the  particle  shape  as  there  is  slight 
curvature  of  the  crystallite  edges  and  rounding  of  facet  corners  in  some  projections. 
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{110}  +  {120} 


{110}  +  {140} 


{110}  +  {170} 


Figure  3.  (a-c)  Examples  of  three  possible  combinations  of  common  prismatic  rutile  forms.  The 
models  are  viewed  down  [001].  The  dimensions  of  the  facets  fit  the  width  ratios  for  data 
collected  from  the  particle  in  the  [110]  and  [100]  orientations,  (d-f)  Plots  of  projected  width 
ratio  (y  axis  of  plot)  vs.  tilt  angle  (x  axis)  for  tilting  of  each  model  above.  The  lines  on  the  plots 
correspond  to  the  width  ratio  for  the  model;  the  markers  correspond  to  data  from  the  particle. 


Figure  4.  Projected  pyramidal  angles  (dashed  lines)  of  rutile  particle  in  (a)  [1 10]  orientation  and 
(b)  [100]  orientation. 
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(hkoU 


(111) 


(110) 


,^(111) 
(hkO) 
(110) 


a  b 

Figure  5.  Model  for  faceting  of  rutile  particle  shown  in  (a)  [1 10]  and  (b)  [100]  orientations. 


SUMMARY 


This  work  has  shown  that  the  2TR  holder  allows  for  alignment  of  crystallographic 
directions  of  interest  along  holder  axes.  Measurement  of  changes  in  crystal  width  and  angles  in  a 
range  of  known  orientations  can  therefore  be  compared  to  changes  in  widths  and  angles  expected 
from  possible  models  of  crystal  faceting  in  the  same  orientations.  In  this  initial  study  of  a  rutile 
particle,  four-fold  symmetrical  growth  perpendicular  to  the  c  axis  was  assumed.  Measurement  of 
width  ratios  indicates  that  1110}  is  the  likely  predominant  prismatic  facet  and  that  the  (110} 
faceting  is  further  modified  although  the  uncertainty  in  the  measurement  does  not  allow 
distinction  between  several  facet  models.  Measurement  of  projected  angles  of  the  particle  in  two 
orientations  indicates  that  ( 1 1 1 }  is  the  predominant  pyramidal  facet.  The  faceting  model  derived 
in  this  study  provides  basic  information  about  the  particle  shape  but  is  only  an  approximation  to 
it  and  is  based  on  the  assumption  of  symmetrical  growth  perpendicular  to  the  particle  c  axis.  It  is 
expected  that  this  approach  to  facet  modeling  in  combination  with  thickness  determination  and 
3D  reconstruction  techniques  will  be  a  useful  method  for  more  complete  characterization  of 
faceted,  euhedral  particles. 
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ABSTRACT 

Copper  aluminium  oxide(CuA102)  particles,  a  promissing  p-type  TCO(transparent  conducting 
oxide),  were  prepared  by  spray  pyrolysis.  Delafossite  phase  of  CuA102  was  obtained  when 
copper  nitrate,  copper  acetate  and  copper  sulfate,  divalent  copper  precursors,  were  used  as 
copper  precursor  and  aluminium  nitrate  as  aluminium  precursors.  However,  when  copper 
chloride  (CuCl,  a  monovalent  copper  precursor)  was  used,  the  delafossite  phase  was  not  obtained 
regardless  of  the  type  of  aluminium  precursor.  The  02-doped  CUAIO2  was  obtained  by  using 
oxygen  as  carrier  gas. 


INTRODUCTION 

The  CUAIO2  particles  are  prepared  by  solid-state  reactions  of  CuaO  and  Al203.[l]  Solid-state 
reaction  method  is  cheap  and  oxide  precursors  are  readily  available.  But  this  method  needs 
repeated  milling  and  calcination,  and  the  prepared  particles  have  irregular  morphology  and  large 
size.  The  spray  pyrolysis  has  some  advantages  in  comparison  to  the  solid-state  reaction  method. 
Spray  pyrolysis  is  simple  and  has  the  ability  to  produce  chemically  homogeneous  multi-metal 
oxides[2].  A  wide  variety  of  reactants  can  be  used  as  long  as  they  have  proper  solvent.  This 
flexibility  allows  the  use  of  inexpensive  reactants  such  as  metal  nitrates,  chlorides,  fluorides,  etc. 

In  this  work,  copper  aluminium  oxide  particles  with  delafossite  were  prepared  by  the  spray 
pyrolysis  for  the  first  time.  Various  metal  salts  were  used  as  precursors,  and  their  effects  on  the 
crystal  structure  were  investigated.  The  bulk  conductivity  of  CUAIO2  is  known  to  be  1.7x10'^ 
S/cm  [3]  and  the  origin  of  positive  hole  in  CUAIO2  is  not  clear  but  may  be  excess  oxygen[4].  To 
obtain  higher  conductivity,  M.  S.  Lee  et  al.  annealed  CUAIO2  pellet  at  943  K  under  O2 
atmosphere  for  O2  doping  to  CUAIO2.  However,  the  doping  process  decomposed  CUAIO2  into 
CuO  and  CuAl204[5I.  Therefore,  the  particles  were  prepared  by  using  oxygen  as  carrier  gas  to 
prepare  O2  doped  CUAIO2 


EXPERIMENTAL  DETAILS 

The  spray  pyrolysis  system  consisted  of  an  ultrasonic  nebulizer  and  a  reaction  furnace.  The 
stock  solution  was  atomized  with  a  sonicator  equipped  with  1 .7  MHz  resonator.  Copper  nitrate, 
copper  acetate,  copper  sulfate  (  divalent  copper  precursors)  and  copper  chloride  (a  monovlent 
copper  precursor)  were  tested  as  copper  precursors  and  aluminium  nitrate,  aluminium  chloride 
and  aluminium  sulfate  were  tested  as  aluminium  precursors.  Stock  solutions  of  0.5  M  were 
prepared  by  dissolving  copper  and  aluminium  precursors  into  two  different  solvents.  Copper 
chloride  was  dissolved  into  15  wt,%  HCl  because  of  its  low  solubility  in  pure  water  and  the  other 
precursors  were  dissolved  in  distilled  water.  The  reactor  temperature  was  fixed  at  973  K.  The 
flow  rate  of  carrier  gas  was  4  L/min.  Air,  N2  and  O2  were  used  as  carrier  gas.  The  as-prepared 
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particles  were  annealed  at  1073,  1373  and  1373  K  for  3  hours  for  crystallization.  The  crystalline 
structure  was  characterized  by  x-ray  diffract ion(XRD).  The  conductivity  was  measured  by  the  4- 
probe  method  at  room  temperature.  For  measurement  of  conductivity,  pellets  of  13mm  in 
diameter  and  0.2mm  in  thickness  were  fabricated  by  pressing  at  3000  psia.  As  a  reference, 
conductivity  of  particles  which  were  prepared  by  .solid-state  reaction  at  1373K  for  lOhr  was 
measured  by  the  same  method. 


RESULTS  AND  DISCUSSION 

Figure  1  shows  the  XRD  spectra  of  particles  prepared  from  copper  nitrate  and  aluminium 
nitrate.  The  particles  had  different  peaks  depending  on  annealing  temperatures.  Before  annealing, 
they  had  only  CuO  peaks.  The  particles  annealed  at  973  K  had  peaks  of  CuO  and  CUAIO2  which 
was  not  a  TCO(transparent  conducting  oxide).  After  annealing  at  1373  K,  they  were  converted  to 
CUAIO2  of  delafossite  structure.  Being  annealed  at  1373  K,  the  particles  had  peaks 
corresponding  to  CuO,  Cu^O  and  AI2O3.  It  is  clear  that  there  exists  an  optimum  post-treatment 
temperature.  In  this  experiment,  samples  treated  at  1373  K,  give  the  delafossite  structure. 


Figure  1.  The  XRD  spectra  of  particles  prepared  from  starting  solution  of  Cu(N03)2  and 
A1(N03)3  after  annealing  at  973,  1373  and  1373  K.  [carrier  gas  :  air] 

Figure  2  shows  the  effect  of  the  types  of  copper  and  aluminium  precursor.  Figure  2(a)  is  the 
XRD  pattern  of  particles  prepared  from  aluminium  nitrate.  When  copper  nitrate,  copper  acetate 
and  copper  sulfate  were  used  as  copper  precursor,  the  particles  had  delafossite  pha.se.  The 
particles  prepared  from  copper  chloride(CuCl)  which  was  a  monovalent  copper  precursor  had  not 
only  delafos.sites  (CUAIO2)  but  also  spinel  phase(CuAl204).  But  spinel  peaks  were  stronger  than 
delafossite  peaks.  Therefore,  copper  chloride  was  not  a  suitable  copper  precursor.  The  result  is 
contradictory  to  the  solid  state  reaction  in  which  only  monovalent  copper  precursor  is  suitable  for 
the  formation  of  delafossite  phase. 

Figure  2(b)  is  the  XRD  patterns  of  particles  prepared  by  using  aluminium  chloride.  In  this  case, 
the  delafossite  phase  was  obtained  from  copper  nitrate  and  copper  sulfate.  But  they  had  spinel 
phase,  too.  The  particles  prepared  from  copper  acetate  and  copper  chloride  had  peaks  of  CUAI2O4 
and  AI2O3.  Therefore,  aluminium  chloride  is  not  suitable  for  preparing  pure  delafossite  phase 
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Figure  2.  The  XRD  spectra  of  particles  prepared  from  aluminium  nitrate(a),  aluminium 
chloride(b)  and  aluminium  sulfate(c)  after  annealing  at  1373K. [carrier  gas  :  air] 


Figure  2(c)  is  the  XRD  spectra  of  particles  prepared  from  aluminium  sulfate.  The  particles 
prepared  by  using  aluminium  sulfate  had  not  delafossite  structure  but  spinel  phase  of  CUAI2O4 
regardless  of  the  types  of  copper  precursors. 

Figure  3  shows  that  the  kind  of  carrier  gas  did  not  affect  crystal  structure  of  particles.  The 
particles  were  prepared  from  stock  solution  of  copper  nitrate  and  aluminium  nitrate  and  had 
delafossite  structure  after  annealing  at  1373K  regardless  of  carrier  gas.  The  conductivity  was 
affected  by  carrier  gas.  The  conductivities  of  particles  are  in  table  1.  The  pellet  of  the  particles 
prepared  by  using  O2  as  carrier  gas  had  the  highest  conductivity.  It  shows  that  using  O2  as  carrier 
gas  help  to  prepare  O2  doped  copper  aluminate. 


Table  1.  Conductivities  of  particles. 


Precursors 

Cu  nit  +  At  nit 

Cu  acet+Al  nit 

Cu  sulf+Al  nit 

Solid-state 

reaction 

Carrier  gas 

N7 

Air 

O2 

Air 

Air 

Conductivity[S/cm] 

0.205 

0.157 

0.589 

0.138 

0.015 

0.376 
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Figure  3.  The  XRD  spectra  of  particles  prepare  by  using  O2,  air  and  N:  as  carrier  gas  and 
annealed  al  1373  K.  [  copper  precursor ;  Cu(N03)2,  aluminium  precursor :  A1(N03)3] 


CONCLUSIONS. 

Copper  aluminium  oxide  particles  with  dclafossitc  were  prepared  by  spray  pyrolysis  for  the 
first  time.  Cu(N03)2,  Cu(CH3COO)2  and  Cu(S04)  can  be  used  as  copper  precursor.  However, 
only  A1(N03)3  was  a  proper  aluminium  precursor.  For  doping  oxygen,  O2  had  to  be  used  as 
carrier  gas.  In  the  solid-state  reaction,  post-treatment  with  62  converted  the  CuAlOi  to  CUAI2O4 
and  CuO.  Therefore,  It  was  expected  that  O2  doped  CUAIO2  was  difficult  to  be  prepared  by  solid- 
stale  reaction.  The  highe.st  conductivity  was  achieved  when  Cu(N03)2  and  A1(N03)3  was  used  as 
precursors,  and  O2  as  carrier  gas.  This  value  was  higher  than  the  bulk  conductivity  of  CUAIO2 
prepared  by  solid-state  reaction 
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ABSTRACT 


Here  we  present  the  result  of  measurements  of  electrical  resistivity  and  magnetoresistivity  of 
graphite/diamond  nanocomposites  (GDNC)  and  onion-like  carbon  (OLC)  prepared  by  vacuum 
annealing  of  nanodiamond  (ND)  at  various  fixed  temperatures.  GDNC  contain  particles  with  a 
diamond  core  covered  by  closed  curved  graphitic  shells.  The  electrical  resistivity  of  annealed  ND 
is  characteristic  of  systems  with  localized  electrons  and  can  be  described  in  terms  of  variable 
hopping-length  hopping  conductivity  (VHLHC).  The  magnetoresistivity  of  OLC  is  negative  in 
the  range  of  field  0<i5<2  T,  and  is  positive  at  B>2  T.  The  conduction  carrier  concentration  for 
OLC  samples  was  estimated  in  the  framework  of  the  theory  of  negative  magnetoresistance  in 
semiconductors  in  the  hopping  conduction  region.  The  free  path  length  for  conducting  electrons 
at  liquid  helium  temperature  was  estimated  from  the  data  on  positive  magnetoresistivity.  The 
localization  length  of  current  carriers  was  also  estimated.  The  determined  parameters  are  in 
agreement  with  proposed  structure  model  of  OLC  constructed  using  HRTEM  data. 


INTRODUCTION 


The  study  of  electron  transport  properties  of  carbon  materials  is  of  interest  due  to  wide 
practical  applications  and  provides  information  on  their  structural  perfection  and  electronic 
structure.  The  electronic  properties  of  carbon  materials  vary  over  an  enormous  range  due  to  the 
possibility  of  carbon  to  form  different  allotropes.  Diamond  is  insulator,  while  graphite  can  be 
considered  as  a  semi-metal.  At  the  same  time  electronic  transport  and  magnetic  properties  of 
graphitic  materials  strongly  depend  on  their  structure  and  the  presence  of  defects.  Thus  the 
conduction  carrier  concentration  («)  depends  on  the  defect  number  and  structure  [1],  while  the 
electrical  and  magnetic  properties  depend  on  this  concentration  [2,  3].  Influence  of  defects  on  the 
properties  of  multiwall  carbon  nanotube  are  considered  in  [  4-7].  We  have  developed  a  method 
for  production  of  graphite/diamond  nanocomposites  (GDNC)  and  onion-like  carbon  (OLC) 
based  on  controlled  vacuum  annealing  of  ND  [8,  9].  In  this  work  we  study  electrical  resistivity 
and  magnetoresistivity  of  GDNC  and  OLC  prepared  by  ND  annealing  at  various  fixed 
temperatures. 
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EXPERIMENTAL  DETAILS 


ND  samples  with  an  average  particle  size  of  4.7  nm  were  prepared  by  an  explosive  method 
and  isolated  from  the  detonation  soot  by  the  oxidative  removal  of  nondiamond  carbon  with  a  hot 
mixture  of  concentrated  H2SO4  and  HCIO4  acids  in  1:1  proportion.  Annealing  procedure  is 
described  elsewhere  [8,  10].  The  diamond  weight  fractions  in  GDNC  treated  at  different 
temperatures  have  been  previously  determined  by  the  measurements  of  the  true  densities  of  the 
samples.  Surface  area  of  samples  increases  with  annealing  temperature  from  340  m7g  up  to  500 
mVg.  Carbon  black  (286  m^/g),  graphitized  soot  (2700  K,  9  mVg)  und  POCO  graphite  AF  (12 
m^g)  were  used  as  comparison  carbon  samples.  Micrographs  of  the  annealed  products  were 
obtained  with  a  JEM-2010  transmission  electron  microscope. 

Four-probe  dr  measurements  of  resistivity  vs.  temperature  p{T)  at  4-300  K  were  performed. 
For  details  see  in  [10].  The  samples  were  placed  in  glass  tubes  with  a  diameter  d=2  mm  and 
length  /=20  mm  to  measure  the  electrical  resistance.  Silver  wire  was  used  to  make  contacts  with 
the  samples.  We  find  that  p(T)  is  highly  reproducible  for  several  measurements  on  different 
samples  from  the  same  batch. 

The  magnetoresislivity  was  measured  in  the  field  {B)  range  0  -  5.5  T  at  a  temperature  of  4.5 
K  using  a  model  MPMS-5  SQUID  magnetometer. 


RESULTS 


Fig.l  presents  typical  TEM  images  of  ND  heated  at  four  different  temperatures.  The  dark 
straight  contrast  lines  in  micrographs  (a)  and  (b)  correspond  to  the  ( 1 1 1)  crystallographic 
diamond  layers.  The  distance  between  these  lines  is  2.06  A.  The  dark  curved  lines  in  Figs.(b),  (c) 
and  (d)  correspond  to  the  (0002)  crystallographic  graphite  layers  (d  --  3.4  A).  The  TEM  images 
of  the  ND  heated  at  1 170  K  show  no  diamond  to  graphite  transformation  (Fig.  la).  ND 
graph  it  izat  ion  started  after  ND  annealing  at  1420  K  leading  to  the  formation  of  2-3  graphite 
layers  on  the  surface  of  the  diamond  particles.  The  higher  degree  of  graphitization  is  achieved 
with  increase  of  annealing  temperature  (see  Fig.  lb  corresponding  to  ND  annealing  at  1600  K). 
The  graphitization  of  diamond  particles  proceeds  from  the  diamond  surface  toward  the  particle 
bulk.  The  diamond  core  can  be  clearly  observed  in  some  particles.  Fig.  1  (c)  presents  the 
micrograph  of  the  OLC  produced  at  1800  K.  The  ND  particles  are  almost  completely  converted 
into  the  onion-like  carbon.  Fig.  1  (d)  presents  the  micrograph  of  the  OLC  produced  at  2140  K. 
Heating  at  this  temperature  results  in  the  formation  of  hollow  onion-like  carbon  particles. 
According  to  the  true  density  measurements,  diamond  content  (x)  in  the  samples  heated  at 
different  temperatures  varies  with  temperature:  xhto  >  90%,  X1420  =  0.86,  Xi6oo=0.57,  Xix(x)=0. 15, 
X|90()=0.05  and  X2i4()~0.00. 

The  ND  samples  heated  at  temperatures  lower  than  1 170  K,  which  do  not  exhibit  any 
surface  graphitic  .species,  have  the  highest  resistivity  values  (higher  10*^  Q  cm).  As  diamond 
graphitization  occurs  the  resistivity  of  the  corresponded  samples  drop  significantly.  The 
temperature  dependencies  of  resistivity  of  ND  annealing  products  and  carbon  comparison 
standards  arc  presented  in  Fig.2.  For  ND  annealing  products  treated  at  temperatures  higher  than 
1600  K  the  values  of  resistivity  at  300  K  lie  in  the  range  0.2-0.5  Q-cm  and  are  comparable  to 
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Figure  1.  HRTEM  micrographs  of  ND  samples  annealed  under  vacuum  at  (a)  1170,  (b)  1600,  (c) 
1800,  (d)2140K. 


Figure  2.  Temperature  dependence  of  resistivity  of  (a)  ND  annealing  products  and  (b) 
comparison  carbon  samples,  (c)  -  example  of  data  fitting  in  the  plot  of  ln(p)  versus  (1  A’)",  here 
a=2/5  [10].  See  text  for  a  definition  of  d. 


that  of  carbon  black  (Fig.2  b).  It  should  be  mentioned  that  despite  the  tendency  to  a  decrease  of 
resistivity  with  increasing  annealing  temperature  the  resistivity  of  the  sample  treated  at  1900  K  is 
higher  than  the  resistivity  of  the  samples  treated  at  1800  and  2140  K  in  the  whole  temperature 
region. 

For  all  samples  annealed  at  temperatures  higher  than  1 170  K  the  electrical  resistivity  shows 
the  temperature  dependence  typical  of  systems  with  VHLHC  [11].  This  dependence  takes  place 


in  strong  disordering  materials  with  a  length  of  local  disordering  of  about  a  few  interatomic 
distances  [12-14].  For  these  systems,  the  temperature  dependence  of  resistance  /XT)  may  be 
described  by  the  equation: 

p(T)=  poe.xp(Tolir  (1) 

where  po  and  To  are  constants.  Fig.  2c  shows  the  resistivity  data  of  ND  annealed  products  plotted 
in  coordinates  of  \wp  v.?  ( l/T)"  where  a  is  varied  from  2/5  to  2/3.  One  can  clearly  see  that  the 
data  of  ND  annealed  at  1800  K,  2140  K  plotted  so  approximate  straight  lines  with  a  equal  to  2/5. 
Data  of  OLC  produced  at  1900  K  approximate  straight  lines  with  a  equal  to  1/2.  The  value  of  a 
correlates  with  dimensionality  d  of  the  movement  space  for  current  carriers  as  a=}l(]  ^-d).  For 
CDNC  prepared  at  1420  and  1600  K  the  following  values  for  d  were  estimated:  1  and  0.5 
respectively.  For  OLC  (prepared  at  1800,  1900  and  2140  K)  dimensionality  varies  as  1.5,  1  and 
1.5.  It  .should  be  noted  that  for  carbon  black  (within  the  interval  4-300  K)  and  graphitized  soot 
(4-^0  K)  the  resistivity  data  in  graph  of  Inp  vs  ( I /T)“ approximate  a  .straight  lines  with  a  =  -1/4 
that  corresponds  to  a  dimensionality  d  equal  to  3. 

The  value  of  d  =  1  corresponds  to  the  case  when  current  carriers  move  along  the  one¬ 
dimensional  chains  of  carbon  atoms.  A  value  of  d  =  0.5  corresponds  to  the  ca.se  of  formation  of 
one-dimensional  chains  with  length  of  chains  being  less  then  the  hopping  length  in  VHLHC. 
c/>1.5  corresponds  to  the  formation  of  two  dimensional  conductive  planes.  For  details  see  [10]. 

The  dependencies  of  resistivity  of  OLC  on  the  applied  magnetic  field  measured  at  4.2  K  are 
presented  in  Fig. 3.  The  magnctorcsistivity  of  OLC  is  negative  in  the  range  of  field  0<B<2  T, 
and  is  positive  at  B>2  T.  The  free  path  length  /  for  conducting  electrons  at  liquid  helium 
temperature  was  estimated  from  the  data  on  positive  magnetoresistivity  [15].  Fig. 3a  presents  data 
plotted  in  coordinates  of  p(B)lp(0)  vs  B\  The  .solid  lines  are  fits  by  equation  (2)  with 
paramctei-s:  l~  1 2  A  for  OLC  ( 1 800  K); /-  18  A  for  OLC  (2 140  K). 

p(B)lp(0)  (2) 

The  conduction  carrier  concentration  n  for  OLC  samples  was  estimated  in  the  framework  of  the 
theory  of  negative  magnetoresisrance  in  semiconductors  in  the  hopping  conduction  region  (with 
the  proposition  n  ~  n,  ,  where  fh  is  the  critical  concentration).  Fig. 3b  presents  data  plotted  in 
coordinates  of  ln[p{B)/p(0)]  v.?  [  16].  The  solid  lines  arc  fils  to  equation  (3)  with  parameters:  n 

~  8'  I0“'cin'‘^  for  OLC  prepared  at  1800  K  and  n  ~  3-  10^'cm'^  for  OLC  prepared  at  2140  K. 

ln[p(T,B)/p(T,0)]  =  -A({eBlhcUr‘-'}hilpiT}lpo]  (3) 

Here  A  is  a  number  of  the  order  unity.  As  we  found  the  electrical  conductivity  of  GDNC  and 
OLC  is  characteristic  for  the  systems  with  localized  electrons  and  can  be  described  within  the 
model  of  VHLHC.  These  systems  can  be  characterized  with  the  value  of  localization  length  c  of 
current  carriers,  which  determines  the  tunneling  probability  of  conducting  electrons.  The  c  value 
depends  not  only  on  the  barrier  height  but  also  on  the  proximity  to  the  metal-insulator  transition 
point  and  can  be  de.scribed  with  equation  (4)  [16]. 

^~a(n,-uy''"  (4), 
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Figure  3.  The  dependencies  of  specific  resistivity  of  OLC  on  magnetic  field  at  4.2  K: 
a)  p(B)lp(0)  vs  b)  ln[p(B)lp(0)]  vs  B, 


where  «(  is  the  critical  concentration  and  n  is  concentration  of  carries  (c/~l).  We  have  used 
equation  (4)  for  a  crude  estimate  of  the  minimal  value  of  localization  length  ^  (when  n  « tic ),  In 
our  case  it  was  equal  to  60-100  nm.  This  value  is  comparable  with  the  size  of  OLC  aggregates 
(0.1- 0.5  pm). 


CONCLUSIONS 


conducting  tracks 


aggregate  of  onions 


The  size  of  aggregates  of  onions 
approximately  corresponds  to 
localization  length  (60-100  nm) 

Free  path  /  of  electrons 
between  defects  within 
I  single  graphitic  nanoshell 

(12-18  A) 


Figure  4.  The  scheme  of  three  scales  of  OLC 
particle  organization.  The  hard  solid  lines 
correspond  to  current  conduction  tracks. 


Fig.  4  summarizes  the  data  on  the 
conductivity  of  OLC.  The  carbon  powders 
obtained  by  annealing  of  ND  consist  of  the 
OLC  aggregates.  Within  the  aggregates 
onions  are  linked  to  each  other  with  defect 
graphite-like  sheets  and  C-C  bonds.  Some 
part  of  the  onions  is  presented  by  elongated 
particles  with  linked  external  graphitic  layers 
and  closed  quasi-spherical  shells.  Study  of  X- 
ray  emission  spectra  of  OLC  combined  with 
quantum-chemical  simulation  for  the 
characterization  of  their  electronic  structure 
led  us  to  the  conclusion  that  the  onions 
produced  by  ND  annealing  at  the 
intermediate  temperature  (1400-1900  K) 
have  holed  structure  of  internal  shells  [17]. 
The  origin  of  such  defects  accompanying  the 
OLC  formation  can  be  explained  in  terms  of 
deficit  of  diamond  carbon  atoms  in  the 
diamond/graphite  interface  to  form  perfect 
fullerene-like  shells  during  ND  annealing  [17]. 
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The  free  path  length  of  electrons  within  OLC  particles  is  comparable  with  the  size  of  graphitic 
fragments  within  holed  structure  of  single  onion  (/  ~  12±2  A).  When  their  holed  structure  is 
annealed  with  the  formation  of  hollow  polygonized  structures  the  free  path  length  of  the  electron 
increases  up  to  18±2  A.  The  size  localization  length  of  current  carriers  is  comparable  with  the 
size  aggregates  of  OLC  particles. 
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ABSTRACT 

Fe-29.6at%Pd  ferromagnetic  shape  memory  alloy  (FSMA)  ribbon  foimed  by  rapidly  solidified, 
melt-spinning  methods  is  expected  to  be  useful  as  a  new  type  of  material  which  shows  giant 
magnetostriction  as  well  as  quick  response.  The  giant  magnetostriction  in  the  rolling  direction  depends 
strongly  on  applied  magnetic-field  direction  and  has  a  maximum  value  of  8x10"^  when  the  field  is 
normal  to  the  surface.  This  phenomenon  is  caused  by  the  rearrangements  of  activated  martensitic  twin 
variants.  The  inverse  phase  transformation  temperatures  (As)  obtained  from  Laser  micrographs  and 
magnetization  vs.  temperature  curve  are  ~307  K  and  400~440  K,  respectively.  We  analyze 
magnetostriction,  magnetic  property  and  crystal  structure  of  Fe-29.6at%Pd  bulk  sample  before  rapid 
solidification  and  the  ribbon  sample.  From  these  results,  it  can  be  concluded  that  remarkable 
anisotropy  of  giant  magnetostriction  of  ribbon  sample  is  caused  by  the  fine  structure  formed  by  the 
melt-spinning  method.  It  may  be  possible  to  apply  this  method  successfully  to  other  FSMA  and 
Ni2MnGa,  which  is  difficult  to  manufacture  owing  to  its  brittleness. 

INTRODUCTION 

Ferromagnetic  Fe-Pd  shape  memory  alloy  is  useful  as  a  micromachine  and  intelligent  /  smart 
material  system  controlled  by  a  magnetic  field.  Martensitic  twin's  initiations  and  the  following  its 
movements  depending  on  magnetic  field  are  thought  to  be  closely  related  with  a  new  type  of 
magnetostriction[l].  The  previous  studies  [2,3]  showed  that  the  rapidly  solidified  Fe-29.6  at%Pd  alloy 
ribbon  has  stronger  crystal  anisotropy,  giant  magnetostriction  as  well  as  shape  memory  effect. 
Magnetostriction  is  changed  with  temperature  and  has  a  maximum  of  18  XIO'^.  However,  the 
mechanism  of  magnetically  induced  strain  has  not  yet  been  discussed.  We  think  that  a  directional 
dependence  of  magnetostriction  is  probably  caused  by  fine  columnar  microstructure  formed  by  rapid 
solidification  methods.  To  confirm  this  hypothesis,  in  the  present  study,  at  first,  we  analyze 
magnetostriction,  magnetic  property  and  crystal  structure  of  Fe-29.6at%Pd  bulk  sample  before  rapid 
solidification  and  compare  these  properties  with  those  of  the  ribbon  sample.  Next,  we  investigate  the 


265 


rclalion  between  a  phase  transformation  from  martensite  (  fet  )  to  austenite  (fee)  to  martensitic  twin's 
mobility  during  magnetization  process. 

EXPERIMENTAI.  DETAILS 

The  rapidly  .solidified  Fc-29.6at%Pd  60  p  m-thin  ribbon  samples  were  prepared  by  originally 
designed  electro-magnetic  melt-spinning  single-  or  twin-roll  method  fi'om  bulk  alloy  [3].  Samples  were 
annealed  at  1 173  K  for  0  and  0.5  h  in  vacuum  to  study  the  effect  of  heat  treatments  on  magneto.striction. 
The  magnetization,  M  vs.  applied  magnetic  field,  H  loop  was  measured  by  VSM  method.  The 
magnetostriction,  t  was  measured  by  strain-gauge  attached  on  the  sample  which  was  set  in  a  furnace 
between  the  electromagnets.  The  sample  can  be  rotated  in  H,  and  the  rotation  axis  is  set  to  be  the 
rolling  direction  (RD).  H  was  applied  perpendicular  to  RD  and  strain  changes  were  measured  along 
RD  with  increasing  0  from  0^  to  90^  ,  where  0  is  the  rotation  angle  (  sec  Fig.  1(b)  ),  The  X-ray 
diffraction  (XRD)  was  obtained  with  Cu  K  a  line  for  ribbon  and  bulk  samples. 

RESULTS  AND  DISCUSSION 

The  M  vs.  H  loops  of  the  melt-spun  ribbon  prepared  by  single-roll  method  (S-0  h  ribbon)  are  shown 
in  Fig.  1  (a).  Figure  1  (b)  is  schematic  diagram  of  measurement  method.  The  loops  for  6  =0"  and  H  i| 
RD  saturate  at  H>  1  kOe  and  have  small  coercive  force  Hc(^25  Oc).  Wliile,  the  loop  for  0  =90^ 
dose  not  saturate  still  at  H=5  kOe  because  of  large  demagnet ic  field,  and  has  large  Hc(~60  Oe) 
because  of  magnetically  ani.sotropic  microstructure.  The  results  suggest  that  the  melt-spun 
Fe-29.6at%Pd  thin  ribbon  sample  has  a  strong  crystal  ani.sotropy  in  the  surface  direction  perpendicular 
to  RD,  On  the  other  hand,  the  bulk  sample,  which  is  annealed  for  0.5  h  at  1 173K  in  order  to  take  off 
strain  caused  by  cutting,  also  shows  the  similar  M  vs.  H  loops  but  its  He  is  small. 


Applii-d  Miignclic  Fitlii,  H  (  kOr) 

Fig.l  Direction  dependence  of  magnetization  in  the  ribbon  sample 
(a),  and  schematic  diagi’am  of  measurement  method  (b). 
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Figure  2  (a)  shows  the  dependence  of  r  on  H  of  the  S-Oh  ribbon.  £  depends  on  remarkably  and 
has  a  maximum,  —8.3  XIO"^  at  .  Figure  2  (b)  is  the  dependence  of  t  on  0  for  bulk 

sample,  where  r  has  a  maximum,  +60  XIO^  at  0"  and  a  minimum,  —42X10'^  at  90"  ,  as 
ordinarily  expected.  A  comparison  of  direction  dependence  of  He  between  the  ribbon  and  bulk  samples 
is  shown  in  Fig.  3.  The  He  of  the  ribbon  depends  on  0  remarkably  and  has  a  maximum, 98  Oe  at  0 
=85“  .  Similar  dependency  is  seen  for  £  (See  Fig.2(a)).  The  He  of  the  bulk  dep)ends  hardly  on  6  ,  that 
is  magnetically  isotropic  texture. 


02468  10  02468  10 

Applied  Mngnetic  Field,  //  (  kOe  ) 

Fig.2  Direction  dependence  of  magnetostriction  measured  at  room  temperature 
for  (a)  S-0  h  ribbon  sample  and  (b) 


Fig.3  Comparison  of  direction  dependence  of  coercive  force  between  the 
ribbon  and  bulk  samples. 

Figure  4  shows  magnetization  dependence  of  the  maximum  magnetostriction,  f.  m  for  two  different 
material  processings.  A  ratio  of  ribbon  e  m  to  bulk  one  is  larger  than  30.  A  comparison  of  XRD 
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paltcms  obtained  for  the  two  sample  surfaces  is  shown  in  Fig.5.  For  bulk,  there  arc  fee  and  bee 
structures  equally.  On  the  other  hand,  for  ribbon  obtained  after  the  rapidly  solidification,  the  bee 
structure  decreases  and  martensite  phase,  fet  structure  appears.  Consequently,  the  {200}  peak  at  293  K 
has  thi'cc  structures  :  fet  (200),  fee  (200)  and  fet  (002). 


1000  I— Fc-29.6at%Pd  Allov 
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I  / 

&  200  -  f 
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^  (Exiiandvr) 
H™,  "■  8  kOr 


_£l. 


40  80  120 

M!if'nc*ti/.sitii)n,  M  (  oniii/f'  ) 


Fig.4  Magnetization  dependence  of  the  Maximum  magnetostriction  for 
two  different  material  processings. 


Fig.5  Comparison  of  X-ray  diffraction  pattern  for  two  different  material  processings. 

Figure  6  shows  the  temperature  dependence  of  rat  0=80"  ~85  for  S-0  h  ribbon  and  1 1 73  K  ■ 
0.5  h  annealed  ribbon  which  was  prepared  by  twin-  roll  method  ( T-0.5h  ribbon).  When  T-0.5  h  ribbon 
temperature  increases  (  see  processes  ( 1 )  and  (!')),  ^  hrf't  decreases  from  6.3  X  1 0“^  to  5.2  X  1 0"*  and 
then  increases  reaching  a  maximum  at  400  K,  and  finally  decreases  suddenly  tol.4X  10"^  at  440  K.  A 
jump  and  discrepancy  from  ( 1 )  to  ( 1')  was  caused  by  the  experimental  discontinuity  of  heating 
procedure.  Thereafter,  we  let  the  temperature  down  (  see  process  (2) ).  t  increases  again  to  3.5  X  10“^ 
at  400  K  and  decreases  1 .6  X  10"^  at  190  K.  Then,  we  elevate  the  temperature  again  (  see  process  (3) ). 
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y  increases  and  goes  approximately  back  over  its  way.  From  these  results,  we  conclude  that  large 
magnetostrictive  phenomenon  was  caused  by  rearrangements  of  the  activated  martensitic  twin  variants 
responding  to  H.  Furthermore,  it  is  suggested  that  the  austenite  phase  starting  (As)  and  finishing  (Af) 
temperatures,  are  about  400K  and  440K,  respectively.  Figure  6  also  suggests  that  As  and  Af  of  S4)  h 
ribbon  are  376K  and  460K,  respectively. 


Fig.6  Maximum  magnetostriction,  y  vs.  temperature,  T  curves  for  two  ribbons. 


Figure  7  shows  the  photographs  of  the  S-0  h  ribbon  surface  in  process  of  heating  obtained  by  the 
Laser  microscope.  The  martensite  twin  stripe-pattern  observed  at  303K  almost  disappears  at  307K. 


Fig.7  The  photograph  of  martensite  twin  boundaries  of  S-0  h  ribbon  surface 
observed  by  the  Laser  microscope. 

We  note  a  discrepancy  between  the  measured  temperatures  of  the  phase  transformation.  To  clear  the 
origin  of  the  discrepancy ,  we  investigate  a  shape  memory  effect  for  the  S-0  h  (O)  and  T-0.5  h  (O) 
ribbons,  as  seen  in  Fig.  8(a)  where  the  shape  recovery  ratio,  4>t2  /^ti  is  shown.  Oti  and  Ot2  are 
the  diameters  defined  in  (b)  at  T  -  T|  and  T  =  T2,  respectively.  The  ratios  for  both  ribbons  increase  with 
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temperature.  Especially,  the  ratio  raises  sharply  in  temperature  ranges  of  300^330  K  and  380^420  K, 
which  conespond  to  the  As  delennined  by  microscope  observation  and  r  vs.  T  measurements, 
respectively.  It  can  be  concluded  that  the  surface  and  the  inner  bulk  of  ribbons  consist  of  different 
texture. 


Fig. 8  (a)  temperature  dependence  of  shape  memory  effect  for  the  S-0  h  ribbon  (O) 
and  the  T-0.5  h  ribbon  (O),  and  (b)  measurement  technique. 


CONCLUSION 

The  rapid-solidified,  melt-spun  Fc-29.6  al%Pd  alloy  ribbon  has  large  magnetostriction  of  8X  10*^ , 
which  is  caused  by  rearrangements  of  the  activated  martensitic  twin  variants.  Tlic  analysis  of  X-ray 
diffraction  shows  that  martensite  phase  fet  structure  is  created  by  the  rapidly  solidification.  Two  phase 
transfomiation  temperatures  As  of  '^303K  and  -^dOOK  are  obser\'ed  for  the  ribbon  sample.  It  can  be 
considered  that  the  surface  and  the  inner  bulk  of  ribbon  consist  of  different  texture. 
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ABSTRACT 

Starting  from  two  equilibrium  solid  solutions  in  the  Au-Ni  system,  we  analyze  the  change  in 
composition  due  to  a  400  eV/A  fast  ion  track  simulated  by  molecular  dynamics  in  the  Embedded 
Atom  approximation.  We  aim  at  determining  the  influence  of  the  thermodynamic  forces  derived 
from  the  large  thermal  gradients  and  the  rapid  solidification  across  the  solidus  and  liquidus  on 
the  motion  of  solute  atoms.  One  dimensional  gradients  as  well  as  analytic  models  are  used  to 
quantitatively  determine  the  domains  of  influence  of  these  forces.  Evidence  shows  that  the 
liquidus  and  solidus  equilibrium  solidification  predicted  by  the  phase  diagram  is  not  reached 
during  the  track.  The  solute  concentration  is  mainly  determined  by  the  combined  diffusion  and 
thermomigration  mechanisms  in  the  liquid  stage. 

INTRODUCTION 


In  the  usual  interpretation  of  radiation  effects  in  alloys,  equilibrium  solid  solutions  are  not 
expected  to  experience  modification  of  solute  distribution  as  a  consequence  of  energetic  collision 
cascades.  However,  the  presence  of  huge  thermal  gradients  and  the  rapid  quenching  across  the 
two  phase  field  delimited  by  the  solidus  and  liquidus  lines  provide  thermodynamic  forces  that 
may  give  rise  to  solute  redistribution.  In  the  short  initial  ballistic  stage  the  atoms  are  displaced 
from  their  equilibrium  positions,  creating  interstitials,  vacancies  and  ion  mixing  near  the  cascade. 
The  thermal  stage  that  follows  involves  a  liquid-like  system,  followed  by  a  temperature  drop  that 
drives  the  system  towards  re-solidification;  in  these  stages  precipitation,  dissolution, 
amorphisation,  and  diffusion  (besides  other  possible  transformations),  influences  the  solute 
redistribution. 

The  diffusion  mechanisms  in  the  liquid  phase  are  influenced  by  the  thermomigration  of 
solutes.  The  governing  equation  in  this  case  is  the  diffusion  equation  with  the  heat  of  transport 
contribution  [1]: 
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in  which  Cs  is  the  solute  concentration,  t  is  the  time,  D  is  the  diffusion  coefficient,  is  the  heat 
of  transport,  k  is  the  Boltzmann  constant  and  T  is  the  temperature.  Under  a  thermal  gradient,  the 
thermomigration  effect  would  drive  the  solute  to  the  cold  region  of  the  sample  if  Q*  is  positive, 
and  to  the  hot  region  of  the  sample  if  Q*  is  negative. 

Additional  effects  could  appear  as  system  cools  down  from  the  liquid,  and  the  characteristics 
of  the  phase  diagram  affect  the  final  solute  distribution  in  the  solid  phase.  In  systems  with 
liquidus  and  solidus  lines  with  negative  slopes,  the  solute  is  pushed  towards  the  liquid  as  the 
solidification  interface  moves  on  cooling.  If  solid  diffusion  is  neglected  due  to  the  rapid  nature  of 
the  process  under  consideration,  the  complete  or  partial  mixing  by  diffusion  in  the  liquid  phase 
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produces  a  concentration  profile.  Standard  results  show  that  the  first  portion  of  matter  that 
solidifies  has  a  low  solute  concentration,  while  the  last  solid  formed  is  solute  enriched  [2], 

In  a  previous  work  [3]  we  determined  the  thermomigration  effect  on  liquid  dilute  Au-Ni 
alloys.  We  found  that  Ni  as  a  solute  in  Au  has  a  tendency  to  move  towards  the  hot  core  of  the 
spike,  while  Au  as  a  solute  in  Ni  has  the  opposite  tendency.  The  final  solute  concentrations  under 
a  fixed  thermal  gradient  are  shown  in  figure  I,  for  samples  of  4.7  %  initial  solute  content  in  the 
Au-Ni  system.  Figure  2  shows  the  Au-Ni  system  phase  diagrams:  the  cxperiincntal  (dotted  lines) 
[4J  and  that  determined  in  a  previous  publication  [5],  corresponding  to  the  embedded  atom 
potentials  f6]  used  in  this  work.  According  to  this  phase  diagram,  during  cooling  from  the  melt 
the  effect  of  the  Uquidus  and  solidus  lines  would  drive  the  solute  to  the  hot  melted  zone  in  both 
Ni  5%  Au  and  Au  5%  Ni  systems:  this  would  enhance  (compensate)  the  thermomigration  effect 
when  Ni  (Au)  is  the  solute.  This  analysis  would  be  correct  if  the  solidification  proceeds  at 
thermodynamic  equilibrium,  a  fact  that  we  assess  in  the  simulations  reported  here.  Equilibrium 
solidification  occurs  when  the  concentration  of  solid  and  liquid  phases  close  to  the  moving 
interface  are  given  by  the  Uquidus  and  solidus  lines  respectively.  In  this  work  we  use  molecular 
dynamics  to  study  the  combined  effect  of  thermomigration  and  quenching  during  ultra-fast 
solidification  in  the  Au-Ni  system  after  a  fast  ion  track  event. 


Figure  1:  Solute  distribution  after  500  psec.  Figure  2:  Experimental  (dotted)  [4]  and 

under  a  fixed  thermal  gradient  in  initially  calculated  [5]  Au-Ni  phase  diagram. 

4.7%  dilute  alloys. 

TRACK  SIMULATION 

A  400  eV/A  track  in  the  [001]  direction  was  simulated  on  dilute  5%  Au-Ni  and  Ni-Au 
alloys,  on  64x64x16  unit  cells  samples.  This  energy  deposition  is  in  the  range  usually  attainable 
by  swift  heavy  ions. 

The  Ni  5%  Au  sample  is  shown  in  figure  3,  after  1  psec.  from  the  track  event.  The  melted 
zone  reaches  a  maximum  size  and  then  the  rc-solidification  interface  moves  towards  the  center  of 
the  track  at  a  variable  speed,  which  is  shown  in  figure  4,  and  is  estimated  from  the  temperature 
profiles  shown  in  figure  5.  These  figures  show  that  the  track  effect  extends  over  roughly  ten 
cells.  After  about  16  psec.  the  system  reaches  the  solid  phase  temperature. 


272 


.10  -5  0  5  10 


Figure  3;  Ni  5%  Au  sample  after  1  psec. 
from  track  event.  Distances  in  cell  units. 
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Figure  4:  Interface  position  after  track 
event  in  Ni  5%  Au. 
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Figure  5:  Temperature  profiles  after  track  event  in  Ni  5%  Au. 

Concentration  profiles  for  Ni  5%  Au  and  Au  5%  Ni  are  shown  in  figure  6.  From  the  figure  it 
is  observed  that  in  the  Ni  5%  Au  system  the  solute  moves  away  from  the  center  of  the  track, 
while  in  the  Au  5%  Ni  system  the  solute  moves  to  the  track  region.  This  observation  is  in 
agreement  with  the  expected  behavior  when  thermomigration  is  operative. 


Figure  6;  Au  concentration  during  track  cooling  of  Ni  5%  Au  system  (above)  and  Ni 
concentration  during  track  cooling  of  Au  5%  Ni  system  (below).  Distances  in  cell  units. 
From  left  to  right:  at  2,  4,  10  and  20  psec.  from  track  event. 

From  the  track  simulations  we  conclude  that  in  the  Ni  5%  Au  system  the  20  psec.  picture 
represents  the  sample  back  in  its  solid  phase.  In  this  time  scale,  the  solidification  is  apparently 
not  in  equilibrium,  as  the  thermomigration  effect  was  not  compensated  by  a  solute  enrichment  in 
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the  final  liquid  in  the  center  of  the  sample.  In  the  Au  5%  Ni  system,  the  picture  at  20  pscc.  still 
represents  a  sample  with  a  liquid  track  core.  However,  further  cooling  up  to  50  pscc.  did  not  raise 
the  solute  concentration  at  the  center  of  the  sample,  as  would  be  expected  if  solidification  occurs 
at  thermodynamic  equilibrium. 

To  try  to  understand  quantitatively  these  results,  we  proceed  now  to  the  analytic  modeling  of 
the  processes. 

ONE  DIMENSIONAL  SOLIDIFICATION  MODELS 

To  verify  the  track  results  a  molecular  dynamics  simulation  and  an  analytical  calculation 
were  performed  in  one  dimensional  temperature  gradient  geometry  under  controlled  temperature 
conditions.  A  thermal  gradient  was  imposed  to  twenty  cells  long  samples,  with  temperature 
control  at  both  ends  (cold  ends)  and  at  the  center  (hot  center)  and  periodic  boundary  conditions 
in  3D.  The  cold  ends  were  kept  at  1000  K,  while  the  hot  center  was  initially  at  1 1000  K  and  then 
cooled  down.  A  fast  cooling  of  500  K/p.sec.,  similar  to  that  observed  during  the  track  cooling, 
and  a  slow  cooling  of  10  K/pscc.,  in  an  attempt  to  quench  at  thermodynamic  equilibrium,  arc 
presented.  The  evaluation  was  performed  in  the  Ni  5%  Au  alloy,  which  has  a  broad  splitting  of 
the  two  phase  (liquid  and  solid)  field  and  an  evidence  of  the  solidification  solute  redistribution  is 
therefore  expected. 

Molecular  dynamics  results 

The  concentration  profiles  for  the  fast  and  slow  cooling  conditions  after  the  samples  reached 
an  uniform  temperature  (1000  K)  are  shown  in  figure  7.  In  both  eases  the  thermomigration  effect 
is  present  at  the  beginning  of  the  run.  In  the  fast  cooling,  the  concentration  does  not  vary 
significantly,  while  in  the  slow  cooling  the  solute  is  pushed  towards  the  hot  center  of  the  sample, 
compensating  the  thermomigration  effect  at  the  end  of  the  run.  In  the  slow  cooling  a  peak  moves 
from  the  cold  to  the  hot  region,  suggesting  that  some  equilibrium  is  achieved.  The  interface 
position  shown  corresponds  to  the  approximated  point  at  which  it  should  be  according  to  the 
imposed  temperature  gradient. 


Figure  7:  Concentration  profiles  for  the  fast  (left)  and  slow  (right) 
cooling  down  schemes.  Molecular  dynamics  calculation  in  Ni  5%  Au. 

Figure  8  represents  the  sample  configuration  when  the  temperature  at  the  center  is  2000  K. 
The  slow  cooled  sample  is  almost  crystallized,  while  the  fast  cooled  sample  is  still  in  a  liquid  like 
configuration.  The  observation  is  in  agreement  with  the  conclusion  obtained  from  the 
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concentration  profiles,  and  also  suggests  that  the  slow  cooling  allows  a  partial  thermodynamic 
equilibrium,  while  in  fast  cooling  the  equilibrium  is  not  reached.  When  the  fast  cooled  sample 
was  left  at  1000  K  for  a  longer  period,  an  ordered  crystal  structure  was  obtained,  and  there  was 
no  changes  in  the  concentration  profile. 


Figure  8:  Samples  obtained  by  molecular  dynamics  calculations  for  fast  (left)  and  slow  (right) 
cooling  conditions  in  Ni  5%  Au.  Temperature  in  the  center  is  2000  K.  The  estimated  interface 
position  according  to  thermal  gradient  should  be  at  the  first  cell.  Distances  in  cell  units. 


Analytic  results 


The  analytic  model  assumes  the  system  is  always  at  equilibrium  solidification,  and  the 
diffusion  equation  including  thermomigration  (1)  is  solved  as  cooling  down  proceeds. 

The  results  for  fast  and  slow  cooling  are  shown  in  figure  9  for  the  final  (left)  and  transient 
(right)  concentration  profiles.  In  spite  of  the  concentration  values,  the  final  slow  cooling  profile 
is  similar  to  that  obtained  by  molecular  dynamics.  The  fast  cooling  profile  has  a  peak  at  the 
center  of  the  sample,  resulting  from  the  impingement  of  solute  in  the  final  stage,  which  is  not 
observed  in  the  molecular  dynamics  run.  An  equilibrium  plateau  at  the  initial  5%  concentration 
is  observed. 


Figure  9:  Concentration  profiles  from  the  analytical  calculation,  fast  and  slow 
cooling,  in  Ni  5%  Au.  Final  profile  (left)  and  transient  (right). 


The  transient  concentrations  in  figure  9  correspond  to  the  same  interface  position  for  both 
cases.  The  fast  cooling  has  a  narrow  concentration  peak  at  the  interface,  while  the  slow  cooling 
presents  a  diffusive  profile.  This  allows  the  liquid  to  be  enriched  by  solute,  and  as  a  consequence 
the  center  of  the  sample  has  an  extended  enriched  zone  in  the  final  state.  The  zone  of  solute 
concentration  below  the  initial  5%  also  differs.  The  slow  cooling  shows  a  broad  zone,  as  the 
continues  build  up  of  solute  to  the  cold  region,  due  to  thermomigration,  produces  solidification  at 
a  composition  close  to  the  initial  composition  of  the  sample. 


SUMMARY  AND  CONCLUSIONS 


The  concentration  profiles  obtained  in  the  simulation  of  the  track  event  indicate  that  the 
thermomigration  effeet  is  the  main  contribution  to  the  solute  re-distribution.  The  very  fast 
cooling  rate  observed  during  the  simulation  does  not  allow  a  thermodynamic  equilibrium  in  the 
system. 

The  observations  in  the  Ni  5%  Au  system  are  verified  with  one  dimensional  thermal 
gradients  in  three  dimensional  molecular  dynamics  and  an  analytical  model  which  assumes 
equilibrium  solidification  during  quenching.  A  fast  cooling  rate,  similar  to  the  track  cooling  rate, 
reflects  differences  between  the  analytical  simulation  and  molecular  dynamics.  This  implies  that 
equilibrium  is  not  reached  in  the  molecular  dynamics  simulation.  In  contrast,  a  slow  cooling  rate 
shows  similar  qualitative  behavior  in  analytical  and  molecular  dynamics  results  indicating  some 
degree  of  equilibrium.  There  are  differences  in  the  concentration  values  for  the  slow  cooling 
simulation  and  the  analytical  calculation,  which  arc  due  to  the  strong  assumption  of  equilibrium 
solidification  in  the  analytic  model,  while  in  molecular  dynamics  there  is  no  complete 
equilibrium.  The  average  interface  speed  during  the  track  and  the  fast  cooling  under  the  one 
dimensional  temperature  gradient  is  estimated  to  be  2  A/psec.,  while  in  the  slow  cooling  is  about 
0.04  A/pscc.  These  values  arc  consistent  with  a  0.1  A/pscc.  interface  speed  estimated  as  the 
upper  limit  at  which  equilibrium  solidification  should  be  operative,  which  was  obtained  with 
molecular  dynamics  and  analytic  models  not  presented  here. 

The  Au  5%  Ni  sy.stem  cools  down  at  a  slow  rate  after  the  track.  The  Au  5%  Ni  sample 
shown  in  figure  6  is  still  in  the  liquid  phase,  while  the  Ni  5%  Au  sample  is  solid.  Concentration 
profiles  in  the  Au  5%  Ni  system  in  later  stages  after  the  track  event  do  not  show  further 
modifications.  This  is  consistent  with  the  above  conclusions  since,  if  the  phase  diagram 
equilibrium  is  supposed  to  occur,  the  center  of  the  sample  should  be  enriched  with  solute. 
However,  due  to  the  narrow  splitting  of  the  two  phase  (liquid  and  solid)  field  in  the  Au  rich  zone 
of  the  phase  diagram,  a  relevant  effect  would  not  be  expected  even  if  equilibrium  occurs  during 
cooling. 

One-dimensional  thermal  gradients  in  molecular  dynamics  calculations,  and  analytical 
results,  suggest  that  the  cooling  rate  should  be  much  slower  than  is  the  case  for  Ni  to  allow  for 
equilibrium  solidification  effects  to  become  apparent.  This  may  occur  in  heavier  systems.  These 
effects  depend  on  the  sign  and  magnitude  of  the  heat  of  transport,  and  on  the  characteristics  of 
the  phase  diagram. 

REFERENCES 

1.  J.P.  Stark,  So/ic/  State  Diffusion,  (John  Wiley  &  Sons,  1976)  p.  124. 

2.  D.A.  Porter  and  K.E.  Easterling,  Phase  transformations  in  metals  and  alloys,  2nd  cd. 
(Chapman  &  Hall,  London,  1992)  pp.  208-214. 

3.  E.M.  Lopasso,  M.  Caro  and  A.  Caro.  Phys.  Rev.  B  63.  174105  (2001). 

4.  Thaddeus  B.  Ma.ssalski  (editor),  Binary  Alloy  Phase  Diagrams,  2nd  ed,  ASM  International 
(William  W.  Scott  Jr.,  1992)  pp.  402-404. 

5.  E.  Ogando  Arregui,  M.  Caro  and  A.  Caro:  Embedded  Atom  Model  Prediction  of  theAu-Ni 
Phase  Diagram,  submitted  for  publication. 

6.  S.M.  Foiles,  M.I.  Baskes  and  M.S.  Daw,  Phys.  Rev.  B  33.  7983  (1986). 


276 


Mat.  Res.  Soc.  Symp.  Proc.  Vol.  703  ©  2002  Materials  Research  Society 


V6.27 


Deposition  of  Polymer  Thin  Films  on  ZnO  Nanoparticles  by  a  Plasma  Treatment 

Peng  He,  Jie  Lian’,  L.  M.  Wang*,  Wim  J.  van  Ooij,  and  Donglu  Shi, 

Department  of  Materials  Science  and  Engineering,  University  of  Cincinnati 
Cincinnati,  OH  45221-0012 

'Dept,  of  Nuclear  Engineering  and  Radiological  Science,  University  of  Michigan 
Ann  Arbor,  MI  48109 

ABSTRACT 

Ultrathin  acrylic  acid  polymer  films  have  been  deposited  on  the  surfaces  of 
nanoparticles  of  ZnO  using  a  plasma  polymerization  treatment.  The  average  size  of 
nanoparticles  is  on  the  order  of  50  nm  in  irregular  shapes.  High-resolution  transmission 
electron  microscopy  (HRTEM)  experiments  showed  that  an  extremely  thin  film  of  the 
acrylic  acid  layer  ( 1 5  nm)  was  uniformly  deposited  on  the  surfaces  of  the  nanoparticles. 

In  particular,  the  particles  of  all  sizes  exhibited  equally  uniform  ultrathin  films  indicating 
a  well-dispersed  nanoparticles  in  the  fluidized  bed  during  the  plasma  treatment.  The 
deposition  mechanisms  and  the  effects  of  plasma  treatment  parameters  are  discussed. 

INTRODUCTION 

Nanoparticles  are  known  to  have  extremely  high  surface  areas.  As  a  result  of  the  high 
surface  area,  the  surface  energy  can  reach  the  order  of  100  kJ/moI  for  a  variety  of 
materials  (1-5).  Due  to  high  surface  areas,  nanoparicles  naturally  agglomerate  and  can 
form  considerable  bonding  between  particles.  If  they  strongly  bond  to  each  other,  they 
cannot  be  easily  dispersed  and  are  referred  to  as  an  aggregate  or  a  hard  agglomerate. 
Therefore,  for  nanoscale  particles,  the  challenge  is  that  whether  they  can  be  well 
dispersed  in  space.  Furthermore,  in  a  well-dispersed  condition,  whether  it  is  possible  to 
coat  uniformly  a  thin  layer  of  foreign  species  on  their  particle  surfaces.  In  this  proposal 
we  will  address  these  issues  and  focus  on  the  optimization  of  experimental  procedures. 

Surface  coating  of  nanoparticles  is  an  important  area  in  nanomaterials  synthesis. 
Because  of  their  special  composition,  these  coatings  possess  a  unique  combination  of 
properties  of  the  inorganic  and  organic  components,  for  instance  hydrophobic, 
hydrophilic,  anti-fogging,  anti-fouling,  anti-adhesive  and/or  teflon-like  properties  in 
combination  with  hardness  and  scratch  and  abrasive  resistance.  The  combination  of 
mutually  chemically  interconnected  organic  and  inorganic  networks  results  in  coatings 
with  a  very  low  permeability  for  gases  and  liquids.  Hybrid  materials  are  very  suitable  for 
application  as  coatings  on  a  highly  diverse  spectrum  of  substrates  including  glasses, 
ceramics,  plastic,  wood,  and  metal.  Before  curing,  the  coating  materials  consists  of  a 
clear  alcoholic  solution  that  can  easily  be  processed  by  classical  application  techniques 
such  as  dipping,  spraying,  or  spin  coating.  However,  in  these  previous  coating  processes, 
the  coatings  are  quite  thick  up  to  the  order  of  microns. 

The  current  trend  of  developing  nanophase  materials  has  motivated  an  increased  need 
for  nanometer-scale  structures  in  a  variety  of  applications.  Indeed,  it  is  clear  that,  in 
order  to  achieve  unique  mechanical,  physical,  chemical,  and  biomedical  properties,  it  is 
necessary  to  develop  novel  synthesis  routes  by  which  an  entirely  new  nanostructure  can 
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be  developed.  In  the  past,  great  efforts  have  been  focused  on  nanoparticle  synthesis, 
assembly,  interfitces,  dispersions,  and  functional  devices  (1-5).  Although  high  volume 
(~80  vol.%)  polymer  coating  of  nanoparticles  has  been  reported  (6),  no  studies  so  far 
have  shown  uniform  deposition  of  ultrathin  films  of  the  order  of  10-20  A  on  the  surface 
of  the  nanoparticles,  which  is,  in  this  letter,  referred  to  as  “nanocoating.”  The  deposited 
film  can  also  be  tailored  to  multi-layers  on  a  nanoparticle.  Nanocoating  is  of  particular 
importance  in  electronics,  functional  devices,  new  materials  synthesis,  nanobiomolecular 
applications,  tissue  engineering,  and  drug  delivery.  Using  nanocoating,  it  is  possible  to 
alter  the  intrinsic  properties  of  materials  that  cannot  be  achieved  by  conventional  methods 
and  materials. 

For  nanoscale  ceramics  particles,  the  challenge  is  that  whether  they  can  be  well 
dispensed  in  space.  Further,  in  a  well-dispersed  condition,  it  is  possible  to  deposit  a  thin 
film  of  foreign  .species  uniformly  on  the  nanoparticle  surfaces  and  thereby  reduce  their 
surface  energies.  In  this  study  we  will  address  these  issues  and  report  experimental  data 
on  the  deposition  of  multiple  layers  of  polymer  ultrathin  films  on  the  surfaces  of 
nanoscale  alumina  particles  by  a  plasma  polymerization  process.  The  deposited  thin 
films  are  plasma-polymerized  pyrrole  and  hcxamethyldidiloxanc  (HMDSO). 

One  of  the  possible  applications  of  nanocoating  is  in  ion  exchange  for  removing  metal 
ions  from  water.  If  on  the  surlace  of  these  nanoparticles,  an  extremely  thin  layer  of 
polyacrylic  film  can  be  coated  by  a  plasma  treatment.  The  polyacrylic  film  will  react  with 
metallic  ions  in  water.  As  a  result  of  the  high  surface-to-volume  ratio  of  these 
nanoparticles,  the  efficiency  of  ion  exchange  in  the  water  flux  is  much  higher  than  other 
types  of  traditional  reactors.  In  this  research  we  have  carried  out  the  preliminary 
experiments  in  coating  nanoparticles  with  acrylic  acid  polymer  films.  The  results  have 
.shown  that,  using  plasma  treatment,  a  uniform  thin  film  of  acid  polymer  film  has  been 
coated  on  the  nanoparticles  of  ZnO. 


experimf:ntal  details 

In  this  experiment,  a  RF-plasma  reactor  was  used  for  the  nanoparticlc  coating.  We 
have  selected  nanoscale  ZnO  particles  of  50  nm.  The  schematic  diagram  of  the  plasma 
reactor  for  thin  film  deposition  of  nanoparticles  is  shown  in  Figure  1 .  The  vacuum 
chamber  of  plasma  reactor  consists  of  a  long  Pyrex  glass  column  about  80  cm  in  height 
and  6  cm  in  internal  diameter  (7,8). 

The  nanoparticles  of  ZnO  are  vigorously  stirred  at  the  bottom  of  the  tube  and  thus  the 
surface  of  nanoparticles  can  be  continuously  renewed  and  exposed  to  the  plasma  for  thin 
film  deposition  during  the  plasma  polymerization  process.  A  magnetic  bar  was  used  to 
stir  the  powders.  The  gases  and  monomers  were  introduced  from  the  gas  inlet  during  the 
plasma  cleaning  treatment  or  plasma  polymerization.  The  system  pressure  was  measured 
by  a  pressure  gauge.  A  discharge  by  RF  power  of  13.56  MHz  was  used  for  the  plasma 
film  deposition.  Before  the  plasma  treatment,  the  basic  pressure  was  pumped  down  to  less 
than  200  mTorr  and  then  the  plasma  gases  or  monomer  vapors  were  introduced  into  the 
reactor  chamber.  The  operating  pressure  was  adjusted  by  the  gas/monomcr  mass  How 
rate.  The  base  pressure  was  less  than  200  mTorr.  Acrylic  acid  (AA)  was  used  as  a 
monomer  for  plasma  polymerization.  During  the  plasma  polymerization  process,  the 
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input  power  was  20  W  and  the  system  pressure  was  450  mTorr.  The  plasma  treatment 
time  was  240  min.  Per  batch  40  grams  of  powder  were  treated. 


Figure  1.  Schematic  diagram  of  the  plasma  reactor  for  thin  polymer  film  coating  of  the  nano-particles. 

After  the  plasma  treatment,  the  nanoparticles  of  ZnO  were  examined  by  using  the  high- 
resolution  TEM  (HRTEM)  experiments  performed  on  a  JEM  201  OF.  In  FTIR  experiment, 
potassium  bromide(KBr)  of  99%+  purity  was  obtained  from  Aldrich  Chemical  Company 
Inc,  Milwaukee,  WI.  The  coated  powder  was  mixed  with  KBr  and  pressed  into  small 
pellets  for  the  FTIR  experiment.  FTIR  spectra  were  acquired  on  a  BIO-RAD  FTS-40 
FTIR  spectrometer  with  a  BIO-RAD  transmittance  attachment. 


RESULTS  AND  DISCUSSION 

In  transmission  electron  microscopy,  the  original  and  coated  ZnO  nanoparticles  were 
dispersed  onto  the  holy-carbon  film  supported  by  Cu-grids  for  the  TEM  operated  at  200 
kV.  Figure  2  shows  the  transmission  electron  microscopy  (TEM)  image  of  the  original, 
uncoated  ZnO  nanoparticles.  The  average  particle  size  is  about  50  nm,  with  the  smallest 
particle  size  on  the  order  of  15  nm.  These  particles  also  exhibit  the  irregular  shapes  for 
all  sizes.  Figure  3a  is  the  TEM  image  of  the  coated  particles.  Compare  to  Figure  2,  one 
can  see  a  bright  edge  on  the  particle  surfaces,  which  is  the  result  of  the  polymer  coating. 
Figure  3b  is  a  high  magnification  image  showing  a  uniform  coating  on  the  particle 
surhices.  In  this  figure  one  can  see  not  only  that  acrylic  acid  film  is  uniform  but  the 
thickness  of  the  film  is  also  extremely  thin  on  the  order  of  15  nm. 

Particularly  interesting,  although  these  particles  have  different  diameters,  the  coating 
remains  the  same  thickness  indicating  the  uniform  distribution  of  polymer  atoms  in  the 
plasma  chamber.  The  coating  layer  is  amorphous  based  on  the  HREMs  of  different 
particles.  In  contrast,  the  images  of  the  original  particles  (Figure  2)  do  not  show  the 
amorphous  layer. 
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Figure  2  TEM  image  showing  the  imcoaled  ZnO  nanopartieles. 


Figure  3a.  TEM  images  showing  aerylic  acid  coated  nano  ZnO  particles 


Figure  3  b,  The  acrylic  acid  coating  on  the  surface  of  ZnO.  The  film  is  about  15  nm  think. 
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Thus,  we  are  certain  that  the  observed  layer  is  due  to  coating  rather  than  an  artifact  in 
TEM  observation. 

Figure  4  shows  the  IR  spectra  of  acrylic  acid-coated  nanoparticles  of  ZnO.  In  this 
figure,  we  can  see  the  effect  of  plasma  power  on  the  coating.  As  the  plasma  power 
increases,  the  peak  at  about  1700  mm  '  intensifies  significantly.  This  peak  at  1700 
belongs  to  the  function  group  of  C=0  vibration.  The  intensification  of  this  peak  indicates 
an  increase  of  this  function  group  C=0  in  the  deposited  films.  In  ion  exchange,  more  of 
C=0  function  groups  are  needed  in  order  to  react  with  metallic  ions  in  water.  In  order  to 
investigate  the  film  solubility  in  water,  we  immersed  acrylic  acid-coated  nanoparticles  in 
the  Nf  solution  at  room  temperature.  After  1  hour,  the  coated  nanoparticles  were  dried 
and  the  IR  experiement  was  performed  again  on  these  samples.  Some  of  the  results  at 
higher  power  of  60  W  are  shown  in  Figure  5.  As  can  be  seen,  at  higher  plasma  power, 
the  acrylic  acid  film  remains  insoluable  in  water.  However,  we  found  that,  at  lower 
plasma  powers  such  as  15  W  and  30  W,  the  entire  film  was  removed  by  the  nickel 
solution  indicating  there  were  less  cross-links  in  the  polymer.  At  higher  plasma  power 
above  60 W,  the  film  becomes  insoluble,  even  the  polymer  has  very  strong  hydrophilic 
function  groups  of  “COOH”. 

During  coating,  the  polymer  is  introduced  as  a  vapor  and  the  collision  frequency 
increases  with  the  gas  pressure.  The  rate  of  polymer  condensation  on  the  nanoparticle 
surfaces  may  be  influenced  by  many  parameters  such  as  electron  density,  temperature, 
and  energy  density.  Although  a  .systematic  study  on  the  optimization  of  synthesis 
parameters  has  not  yet  been  carried  out,  the  preliminary  experimental  data  have  indicated 
that  the  coating  polymer  must  be  stable  and  not  reactive  with  the  substrate  during  coating. 
The  gas  pressure  must  be  moderate  for  a  low  collision  rate  on  the  nanoparticle  surfaces 
(9,10). 


Figure  4.  IR  spectrum  of  aciylic  acid  -coated  ZnO  nanoparticles. 
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Figure  5.  JR  spectrum  of  acrylic  acid  -coated  ZnO  mmoparticles  before  and  after  water  test. 


In  summary,  wc  have  deposited  an  acrylic  acid  film  on  ZnO  nanoparticlcs  by  means  of 
a  plasma  polymerization  treatment.  The  coating  is  not  only  uniform  on  all  particle  sizes, 
but  also  thin  with  a  thickness  of  15  nm.  Such  coating  characteristics  are  essential  in 
establishing  unique  nanostructures,  tailoring  unique  physical  properties,  and  pioneering 
novel  synthesis  route. 
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ABSTRACT 

Nanosized  lithium  manganate  powders  are  successfully  synthesized  via  a  newly 
developed  reverse-microemulsion  (RpE)  process.  Monophasic  LiMn204  powders  are  obtained 
after  calcining  the  precursor  powders  at  700"C.  The  particle  size  of  the  spinel  compound 
significantly  depends  on  the  concentration  of  the  aqueous  phase.  Increasing  the  water-to-oil 
volume  ratio  results  in  an  increase  in  the  particle  size.  While  the  aqueous  phase  is  equal  to  0.5 
M,  the  size  of  the  obtained  LiMn204  powder  is  around  60-70  nm.  It  is  found  that  the  specific 
capacity  of  nanosized  LiMn204  particles  is  greater  than  that  of  submicron  particles.  The  large 
surface  area  of  ultrafme  particles  is  considered  to  facilitate  the  intercalation  and  deintercalation 
of  lithium  ions  during  the  cycling  test. 

INTRODUCTION 

Lately,  lithium-ion  secondary  batteries  have  became  one  of  the  most  promising  candidates 
in  the  field  of  rechargeable  batteries  owing  to  their  high  working  voltage,  high  energy  density, 
steady  discharging  properties,  and  long  cycle  life.  For  perfecting  the  performance  of  lithium 
ion  batteries,  the  electrochemical  characteristics  of  cathode  materials  have  been  intensively 
investigated.  A  variety  of  lithiated  transition  metal  oxides  including  LiCo02,  LiNi02,  and 
LiMn204  have  been  explored  for  utilizing  as  cathode  electrodes  in  lithium-ion  secondary 
batteries  [1-4].  Among  these  cathode  materials,  lithium  manganate  with  a  spinel  structure  is  of 
particular  interest  for  using  in  the  rechargeable  cells  because  of  its  inexpensive  material  cost, 
acceptable  environmental  characteristics,  and  better  safety  compared  to  LiCo02.  However, 
LiMn204  suffers  the  disadvantages  of  relatively  low  discharge  capacity  and  serious  capacity 
fading  during  the  cycling  process  [6-8].  For  optimizing  the  electrochemical  performance  of 
LiMn204,  a  great  deal  of  efforts  have  been  devoted  to  synthesize  LiMn204  powders  with  a 
controlled  morphology  [9,10].  A  new  reverse-microemulsion  (R|iE)  process  was  thus  to 
control  the  morphology  and  particle  size  of  LiMn204  powders,developed  in  this  study,  and  the 
electrochemical  performance  of  the  obtained  powders  was  also  evaluated. 

EXPERIMENTAL  DETAILS 

Lithium  nitrate  (LiN03)  and  manganese  nitrate  (Mn(N03)2)  were  chosen  as  the  starting 
materials.  The  well-dispersed  aqueous  phase  was  mixed  with  the  continuous  phase  that 
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comprised  oil  and  surfactant.  After  emulsifying  these  starting  compounds,  a  transparent  RpE 
system  was  successfully  obtained.  The  RpE  system  was  heated  and  dried  for  preparing  the 
precursors  of  the  target  .spinel  compound.  The  precursor  prwders  were  calcined  in  a  tube 
furnace  at  350'’C  with  a  heating  rate  of  10'’C  /min  to  obtain  the  LiMn204  powders.  The  powders 
prepared  at  the  cationic  concentration  of  0.5  M  and  2.0  M  were  named  as  sample  A  and  B, 
respectively.  The  crystallinity  of  the  formed  products  was  identified  via  the  powder  X-ray 
diffraction  (XRD)  analysis.  The  morphology  and  the  particle  size  of  the  obtained  powders  were 
measured  with  a  field  emission  scanning  electron  microscopy  (FESEM).  The  electrochemical 
cell  was  composed  of  the  RpE-  derived  LiMn204  powders  as  the  cathode,  lithium  foil  as  the 
anode,  and  an  electrolyte  of  1  M  LiPF6  in  ethylene  carbonate  (EC)  and  1,2-dimcthyl  carbonate 
(DMC)  solution.  The  charge  and  discharge  charactcri.stics  of  the  cathode  materials  were 
investigated  using  a  current  density  of  0.23  mA/cm^  in  the  voltage  range  of  3.0  and  4.3  V. 


RESULTS  AND  DISCUSSION 

Figure  1  illustrates  the  XRD  patterns  of  the  RpE  derived  specimens  heated  at  700  C  for  1  h. 
After  analyzing  the  structural  characteristics,  these  calcined  powders  were  identified  to  be 
monophasic  spinel  LiMn204  with  a  cubic  unit  cell  and  a  space  group  of  Fd3m.  All  the 
diffraction  peaks  were  consistent  with  the  data  in  ICDD  PDF  No.  35-782  [1 1].  It  is  confirmed 
that  at  the  cationic  concentration  of  0.5  and  2.0  M,  pure  spinel  LiMn204  powders  can  be 
effectively  synthesized  using  the  RpE  process. 
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Fig.  1 .  XRD  patterns  of  the  RpE-derived  powders. 
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Fig.  2.  The  FESEM  photos  of  the  RpE-derived  powders  (a)  0.5  M  and  (b)  2.0  M. 

Figure  2  illustrates  the  field  emission  scanning  electron  microscopic  photos  of  the  pure 
spinel  powders.  Sample  A  has  an  uniform  morphology  and  the  particle  sizes  are  around  60-70 
nm  with  a  narrow  size  distribution.  Meanwhile,  the  mean  particle  size  of  sample  B  is  136  nm 
much  larger  than  that  of  sample  A.  In  comparison  with  previous  solution  methods,  the  RpE 
process  significantly  reduces  the  particle  size  of  LiMn204even  down  to  a  nanosized  order.  In 
addition,  the  cation  concentration  of  the  aqueous  phase  has  a  significant  effect  on  the  particle 
size  of  LiMn204  powders.  Increasing  the  cation  concentration  will  increase  the  particle  size  of 
LiMn204  powders.  Adjusting  the  cation  concentration  is  a  critical  issue  for  controlling  the 
particle  size  of  LiMn204. 

Figure  3  shows  the  charge-discharge  profiles  for  the  700 'C -calcined  samples  cycled  at 
0.23  mA/cm^.  The  cell  consisting  of  sample  A  delivered  the  discharge  capacity  of  1 16  mAh/g 
in  the  first  cycle  at  room  temperature.  After  ten  cycles,  the  discharge  capacity  retained  104.2 
mAh/g.  For  the  electrochemical  characteristics  of  the  sample  B,  the  discharge  capacity  in  the 
first  cycle  was  92.2  mAh/g,  which  was  smaller  than  that  of  sample  A.  The  superior 
performance  of  sample  A  was  attributed  to  the  larger  surface  area  of  smaller  particles,  which 
facilitated  lithium  ions  to  participate  in  the  intercalation/deintercalation  process. 


28.S 


0  20  40  60  80  100  120 

Capacity  (mAh/g) 


Fig.  3.  Charge  and  discharge  properties  of  the  RpE-derived  powders  cycled  at  the  ambient 
temperature. 

In  order  to  investigate  the  cycling  performance  of  the  RpE-dcrived  powders  at  elevated 
temperatures,  the  electrochemical  characteristics  were  also  examined  at  55  C .  Figure  4 
illustrates  the  charge  and  discharge  profiles  of  the  700  C -calcined  specimens.  For  sample  A, 
the  first -cycle  discharge  capacity  was  98.8  niAh/g,  while  that  of  the  10th  cycle  was  81 .0  mAh/g. 
As  for  sample  B,  the  discharge  capacities  of  the  first  and  tenth  cycles  were  88.7  and  84. 1 
mAh/g,  respectively.  It  was  found  that  the  RpE-derived  powder  obtained  at  low  cationic 
concentration  demonstrated  worse  capacity  fading  than  that  derived  from  high  cationic 
concentration. 

The  cycling  stability  at  55  C  and  the  capacity  retention  of  the  RpE-dcrived  powders  are 
shown  in  Fig.  5.  It  was  found  that  the  capacity  fading  of  sample  B  was  less  severe  than  that  of 
sample  A,  indicating  that  high  cationic  concentration  in  the  RpE  system  is  effective  in 
suppressing  the  capacity  fading.  Figure  5(b)  depicts  that  the  capacity  retention  of  sample  A  and 
B  after  10  cycles  at  this  temperature  were  82%  and  95%.,  respectively.  It  was  found  that  the 
specific  capacity  increased  with  an  increase  in  the  surface  area  of  the  obtained  LiMirtO.^ 
powders,  however  the  capacity  retention  was  completely  opposite.  The  reason  for  better 
capacity  retention  of  sample  B  at  elevated  temperature  was  its  larger  particle  size.  The 
enlargement  of  surface  area  facilitated  the  insertion  and  extraction  of  lithium  ions,  but  also 
increased  the  dissolution  of  manganese  ions  into  the  electrolyte.  For  optimizing  the 
electrochemical  performance  of  the  RpE-dcrived  LiMn204  powders,  the  particles  size  should 
be  precisely  controlled. 
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Fig.  4.  Charge  and  discharge  performance  of  the  RpE-derived  powders  at  55“C.  The  aqueous 
concentration  are  (a)  0.5  M  and  (B)  2.0  M,  respectively. 


Fig.  5.  Comparison  of  the  cycling  stability  and  the  capacity  retention  of  the  RpE-derived 
powders  at  55“C . 


CONCLUSIONS 


Monophasic  nanosized  Li]VIn204  powders  were  successfully  synthesized  after  calcining 
the  precursor  powders  at  700  C  for  1  h.  The  electrochemical  performance  of  the  obtained 
LilVln204  powders  was  also  examined.  The  particle  size  decreased  and  the  surface  area 
inereased  with  a  drop  in  the  cationie  concentration.  It  was  found  that  LiMn^Oa  particles  with 
larger  surface  area  gave  ri.se  to  a  greater  specific  capacity  but  a  worse  cyclability  at  elevated 
temperatures.  The  first-cycle  discharge  capacities  of  the  samples  prepared  from  cationic 
concentrations  of  0.5  M  and  2.0  M  were  98.8  and  88.7  niAh/g  at  55  C ,  and  the  corresponding 
capacity  retentions  after  ten  cycles  were  82%  and  95%^  respectively.  In  order  to  optimize  the 
electrochemical  performance  of  LiMn204.  the  control  of  particle  size  is  necessary. 
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Abstract:  Hydroxyapetite  (HA)  coating  on  medical  implant  has  been  used  in  commercial 
application  for  several  decades.  The  coating,  commercially  made  by  thermal  spray  method, 
functions  as  a  intermediate  layer  between  human  tissues  and  the  metal  implant.  The  coating  can 
speed  up  early  stage  healing  after  operation  but  the  life  span  is  much  limited  by  low  interfacial 
bond  strength,  which  comes  from  the  dissolution  of  amorphous  HA  in  human  body  fluid  during 
its  service.  This  amorphous  phase  is  formed  in  coating  process  under  high  temperature.  To 
overcome  these  problems,  we  have  developed  a  novel  room  temperature  electrophoretic 
deposition  process  to  fabricate  nanostructured  HA  coating.  This  nanostructured  HA  coating 
significantly  improved  coating’s  bond  strength  up  to  50-60  MPa,  2-3  times  better  than  the 
thermal  sprayed  HA  coating.  The  nanostructured  HA  coating  also  has  corrosion  resistance  50- 
100  times  higher  than  the  conventional  HA  coating.  X-ray  diffraction  shows  that  all  the  HA 
coating  is  fully  crystalline  phase.  It  is  expected  that  the  implants  with  the  nanostructured  HA 
coating  will  have  much  longer  service  life.  Other  benefits  derived  from  this  process  include  room 
temperature  deposition,  the  ability  to  control  the  coating  microstructure  and  phases,  and  low  cost 
for  production. 

INTRODUCTION 

The  field  of  hydroxyapatite  (“HA”)  coatings  is  growing  very  rapidly.  Since  the  1980’s,  titanium 
implants  typically  have  been  coated  with  HAP  using  thermal  spray  techniques.  There  are  two 
major  shortcomings  associated  with  plasma-sprayed  HAP  coatings.  First,  due  to  the  high 
temperature  plasma  (>15,000”C),  a  large  fraction  of  crystalline  HAP  turns  amorphous  while  in 
transit.  This  phase  is  soluble  in  body  fluids  and  results  in  subsequent  dissolution  of  the  material 
during  operation.  Second,  while  thermal  spray  coatings  in  general  are  characterized  by  strong 
mechanical  bonds,  on  a  relative  scale,  this  type  of  bond  is  weak  in  comparison  to  metallurgical  or 
chemical  bonds.  In  the  1990’s,  a  chemical  precipitation  method  was  used  for  coating  porous 
implants.  This  process  operated  at  a  temperature  lower  than  100°C,  overcoming  the  HA 
dissolution  problem,  but  the  bonding  between  the  HA  coating  and  substrate  interface  is  very 
week.  In  fact,  the  poor  adhesion  of  HA  coatings  to  titanium  substrates  is  the  single  most 
troublesome  aspect  of  today’s  technologies  in  relation  to  the  viability  of  commercial  implantable 
products  [1]. 

Free-standing  crystalline  nanostructured  HA  (“«-HA”)  has  been  synthesized  by  Ying  et  al.  [2] 
using  a  wet  chemical  synthesis  technique.  Note  that  this  material  has  not  been  fabricated  as  a 
coating.  Powder  agglomerates  were  consolidated  into  bulk  form  for  testing  of  mechanical 
properties  such  as  fracture  toughness,  and  bend  and  compressive  strength.  The  MIT  group  found 
that  the  compressive  strength  of  bulk  n-HA  can  be  increased  up  to  4-fo!d  in  comparison  to  bone 
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(879  MPa  K9.  193  MPa  for  compacted  bone).  The  bend  strength  was  found  to  be  roughly 
equivalent  (193  MPa  vs.  160  MPa  in  bone).  These  impressive  numbers  arc  a  good  indication  of 
what  can  be  anticipated  in  electrophoretic  n-HA. 

Electrophoretic  deposition  of  HA  can  be  done  at  room  temperature  (or  lower)  and  avoids 
problems  related  to  formation  of  the  amorphous  phase.  Most  importantly,  the  nature  of  the  bond 
is  metallurgical  rather  than  mechanical  and  is  expected  to  result  in  dramatically  improved  bond 
strength  in  comparison  to  thermal  spray  techniques.  In  addition,  electrophoresis  enables 
multicomponent  codeposition.  However,  one  disadvantage  is  porosity,  allowing  body  fluid  to 
enter  and  cause  corrosion  of  the  titanium  substrate,  and  dclamination.  High  temperature 
sintering  has  been  used  to  decrease  porosity  and  increase  the  density  to  mitigate  this  problem. 
Unfortunately,  due  to  a  poor  mismatch  in  thermal  expansion  coefficients  between  the  HA  and 
titanium  at  high  temperatures  (during  sintering)  and  the  large  volume  pore  reduction,  cracks 
result. 

In  contrast,  for  nanostructured  materials,  this  has  been  found  to  be  less  of  a  problem  [3].  It  has 
been  demonstrated  that  nano  ceramics  have  thermal  expansion  coefficients  that  nearly  match  the 
metal  alloys  due  to  the  large  volume  fraction  of  atoms  located  at  the  grain  boundary,  which 
improves  mobility  [3,4].  To  date,  electrophoretic  deposition  (“EPD”)  of  HA  has  been  limited  to 
conventional  materials  of  micron  grain  size  [5-9].  Mechanical  properties  of  the  micron  HA  are 
limited  by  relatively  poor  bend  strength,  fracture  toughness,  and  compressive  strength.  Also,  n- 
HAP  can  be  sintered  at  a  much  lower  temperature,  as  has  been  demonstrated  for  n-Ti02,  which 
can  be  sintered  at  1/3  of  the  melting  point  (600  °C  vs  1400  ”C)  [4].  At  lower  temperatures,  there 
is  less  thennal  expansion.  We  expected  that  the  n-HAP  could  be  sintered  at  a  much  lower 
temperature  (900  °C  or  lower  with  low  pressure  HIPing,  500  “C),  as  observed  by  Ying  [2]. 
Finally,  a  dense  gradient  bond  coat  of  Ti02  was  introduced  (a  few  microns  thick)  between  n- 
HAP  and  titanium,  so  that  body  fluids  have  no  opportunity  to  attack  and  degrade  the  titanium 
substrate. 

EXPERIMENTAL  PROCEDURES 

Nanostructured  HA  powders  were  synthesized  using  a  wet  chemical  process.  This  wet  chemical 
process  produced  high  quality  n-HA  particles  with  particle  size  ranging  from  20  to  50  nm.  The 
as-synthesized  n-HA  particles  were  suspended  in  polarized  solvent.  Ti6A14V  coupons  with  1.0 
inch  diameter  and  0.25  inch  thickness  were  used  as  a  substrate.  The  Ti  alloy  and  platinum  were 
used  as  cathode  and  anode,  respectively.  This  process  produced  tenacious  HA  nanocoatings. 

Characterization  of  the  HA  nanocoatings  included  interfacial  bond  strength  using  ASTM 
Standard  F  1501-95  via  tensile  tester.  Surface  and  cross-sectional  microstructurc  and 
morphology  using  SEM,  in-vitro  testing  of  the  coated  coupons  in  simulated  human  body  fluids, 
and  electropolarization  measurements  during  in-vitro  tests. 

EXPERIMENTAL  RESULTS  AND  DISCUSSION 

Microstructure  and  bond  strensth:  The  EPD  process  produced  a  high  quality  HA  nanocoating. 
Both  surface  and  cross-sectional  SEM  indicated  that  the  as-produced  HA  nanocoatings  were 
highly  dense  with  few  closed  pores.  Fig.  1  shows  a  typical  SEM  cross-sectional  view  of  the 
coating.  The  cross-section  morphology  showed  a  very  clean  coating  to  substrate  interface  and 
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Fig.  1.  SEM  micrograph  showing  the 

cross-sectional  view  of  nano-HA 
on  Ti  substrate.  Note  that  the 
coating  to  substrate  interface  is 
clean,  and  with  high  bond 
strength. 


high  density.  Coating  to  substrate  adhesion  evaluation  using  direct-pull-tests  indicated  that  the 
as-fabricated  nanocoatings  exceed  60  MPa,  exceeding  the  FDA  required  bond  strength  value, 
which  is  50  MPa. 

PH  Chanee  with  time.  Fig.  2  shows  the  pH  change  with  soaking  time  in  simulated  human  body 
fluid  at  37  “C.  In  comparison,  plasma  sprayed  conventional  micrometer  sized  HA  coatings  were 
also  tested  using  the  same  conditions.  It  was  found  that  the  EPD  n-HA  coatings  kept  a  constant 
pH  value  at  6.5  soaked  in  the  simulated  body  fluid  for  more  than  60  days.  However,  in  the  case 
of  plasma  sprayed  HA  coatings,  the  simulated  human  body  fluid  had  a  sudden  pH  increase  up  to 
9.7.  Two  days  latter,  the  pH  reached  the  highest  point  of  10.5.  After  that,  the  pH  gradually 
went  down  to  7.5  and  tended  to  be  stable  within  30  days.  These  curves  demonstrated  that  the 
EPD  coated  n-HA  coatings  were  much  more  stable  than  the  conventional  thermal  sprayed  HA 
coating  during  in-vitro  tests  in  the  simulated  body  fluid. 

Calcium  content  change  with  time.  Fig.  3  shows  the  calcium  content  change  with  soaking  time 
of  both  conventional  thermal  sprayed  (“T/S”)  HA  coatings  and  EPD  n-HA  coatings.  The 
calcium  content  release  ranking  can  be  expressed  as 

Non-heat  treated  T/S  HA  coating  >  heat  treated  T/S  HA  coating  >  EPD  n-HA  coatings 

For  the  two  thermal  sprayed  HA  coatings,  both  exhibited  high  calcium  release,  which  was  caused 
by  the  dissolution  of  amorphous  HA  and  other  impurities  of  calcium  phosphates  of  the  coatings 
in  the  simulated  human  body  fluid.  In  the  actual  experiments,  we  also  found  a  white-colored 
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Fig.  2.  pH  plot  vs.  soaking  time 
during  in-vitro  testing  in 
the  simulated  human  body 
fluid. 
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Fig.  3.  Calcium  content  release 
into  the  simulated  body 
fluid  vs.  different 
materials  at  37"C  for  3 
months. 
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material,  which  first  appeared  on  the  thermal  sprayed  HA  coating  surface  and  then  gradually 
dissolved  into  the  solution.  This  phenomenon  was  more  serious  for  the  non-heat  treated  thermal 
sprayed  HA  coatings  than  for  the  heat-treated  ones.  It  was  noticed  that  calcium  release  of  the 
thermal  sprayed  HA  coatings  decreased  with  the  soaking  time.  For  the  heat-treated  HA  coating, 
the  calcium  content  release  was:  60.1,  52.2,  and  28.8  ppm  for  soaking  17,  29,  and  90  days  in  the 
simulated  body  fluid,  respectively.  The  decrease  of  the  calcium  release  could  be  explained  by 
the  reaction  of  the  calcium  ions  with  absorbed  CO2,  which  produces  CaCO.v  When  solid  CaC03 
formed,  the  concentration  would  decline.  The  CO2  absorption  and  reaction  with  Ca^^  can 
explain  pH  gradually  going  down  with  soaking  time  in  Fig.  2. 

The  most  important  finding  was  that,  for  both  EPD  nanocoatings,  e.g.,  n-HA-1  coatings  soaked 
61  days  and  EPD  n-HA-2  for  23  days,  the  calcium  contents  in  the  simulated  human  body  fluid 
were  zero,  indicating  no  calcium  release  to  the  simulated  body  fluid. 


Electrochemical  Corrosion:  The  corrosion  resistance  results  for  both  EPD  n-HA  coatings  and 
thermal  sprayed  HA  coatings  are  shown  in  Fig.  4,  where  the  n-HA  coating  had  a  corrosion 
current  50-100  time  smaller  than  the  thermal  sprayed  coating  in  simulated  human  body  fluid  at 
room  temperature. 


Fig.  4.  Electro-polarization 
corrosion  curves  for 
both  EDP  n-HA  coatings 
and  thermal  sprayed  HA 
coatings. 
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As  shown  in  Fig.  1,  the  n-HA  coatings  are  nearly  100%  dense.  XRD  analysis  indicated  100% 
crystallinity  of  the  HA  nanocoatings.  In  the  n-HA  coatings,  simulated  human  body  fluid  had  no 
chance  for  contact  with  the  Ti  alloy  surface,  consequently,  no  corrosion  occurred.  In  contrast, 
thermal  sprayed  HA  coating  had  many  defects  associated  with  the  as-fabricated  coatings, 
porosity,  and  cracks  were  evident,  as  well  as  the  presence  of  amorphous  phases.  The  interfacial 
and  coating  cracks  are  usually  formed  during  cooling  down  of  the  fabricated  components  in  the 
thermal  spray  process,  due  to  large  thermal  expansion  coefficient  differences  between  the  HA 
coating  (aHA=13.5  xlO'^  /°C)  and  the  Ti  substrate  (aTi=9.5  xlO'^  /”C). 

The  interfacial  reaction  at  the  interface  area  is  divided  into  two  steps.  First,  the  H"^  produces  at 
the  interface  area  when  corrosion  occurs  (eq.  1).  Second,  the  HA  material  dissolves  in  the  high 
H^  concentration  area  (eq.  2).  Because  the  cannot  be  well  circulated  out  at  interface,  the  local 
pH  of  the  interface  is  extremely  low.  The  HA  dissolution  automatically  speeds  up,  so  this 
corrosion  is  a  self-catalytic  process.  Whenever  the  corrosion  starts,  it  cannot  stop  until  the  entire 
interfacial  HA  material  is  dissolved.  Since  water  can  easily  go  through  the  connective  cracks  of 
the  thermal  sprayed  coating,  the  corrosion  proceeds  very  quickly.  This  is  why  conventional 
thermal  sprayed  HA  coating  always  fails  at  the  HA/Ti  ally  interfacial  area. 

Ti  +  2H20=Ti02  +  4H^  +  4e  (1) 

Ca,o(P04)6(OH)2  +  lOCa^^  +  6(P04)'^  +H2O  (2) 

Bond  stremth  chanses  with  soakins  time  in-vitro:  It  is  seen  in  Fig.  5  that  the  EPD  n-HA 
coatings  have  much  higher  initial  tensile  bond  strength  (50-60  MPa)  than  that  of  conventional 
thermal  sprayed  HA  (30  MPa)  and  chemical  deposited  HA  coatings  (14  MPa)  before  in-vitro 
corrosion  in  simulated  human  body  fluid  was  conducted.  During  the  in-vitro  testing  period,  e.g., 
10  weeks,  the  bond  strength  of  the  n-HA  coatings  kept  a  constant  value  (60  MPa),  while  the 
plasma  sprayed  and  chemical  deposited  HA  coatings  have  a  significant  bond  strength  loss. 


Fig.  5.  Bond  strength  vs. 

soaking  time  during  in- 
vitro  test  in  simulated 
body  fluid.  The 
experimental  errors  are 
10%  of  the  data 
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CONCLUSIONS: 


1.  The  EPD  n-HA  coating  has  strong  interfacial  bonding  on  Ti  alloy  and  maintained  tensile 
bond  strength  50-60  MPa  after  2  month  in-vitro  testing,  which  was  much  better  than  the 
plasma-sprayed  HA  and  chemical  precipitated  HA  coating  that  suffered  bond  strength 
loss  in  vitro. 

2.  The  electrochemical  corrosion  resistance  of  the  EPD  n-HA  coating  was  50-100  times 
higher  than  the  plasma-sprayed  HA  coating. 

3.  The  EPD  n-HA  coating  did  not  exhibit  dissolution  in  simulated  human  body  fluid  in  2- 
month  in-vitro  test. 
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ABSTRACT 

In  order  to  refine  further  the  material  technology  for  tin-oxide  based  gas  sensing  we  are 
exploring  the  use  of  precision  nanoparticle  deposition  for  the  sensing  layer.  Layers  of  Sn02 
nanoparticles  were  grown  on  Quartz  Crystal  Microbalance  (QCM)  resonators  using  the  layer-by- 
layer  self-assembly  technique.  Scanning  Electron  Microscopy  (SEM),  Transmission  Electron 
Microscopy  (TEM),  and  Electron  Diffraction  Pattern  (EDP)  analyses  were  performed  on  the  self- 
assembled  layers  of  Sn02  nanoparticles.  The  results  showed  that  Sn02  nanoparticle  films  are 
deposited  uniformly  across  the  substrate.  The  size  of  the  nanoparticles  is  estimated  to  be  about  3- 
5  nm.  Electrical  characterization  was  done  using  standard  current-voltage  measurement 
technique,  which  revealed  that  SnOz  nanoparticle  films  exhibit  ohmic  behavior.  Calcination 
experiments  have  also  been  carried  out  by  baking  the  substrate  (with  self-assembled 
nanoparticles)  in  air  at  350°C.  Results  show  that  50%-70%  of  the  polymer  layers  (which  are 
deposited  as  precursor  layers  and  also  alternately  in-between  Sn02  nanoparticle  monolayers)  are 
eliminated  during  the  process. 

INTRODUCTION 

Solid-state  gas  sensors  find  applications  in  automobiles,  toxic  and  domestic  environments, 
the  chemical  industry,  and  elsewhere.  The  gas-sensor  market  is  fast  burgeoning  and  was 
estimated  to  be  about  $0.9  billion  at  the  end  of  the  last  decade  [1].  Ceramic  Sn02  has  been  used 
extensively  as  a  sensor  element  in  semiconductor  gas-sensors  for  detecting  a  range  of  gases  such 
as  carbon  monoxide,  oxides  of  nitrogen,  hydrogen  sulfide,  freon  and  many  others  [2].  Sn02  is  the 
prime  choice  for  semiconductor  sensors  because  of  its  bulk-material  stability  and  resistivity 
characteristics.  Sensors  with  Sn02  as  sensing  element  function  on  the  principle  of  surface 
chemical  reaction  between  an  analyte  gas  and  the  sensing  element,  which  causes  a  change  in  the 
resistance  of  the  element.  Thus  the  sensing  characteristics  depend  on  the  surface  properties  of  the 
element  [3].  While  performing  sufficiently  for  commercial  deployment,  these  sensors  displayed  a 
variety  of  material  issues  including  the  degree  of  crystallinity  of  Sn02,  crystallite  size,  density  of 
lattice  defects,  surface  area,  and  surface  structure.  These  issues  translated  to  low  or  varying 
selectivity  and  sensitivity  of  the  Sn02  sensors.  Some  of  the  techniques  that  have  been 
implemented  for  improving  the  selectivity  include  cyclic  manipulation  of  the  sensor  temperature, 
doping  of  the  Sn02  with  various  additives  like  Pt  and  noble  metals  [3],  surface  modification  of 
the  base  metal  oxide  with  hydrophobic  groups,  calcium  oxide,  zinc  oxide  and  sulfur  [4],  The 
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method  of  fabrication  is  also  a  variant  in  the  process  to  improve  tlic  performance  of  SnO: 
sensors.  The  different  routes  for  fabrication  adopted  for  metal-oxide  thin  film  sensors  are  sol-ge! 
method  of  deposition  of  SnOathin  films,  reactive  sputtering  [5],  and  sintering  and  annealing  [6]. 
These  fabrication  methodologies  attempted  to  deposit  thin  films  of  SnO:  for  manifesting 
improved  selectivity  and  sensitivity.  Decreasing  the  particle  size  of  SnO:  is  another  factor  which 
could  contribute  to  improving  performance.  In  the  present  study,  we  attempt  to  circumvent  many 
of  the  limitations  of  the  traditional  preparation  methods  by  depositing  Sn02  nanoparticics  using 
the  Layer-By-Layer  (LBL)  self-assembly  technique  which  is  based  on  alternate  adsorption  of 
oppositely  charged  components  [7]. 

Nanocrystallinc  structure  is  known  to  impart  high  sensitivity  and  selectivity  to  gas-sensors 
[8].  Nanoparticles  offer  a  high  degree  of  structural  control  due  to  their  well-defined  size  and 
shape,  and  the  LBL  assembly  method  allows  them  to  be  uniformly  and  precisely  ordered  on  the 
substrate  with  the  precision  of  a  few  nanometers  [9].  We  therefore  anticipate  the  resulting  films 
to  possess  high  reproducibility  of  thickness,  of  crystallite  size,  and  of  the  geometry  of 
intergranular  contact,  which  arc  known  to  be  key  factors  in  the  gas  sensing  mechanism  [8].  In 
addition,  the  LBL  process  permits  the  architecture  of  the  layer  to  be  engineered  by  insertion  of 
monolayers  of  alternate  materials  {e.g.  SiO^  to  enhance  activity),  doped  nanoparticles,  or 
nanoparticics  of  varying  radius  to  modulate  the  film  density  [4].  We  report  here  on  the 
characterization  of  the  SnOi  layers  formed  by  the  LBL  method.  SEM.  TEM.  and  EDP  analysis 
were  done  on  the  nanolayers  of  Sn02,  in  order  to  determine  the  size  of  the  nanoparticles  and 
thickness  of  the  nanofilm.  Electrical  characterization  was  done  to  observe  the  current-voltage 
characteristics  of  the  nanofilms.  Calcination  studies  were  also  performed  to  investigate  the 
elimination  of  the  polymer  layer,  which  is  a  by-product  of  the  LBL  process. 

EXPERIMENTAL  DETAILS 

Sn02  nanoparticics  were  obtained  from  Nyacol®  NanoTcchnologics  (Nyacol  Colloidal  Tin 
Oxide)  as  two  separate  samples,  SN-15  (negatively  charged,  pH  8.0-9.0,  specific  gravity  1. 1 5, 
viscosity  5-10  cps  and  counter-ion  concentration  of  0.5%  potassium)  and  SN-I5CG  (negatively 
charged,  pH  9.0- 1 0.5,  specific  gravity  LI 5,  viscosity  5-10  cps  and  counter  ion  concentration  of 
0.23%  NHO.  The  polyions  used  were  Polydialyldimcthyldiammonium  chloride  (PDDA), 
Sodium-polystyrene  sulfonate  (PSS),  and  Polycthylenciminc  (PEI)  of  2  mg/niL  in  aqueous 
solution  (all  Sigma-Aldrich.  [9].  The  initial  characterization  of  the  Sn02  was  carried  out  on  a 
quartz  crystal  microbalance  (QCM,  USI-System,  Japan)  resonator  in  order  to  monitor  the  film 
growth  during  each  step  in  the  process.  The  technique  initially  involves  layer-by-layer 
electrostatic  assembly  of  several  pairs  of  oppositely  charged  polyion  layers  as  the  precursor 
layers  to  promote  the  structural  stability  of  the  subsequently  assembled  nanopailicles.  The 
outermost  precursor  polyion  layer  is  oppositely  charged  (positive)  with  respect  to  the  anionic 
nanoparticles.  Then  the  nanoparticles  and  the  complimentary  poly  ion  layer  are  alternately  self- 
assembled  as  shown  in  Figure  2. 

Self-assembly  was  tried  first  with  PEI/PSS/(PEI/Sn02)7  and  then  with 
PDDA/PSS/(PDDA/Sn02)7-i6.  The  latter  sequence  was  found  to  result  in  more  reproducible 
growth  of  Sn02  nanoparticlc  multilayers.  Thereafter  all  self-assembly  experiments  were  done 
with  the  same  sequence,  i.e.,  PDDA/PSS/(PDDA/Sn02)7.  In  order  to  assess  whether  steady-state 
conditions  had  been  reached  during  the  adsorption  process,  the  time  of  retention  of  the  QCM 
resonator  in  the  Sn02  colloidal  solution  was  varied  and  the  results  were  obtained  as  change  in 
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frequency  plotted  against  the  number  of  monolayers  assembled.  The  self-assembled  samples 
were  sent  to  RIKEN  Frontier  Research  System,  Topochemical  Design  Laboratory  in  Japan  for 
SEM  analysis.  For  TEM  analysis  for  nanoparticle  size  measurement,  EDP,  and  High  Resolution 
TEM  of  nanoparticle  grain  structure,  the  samples  were  sent  to  Material  Characterization  Lab  at 
Louisiana  State  University. 
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Figure  1:  Schematic  of  the  Layer-By-Layer  process  used  for  self-assembly  of  Sn02 
nanonarticles. 

I-V  characteristics  were  studied  using  a  standard  electrical  characterization  set-up.  The 
samples  were  prepared  as  2.75cm  x  3.5cm  coupons  of  Pyrex  glass.  Sn02  nanoparticles  were  self- 
assembled  on  the  glass  substrate.  Electrical  contact  patterns  were  designed  using  LEDIT® 
software.  The  pattern  was  transferred  onto  Mylar®  sheets,  and  cut  out  to  form  electrical  contact 
patterns.  Patterns  for  both  two-point  and  four-point  tests  were  created.  Using  these  patterns,  Pt 
contacts  were  sputter  deposited  onto  the  self-assembled  glass  samples.  The  samples  were  then 
tested  for  their  I-V  characteristics. 

Calcination  studies  were  carried  out  by  baking  a  blank  silver  electrode  resonator  (resonator 
with  no  self-assembled  layers),  and  another  with  20  self- assembled  layers  of  Sn02  in  a 
Thermolyne®  Furnace  at  350°C  for  4  hours  in  one-hour  intervals.  The  frequency  readings  for 
both  the  resonators  were  taken  after  each  hour  interval. 


Cumulative  frequency  vs  no.  of  layers  for 
PDDA/PSS/PDDA/SnO, 
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Figure  2:  Graphs  for  cumulative  delta  F  (Hz.)  for  (A)  [PEI/PSS/PEI/Sn02]  and  (B) 
[PDDA/PSS/PDD  A/SnOs] . 
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RESULTS  AND  DISCUSSION 


Self-Assembly  of  Sn02  Nanoparticle  Multilayers  and  Characterization 

Sn02  nanoparticles  were  self-assembled  on  a  QCM  resonator  using  two  alternative 
sequences:  1 )  PDDA/PSS/  (PDDA/Sn02)„  and  2)  PEI/PSSAPEI/SnO,).,,  where  n  =  5- 1 6.  After 
every  adsorption  cycle,  a  sample  was  dried,  and  the  QCM  frequency  was  measured.  The 
frequency  shifts  (AF)  characterized  the  mass  adsorbed  on  resonator,  and  an  increase  of  the  film 
thickness  [3J. 

As  seen  in  the  Figure  2  (A),  the  three-circled  areas  represent  poor  or  irreproducible  uptake  of 
the  PEI  layer.  This  irreproducibility  led  to  non-uniform  deposition  of  subsequently  self- 
assembled  Sn02  nanoparticlc  layers.  No  such  phenomenon  is  observed  in  the  sequence 
PDD A/PS S/PDD A/S n02.  Therefore  it  was  concluded  that  the  second  sequence  was  better  suited 
for  self-assembly  of  Sn02  nanoparticles  as  it  exhibited  sound  linearity  in  growth  characteristic. 
Further  experiments  were  earried  out  with  the  sequence  PDDA/PSS/PDDA/Sn02  and  the  time  of 
immersion  in  the  Sn02  colloidal  nanoparticlc  solution  was  varied  from  20  minutes,  10  minutes, 
and  15  minutes  down  to  5  minutes.  Figure  3  shows  that  the  self-assembly  of  Sn02  follows  an 
approximately  time-independent  behavior  i.e.  addition  of  nanoparticles  is  essentially  complete  in 
less  than  5  minutes  of  immersion  time.  This  behavior  yields  a  high  precision  of  thickness  control 
in  the  growth  process.  The  anomalous  behavior  in  the  1 8"^  growth  layer  of  the  20-minutc 
immersion  fdm  can  be  attributed  to  manual  errors  in  handling  the  resonator  while  transferring  it 
from  one  solution  to  another  and/or  handling  while  drying. 

High-resolution  imaging  reveals  that  the  particle  size  is  approximately  in  the  range  of  3-5 
nm.  The  thickness  of  the  film  deposited  was  calculated  to  be  490  nm  using  the  QCM  frequency 
data  and  the  relation  At  =  -0.01 6=*^ AF  [9]  and  the  results  obtained  from  the  SEM  analysis  show 
that  the  thickness  of  the  self-assembled  films  of  eight  Sn02  monolayers  is  approximately  300- 
400  nm. 
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Figure  3:  Comparative  plot  showing  data  obtained  at  different  times  of  immersion  in  tin- 
oxide  colloidal  nanoparticle  solution. 


Self  Assembly  ofSiiO.  nanopiirlicles  on  QCM  resonator  (PUDA/SnO;;/PDDA/SnO;t 
Comparative  plot  showing  data  obtained  at  different  limes  of  immersion  in  Tin  oxide 
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Figure  4:  SEM  image  of  cross-section  of  QCM  resonator  with  self-assembled  Sn02 

nanoparticles. 


Electrical  Characterization 

Coupons  of  Pwex  glass  of  the  same  dimensions  as  the  electrical  patterns  were  prepared  and 
Pt  contacts  2000 A  were  sputter  coated  onto  the  coupons.  One  coupon  was  calcined  for  1  hour  to 
eliminate  interlayer  polyions.  Two-point  I-V  results  showed  linear  (ohmic)  behavior  of  the 
deposited  Sn02  layers  (Figure  5)  for  the  calcined  sample.  The  I-V  characteristics  for  the 
uncalcined  sample  showed  several  spurious  readings  which  are  linked  to  the  presence  of  the 
poly  ion  layers  in  between  the  Sn02  nanoparticle  layers.  We  believe  poly  ion  layers  impose 
regions  of  parallel  conductance  that  undergo  electrical  breakdown  to  a  high-impedance  state 
thereby  resulting  in  what  appears  to  be  a  I-V  characteristic  superimposed  with  noise.  Measured 
resistivities  were  0.18  ohm-cm  for  the  uncalcined  sample,  and  0.63  ohm-cm  for  the  calcined 
sample. 

Calcination 

Calcination  effectively  eliminates  the  spurious  points  and  also  results  in  a  higher  net 
resistivity  corresponding  to  the  substantial  reduction  in  polyion  conductivity  contribution  .In  the 
first  calcination  experiment,  a  self-assembled  QCM  resonator  with  8  layers  of  Sn02  (and  total  of 
20  layers  including  the  polyion  layers),  and  a  blank  resonator  control  were  used  for 
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Figure  5:  I-V  characteristics  for  uncalcined  (left)  and  calcined  (right)  samples. 


calcination  studies.  Both  the  resonators  were  calcined  for  4  hours  and  frequency  measurements 
were  recorded  after  every  1-hour  interval.  The  initial  frequency  was  measured  for  both  the 
resonators  before  calcination.  After  every  1  hour,  frequency  deviation  was  recorded  for  both  the 
resonators.  Mass  change  was  calculated  using  the  relation  [3]: 

AA?/(/?g)  =  -0.87-AF(//r)  (1) 

The  self-assembled  rc.sonator  lost  approximately  2000  ng  in  the  first  hour,  and  less  than  300  ng 
thereafter.  The  initial  loss  corresponded  to  .30%  loss  of  total  polyion  deposited  by  self-assembly. 

These  results  are  in  agreement  with  earlier  study  of  temperature  decomposition  of  the  linear 
polycation  /  polyanion  multilayers  [10]  which  have  shown  that  calcinations  at  350®  C  for  three 
hours  is  ncccs.sary  to  eliminate  these  films. 

CONCLUSION 

We  have  demonstrated  self-assembly  of  SnO:  nanopailicles  on  QCM  resonator  and  glass 
substrates.  SEM,  TEM,  and  HRTEM  analysis  have  been  performed  which  give  an  estimate  of  the 
Sn02  nanoparticle  size,  which  is  approximately  3-5  nm.  The  Sn02  nanoparticlc  films  deposited 
by  LBL  process  arc  uniformly  deposited  across  the  substrate  and  the  thickness  of  these  films  can 
be  precisely  controlled.  Electrical  characterization  of  self-assembled  SnO:  substrates  has  been 
performed  and  results  show  that  self-assembled  samples,  which  are  calcined,  show  smoother 
ohmic  behavior  as  compared  to  self-assembled  samples,  which  arc  not  calcined.  Preliminary 
calcination  studies  show  that  approximately  55%i  to  70%  of  polyion  mass  is  eliminated  in  the 
process, 
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ABSTRACT 

In  many  cases,  coated  nanoparticles  behave  like  isolated  ones.  Using  the  microwave 
plasma  process,  it  is  possible  to  produce  oxide  nanoparticles  with  ceramic  or  polymer  coating. 
Coating  the  particles  has  the  additional  advantage  that  by  proper  selection  of  the  coating  it  is 
possible  to  suspend  the  particles  in  distilled  water  without  using  any  colloid  stabilizer.  From 
quantum  dots  made  of  sulfides  or  selenides,  it  is  well  known  from  literature  that  fluorescence 
depends  strongly  on  the  coating  of  the  kernels.  In  the  case  of  CdSe,  the  kernels  are  coated  with 
CdS.  Within  this  study,  similar  phenomena  are  found  with  coated  oxide  nanoparticles  having 
sizes  of  ca.  6  nm  exhibiting  a  very  narrow  particle  size  distribution.  The  coating  consists  of  a 
second  ceramic  phase  or  a  polymer  one,  each  one  influencing  fluorescence  differently.  Obvi¬ 
ously,  the  type  of  coating  is  a  tool  to  modify  fluorescence.  This  behavior  is  demonstrated  on 
kernels  made  of  AI2O3,  Zr02,  Hf02,  ZnO  etc.  PMMA,  PTFE,  or  AI2O3  were  used  as  coating  ma¬ 
terial.  In  most  cases,  the  fluorescence  spectra  showed  broad  bands.  In  some  cases,  such  as  ZnO, 
additionally,  a  sharp  emission  line  in  the  UV  appears.  It  is  interesting  to  note  that  coatings  made 
of  fluorine  containing  polymer  materials  did  not  lead  to  fluorescence  intensities  comparable 
with  PMMA  coatings.  The  observed  spectra  are  equivalent  whether  the  powder  is  in  aqueous 
suspensions  or  dry  on  a  quartz  glass  carrier.  The  experimental  results  in  this  study  indicate  that 
the  combination  of  non-fluorescent  oxide  core  with  a  non-fluorescent  polymer  coating  may  lead 
to  a  nanocomposite  with  strong  fluorescence.  This  is  a  phenomenon  not  described  in  literature 
until  now. 

INTRODUCTION 

Many  applications  of  nanoparticles  use  fluorescence  properties,  e.g.  in  medical,  biological, 
or  pharmaceutical  area.  [1-7]  Usually,  fluorescence  is  a  property  of  organic  molecules  or  single 
isolated  nanoparticles.  Therefore,  in  most  cases,  fluorescence  is  determined  in  suspensions.  Best 
fluorescence  efficiency  is  obtained  with  semiconductor  nanoparticles  and  semiconductor  quan¬ 
tum  dots  based  on  sulfides,  selenides,  or  tellurides.  [8,  9]  The  best-described  fluorescent  nano¬ 
particles  are  GaN  [10,  11],  doped  ZnS  [12],  or  doped  CdSe.  [13]  All  of  these  particles  have  the 
disadvantage  of  being  as  well  poisonous  as  carcinogenic.  Additionally,  these  particles  show  a 
very  limited  thermodynamic  stability  against  oxidation.  Therefore,  research  in  the  direction  of 
fluorescent  oxide  nanoparticles  is  under  way.  [14-16]  In  most  cases,  fluorescence  is  obtained  by 
doping  with  small  amounts  of  rare  earth  ions.  [17]  In  many  cases,  electron  excitation  of  the 
fluorescent  material  led  to  the  best  results. 

The  Karlsruhe  Microwave  Plasma  Process  is  capable  to  synthesize  ceramic  nanoparticles 
coated  with  a  second  ceramic  layer  [1 8,19]  or  a  polymer.  [20]  In  situ  coating  of  each  single  par¬ 
ticle  is  possible,  because  the  particles  leave  the  plasma  zone,  where  the  reaction  occurs,  with 
electric  charges  of  equal  sign.  Therefore,  the  particles  repel  each  other.  This  avoids  agglomera¬ 
tion  and  makes  it  possible  to  coat  the  particles  in  a  second  step.  The  coating  is  performed  in  a 
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second  step  of  a  cascaded  process  of  synthesis.  The  coating  may  consist  of  a  ceramic  or  a 
polymer  layer. 

The  availability  of  non-agglomeratcd  coated  nanoparticlcs  is  the  basis  for  a  new  class  of 
fluorescent  nanoparticles  based  on  non-toxic  oxides.  This  study  describes  the  fluorescence  be¬ 
havior  of  isolated  respectively  separated  nanoparticles  in  suspension  or  as  a  powder.  As  particle 
cores  AI2O.1,  Zr02,  Hf02,  Ti02,  SnO^,  WOx,  and  ZnO  were  selected.  Coating  material  was 
AI2O3,  PMMA,  or  PTFE,  respectively.  Electron  microscopy  revealed  that  the  particle  size  of  the 
different  cores  was  in  the  range  between  5  and  10  nm.  The  thickness  of  the  coating  was  in  the 
range  from  0.5  to  2  nm  for  alumina  and  2  to  5  nm  for  the  polymer  coatings. 

EXPERIMENTAL 

As  mentioned  above,  the  oxide  nanoparticlcs  were  synthesized  using  the  Karlsruhe  Micro- 
wave  Plasma  Process.  Except  for  zinc,  chlorides  or  carbonyls  were  used  as  precursor  com¬ 
pounds.  For  zinc,  di-ethyl  zinc  was  applied.  PMMA  coating  was  made  using  the  monomer  as 
precursor;  PTFE  like  coating  was  obtained  using  C2()F4.  Figure  la  and  lb  depict  typical  electron 
micrographs  of  the  material.  Figure  la  shows  crystallized  Hf02  coated  with  amorphous  AEOj. 
Polymer  coated  material  is  shown  in  figure  lb.  To  obtain  good  contrast  for  printing,  PMMA 
coated  Fc20jt  was  selected  as  example. 


Figure  la:  Hafnia  nanoparticlcs  coated  with  Figure  lb:  Polymer  (PMMA)  coated  ceramic 
alumina.  The  lattice  fringes  are  belonging  to  nanoparticles.  To  obtain  good  visibility  of  the 
Hf02;  the  AEO^  coating  is  amorphous.  two  phases,  in  this  example,  Fe203  was  se¬ 

lected  as  kernel  material 

The  fluorescence  spectra  were  measured  with  a  system  using  a  Czeney-Turner  monochro¬ 
mator.  For  illumination  a  HcCd  (325  nm)  or  a  xenon  lamp  were  applied.  The  fluorescence  sig¬ 
nal  was  detected  using  a  photomultiplier  tube. 

Figure  2  displays  the  fluorescence  spectrum  of  pure  alumina  nanoparticlcs  in  comparison  to 
the  spectra  of  PMMA  or  PTFE  coated  alumina  nanoparticlcs.  Besides  the  fluorescence  emission 
bands,  the  graph  shows  the  exciting  wavelength  in  first  (325  nm)  and  second  (650  nm)  order. 
From  this  figure,  it  is  obvious  that  PMMA  coating  enhances  lluoresccnce  and  -  most  important 
-  narrows  the  emission  band. 

Figure  2  leads  to  the  assumption  that  the  coating  is  an  essential  element  of  the  fluorescent 
particle  design.  It  is  obvious  that  PMMA  coating  results  in  a  maximum  gain  of  the  fluorescence. 
The  effect  of  PTFE  coating  is  significantly  smaller,  whereas  the  nuorcsccnce  of  pure  alumina  is 
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Figure  2:  Fluorescence  spectra  of  bare  and  Figure  3:  Comparison  of  the  fluorescence 
polymer  coated  alumina  nanoparticles  spectra  of  alumina  and  PMMA  coated  zirconia 

nanoparticles. 

nearly  negligible.  The  figure  3  depicting  the  fluorescence  behavior  of  zirconia  with  alumina  or 
PMMA  coating  supports  this  assumption.  Both  figures  clearly  show  the  amplification  of  fluo¬ 
rescence  by  coating.  Obviously,  polymer  coatings  are  more  effective  than  coating  with  AI2O3. 
Comparing  the  spectrum  of  alumina  coated  Zr02  with  the  one  of  bare  AI2O3  particles,  one  may 
assume  that  the  small  fluorescence  observed  in  this  case  stems  from  the  alumina.  In  this  con¬ 
text,  the  question  arises  whether  it  is  possible  to  stimulate  fluorescence  with  any  oxide  kernel 
that  is  coated  with  PMMA. 
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Figure  4:  Fluorescence  spectra 
of  different  oxide  nanoparticles 
coated  with  PMMA. 
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Figure  4  summarizes  of  fluorescence  spectra  of  different  oxide  kernels  coated  with  PMMA. 
This  figure  demonstrates  that  polymer  coating  obviously  enhances  fluorescence,  provided  the 
kernel  itself  promotes  fluorescence.  The  graph  depicts  drastically  that  the  fluorescence  intensity 
varies  strongly  with  the  oxide  core.  In  the  selected  example,  HfO:  coated  with  PMMA  has  the 
highest  fluorescence  intensity,  whereas  WOx  is  not  fluorescing  at  all.  This  product  is  amorphous 
and  has  a  deep  blue  color.  Most  probably  it  is  one  of  the  mixed  oxides.  On  the  other 

hand,  it  is  interesting  to  note  that  the  intensity  maximum  of  the  emission  is  not  significantly  de¬ 
pendent  on  the  composition  of  the  kernel.  The  small  .shift  visible  for  the  different  oxide  particles 
may  be  an  artifact  due  to  wavelength  dependent  self-absorption  in  the  oxide  cores.  The  similar¬ 
ity  of  the  emission  bands  depicted  for  different  oxide  kernels  with  PMMA  coating  proposes  an 
interpretation  of  these  lines  as  Raman  scattering  or  a  related  phenomenon.  To  clarify  this  point, 
the  experiments  were  repeated  with  wavelengths  of  250  and  350  nm.  One  of  these  results,  de¬ 
picted  in  figure  5,  obtained  with  PMMA  coated  ZrOi  shows  clearly  that  the  position  of  this 
emission  band  is  independent  of  the  exciting  wavelength. 

The  fluorescence  behavior  of  ZnO  coated  with  PMMA  is  different  (Figure  6).  This  nano- 
composite  exhibits  the  broad  emission  band  with  a  maximum  around  567  nm  and  additionally,  a 
relatively  sharp  line  emission  with  a  maximum  around  379  nm  and  20  nm  FWHM.  Especially 
in  aqueous  suspensions,  the  intensity  ratio  of  these  two  emission  lines  depends  strongly  on  the 
concentration  of  the  particles  in  the  suspension.  This  is  due  to  self-absorption  phenomena. 


wavelength  [nm]  wavelength  [nm] 


Figure  5:  Fluorescence  spectra  of  PMMA  Figure  6:  Fluorescence  spectrum  of 

coated  Zr02  dispersed  in  water  as  a  function  ZnO/PMM A  nanocomposites 

of  the  excitation  wavelength.  The  intensity  of 

the  emission  at  250  nm  was  multiplied  by  a 

factor  of  20  to  make  the  fluorescence  visible 

for  comparison. 

DISCUSSION 

Figures  2  and  3  clearly  show  that  the  fluorescence  phenomena  described  in  this  paper  are 
strongly  dependent  on  the  coating  of  the  nanoparticles.  Despite  the  different  coatings  on  the  ox¬ 
ide  kernels,  PMMA,  or  PTFE,  in  figure  2,  the  position  of  the  fluorescence  maximum  is  quite 
similar  and  in  any  ease  stronger  than  the  fluorescence  of  the  pure  ceramic  kernels.  This  may 
lead  to  the  assumption  that  the  fluorescence  phenomena  described  in  these  figures  arc  ones  rc- 
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lated  to  the  interaction  between  ceramic  kernel  and  polymer  coating.  This  assumption  is 
strongly  supported  by  the  results  depicted  in  figure  4.  In  this  figure,  one  realizes  an  astonishing 
similar  fluorescence  emission  for  the  oxides  Hf02,  Zr02,  and  AI2O3.  This  is  insofar  strange  as 
the  electronic  structure  and  the  crystallization  of  these  three  compounds  is  very  different.  As 
nanoparticle,  hafnia  crystallizes  monoclinic,  zirconia  cubic  and  alumina  remains  amorphous. 
Looking  at  the  fluorescence  spectra  obtained  with  PMMA  coated  kernels  of  Sn02  and  WOx  one 
realizes  that  not  every  combination  of  an  oxide  core  with  PMMA  leads  to  a  light  emitting  sys¬ 
tem.  This,  in  combination  with  the  fluorescence  results  obtained  at  different  wave  length,  as  it  is 
depicted  in  figure  5  using  Zr02/PMMA  as  an  example,  makes  clear  that  the  emission  peak 
around  420  nm  cannot  be  attributed  to  Raman  scattering  or  a  related  phenomenon.  The  phe¬ 
nomena  lose  even  more  systematic  adding  the  results  obtained  with  ZnO/PMMA  composites.  In 
this  case,  a  strong  fluorescence  peak  at  379  nm  is  observed.  This  peak  may  be  attributed  to  the 
ZnO  ceramic  core,  as  it  was  also  found  by  A.  Mitra  and  R.  K.  Thareja  in  pressed  and  sintered 
pure  ZnO  powder  with  grain  size  significantly  larger  than  20  nm.  [21]  These  authors  report,  for 
the  material  in  use,  the  maximum  of  the  emission  around  395  nm.  This  is  compatible  with  the 
blue  shift  of  the  emission  of  quantum  dots,  as  the  material  used  in  this  study  had  a  grain  size  in 
the  range  of  5  -  10  nm.  On  the  other  hand,  L,  Guo  et  al,  show  that  the  intensity  of  this  peak  de¬ 
pends  strongly  on  the  amount  of  PVP  in  a  ZnO/PVP  mixture.  It  is  of  special  importance  that 
this  peak  was  not  found  in  the  case  of  pure  ZnO.  [16]  The  broad  peak,  in  this  study  observed 
with  a  maximum  at  567  nm,  was  observed  in  other  studies  too.  Depending  on  the  environment, 
the  maximum  is  at  500  nm  [15],  520  nm  [16]  or  605  nm  [22].  The  reason  for  the  difference  be¬ 
tween  the  composite  ZnO/PMMA  and  the  other  oxide  core/PMMA  composites  is  not  clear.  IR 
spectra  of  the  coated  particles  reveal  that  the  polymer  molecules  at  the  surface  undergo  partial 
loss  of  ester  groups  under  formation  of  carboxylate  bonds  to  the  particle  surface.  [23]  Even 
when  the  amount  of  carboxylates  formed  is  different,  this  may  not  explain  the  difference  in  the 
spectra  between  the  ZnO/PMMA  and  the  other  equivalent  nanocomposites. 

The  experimental  results  concerning  the  effect  of  a  ceramic  coating  is  not  clear.  It  can  not 
be  excluded  that  the  fluorescence  found  in  composites  with  alumina  coating  is  just  the  fluores¬ 
cence  of  the  alumina. 

CONCLUSIONS 

Nanocomposite  particles  consisting  of  an  oxide  ceramic  core  and  a  ceramic  or  polymer 
coating  may  exhibit  fluorescence.  Coated  particles  of  this  type  can  be  synthesized  using  the 
Karlsruhe  Microwave  Plasma  Process.  The  experimental  results  indicate  that  the  fluorescence 
phenomena  observed  are  directly  related  to  the  interface  between  kernel  and  coating.  The  im¬ 
portant  point  is  that  polymer  coatings  are  promoting  fluorescence  more  strongly  than  ceramic 
coatings.  The  fluorescence  observed  can  not  be  attributed  to  Raman  scattering  related  phenom¬ 
ena. 

It  is  important  to  mention  that  the  oxide/PMMA  nanoparticles  are  neither  toxic  nor  car¬ 
cinogenic. 
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ABSTRACT 

LiFeP04  was  successfully  synthesized  by  high  temperature  and  hydrothermal  synthesis.  A 
nanocomposite  was  formed  by  carbon  coating  this  material;  initial  electrochemical  results 
showed  that  up  to  70%  capacity  could  be  obtained  at  1.0  mA/cm^  current  density.  In  contrast,  the 
hydrothermally  prepared  LiFeP04  showed  a  lower  capacity  even  at  lower  diseharge  rates  due  to 
a  partial  oeeupation  of  lithium  sites  by  iron.  This  occupation,  identified  by  Rietveld  X-ray 
refinement,  decreased  both  the  rate  and  degree  of  intercalation  and  de-intercalation  of  lithium; 
chemical  reaction  with  butyl  lithium  and  bromine  confirmed  the  electrochemical  behavior.  This 
investigation  showed  that  the  cathode  could  be  prepared  by  high  temperature  synthesis,  followed 
by  a  carbon  black  coating  to  achieve  high  capacity  at  high  current  density. 

INTRODUCTION 

LiFeP04  has  been  of  much  interest  recently  [1-3]  due  to  its  low  cost,  high  performance  and 
stability.  Its  theoretical  capacity  is  170  mAh/g,  40%  more  than  that  of  the  LixCo02  presently 
used  in  commercial  batteries,  where  Ax  ~  0.6.  The  discharge  voltage  is  about  3,4  V,  high  enough 
for  large-scale  application,  but  not  high  enough  to  decompose  the  electrolyte  during  recharge. 
However,  the  low  electronic  conductivity  results  in  low  kinetics  and  hence  small  current 
densities.  This  can  be  partially  overcome  by  increasing  the  temperature,  but  this  might  increase 
electrolyte  decomposition.  The  low  kinetics  and  their  improvement  at  elevated  temperature  have 
been  discussed  previously  [4,5].  Ravet  et  al  [6]  showed  that  with  a  conductive  carbon  coating, 
full  capacity  could  be  attained  at  80"C  at  C/1  current  density. 

We  demonstrated  the  possibility  of  synthesizing  LiFeP04  via  hydrothermal  synthesis  in  just 
a  few  hours  [7,8].  When  this  hydrothermal  material  was  coated  with  sucrose  following  the  Ravet 
method  [9],  good  cycling  behavior  was  observed  at  60%  capacity  and  a  current  density  of  0.14 
mA/cm^.  However,  a  recent  study  showed  that  the  in  the  hydrothermal  material  there  is  some 
disorder  of  the  lithium  and  iron  atoms  resulting  in  poor  behavior  of  the  as- synthesized  material 
[10]. 

Nazar’s  group  [11]  used  a  carbon  gel  technology  to  optimize  LiFeP04  and  showed  that  it 
could  be  cycled  with  80%  capacity  at  a  2C  current  density  at  ambient  temperature.  We  have 
reproduced  their  results  [10].  Dominko  [12]  recently  showed  that  with  a  novel  carbon  coating  by 
aqueous  gelatin  solution,  LiMn204  and  LiCo02  had  better  performance,  and  the  polarization  was 
reduced.  Here  we  used  the  same  technology  for  LiFeP04  and  demonstrated  that  70%  capacity 
was  available  at  1.0  mA/cm^  density. 
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EXPERIMENTAL 


LiFcPO.)  was  prepared  hydrothermally  as  previously  reported  by  us  [7]  (material  A),  the 
sample  was  then  coated  with  carbon  [7]  (material  B).  In  order  to  prepare  LiFcPO.}  (material  C) 
by  high  temperature,  NH4H2PO4  (Alfa-Aesar)  was  ground,  mixed  stoichiomctrically  with 
CH3COOLi  (Aldrich)  and  FcC204«2H20  (Aldrich),  ground  for  10  min.  then  pressed  into  pellets 
and  heated  at  350°C  in  a  tube  furnace  in  flowing  helium  gas  for  4  h.  After  slowly  cooling  to 
room  temperature,  the  gray  soft  pellets  were  reground  for  10  min,  pressed  into  pellets  again, 
healed  slowly  to  700"C,  and  kept  there  for  10  h.  The  sample  was  ground  after  cooling  to  room 
temperature  before  use. 

In  order  to  remove  the  moisture  from  material  A,  it  was  heated  in  a  tube  furnace  in  flowing 
helium  at  350‘’C  for  4  h.  Material  C  was  used  as  prepared.  Both  materials  were  reacted  with 
bromine  (Fisher)  in  acetonitrile  solution  for  up  to  5  d.  The  final  compound  was  washed  with 
acetonitrile  several  times  to  remove  the  impurities,  then  dried  in  a  vacuum  oven  overnight  at 
100"C.  The  materials  were  analyzed  using  XRD  on  a  Scintag  diffractometer  to  identify  the 
phases  present. 

Carbon  Coating:  17  mg  and  9  mg  gelatin  (Type  A,  Aldrich)  were  dissolved  in  30  ml  and  10 
ml  water  respectively  and  2  drops  of  0.05  M  LiOH  solution  were  added  to  the  30  ml  solution 
resulting  in  a  pH  of  8.85.  1.02  g  LiFcP04,  82  mg  carbon  black  and  2  ml  0.05  M  LiCl  were  added 
to  this  solution  with  stirring.  Then  the  10  ml  solution  was  added  and  the  beaker  was  put  on  a  hot 
plate  with  spinning  bar  until  almost  all  the  water  was  gone.  The  sample  was  dried  in  a  vacuum 
oven  at  100"C  overnight. 

The  electrodes  were  prepared  by  mixing  the  LiFcP04  composite  formed  above  with  carbon 
black,  and  Teflon  in  the  weight  ratio  85:10:5  and  grinding  the  slurry  with  2  drops  of  hexane  in  a 
mortar.  A  thin  film  was  made,  which  was  hot  pressed  into  an  Exmet  grid  at  a  typical  loading  of 
15  mg/cm^.  The  electrolyte  was  a  1 M  solution  of  LiPF6  in  a  1 : 1  volume  ratio  of 
dimelhylcarbonate  and  ethylenecarbonate  (EM.  Industries).  Only  the  weight  of  the  LiFeP04  was 
included  for  calculating  the  capacity.  All  of  the  data  were  collected  on  a  MaePile  system  at 
ambient  temperature  (25“C), 

DISCUSSION 

Rietvcld  structure  refinements  were  performed  on  materials  A,  B  and  C.  The  refimcnts 
reveals  the  presence  of  iron  in  the  lithium  sites,  for  which  Fe/Li  ratio  was  refined  as  shown  in 
Table  1.  The  FCPO4  was  prepared  by  the  bromine  delithiation  of  material  C. 

Table  I.  Rietveld  refinements  for  LiFcP04  materials  A,  B,  C  and  FCPO4. 


LiFeP04  (A) 

LiFcP04  (B) 

LiFePO,  (C) 

FCPO4 

a  (A) 

10.381 

10.351 

10.333 

9.837 

b(A) 

6.013 

6.018 

6.011 

5.799 

c(A) 

4.716 

4.713 

4.696 

4.790 

Fe  on  Li  site 

0.08 

0.05 

0.0 

0.0 

Ri 

3.4% 

2.8% 

2.7% 

3.9%.' 

Rp 

10.21% 

8.94% 

8.65%. 

9.19% 
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DCP-AES  for  material  A  showed  that  the  Li,  Fe,  P  atomic  ratios  are  0.83:1.07:1.  This  7% 
excess  iron  is  consistent  with  the  Rietveld  determination  of  7-8%  iron  on  the  lithium  sites. 

The  X-ray  parameters  of  material  C  are  consistent  with  the  results  reported  by  Thomas  [13]. 
The  mechanism  for  the  iron  substitution  in  materials  A  and  B  is  not  known.  Because  the  size  of 
Fe^'^(0.78  A)  is  larger  than  LF  (0.60  A),  when  lithium  is  partly  substituted  by  iron,  the  lattice  is 
larger.  The  ordering  of  the  Li  and  Fe  in  the  high  temperature  synthesized  LiFeP04  is  essentially 
perfect  with  no  disorder  detected  by  the  Rietveld  analysis.  For  materials  A  and  B,  the  iron  on  the 
lithium  sites  probably  partially  blocks  the  pathway  for  the  diffusion  of  lithium,  even  during  the 
oxidation  by  liquid  bromine.  Figure  1  shows  the  XRD  for  LiFeP04  (A  and  C)  after  reaction  with 
bromine. 


Figure  1.  XRD  of  materials  A  and  C  after  reaction  with  Bra,  arrows  show  the  FeP04  phase  in 
material  A. 

Material  C  was  converted  to  FeP04  easily  and  no  LiFeP04  was  observed  in  the  XRD,  but  for 
material  A,  even  after  5  d,  the  major  phase  was  still  LiFeP04,  with  a  small  amount  of  FeP04. 

This  difference  can  be  explained  if  the  iron  atoms  block  the  diffusion  of  lithium  during  the 
oxidation. 

The  electrochemistry  of  the  hydrothermal  LiFeP04  carbon  coated  using  sucrose  (material  B) 
is  shown  in  figure  2.  Here  the  capacity  was  only  about  60%  of  the  theoretical  value  even  at  low 
current  density.  And  the  profile  shifted  to  the  left,  probably  as  more  lithium  was  removed  from 
the  sample.  During  the  first  recharge,  much  of  the  lithium  removal  occurs  at  elevated  potentials; 
as  this  behavior  is  not  observed  on  subsequent  cycles  some  atomic  re-organization  may  be 
occurring.  The  flat  recharge/discharge  curve  after  the  initial  recharge  is  typical  of  a  two-phase 
system.  The  maximum  capacity  of  under  80%  is  related  to  the  maximum  lithium  content  of 
around  0.8  per  phosphorus,  due  to  the  excess  iron  atoms  on  the  lithium  sites. 

The  electrochemistry  of  material  A  is  lower  than  that  of  material  B,  even  at  current  density 
as  low  as  0.03  mA/cm^,  with  only  40-45%  capacity  could  be  obtained  and  both  the  discharge  and 
recharge  curves  were  sloped  following  the  first  cycle  with  large  polarization. 
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Figure  2.  The  first  three  cycles  of  LiFeP04  at  current  density  0.14  mA/cm^  after  [7]. 

Figure  3  shows  the  electrochemistry  of  LiFcPOa  with  the  carbon  black  coating.  At  a  high 
current  density  of  I  mA/cm^,  80%  of  the  lithium  is  removed  on  the  first  charge,  and  0.7  Li  are 
subsequently  cycled  giving  a  capacity  of  120  mAh/g.  The  high  current  leads  to  a  large 
polarization.  In  contrast  to  the  iron  rich  material  shown  in  Figure  2.  the  sloping  potential  on  the 
first  charge  is  much  reduced.  This  is  probably  related  to  the  perfect  ordering  of  the  Fc  and  Li 
ions.  The  0.7  Li  cycling  capacity  can  be  increased  by  reducing  the  current  density.  This  is 
consistent  with  the  data  from  SONY  that  showed  only  a  3%  capacity  loss  for  a  current  density  of 
0.12  mA/cm^  in  a  button  cell  configuration  [2]. 


Figure  3.  The  first  three  cycles  of  LiFeP04/C  at  current  density  1 .0  niA/cnf . 

The  good  performance  of  this  system  was  achieved  with  a  15%  carbon  in  the  cathode 
structure.  We  are  currently  working  on  optimizing  the  carbon  content  by  understanding  its  nano¬ 
structure  so  that  minimum  quantities  can  be  used. 
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CONCLUSIONS 


The  very  good  electrochemical  behavior  of  LiFeP04,  which  combined  with  its  low  cost, 
makes  it  an  excellent  candidate  for  an  intermediate  capacity  cathode  replacement  for  LiCo02 
until  cathodes  with  capacities  over  200  mAh/g  are  developed.  Hydrothermal  synthesis  leads  to 
iron  disorder  and  excess  iron  in  the  structure,  which  degrades  its  electrochemical  performance 
relative  to  high  temperature  formed  materials.  This  may  be  partially  corrected  by  a  subsequent 
high  temperature  heating  with  carbon.  High  temperature  formed  LiFeP04,  carbon  coated  from 
gelatin,  demonstrated  more  than  70%  capacity  even  at  current  densities  of  1  mA/cm^. 
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ABSTRACT 

Nanocomposite  coatings  were  made  by  incorporating  nano-sized  and  micron-sized  alumina 
into  aqueous  and  non-aqueous  polymer  systems.  At  approximately  50wt%  nano-sized  alumina  a 
synergistic  effect  was  observed  in  eoating  hardness  with  no  degradation  in  optical  properties. 

INTRODUCTION 

Nano-sized  materials  produced  by  gas  phase  condensation  have  novel  characteristics 
including  chemical  reactivity,  composition,  morphology,  and  processing  advantages.  These 
materials  are  commercially  available  and  are  being  engineered  for  nanocomposite  coating 
applications. 

The  structure  of  nanocomposites  is  important  because  often  multiple  physical  properties  are 
desired,  i.e.,  electrical  conductivity  or  abrasion  resistance  with  transparency.  In  effect,  the 
composite  structure  is  selected  for  the  desired  physical  property  ~  from  uniform  surface 
distribution  of  nanoparticles  for  abrasion  resistance  to  connected  nanoparticle  structures  for 
electrical  conductivity. 

Nanomaterial  production 

Nanophase  Technologies  Corporation  (NTC)  produces  nanocrystalline  metal  oxide  powders 
by  a  patented  Physical- Vapor  Synthesis  (PVS)  process.  The  process  involves  vaporizing  a  metallic 
or  metal  oxide  precursor  in  a  plasma,  followed  by  rapid  quenching  to  induce  condensation  and 
formation  of  extremely  small  metal  oxide  crystallites.  The  size  of  the  crystalline  particles  is 
controlled  by  the  condensation  rate  and  the  particle  concentration  in  the  quench  zone.  The 
discrete  metal  oxide  nanocrystalline  particles  form  loose  aggregates  that  are  collected  as  a  dry 
powder.  The  loose  aggregates  can  be  dispersed  in  solution  to  provide  stable  suspensions  of  the 
individual  particles. 

The  PVS  process  uses  metal  or  metal  oxide  precursors  and  avoids  product  contamination 
that  may  result  from  solvent  or  solvated  precursor  materials.  The  resulting  purity  of  the  metal 
oxide  nanoparticles,  in  both  the  bulk  phase  and  on  the  surface,  is  maintained  at  a  very  high  level. 
The  PVS  process  has  been  scaled  to  provide  production  rates  of  tons/yecU*.  Examples  of 
nanocrystalline  oxides  currently  produced  at  bulk  scale  at  NTC  include  alumina,  ceria,  titania,  zinc 
oxide,  iron  oxide,  antimony/tin  oxide,  and  indium/tin  oxide.  Numerous  other  pure  oxides  and 
mixed  metal  oxides  can  be  produced  with  the  PVS  process. 

Metal  oxides  prepared  by  the  PVS  process  are  crystalline,  equiaxed,  nonporous,  discrete 
particles  with  mean  diameters  in  the  10  -  50  nm  range,  and  have  surface  areas  of  15-90  mVg. 
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Particle  surface  treatment 


In  most  nanocomposite  coating  systems,  the  nanocrystalline  metal  oxide  powders  require 
surface  treatment  to  enable  dispersion  into  the  matrix  coating  materials.  NTC  has  developed 
proprietary  surface  treatment  processes  for  metal  oxide  nanoparticles,  each  designed  to  provide 
one  or  more  of  the  following  properties: 

•  dispersion  into  fluids  {aqueous,  alcohol,  and  hydrocarbons), 

•  prevention  of  particle  agglomeration, 

•  compatibility  with  polymer  matrix  materials, 

•  chemical  fuctionalization  of  the  nanopowder  surface  with  reactive  groups,  and 

•  passivation  of  the  nanopowder  surface  chemistry. 

As  produced,  the  metal  oxide  powders  disperse  well  in  aqueous  systems  wherein  hydrogen 
bonding  disrupts  the  loose  agglomerates  and  provides  stable  dispersions  of  tbe  primary  crystalline 
particles.  The  affinity  of  nanocrystalline  powders  for  aqueous  environments  is  often  sufficient  to 
allow  the  powders  to  be  used  in  many  water-borne  coating  formulations.  However,  because  the 
powders  do  not  disperse  well  in  non-aqueous  media,  specialized  surface  treatments  have  been 
developed  to  enable  compatibility  of  the  particles  with  the  organic  fluids  and  resins  to  reduce 
particle  agglomerates  and  yield  stable  dispersions.  These  treatments  also  prevent  re-agglomeration 
and  enable  the  oxides  to  be  used  in  a  wide  variety  of  solvent-borne  coatings. 

In  some  instances,  the  surface  treatment  process  incorporates  functional  groups  onto  the 
oxide  particles,  allowing  for  direct  interaction  with  resin  polymers.  Finally,  the  nanocrystalline 
oxide  surface  is  very  reactive,  and  in  some  coating  systems  this  necessitates  a  surface  treatment 
process  to  passivate  this  reactivity  to  prevent  interference  with  film  curing. 

Abrasion-resistant  coatin2S 

Conventional  abrasion  resistant  coatings  often  feature  particles  incorporated  within  the  resin 
to  suppress  marring,  scratching,  or  abrading  of  the  coating.  Alumina  is  a  preferred  oxide  for  this 
purpose  due  to  its  extreme  hardness  (9  on  the  Mohs  scale)  and  relatively  low  cost.  The  drawback 
to  such  alumina-containing  films  is  that,  although  abrasion  resistance  is  often  improved,  the 
transparency  of  resulting  coatings  is  compromised  due  to  light  scattering  from  the  micron-sized 
alumina  particles.  However,  using  nanometer-sized  alumina  in  coatings  offers  a  solution  to  this 
problem  because  these  particles  arc  less  than  1 00  nm  in  diameter  and  greatly  reduce  light 
scattering.  Additionally,  alumina  produced  by  PVS  is  spherical  which  when  combined  with  a  small 
particle  size  yields  a  smooth  film  surface  that  further  enhance  coating  scratch  resistance. 

EXPERIMENTAL  DETAILS 

The  abrasion  resistance  of  nanocompositc  coatings  was  evaluated  by  incorporating  alumina 
into  aqueous  and  non-aqueous  cross-linked  resins.  Melamine-formaldehyde  (M-F)  and  urethane 
(PU)  were  evaluated  as  aqueous  and  non-aqueous  resins,  respectively.  Both  resins  are 
transparent,  very  hard  and  find  commercial  application  as  protective  coatings  on  non-flexible 
surfaces  such  as  furniture  and  flooring. 
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Aqueous  composite  system 


NTC  NanoTek’  nanocrystalline  alumina  (average  particle  size  of  30-40  nm)  and  conventional 
alumina  were  dispersed  and  surface  treated  in  water  to  prevent  particle  agglomeration  during  the 
film  curing  process.  The  treated  alumina  particles  were  blended  with  the  M-F  resin  (BTL 
Melamine  Resin,  BTLM  817)  at  the  desired  concentration.  Films  were  drawn  down  on  glass 
substrates  at  1-mil  wet  thickness  and  cured  by  heating  at  150®C  for  15  minutes.  The  cured  film 
thickness  was  about  10  pm. 

Non-aqueous  composite  system 

NTC  NanoTek®  nanocrystalline  alumina  and  conventional  alumina  were  dispersed  and  surface 
treated  in  xylene.  The  treated  alumina  particles  were  blended  with  a  commercial  polyurethane 
(Minwax,  oil-based  high-gloss  polyurethane,  45.5  wt%  solids)  at  the  desired  concentration.  Films 
were  drawn  down  on  glass  substrates  at  1-mil  wet  thickness  and  cured  by  drying  at  room 
temperature  for  24  hours.  The  cured  film  thickness  was  about  10  pm. 

Measurement  of  coating  properties 

Haze  and  transmittance  of  the  coatings  on  glass  were  measured  using  ASTM-1003  and 
ASTM-1044  protocols  with  a  BYK  Gardner  haze-gard  plus.  Hardness  of  the  coatings  on  glass  is 
measured  by  determining  the  least  weight  necessary  to  cause  a  scratch  for  specified  pencil  leads 
using  ASTM  D-3353,  Hardness  is  reported  as  a  ratio  of  a  coating’s  value  with  respect  to  an 
unfilled  coating  at  equal  pencil  hardness. 

DISCUSION 

M-F  nanocomposite  coating 

The  effect  of  NTC  NanoTek^'  nanocrystalline  alumina  and  conventional  alumina  loading  on 
transmitted  haze  in  M-F  coatings  is  shown  in  Figure  1.  The  incorporation  of  NTC  NanoTek® 
alumina  improves  the  scratch  resistance  of  M-F  coatings,  while  only  slightly  increasing  haze.  For 
example,  inclusion  of  20  wt%  NTC  alumina  in  an  M-F  film  yielded  up  to  3.5  times  the  scratch 
resistance  of  neat  M-F  resin,  and  only  increased  the  haze  from  0.23%  to  0.77%.  By  comparison,  a 
larger  alumina  (A- 16,  Alcoa,  average  particle  size  of  500  nm)  provides  even  greater  scratch 
resistance  (up  to  8x  that  of  neat  MF  resin  at  20  wt%  alumina),  but  at  the  expense  of  higher  haze 
(18.9%). 
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Figure  1.  Effect  of  Alumina  on  Transmitted  Haze  in  Melamine-Formaldehyde  Coatings. 

However  the  combination  of  NTC  alumina  and  A- 16  alumina  in  M-F  coatings  provided  the 
most  interesting  results.  Haze  of  alumina  composite  blends  showed  linear  additive  behavior, 
indicating  that  each  alumina  component  acts  independently  with  respect  to  its  haze  contribution. 
But  a  synergistic  effect  was  observed  with  respect  to  the  hardness  of  M-F  nanocompositc 
coatings  containing  blends  of  NTC  and  A- 16  aluminas.  This  synergistic  effect  was  evaluated  over 
the  experimental  range:  total  alumina  -  0  to  20  wt%,  NTC  alumina  with  respect  to  total  alumina  - 
0  to  100  wt%,  and  surface  treatment  -  0  to  10  wt%  with  respect  to  alumina. 

Haze  results  as  a  function  of  total  alumina  wt%  and  %  nano-sized  alumina  (indicated  as  % 
small),  are  presented  in  a  2D  plot  in  Figure  2.  Haze  displays  linear  additive  behavior.  Coating 
hardness  is  presented  in  a  2D  plot  as  a  function  of  total  alumina  wt%  and  %  nano-sized  alumina 
for  H  pencil  hardness  levels  in  Figure  3. 


PU  nanocomposite  coatings 


A  synergistic  effect  was  observed  between  nano-sized  NTC  NanoTek'  alumina  and  micron¬ 
sized  alumina  on  the  mechanical  properties  of  a  water-soluble  M-F  system.  Is  this  synergistic 
effect  observed  in  organic  systems  as  well? 

PU  coatings  were  evaluated  over  the  experimental  range:  total  alumina;  0  to  5  wt%,  NTC 
alumina  with  respect  to  total  alumina;  0  to  100  wt%,  and  surface  treatment;  0  to  10  wt%  with 
respect  to  alumina.  Haze  displays  linear  additive  behavior  and  the  synergistic  effect  observed  in 
the  M-F  resin  system  is  also  ob.scrvcd  in  the  PU  system  (see  Figure  4). 
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Figure  2.  Haze  as  a  function  of  total  alumina  and  wt%  nano-sized  alumina  in  M-F  coatings. 
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Figure  3.  Hardness  as  a  function  of  total  alumina  and  wt%  nano-sized  alumina  for  H  pencil 
hardness  level  in  M-F  coatings. 
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Figure  4.  Hardness  as  a  function  of  total  alumina  and  wt%  nano-sized  alumina  for  HB  pencil 
hardness  level  in  polyurethane  (PU)  coatings. 

CONCLUSIONS 


The  combination  of  high  ci^stallinity  and  extremely  small  particle  size  of  NTC  alumina 
produced  by  the  PVS  process  positions  this  material  to  be  uniquely  suited  to  coating  applications 
where  high  transparency  and  high  abrasion  resistance  is  required. 

•  Coatings  containing  both  nano-sized  and  micron-sized  fillers  display  a  maximum  in  hardness 
with  respect  to  the  percent  nano-sized  filler  (synergistic  behavior). 

•  The  location  of  the  maximum  is  approximately  50wt%  nano-sized  filler. 

•  Approximately  2x  to  3x  the  hardness  is  imparted  to  the  coating  with  respect  to  the  unfilled 
coating  at  the  maximum  for  5wt%  total  alumina  in  the  systems  studied. 

•  Nanostructured  coatings  provide  significant  economic  advantage. 

-  The  physical  properties  of  coatings  may  be  significantly  incrca.sed  with  no  detrimental 
effects  on  optical  quality. 

Less  expensive  micron-sized  fillers  may  be  combined  with  nano-sized  fillers  to  achieve 
superior  mechanical  and  optical  properties. 

Nanocrystalline  alumina,  available  in  comercial  quantities  from  Nanophase  Technologies,  has 
been  formulated  into  several  commercial  abrasion-resistant  coating  products  with  numerous  other 
potential  applications  currently  under  development. 
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ABSTRACT 

Vanadium  oxide  nanotubes  (VONT)  were  formed  from  vanadium  (V)  oxide  and  the 
dodecylamine  templating  agent  by  a  sol-gel  reaction  and  subsequent  hydrothermal  treatment.  The 
nanotubes  were  characterized  by  transmission  electron  microscopy  (TEM),  electron  diffraction, 
thermogravimetric  analysis  (TGA),  infrared  spectroscopy  and  powder  X-ray  diffraction  (XRD). 
The  nanotubes  consist  of  VO2.4  [C12H28N]  0.27  and  range  in  diameter  from  100  nm  tol50  nm.  The 
study  further  reveals  that  the  compound  maintained  the  tubular  morphology  when  heated  at  430°  C 
in  an  inert  atmosphere.  However,  the  tubular  morphology  is  destroyed  when  the  compound  is 
heated  at  about  130°C  in  oxygen. 

Organic  free  manganese  intercalated  vanadium  oxide  nanotubes  (MnVONT)  were  synthesized 
by  an  ion  exchange  reaction.  The  previously  mentioned  techniques  were  used  to  characterize 
MnVONT.  Mno.86V70i6+6  nH20  layers  have  2D  tetragonal  cell  with  a=6. 157(3)  A,  while 
interlayer  spacing  is  10.52  (3)  A.  VONT,  heated  VONT  and  Mno,86V70i6+8.  nH20  are  redox  - 
active  and  can  insert  lithium  reversibly.  This  study  reveals  that  the  electrochemical  performance 
of  VONT  is  enhanced  by  removing  the  organic  template  by  heating  in  an  inert  atmosphere  or 
exchanging  with  Mn^"^  ions. 

INTRODUCTION 

In  the  course  of  the  present  efforts  towards  miniaturization  of  electronic  and  mechanical 
devices,  structures  with  a  size  in  the  nanometer  region  have  stimulated  intensive  research  activities 
as  evidenced  in  increase  in  volume  of  publications  in  recent  past.  Among  such  nanostructures  are 
materials  with  tubular  morphology. 

Recently  transition  metal  compounds,  mainly  oxides  with  two  dimensional  and  three 
dimensional  open  structures,  have  been  studied  and  developed  for  use  as  cathode  materials  in 
rechargeable  secondary  lithium  battery  in  our  research  laboratory  [1-3].  Our  interest  has  focused 
on  materials  with  one-dimensional  structures  for  which  the  nanotubes  are  very  promising 
candidates.  The  tubes  attract  much  scientific  interest  for  electrochemical  insertion  mainly  for  two 
reasons.  One,  they  offer  four  different  contact  regions,  namely,  the  inner  and  outer  wall  surfaces  as 
well  as  the  tube  ends.  Secondly,  they  can  provide  electrolyte-filled  channels  for  faster  transport  of 
the  ions  to  the  insertion  sites  [4].  This  study  for  the  first  time  shows  how  the  electrochemical 
behavior  of  the  nanotubes  can  be  improved  by  removing  the  organic  templates  by  heating  under 
inert  atmosphere. 


*  Contact  author;  stanwhit@binghamton.edu 
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EXPERIMENTAL  DETAILS 


The  vanadium  oxide  nanotubes  were  prepared  according  to  literature  method  with  modifications 
where  necessary  [5].  Vanadium  (V)  oxide  and  dodecylamine  were  mixed  in  the  molar  ratio  1;1  in 
ethanol  and  the  mixture  stirred  for  3  hours  in  air.  The  mixture  was  then  hydrolyzed  under  vigorous 
stirring  followed  by  aging,  which  led  to  the  formation  of  a  yellow  suspension.  Subsequent 
hydrothermal  treatment  for  7  days  resulted  into  a  black  powder.  The  product  was  washed  with 
ethanol,  diethylether  and  water  to  remove  excess  dodecylamine  and  any  decomposed  products.  It 
was  then  dried  under  a  vacuum  at  80”  C  for  12  hours. 

Substitution  of  the  organic  template  for  Mn^"^  ions  was  done  by  stirring  a  mixture  of  VONT  and 
MnCb  (molar  ratio  1:4)  for  2  hours  in  ethanol/water  mixture  4:1  (v/v)  (200ml/g  of  VONT).  The 
resulting  mixture  was  centrifuged  and  washed  with  water,  ethanol  and  diethyl  ether.  The  product 
was  then  dried  in  the  vacuum  at  80°  C  for  12  hours. 

The  morphology  and  the  structure  of  the  nanotubes  were  investigated  by  using  XRD  and  TEM. 
Thermal  stability  of  the  nanotubes  was  investigated  using  TGA  in  oxygen  and  nitrogen.  In  an 
oxygen  atmosphere  structure  collapse  at  about  130°C.  By  heating  the  compound  in  helium  at  430" 
C  for  1  hour  the  organic  portion  in  the  VONT  was  removed  but  the  tubular  morphology  was 
maintained. 

The  performance  of  these  compounds  as  positive  electrode  was  tested  by  galvanostastic  cycling 
in  the  potential  range  1. 4-3.9  V  vs  Li/Li"^.  In  all  cases  the  sample  was  prepared  by  mixing  the 
nanotubes  with  equal  weight  of  Teflonized  carbon  black  (25  wt.%  polytetrafluoroethylene  and  75 
wt.%  acetylene  black).  The  cathode  material  was  then  hot  pressed  onto  a  stainless  steel  Exment 
grid  at  1 10°C  to  dehydrate  the  sample.  Metallic  lithium  served  as  counter  and  reference  electrodes. 

DISCUSSION 

The  product  was  obtained  as  black  powder  suggesting  that  the  vanadium  be  in  mixed 
oxidation  state  +4  and  -i-5  because  mixed- valent  vanadium  oxides  are  generally  black  e.g.  V(,0|3.  In 
fact,  the  compound  reduces  standard  cerium  (IV)  sulphate.  Quantitative  analysis  indicates  that 
about  46%  of  the  vanadium  ions  are  in  oxidation  state  +4.  In  the  exchange  reaction,  all  of  the 
organic  was  replaced  with  metal  cations  as  explained  in  later  sections  of  this  paper.  Attempts  to 
replace  the  organic  with  lithium  ions  and  other  organic  molecules  are  being  made. 

Thermogravimetric  analysis 

This  study  showed  the  presence  of  the  dodecylamine  template  in  VONT  is  about  33%  by 
weight.  Thermoanalysis  of  Mno.xr.V7O1 6+5.  nH20  shows  that  it  is  possible  to  replace  the  entire 
templating  organic  agent  with  Mn^^  cations. 

Fourier  transformed  infrared  spectro.scopv 

FTIR  confirmed  the  presence  of  the  organic  template  in  VONT  from  C-H  vibrations  at  2900 
em  ’and  1460  enf',  which  arc  absent  in  heated  VONT  and  MnVONT.  The  V-O  bonds  were 
assigned  to  vibrations  at  635  cm  ',  903  cm  '  and  948  cm  '  [6]  were  assigned  to  V-O  bonds. 
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Figure  1.  XRD  patterns  of  a)  VONT  and  b)  MnVONT  showing  substantial  decrease  in  interlayer 
spacing  {001  reflections  shift  towards  higher  angles)  while  hkO  are  at  the  same  positions  in  both 
patterns  (after  [7]. 

X-ray  diffraction 

X-ray  diffraction  pattern  of  the  vanadium  oxide  nanotubes  (VONT)  with  dodecylamine 
displays  three  strong  peaks  at  20.720  A  (001),  12.59  A  (002)  and  10.23  A  (003).  Replacing  the 
organic  template  with  the  cations  results  in  drastic  reduction  of  the  d-spacing  to  9.3  A  [7]. 
Further  evidence  for  this  was  shifting  of  001  reflections  due  to  interlayer  Vanadium  oxide  sheets 
to  large  scattering  angle  as  shown  in  Figure  1.  The  hkO  reflections  due  to  the  vanadium  oxide 
sheets  remain  at  the  same  positions  showing  that  the  structure  of  the  layers  remains  the  same  [8], 

Transmission  electron  microscopy 

TEM  shows  that  VONT  consists  of  tubes  with  outer  diameter  ranging  from  100  nm  -130 
nm,  while  their  length  vary  from  500  nm  to  a  maximum  of  1500  nm.  Closer  look  at  the  image 
shows  reveals  scroll-like  tubes  with  open  ends  (Figure  2).  Layers  or  the  strides  on  the  walls 
confirm  that  vanadium  and  the  organic  template  molecules  distribution  occur  in  distinctly 
alternating  regions  in  the  wall  regimes.  In  contrast,  some  walls  of  the  Mn^'^  ions  exchanged 
nanotubes  had  no  distinct  alternating  regions  confirming  the  incorporations  of  the  metal  ions  in 
the  layers  (Figure  3).  Since  Vanadium  and  manganese  ions  have  similar  scattering  factors,  it  is 
difficult  to  distinguish  their  sites. 

TEM  also  confirmed  that  it  is  possible  to  remove  the  organic  by  heating  VONT  in  helium  at 
430°  C  but  preserve  the  tubular  morphology.  TEM  image  shows  the  sites  previously  occupied  by 
the  organic  molecules  in  VONT  are  empty  after  heating. 
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Figure  2.  Typical  TEM  images  of  VONT  (left)  showing  open  ends  and  MnVONT  (right) 
(product  of  MnCb  treatment).  The  layered  structure  inside  the  VONT  walls  appears  as 
alternating  narrow  dark  lines  and  broad  bright  lines. 


X-ray  diffraction  however  shows  that  the  structure  of  the  compound  changes  after  heating. 
In  oxygen,  the  tubular  morphology  is  destroyed  when  the  material  is  heated  at  about  130*^0. 


Electrochemistry 

The  cell  performance  of  compounds  as  it  was  shown  closely  depends  on  the  electrolyte  salt 
used.  Cells  were  made  in  LiC104  and  LiPF6  as  the  electrolyte  salt;  the  solvent  used  was 
propylene  carbonate  (PC).  The  electrochemistry  of  MnVONT  was  investigated  in  LiAsFf,  (Figure 
3).  The  compound  intercalates  0.3  mole  Li^  ions  per  one  mole  of  vanadium.  Capacity  of  heated 
VONT  was  over  100  mAh/g  for  at  least  40  cycles  in  the  two  salts.  However,  the  capacity  of 
VONT  drops  after  the  second  cycle  but  remains  constant  at  46  mAh/g  after  the  eighth  cycle 
(Figure  4).  Effect  of  electrolyte  salt  on  the  perfomnance  of  these  compounds  has  been  reported 
elsewhere  [9].  Maximum  specific  charge  in  mAh/g  for  each  material  is  given  in  the  table  below. 


Material 

in  LiC104 

in  LiPFe 

VONT-  V02.4[C,2H2kN]„,27 

60 

180 

heated-VONT 

120 

220 

Mn().«6V70i6+8.  nH20 

140 

240 

It  appears  that  heating  VONT  and  replacing  part  of  the  organic  molecules  with  metal  ions 
enhance  its  electrochemical  performance  as  cathode  material  for  lithium  battery.  We  propose 
that  removal  of  the  organic  allows  for  insertion  of  more  lithium  ions  hence  improving  its 
electrochemical  behavior. 


326 


4i 

3  - 

Potentials 
(Volts) 

1  - 

ol  '  '  <  ^-r . . . . .  . . I 

0  12  3  4 


X  in  LixMno.86V7Oi6.nH2O 

Figure  3.  First  electrochemical  cycle  of  MnVONT  in  LiAsFe  salt.  About  3.4  moles  of  Li^  ions 
were  reversibly  intercalated  into  the  compound,  after  [7]. 


Figure  4.  Capacity  of  VONT  and  heated  VONT  for  the  first  10  cycles  with  LiPFe  as  salt  in 
propylene  carbonate.  The  electrode  material  contained  50  wt%  teflonized  carbon. 
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CONCLUSIONS 


For  the  first  time  it  was  shown  that  the  tubular  morphology  of  vanadium  oxide  can  be 
preserved  if  the  organic  template  is  removed  by  heating  the  material  in  an  inert  atmosphere.  The 
present  study  shows  that  the  performance  of  the  nanotubes  as  cathode  materials  can  be  enhanced 
by  removing  the  organic  template  by  healing  or  by  substituting  it  with  Mn‘^  ions. 
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ABSTRACT 

Ion  implantation  coupled  with  annealing  is  a  versatile  and  flexible  approach  to  creating 
ferromagnetic  near-surface  nanocomposites  that  represent  a  wide  range  of  particle/host 
combinations.  We  have  used  ion  implantation  and  thermal  processing  to  create  a  layer  of  Co 
nanoparticles  in  a  sapphire  host  that  was  subsequently  irradiated  with  Xe,  Pt,  or  Pb  in  order  to 
systematically  modify  the  magnetic  properties  of  the  composite.  Transmission  electron 
microscopy  (reported  in  an  accompanying  paper  in  this  volume)  was  used  to  carry  out  a  detailed 
characterization  of  the  microstructure  of  the  resulting  near-surface  composites  whose  magnetic 
properties  were  determined  using  SQUID  magnetometry  or  magnetic  circular  dichroism.  These 
composites  exhibit  magnetic  hysteresis  with  coercivities  ranging  from  near  zero  (i.e., 
superparamagnetism)  up  to  1.2  kG  -  depending  on  the  composition  and  microstructure.  We  also 
present  the  results  of  preliminary  experiments  in  which  we  attempt  to  control  the  spatial 
distribution  of  magnetic  elements  within  ion-implanted  ferromagnetic  nanocomposites.  The 
results  demonstrate  methods  for  tailoring  the  magnetic  properties  of  nanocomposites  produced 
by  ion  implantation  for  specific  applications. 

INTRODUCTION 

Ion  implantation  was  first  used  to  create  embedded  magnetic  nanoclusters  over  a  decade 
ago  [e.g.,  see  Ref.  1].  By  injecting  varying  concentrations  of  Fe,  Co,  or  Ni  into  dielectric  hosts 
such  as  crystalline  AI2O3  and  fused  Si02,  relatively  soft  magnetic  composites  were  created  with 
low  coercivities  and  a  magnetic  moment  per  atom  similar  to  that  of  bulk  magnetic  material. 
Room-temperature  superparamagnetism  is  often  reported,  due  to  particle  sizes  well  below  that 
needed  to  prevent  random  thermal  reorientation  of  the  particle  magnetization.  Blocking 
temperatures  have  been  calculated  from  the  precipitate  sizes  and  anisotropy  constants,  and  seem 
to  agree  reasonably  well  with  experimentally  observed  blocking  temperatures  obtained  from 
field-cooled  and  zero-field-cooled  measurements  of  the  magnetization.  Nevertheless,  a  range  of 
particle  sizes  is  often  reported,  and  the  thermal  blocking  temperature  is  accordingly  distributed 
over  a  range  of  temperatures.  Furthermore,  the  effects  of  the  dielectric  host  material  on  the 
magnetic  properties  of  the  composite  are  only  rarely  investigated  or  reported. 

In  previous  ion  implantation  work,  single-element  nanoparticles  (and  in  some  cases, 
oxide  particles)  of  Fe,  Ni,  or  Co  have  been  produced  in  either  Si02  glass  or  crystalline  sapphire 
wafers  [1].  More  recently,  additional  motivation  for  research  in  this  area  has  been  provided  by 
the  potential  for  creating  new  materials  with  possible  applications  as  magnetic  recording  media. 
Single-nanocrystal-per-bit  data  recording  would  represent  an  important  advance  in  the 
information  storage  capacity  of  such  media  [2].  Nevertheless,  several  quite  stringent 
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requirements  must  be  met  in  order  to  achieve  device-quality  performance.  For  single-particle  bits 
to  be  written  individually,  the  precipitates  must  be  discrete,  magnetically  isolated,  ferromagnetic 
nanoparticles  that  are  larger  than  the  superparamagnctic  limit  and  whose  cocrcivity,  size, 
orientation,  and  position  can  be  controlled.  Ferromagnetic  nanoclusters  produced  by  ion 
implantation  can  be  formed  as  single  domain  particles  that  arc  larger  than  the  superparamagnctic 
limit.  The  crystallographic  orientation  (and  therefore,  the  magnetic  anisotropy  directions)  can 
also  be  controlled  by  using  single-crystal  hosts  (3,4  ].  However,  the  question  of  magnetic 
isolation  is  still  problematic  [3],  size  distributions  arc  relatively  wide,  and  there  has  been  no 
effective  in-planc  control  over  the  spatial  distribution  of  the  magnetic  nanoclusters. 

Here,  we  describe  recent  progress  in  exercising  additional  control  over  the  magnetic 
properties  of  ferromagnetic  nanocluster  composites,  and  we  discuss  our  initial  attempts  to  control 
the  in-plane  spatial  distribution  of  the  magnetic  nanoclustcrs.  The  present  investigations  focus  on 
the  magnetic  characteristics  of  Co  nanoclusters  formed  by  ion  implantation  and  annealing  of  a 
single-crystal  sapphire  wafer,  and  we  explore  the  magnetic  properties  of  AFOrCo 
nanocomposites  irradiated  with  either  Xe,  Pt,  or  Pb  ions.  Ion  irradiation  of  pre-existing 
nanoclustcrs  dramatically  modifies  the  magnetic  characteristics  [3]  and  establishes  a  means  for 
tailoring  the  materials  properties.  Finally,  we  report  on  the  initial  results  of  micron-  and  sub- 
micron-scale  ion-beam  patterning  using  ion  implantation. 


EXPERIMENTAL 


In  the  ion  implantation  technique,  high-energy  ions  are  injected  into  a  selected  host 
material,  producing  a  supersaturation  of  implanted  material  in  the  near-surface  region.  During  a 
subsequent  thermal  processing  step,  the  implanted  material  nucleates  as  discrete  nanoscale 
precipitates  embedded  below  the  surface  of  the  host.  In  our  experiments,  high-purity  single¬ 
crystal  sapphire  wafers  were  implanted  at  room  temperature  with  140  keV  Co^  to  an  ion  flucncc 
of  8  X  10  ions/cm^.  In  order  to  induce  precipitate  formation,  the  specimens  were  subsequently 
annealed  in  a  quartz  tube  furnace  for  2  hours  at  1 100  °C  under  Ar-l-4%  H:  atmosphere.  The 
specimens  were  retracted  out  of  the  hot-zone  in  order  to  cool  rapidly  to  room  temperature.  X-ray 
and  electron  diffraction  measurements  were  used  to  determine  the  structure  and  orientation  of  the 
resulting  precipitates.  In  order  to  investigate  the  effects  of  ion 
irradiation  on  the  Co  nanoparticles,  the  specimens  were 
subsequently  irradiated  with  either  244  keV  Xe  or  320  keV  Pi 
ions.  These  ions  were  chosen  to  create  maximum  displacement 
damage  in  the  Co-nanoparticlc  layer,  while  either  minimizing 
(Xe)  or  intentionally  inducing  (Pt)  chemical  effects  due  to  the 
implanted  impurities.  Ion  energies  were  selected  to  give  a 
similar  projected  range  for  both  species.  Magnetic 
measurements  were  done  using  a  SQUID  magnetometer  or  by 
magnetic  circular  diochroism. 

RESULTS  AND  DISCUSSION 


100  nm 


Control  over  the  magnetic  properties 

Figure  1  shows  a  cross-sectional  image  of  a  sapphire 
wafer  implanted  with  8  x  lO'^  ions/cm^  Co"^  at  room 


Fig.  1 .  Cross  sectional  TEM 
image  if  the  Co  nanocrysials 
in  AI2O3.  An  electron 
diffraction  pattern  is  shown  in 
the  inset. 
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temperature  and  subsequently  annealed  for  two  hours  at 
1  lOO^’C  followed  by  a  rapid  cool-down.  The  resulting 
nanocrystals  extend  to  a  depth  of  -120  nm  in  the  host 
sapphire.  The  nanoparticles  are  either  rounded  or  faceted, 
depending  on  their  depth  below  the  surface.  This  depth 
dependence  of  the  precipitate  morphology  is  discussed  in 
more  detail  in  a  TEM  investigation  in  an  accompanying 
paper  in  this  volume  [6].  The  precipitates  are 
crystallographically  aligned  with  the  sapphire,  as 
demonstrated  by  the  double-diffraction  spots  in  the 
electron  diffraction  pattern  in  Fig.  1 .  X-ray  diffraction 
results  (not  shown  here)  showed  that  both  the  hexagonal 
and  cubic  phases  of  cobalt  are  present  in  roughly  equal 
amounts. 

Magnetic  hysteresis  measurements  for  this 
specimen  are  shown  in  Figure  2.  These  data,  obtained  by 
SQUID  magnetometry,  were  corrected  to  eliminate  the 
effect  of  the  diamagnetic  sapphire  host.  The  coercivity  of 
the  Co  nanoparticles  for  an  applied  field  perpendicular  to 
the  specimen  surface  is  approximately  150  G  and  the 
saturation  moment  is  -2.3  x  10"^  G/cm^.  These  values  are 
slightly  lower  when  the  field  is  applied  parallel  to  the 
specimen  surface.  After  implantation  with  320  keV  Pt"^  to 
a  fluence  of  6.4  x  lO’^  ions/cm^,  the  field-perpendicular 
hysteresis  loop  broadened  considerably  (Fig.  3).  The 
saturation  magnetization  decreased  to  -2.0  x  lO'^  G/cm^, 
but  the  coercivity  increased  from  150  G  to  1.14  kG.  A 
TEM  investigation  of  this  specimen  [6],  shows  that  Pt 
irradiation  amorphizes  the  host  sapphire,  but  that  the  Co 
precipitates  remain  crystalline  and  do  not  lo.se  their 
original  cry.stallographic  alignment. 

In  Figure  4,  we  compare  the  effects  of  244  keV 
Xe  and  320  keV  Pt  irradiation  on  the  field-perpendicular 
coercivity  of  the  Co  nanoclusters  for  varying  ion  doses. 
For  the  Xe  irradiation,  the  coercivity  of  the  Co-sapphire 
nanocomposite  increases  rapidly  at  first,  but  then  levels 
off  at  -500  G.  For  the  Pt-irradiated  sample,  the  coercivity 
saturates  at  -1.2  kG. 

There  are  several  possible  reasons  for  the 
magnetic  hardening  observed  with  increasing  radiation 
dose.  First,  defects  and  defect  clusters  may  pin  the 
magnetization  of  the  particles,  as  has  been  observed  in 
magnetic  thin  film  materials  [e.g.,  Ref.  7].  This  pinning 
effect  could  inhibit  the  reorientation  of  the  magnetization, 
thereby  increasing  the  coercive  field.  Radiation-damage 
investigations  show  damage  saturation  at  some  level  that 


Magnetic  Field  (kG) 

Fig.  2.  Magnetic  hysteresis 
measurements  for  magnetic  field 
parallel  or  perpendicular  to  the 
plane  of  Co  precipitates. 


Magnetic  Field  (kG) 

Fig.  3.  Same  as  Fig.  2,  after  a 
subsequent  implantation  Pt  to  a 
fluence  of  6.4  x  1 0^'^  ion.s/cm^ 
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Fig.  4.  MCD  measurements  of  the 
coercive  field  as  a  function  of  dose 
for  the  AI2O3-C0  specimen 
implanted  with  Xe  or  Pt. 
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depends  on  the  kinetics  of  defect  production  and  recombination  [c.g.,  Ref  8],  This  saturation 
may  be  reflected  in  the  “leveling  off’  of  the  coercive  field  at  high  ion  doses.  An  additional  factor 
may  be  due  to  the  amorphization  of  the  host  sapphire.  Sapphire  undergoes  a  volume  expansion 
during  the  crystalline-amorphous  transition,  which  may  place  the  precipitates  under  a  directional 
stress.  We  have  found  that  specimens  irradiated  at  100  °C  to  high  doses  with  Pb,  as  opposed  to 
the  RT  implants  done  here,  show  little  increase  in  the  coercivity  and  the  AI2O3  is  not  amorphized. 
The  atomic-scale  processes  responsible  for  the  large  increase  in  the  coercivity  of  the  Pt-irradialc 
specimens,  as  compared  to  the  Xc-irradiated  case,  is  still  under  investigation.  If  the  injected  Pt 
reacts  with  the  Co,  atomic-scale  domains  of  a  CoPt  alloy  -  a  magnetic  material  with  high 
coercivity  -  may  exist  within  the  nanocrystals. 

These  results  suggest  means  by  which  the  magnetic  properties  of  ferromagnetic 
nanocomposites  produced  by  ion  implantation  can  be  precisely  controlled,  and  hard  magnetic 
materials  with  high  coercivities  can  be  readily  obtained.  It  is  possible  to  create  a  Co-nanocluster 
composite  whose  magnetic  coercivity,  for  example,  can  be  tailored  between  150  and  1,120  G. 

We  also  have  found  that  even  higher  coercivities  can  be  obtained  by  annealing  to  form  CoPt 
alloy  particles. 

Fine  spatial  control  of  the  magnetic  properties 

One  of  the  out.standing  drawbacks  of  the  ion  implantation  technique  is  the  lack  of 
adequate  spatial  control  over  the  nanoparticle  location.  Focused  ion  beams  have  some  promise 
for  patterning  with  “manufacturer-claimed”  beam  diameters  of  <  10  nm  at  the  specimen  surface. 
Focused  ion  beam  devices  currently  available,  however,  have  been  developed  mainly  as  cutting 
or  thinning  tools  and  are  very  limited  in  both  source  type  (mainly  Ga)  and  energy  range  {<  35 
kV).  At  this  low  energy,  sputtering  processes  dominate  [1].  An  alternate  method  that  is 
currently  being  explored  is  the  patterning  of  implanted  materials  through  lithographic  masking. 
This  is  a  method  that  has  been  extensively  used  in  the  microelectronics  industry  for  spatial 
selection  of  regions  to  be  doped  using  ion  implantation  [9],  and  it  has  recently  been  applied  to 
the  patterning  of  the  magnetic  properties  of  Co/Pt  magnetic  multilayers  through  ion  in  adiation 
[101. 

For  these  initial  investigations,  fused  SiOi  was  selected  as  the  host  and  Fc  as  the  implant 
material.  Fc  was  selected  because  the  microstructural  properties  of  implanted  Fc  have  been  well 
studied  [e.g.,  4,1 1,12].  Additionally,  our  work  on  Co  precipitates  shows  that  the  nanoparticlcs 
have  different  crystal  structures,  complicating  the  interpretation  of  the  magnetic  results.  The  first 
step  in  the  masking/implanting  procedure  is  to  create  a  patterned  mask  on  top  of  the  host  material 
(SiO?).  The  masking  material  must  have  a  high  stopping  power,  adhere  well  to  the  substrate,  be 
easily  removed  from  the  substrate  after  implantation,  and  have  low  sputtering  yield.  It  must  also 
withstand  high-dose  ion  implantation  without  significant  physical  degradation.  Based  on  these 
requirements,  we  grew  sputter-deposited  films  of  Cr  and  Mo  directly  on  the  SiOi  wafers  (Fig.  5). 
In  general,  the  Cr  films  oxidized  quickly  and  gave  less  consistent  lithographic  patterns.  Standard 
deep  UV  lithography  was  used  to  transfer  the  pattern  from  a  specially  designed  mask  with 
features  ranging  from  10.0  to  0.5  microns,  followed  by  wet  chemical  etching  and  removal  of 
photoresist. 

The  masked  substrates  were  then  implanted  with  80  keV  Fc^  to  flucnccs  of  either 
1.5x10'^  ions/cm^  or  5xl0'^’  ions/cm^.  Scanning  electron  microscopy  (SEM)  images  of  a 
representative  mask  before  and  after  implantation  arc  shown  in  Figs.  6  and  7.  The  implantation 
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Fig.  5.  Mo  mask  on  Si02.  The  hole 
sizes  range  from  almost  10  um  to 
less  than  1  um  across. 
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Fig.  6.  A  380-nm-thick  Mo  mask  on 
Si02.  The  hole-bottoms  contain 
residual  material. 
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Fig.  7.  The  same  mask  as  in  in  Fig. 
6,  after  implantation  with  5  x  lO'^ 
ions/cm“  Fe"^  at  80  keV.  Compared 


to  Fig.  6,  the  hole  bottoms  are 
cleaner. 


process  had  little  obvious  impact  on  the  mask.  In  fact, 
mask  sputtering  tends  to  clean  the  bottoms  of  holes  in  the 
mask  that  were  incompletely  etched  before  implantation. 
The  overall  structure  of  the  mask,  however,  remains 
intact.  This  ion-cleaning  cleaning  effect  is  illustrated  in 
Figure  7,  where  there  is  relatively  little  residual  material 
in  the  mask  holes. 

Optical  microscopy  of  the  Fe  implanted  samples  was 
done  after  chemical  removal  of  the  mask  (Fig.  7).  The 
features  transferred  quite  well  and  are  readily  apparent 
under  standard  viewing  conditions.  Current  experiments 
using  oil  immersion  optical  microscopy  show  that  even 
the  0.5-micron  structures  are  well  preserved  in  the 
implanted  Si02  wafer.  We  are  currently  investigating  the 
optimal  thermal  processing  parameters  to  produce 
“digital  block  array.s”  of  Fe  nanocrystals.  Magnetic  and 
magneto-optic  investigations  of  the  patterned  specimens 
are  ongoing. 

These  initial  results  show  that  the  combination  of  ion 
implantation  and  lithographic  masking  has  promise  for 
extending  experimental  control  into  the  sub-micron 
spatial  domain.  Patterning  at  smaller  scales,  however, 
will  present  special  challenges.  Other  forms  of 
lithography  will  be  needed  to  create  features  smaller  than 
0.5  microns  in  diameter,  and  anisotropic  etching 
techniques  will  have  to  be  employed  to  improve  the 
aspect  ratio  of  the  mask  hole  walls.  Also,  the  mask 
thickness  will  have  to  be  reduced.  Ion-beam  scattering 
effects  (both  within  the  mask  and  within  the  host 
material)  may  become  a  technical  problem  at  the  smallest 
feature  sizes.  Nevertheless,  the.se  initial  results  are 
encouraging,  and  if  the  associated  materials-related 
challenges  can  be  met,  it  may  be  possible  to  create 
patterned  arrays  of  single  embedded  nanoparticles  with 
controlled  size  and  shape. 

CONCLUSIONS 

Two  main  goals  of  our  work  on  ferromagnetic 
nanocluster  composites  are  to  obtain  fine-scale  control 
over  the  magnetic  properties,  and  to  achieve  sub-micron 
spatial  control  over  the  location  of  these  properties. 
Progress  toward  achieving  these  goals  has  been  made  in 
the  work  presented  here,  although  considerable  materials- 
characterization  and  theoretical  work  on  the  magnetic 
properties  remains  to  be  done.  Extensive  future  and 
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ongoing  work  will  be  required  to  fine-tune  both 
the  spatial  and  magnetic  control  aspects  of  the 
research  in  order  to  obtain  implantation- 
produced  nanocomposites  that  can  meet  the 
requirements  of  specific  dev  ice- related 
applications. 
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Fig.  8.  Optica!  Image  of  a  specimen 
implanted  with  1.5  x  lO’’  ions/cm‘ of  Fe. 
The  mask  has  been  removed  and  the  bright 
regions  correspond  to  the  implanted  area. 
The  edge  length  of  the  large  squares  is  12 
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Innovative  And  Cost-Effective  Microfabrication  Of  Nanoceramic  Components 
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Salt  Lake  City,  UT  841 19 

ABSTRACT 

An  innovative  and  cost-effective  processing  technique  has  been  developed  at  Ceramatec  Inc  for 
the  microfabrication  of  ceramic  components  requiring  very  high  dimensional  tolerance.  The 
materials  system  is  a  proprietary  nanophase  composition  called  CERCANAM  (CERamatec 
CAstable  NAno  Material).  Scanning  electron  microscopy  revealed  that  CERCANAM 
components  can  be  fabricated  with  dimensional  tolerance  as  high  as  ±  2  |im  for  surface  features 
on  the  die  that  have  dimensions  about  1  mm.  The  process  can  also  be  modified  to  fabricate 
nanoporous  ceramic  components  with  very  high  surface  areas.  Components  with  retained 
surface  areas  as  high  as  67-82%  of  the  starting  powder  were  fabricated.  The  fabrication  process 
does  not  involve  a  high-temperature  sintering  step,  which  eliminates  the  loss  of  surface  area  from 
high  temperature  sintering.  It  is  anticipated  that  microcomponents  fabricated  with  specific 
microstructures  and  properties  will  have  applications  in  the  optical  fiber  industry  as 
interconnects,  in  the  electronic  packaging  industry  and  the  chemical  industry. 

INTRODUCTION 

Conventional  micro-machining  techniques  to  form  high-precision  components  (e.g.  wet  and  dry 
etching)  are  very  slow  and  expensive  processes,  and  often  do  not  meet  the  desired  production 
rates  and  cost  criteria  required  for  bulk  production  of  components.  Further,  most  of  these 
processes  are  specific  for  silicon,  which  has  a  relatively  low  fracture-toughness  (0.7-0.8 
MPa.m'^^)’  and  is  subject  to  severe  corrosion  in  the  high-temperature  oxidizing  conditions^ 
typical  of  industrial  chemical  processes  employing  microchannel  devices.  Ceramic  materials 
have  excellent  corrosion  and  mechanical  properties  that  make  them  very  attiactive  for  high- 
temperature  applications.  However,  most  current  processing  techniques  for  micro-devices  made 
of  ceramics  are  even  more  expensive  than  silicon  technology.  Most  of  these  processes  require 
sintering/pyrolysis  at  high-temperature  that  result  in  at  least  10-20%  shrinkage.  ^  Such 
shrinkage  is  very  difficult  to  accurately  model,  and  therefore  the  component  dimensions  are 
difficult  to  control  to  required  tolerances. 

MATERIALS  AND  METHODS 

Our  process  involves  a  novel  casting  technique  to  form  net-shape  components  made  of  a 
reaction-bonded  nano-ceramic  material,  which  we  will  refer  to  henceforth  as  CERCANAM  (for 
CERamatec  CAstable  NAno  Material).  This  material  was  developed  as  a  result  of  an  internally 
funded  research  project  at  Ceramatec,  Inc,  in  Salt  Lake  City,  UT.  The  specific  composition  of 
CERCANAM  and  the  processing  technique  are  considered  proprietary  and  are  not  relevant  to  the 
technical  content  of  this  manuscript.  The  idea  of  using  reaction-bonded  nano-ceramics  like 
CERCANAM  to  fabricate  micro  components  is  novel. 
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Firing  temperatures  to  form  the  finished  component  are  usually  as  low  as  200-600‘'C,  although  it 
can  be  as  high  as  1000‘'C  if  necessary.  These  temperatures  arc  well  below  sintering  temperatures 
of  the  ceramic  materials  that  form  the  primary  phase,  and  therefore  there  is  no  loss  of 
dimensional  accuracy  due  to  sintering.  Figure  1  shows  the  various  processing  alternatives  for 
microfabrication  of  ceramic  components  using  CERCANAM.  The  ceramic  powder,  composed 
either  entirely  or  with  a  majority  phase  of  sub-micron  or  nano-sized  particulates  is  mixed  with 
the  appropriate  reagent  and  stiiTcd  until  gellation  occurs  and  water  separates  out.  The  gel  is 
collected  and  a  green  body  is  fomned  by  one  of  the  techniques  shown  in  Figure  1 ,  namely  slip 
casting,  tape  casting,  gel  casting  or  extrusion.  The  casting  technique  is  followed  by  punching  the 
necessary  design  using  a  reusable  die  that  has  the  “negative”  of  the  required  pattern.  The  die 
can  be  fabricated  either  from  conventional  materials  like  silicon  using  wet  or  diy  etching,  or 
using  a  photoresist  material  for  use  in  a  lost-mold  technique,  where  the  polymer  is  decomposed 
or  vaporized  completely  during  heat-treatment  to  form  the  finished  component.'* 


Figure  1  Processing  routes  for  micro-fabrication  of  ceramic  components  with 
CERCANAM 

RESULTS  AND  DISCUSSION 

Micro-features  on  CERCANAM  components  have  been  shown  to  have  very  high  dimensional 
accuracy  with  respect  to  features  on  the  die.  Figure  2(a)  shows  optical  micrographs  of  a  copper 
penny  and  the  impression  obtained  by  the  penny  on  a  post-fired  CERCANAM  specimen  (firing 
temperature:  200"C);  figure  2(b)  shows  SEM  micrographs  of  the  same.  Digital  analysis  of  the 
micrographs  using  image  analysis  software  shows  that  dimensional  accuracies  of  ±  3  pm  over 
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distances  of  2mm  have  been  achieved  on  the  CERCANAM  specimen  with  respect  to  features  on 
the  copper  penny.  Features  as  small  as  20  pm  have  been  accurately  imprinted. 


(b) 


Figure  2  Comparison  of  features  obtained  on  a  post-fired  CERCANAM  specimen 
imprinted  with  a  copper  penny  (right)  with  respect  to  features  on  the  penny 
(left):  (a)  optical  micrographs;  (b)  SEM  micrographs. 

Figure  3(b)  shows  a  microfabricated,  post-fired  CERCANAM  component  (firing  temperature: 
bOC’C)  with  a  design  imprinted  from  an  etched  silicon  wafer  with  100  pm  x  100  pm  etch  pits, 
which  is  shown  in  figure  3(a).  The  bases  of  the  pyramids  obtained  on  post-fired  CERCANAM 
specimens  have  been  measured  to  be  100  pm  ±  1  pm.  The  attainment  of  such  high  dimensional 
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tolerances  illustrates  the  significant  potential  of  CERCANAM  materials  for  high-precision 
applications  such  as  optical  fiber  interconnects,  MEMS.  etc.  However,  the  fact  that  the 
processing  technique  is  very  inexpensive  relative  to  other  ceramic  microtabrication  techniques 
should  make  it  attractive  even  for  other  microfabricated  components  such  as  microchanncl 
devices  and  high-power/high  temperature  electronic  packaging,  where  the  attainment  of  sub¬ 
micron  dimensional  tolerances  are  not  as  critical. 


Figure  3  (a)  100  pm  x  100  pm  etch  pits  on  a  silicon  wafer  used  as  a  die  for  fabricating 
a  slip-cast  CERCANAM  specimen;  (b)  pyramids  of  base  dimensions  100  pm 
X  100  pm  formed  on  the  post-fired  CERCANAM  specimen.  The  tolerances 
on  the  base  of  the  pyramids  are  estimated  to  be  ±1  pm. 

Another  advantage  of  this  processing  technique  is  that  high-surface  area  CERCANAM  compacts 
can  be  obtained  by  relatively  minor  changes  in  the  processing  technique.  The  only  modification 
is  the  addition  of  a  pore-forming  phase  that  can  be  removed  at  relatively  low  temperatures,  and 
the  use  of  a  high  .surface  area  powder  as  the  primary  ceramic  phase.  Since  the  material  is 
reaction  bonded,  and  final  firing  temperatures  are  well  below  sintering  temperatures,  a  very  high 
proportion  of  the  surface  area  (67-82%)  of  the  starting  powder  can  be  retained  by  controlling  the 
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volume  fraction  of  the  binding  phase  through  control  of  processing  parameters  such  as 
concentration  of  the  reagent  and  time  of  reaction.  This  property  of  CERCAN  AM  makes  it  a 
good  choice  in  certain  microchannel  devices  where  a  high-surface  area  ceramic  is  required  as  a 
support  for  particles  of  a  catalytic  or  adsorbent  phase  that  can  be  dispersed  in  the  fine  pores  of 
the  support. 


CONCLUSIONS 

Microfabrication  of  CERCANAM  components  offers  a  technologically  simple,  one-step 
alternative  for  complex  geometries  that  would  require  multiple-step  processing  with  silicon 
technology.  This  material/process  is  expected  to  have  significantly  lower  processing  costs  and 
production  times  for  complex  geometries,  and  can  be  scaled  to  large  volume  output  with  very 
high  component  production  rates.  Further,  CERCANAM  materials,  due  to  their  inherent 
thermochemical/thermomechanical  stability  are  attractive  for  applications  where  microfabricated 
components  are  subjected  to  high  temperatures  (600-1000"C)  and  corrosive  environments  (e.g 
high-temperature  gas  sensing,  high-temperature,  high-power  electronic  packaging). 
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ABSTRACT 

Nanocrystalline  lead  titanate  was  synthesized  by  reacting  nanocrystalline  titanium  oxide 
in  aqueous  solutions  of  potassium  hydroxide  and  lead  acetate  at  200  degrees  C.  X-ray 
diffraction  (XRD)  and  TEM  studies  suggest  that  the  initial  KOH  concentration  influenced  the 
nucleation  and  growth  behavior  of  the  lead  titanate  nanoparticles.  Powders  were  processed  in 
aqueous  solutions  containing  0.10  M  lead  acetate  and  a  Pb:Ti  ratio  of  1,  with  varying 
concentrations  of  KOH.  Powders  processed  in  0.01  M  KOH  were  composed  of  irregularly 
shaped  particles  with  50-100  nm  in  size,  processing  in  0. 10  M  KOH  produced  particles  with 
finger-like  morphology  and  broader  particle  size  distribution,  and  processing  in  1.0  M  KOH 
resulted  in  anisometric  plates  with  (001)  facets,  and  100-200  nm  in  size.  XRD  studies  have 
shown  systematic  variations  in  the  position  and  symmetry  of  reflections  with  a  1  component 
as  a  function  of  particle  size.  This  indicates  that  the  c/a  ratio  of  lead  titanate  increases  with 
decreasing  nanoparticle  size 

INTRODUCTION 

Hydrothermal  processing,  which  involves  reaction  of  aqueous  solutions  or  suspensions 
of  precursor  and  precipitation  of  complex  oxides  at  elevated  temperatures  and  pressures,  has 
been  widely  applied  in  producing  multicomponent  metal  oxide  ceramic  powders  and  thin 
films  [1].  The  ABO3  peroveskites,  such  as  barium  titanate  and  lead  titanate,  have  been 
successfully  fabricated  by  hydrothermal  technique  under  various  conditions  [2-6]. 
Hydrothermal  synthesis  of  high  phase  purity,  ultrafine,  crystalline  PbTi03  has  been 
demonstrated  by  several  groups  at  temperatures  lower  than  200  °C.[7-10]  Compared  to  other 
processing  methods  such  as  solid-state  reaction,  sol-gel  and  coprecipitation,  hydrothermal 
processing  does  not  require  going  through  a  high  temperature  calcinations  step,  which  causes 
particle  coarsening  and  agglomeration  [1].  Lower  processing  temperatures  mean  reduced 
energy  budget.  In  the  case  of  PbTiOs,  elimination  of  calcinations  step  also  avoids  lead 
volatilization  [1 1],  Furthermore,  by  varying  the  processing  parameters  like  temperature,  pH, 
and  the  reagent  concentrations,  it  is  possible  to  control  the  size  distribution  and  the 
morphology  of  final  products  [1,9]. 

Hydrothermal  synthesis  of  PbTi03  has  been  extensively  investigated  experimentally 
and  theoretically  [3,4,7,10,1 1].  Thermodynamic  calculations  and  experiments  by  Lencka  and 
Riman  [4]  revealed  the  phase  stability  diagram  under  hydrothermal  conditions.  The  phase 
stability  diagram  provided  profound  information  about  optimal  process  setup.  However,  the 
detail  particle  nucleation  and  coarsening  mechanism  remained  unknown.  Morphology  studies 
not  only  were  important  for  application,  but  also  could  provide  more  insight  of  the 
mechanism.  Vast  literatures  have  been  devoted  to  the  morphology  [2,3,6,7,9].  High  pH 
generally  resulted  in  faster  reaction  rate  and  cuboidal  morphology,  while  low  pH  could  result 
in  acicular  or  platelet  morphology.  In  this  paper,  the  influence  of  the  concentration  of 
mineralizer  KOH,  in  turn  the  pH  in  starting  suspensions  on  the  resulting  morphology  will  be 
presented.  A  possible  mechanism  of  morphological  evolvement  under  different  initial  KOH 
concentration  is  proposed  to  explain  the  observations. 
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EXPERIMENTAL  PROCEDURE 


Hydrothermal  PbTiO.^  nanoparticles  were  processed  by  mixing  nanocrystallinc  TiO: 
(P25,  Degussa,  Dublin,  OH)  with  lead  acetate  trihydrate  (Pb(CH3C00)2-3H20,  Aldrich, 
99+%  purity)  at  a  1;  1  molar  ratio,  then  suspended  in  aqueous  KOH  in  a  Teflon  lined 
autoclave  (Model  No.  4748,  Parr  Instrument  Co.,  Moline,  IL).  The  KOH  solution  was 
prepared  by  dissolving  KOH  (Mallinckrodt,  85%  KOH,  =15%  H2O)  in  boiling  CO^-trec 
deionized  water.  The  autoclave  was  then  placed  into  a  preheated  force-air  oven,  holding  at 
200''C  for  reaction  under  autogenous  conditions.  After  reaction,  the  autoclave  was  force-air 
cooled  to  room  temperature.  The  suspension  was  vacuum  filtered,  repeatedly  washing  with 
COz-free  deionized  water.  The  collected  powders  were  dried  overnight  at  90°C.  PbTi03 
nanoparticles  were  examined  by  X-ray  diffraction  (XRD)  (Siemens  D500  diffractometer) 
using  Cu/Ca  radiation.  Particle  size  and  morphology  were  characterized  by  transmission 
electron  microscopy  (TEM)  (JEOL  2000FX). 

The  processing  parameters  were  varied  systematically  to  examine  effects  on  particle 
morphology.  The  feedstock  of  every  run  maintained  a  lead  concentration  of  0.1  M  with 
fPb]/[Ti]  =1.0.  KOH  concentrations  of  O.OIM,  O.IM  and  IM,  with  processing  time  from  6hrs 
to  12hrs  to  241irs,  were  investigated. 

RESULTS  AND  DISCUSSIONS 


20  29 

Figure  1.  XRD  patterns  of  PbTi03  nanoparticles  processed  at  200°C  with  [Pb]=[Ti]=0.1M. 
Initial  KOH  concentrations  and  processing  time  of  (a),(b)  and  (c)  are  as  indicated  in  legends. 
Vertical  lines  are  guides  for  eyes.  (001)  peak  (=21.4°)  and  (100)  peak  (=22.8°)  of  PbTi03  and 
peak  for  TiOj  (anatase,  =25.4°)  are  shown,  (d)  is  a  typical  PbTiO.!  XRD  pattern  with  20  from 
20°  to  60°. 
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XRD  patterns  of  the  collected  powders  prepared  under  different  conditions  show  that 
the  powders  are  composed  of  either  pure  PhTiO.^  or  mixture  of  PbTiOs  and  unreacted  Ti02. 
This  indicates  that,  under  the  processing  conditions,  PbTiO.!  is  the  only  reaction  product, 
which  agrees  with  the  majority  of  the  literature  (Figure  1). 

The  significant  changes  of  relative  Intensities  between  PbTiOs  and  Ti02  in  Figure  1  (a), 

(b)  and  (c)  along  with  time  reflect  the  progress  of  reaction.  The  initial  KOH  concentration,  or 
the  pH  has  great  influence  on  reaction  rate.  At  l.OM  KOH,  the  residual  Ti02  is  not  detectable 
via  XRD  within  12  hours,  while  it  takes  24  hours  for  process  with  O.IM  KOH  to  reach 
similar  point.  Further  experiments  show  that,  significant  amount  of  Ti02  remains  even  after 
96  hours  of  processing.  The  reaction  driving  force  strongly  depends  on  the  pH  of  the  starting 
suspension. 

Figure  1 .  (a),  (b)  and  (c)  all  show  that  (001)  peak  of  PbTi03  systematically  shift  toward 
high  20  as  processing  time  increases.  This  indicates  a  decrease  of  lattice  constant  c  as  particle 
size  increases  (due  to  longer  process  time).  This  result  is  in  line  with  a  previous  work  of  one 
of  the  authors. [9]  The  size  effect  on  lattice  of  PbTiOs  nanoparticles  prepared  by  sol-gel 
technique  has  been  studied  theoretically  and  experimentally  [12,13].  However,  the  reported 
relation  was  opposite  to  our  observations  [12].  This  discrepancy  may  be  attributed  to  slightly 
different  stoichiometry  and  different  morphology.  Further  investigation  will  be  necessary  to 
clarify  this  problem. 

The  (001)  peaks  in  Figure  1.  (b)  show  stronger  asymmetric  shape  than  those  in  (a)  and 

(c) .  This  might  be  also  attributed  to  size  effect  on  lattice  constant.  If  this  were  the  case,  the 
particles  from  O.IM  KOH  would  have  a  broader  size  distribution.  Our  TEM  observations 
have  supported  this  conclusion. 

Transmission  electron  microscopy  studies 

There  is  a  significant  presence  of  tiny  spherical  shaped  Ti02  nanoparticles  in  TEM 
photographs  of  the  powders  from  0.0  IM  KOH  and  O.IM  KOH  (6  hours  and  12  houns) 

(Figure  2).  This  is  consistent  with  XRD  observations,  indicating  that  higher  [KOH]  will 
provide  higher  driving  force,  hence  a  faster  reaction  rate.  TEM  observations  also  demonstrate 
that  the  initial  [KOH]  has  stronger  effect  on  the  PbTiOs  morphologies  than  the  processing 
time.  The  change  of  [KOH]  not  only  affected  the  reaction  rate,  but  also  altered  the  crystal 
growth  mechanism  and  anisotropy.  At  0.0  IM  KOH,  the  crystal  growth  did  not  strongly 
depend  on  growth  direction,  resulting  in  irregular,  rounded  shaped  morphology.  The  large 
particle  size,  slow  consumption  rate  of  Ti02  and  relatively  narrower  size  distribution  indicate 
that  the  nucleation  rate  in  0.01  M  KOH  suspension  was  very  low,  and  the  reaction  was 
dominated  by  coarsening  of  the  particles.  The  mechanism  might  involve  dissolution  of  Ti02 
and  precipitation  of  PbTi03  on  the  particle  surface.  At  [KOH]  of  l.OM,  the  particle  growth 
was  highly  anisotropic,  resulting  in  rectangular  shaped,  (001)  faceted,  platelet  morphology. 

At  O.IM  KOH,  TEM  photographs  revealed  a  “finger  like”  morphology,  characterized  by 
several  columnar  structures  ~25nm  in  width,  ~150nm  in  length,  parallely  growing  on  a 
substrate.  Strong  evidence  of  secondary  nucleation  can  be  observed.  The  surface  roughness 
change  due  to  secondary  nucleation  might  change  the  local  reagent  distribution,  resulting  in 
1-D  preferential  crystal  growth. 

The  influence  of  [KOH]  on  nucleation  and  grain  growth  was  different.  At  low  pH,  the 
concentration  of  reagents  could  hardly  initiate  nuclei,  resulting  in  a  very  low  nucleation 
density.  The  transformation  of  feedstock  to  PbTi03  would  be  dominated  by  continuous 
coarsening  of  the  existed  particles.  At  high  [KOH],  the  strong  supersaturation  could  cause  a 
homogeneous  nucleation  inside  the  suspension,  majority  of  the  feedstock  would  be  consumed 
in  this  stage  and  therefore  inhibit  further  nucleation.  The  higher  solubility  of  PbTiOa  at  high 
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Figure  2.  Morphology  evolvemcnt  as  a  function  of  processing  time  and  initial  KOH 
concentrations.  From  top  to  bottom,  the  processing  time  is  6  hours,  12  hours  and  24  hours, 
respectively.  From  left  to  right,  the  initial  [KOFI]  is  0.0 IM,  O.IM  and  l.OM  respectively.  The 
.spherical  shaped  particles  with  size  ~25nm  are  residual  TiO:,  which  is  the  most  visible  in  first 
column. 

pH  could  effectively  prompt  the  dissolution-precipitation  process,  which  might  dominate  the 
coarsening  in  this  case.  At  intermediate  [KOH],  nucleation  and  grain  growth  could  occur 
spontaneously,  resulting  in  a  high  possibility  of  secondary  nucleation  and  a  broader  size 
distribution. 

CONCLUSIONS 

The  initial  concentration  of  KOH  has  strong  influence  on  the  morphology  of 
hydrothermal ly  derived  PbTi03  nanoparticles.  Low  [KOH]  revealed  rounded  particles  while 
high  [KOH]  resulted  in  fticeted  platelet  structure.  Both  low  and  high  [KOH]  give  narrower 
size  distribution  than  the  intermediate  [KOH].  Particles  from  intermediate  [KOH]  show  a 
characteristic  “finger  like”  morphology.  The  observations  have  been  explained  with  a 
nucleation-growth  competition  mechanism. 
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ABSTRACT 

Nanocrystalline  SnOz  and  WO3  and  nanocomposite  with  Sn:W  ratio  1:9,  1:1,  9:1  were 
prepared  by  co-precipitation  of  a-stannic  and  tungstic  acids.  Phase  composition  and  average 
crystallite  size  were  determined  from  XRD  data.  Presence  of  the  second  component  results  in  the 
reduction  of  the  crystallites  growth  rate,  giving  rise  to  the  enhancement  of  thermal  stability  of 
nano-scaled  system.  TGA  data  allowed  to  estimate  the  concentration  Vh2o  of  water  adsorbed  on 
nanocomposite  effective  surface.  Maximal  Vino  value  and  the  highest  resistance  were  observed  for 
nanocomposite  with  Sn:  W  =  1:1.  The  temperature  dependence  of  resistance  R  reveals  its 
activation  character.  The  current-voltage  curves  are  interpreted  in  terms  of  electrochemical 
capacitor  recharge. 


INTRODUCTION 

Metal  oxides  SnO^,  ZnO,  In203  in  ultradispersed  form  are  widely  used  as  resistive  type  gas 
sensors.  High  values  of  gas  sensitivity  may  be  regarded  as  their  main  advantage,  while 
microstructure  stability  being  their  main  deficiency.  The  stability  of  the  ultradispersed  systems  is 
heightened  in  more  complicated  materials  containing  an  additional  phase  and  characterized  by 
non-homogeneous  structure  and  composition:  nanoheterogeneous  materials  or  nanocomposites 
[1-3].  The  reduction  of  the  total  area  of  the  crystallite  surface  contacts  for  each  of  the 
ultradispersed  phases  slows  down  the  growth  of  the  grains.  If  the  grain  size  of  the  oxides  is 
comparable  with  the  Debye  length  the  introduction  of  new  phases  may  also  result  in  qualitative 
modification  of  material  properties.  Nanocomposites  based  on  semiconductor  metal  oxides  Me|0- 
Me20  with  low  mutual  solubility  are  of  a  special  interest  as  gas  sensing  materials.  The  present 
work  deals  with  the  synthesis,  structure  characterization  and  electric  properties  of  Sn02  -  WO3 
nanocomposites.  The  influence  of  the  high  temperature  anneal  together  with  the  composition 
variation  on  the  grain  size  in  each  phase  is  studied.  The  charge  transport  is  found  to  involve  ionic 
component,  the  conductivity  activation  energy  is  estimated. 

EXPERIMENTAL 

Nanocrystalline  Sn02,  WO3  and  nanocomposite  with  Sn:W  ratio  1:9,  1:1,  9:1  (samples 
SniWg,  SniWi  and  Sn9W|  respectively)  were  prepared  by  co-precipitation  of  a-stannic  and 
tungstic  acids,  a-stannic  acid  was  prepared  by  conventional  hydrolysis  of  SnCL  in  ammonia  water 
solution.  Tungstic  acid  was  obtained  by  hydrolysis  of  (NH4)i()Wj204i  in  HCl  water  solution.  Gels 
of  the  acids  mentioned  above  were  co-precipitated  from  the  solution  containing  (NH4)ioWi204i 
and  Na2[Sn(OH)6]  prepared  by  reaction  of  a-stannic  acid  with  1  M  NaOH.  The  precipitates  were 
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centrifuged,  washed  with  deionized  water  until  the  absence  of  chloride  ion  (AgNOi  test)  and  dried 
at  80°  C  for  24  h. 

Thermal  anneals  have  been  undertaken  to  study  the  microstructurc  stability  of  the  individual 
nanocrystallinc  oxides  and  nanocomposites.  The  samples  were  annealed  at  T=80.  150,  300,  600, 
800  C  during  24  h.  After  the  annealing  procedure  the  samples  color  varied  from  white  to  yellow 
depending  on  the  composition  and  annealing  temperature. 

Phase  composition  and  microstructure  of  the  powders  were  studied  by  X-ray  diffraction 
(XRD)  (STOE)  with  use  of  Cu(K„)  radiation.  The  average  grain  size  of  SnO.  and  WO-,  was 
estimated  from  diffraction  patterns  using  the  Sherrer’s  equation. 

Mass  loss  during  the  annealing  procedure  was  studied  by  means  of  thermogravimetry  (TGA- 
7,  Perkin-Elmcr)  in  air,  the  temperature  was  varied  from  35  up  to  900  C  with  the  heating  rate  of 
10  7min. 

Electrophysical  properties  were  measured  for  ceramic  pellets  of  6  mm  in  diameter  and  1 .5 
mm  thick  prepared  by  pressing  at  700  MPa  with  subsequent  annealing  in  air  at  600  C  for  24  h. 

The  golden  contacts  were  deposited  on  the  pellet  surface  by  thermal  evaporation  technique.  The 
distance  between  the  contacts  was  2  mm.  The  resistance  of  the  samples  was  studied  in  static 
electric  fields  up  to  10  V  in  temperature  interval  200  -300  K. 

RESULTS  AND  DISCUSSION 

Phase  composition  of  the  investigated  samples  determined  from  the  diffraction  XRD  patterns 
is  given  in  the  Table.  The  following  phases  are  found:  Sn02,  W02*H20  and  WO3.  Phases  of 
ternary  compounds  were  not  observed.  In  the  samples  SnO:  and  Sn.^W,  annealed  at  T>150  C  the 
cassiterite  (SnO:)  phase  alone  was  found.  The  degree  of  crystallization  rises  with  the  annealing 
temperature  increase.  For  WO3  and  SniW^  samples  the  increase  of  the  annealing  temperature 
results  in  the  change  of  phase  composition.  At  low  annealing  temperatures  80  and  150  C 
WO.y’^H.O  phase  is  observed,  at  T>300  C  this  phase  falls  down  and  at  the  same  time  WO^  phase 
appears.  In  diffraction  patterns  of  the  SnjWi  nanocomposite  the  reflexes  corresponding  to  both 
the  phases  of  SnO:  and  WO3  exist.  However,  the  interpretation  of  the  XRD  spectra  and 
quantitative  calculations  of  the  peaks  positions  arc  complicated  due  to  the  superposition  of  triplet 
peaks  of  WO^  (20  =  26.49,  26.62,  26.84)and  SnO.  peak  (20  =  26.61),  and  the  group  of  lines  WO, 
(20  =  33.00,  33.58,  33.92,  34.1 1, 34.49)  and  SnO,  peak  (20  =  33.89). 


Table.  Phase  composition  of  SnOrWO,  nanocomposites 


Sample 

W:Sn 

ratio 

Annealing  temperature,  T  (C) 

Ea,  eV 

80 

150 

300 

600 

800 

WO3 

Sn,W9 

Sn,W, 

SmW, 

Sn02 

1 

9 

1 

1 

0 

0 

1 

1 

9 

1 

W0,=*'H20 

W0,,=»^H20 

Amorph. 

SnO: 

SnO. 

W0,*H20 

W03*H20 

Amorph. 

SnO. 

Sn02 

WO, 

WO, 

SnO, 

Sn02 

SnO, 

WO, 

WO, 

WO,+Sn02 

Sn02 

Sn02 

WO. 

WO, 

WO,+Sn02 

Sn02 

SnO, 

0.12-0.14 

0.15-0.18 

0.035 
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Figure  1.  Crystallite  size  of  Sn02  and  WO3  phases  in  nanocomposites  vs  annealing  temperature. 

In  contrast  with  the  data  for  WO3  and  SniWy  samples  the  crystallization  of  tungstic  acid  was 
not  observed  in  Sni  Wi  nanocomposite.  Comparison  of  the  XRD  patterns  for  all  the  investigated 
samples  annealed  at  600  C  shows  that  in  nanocomposites  the  degree  of  crystallization  of  the 
individual  oxides  reduces.  The  annealing  temperature  increase  leads  to  the  grain  size  growth  for 
both  the  SnOi  and  WO3  phases  (Fig.l).  WO3  crystallites  are  of  10-50  nm  that  significantly 
exceeds  the  size  of  Sn02  crystallites  (2-15  nm)  at  the  same  annealing  temperature.  It  is  important 
that  the  introduction  of  an  additional  component  results  in  the  reduction  of  the  crystallite  growth 
rates  for  both  the  phases. 

The  thermogravimetry  (TGA)  analysis  data  are  in  good  accordance  with  the  XRD  results. 

For  the  samples  SnOo  and  Sn9Wi  two  characteristic  temperature  regions  may  be  regarded:  35  - 
175  C  and  175  -  800  C.  Low  temperature  region  is  characterized  by  a  pronounced  peak  at  the 
DTG  curves  at  90  C.  This  peak  may  be  attributed  to  surface  water  desorption.  High  temperature 
region  is  smooth  and  the  mass  loss  for  this  case  may  be  due  to  a  gradual  water  removal  during  the 
transformation  of  a-stannic  acid  into  p-form. 

Therefore  it  may  be  concluded  that  up  to  the  temperatures  -800  C  tin  dioxide  exists  in 
partially  hydrated  state.  For  the  samples  WO3  and  SniWg  TG  curves  also  may  be  characterized  by 
two  temperature  regions  of  mass  loss.  The  low  temperature  region  (35  -  150  C)  with  a  peak  at  50 
C  corresponds  to  desorption  of  water  molecules  slightly  bonded  at  the  surface  by  physical 
adsorption  mechanism.  Another  peak  at  250  C  corresponds  to  transformation  of  tungstic  acid  into 
tungsten  oxide.  The  mass  loss  at  this  temperature  range  equals  to  6.75%  for  WO3  sample  that 
corresponds  to  removal  of  0.96  mole  of  H2O  from  1  mole  of  WO3.  At  the  DTG  curve  for  SniWi 
high  temperature  peak  was  not  observed  in  agreement  with  XRD  data  since  the  crystallization  of 
tungstic  acid  was  not  found.  The  low  temperature  region  of  the  DTG  curve  for  this  sample  is 
characterized  by  mass  loss  significantly  exceeding  the  values  obtained  for  all  other  samples.  The 
estimation  of  the  adsorbed  water  quantity  V1120  (mole  per  1  mole  of  the  nanocomposite)  as  a 
function  of  Sn02  mole  fraction  in  the  nanocomposite  is  shown  in  Fig.2.  The  non-linear  character 
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SnOp  mole% 

Figure  2.  Calculated  quantity  of  surface  adsorbed  H:0  as  a  function  of  sample  composition.  Line 
is  a  quide  for  eye. 

of  this  dependence  may  be  attributed  to  grain  size  reduction  and  possible  increase  of  effective 
surface  in  nanocomposites  compared  to  individual  oxides. 

The  charge  transport  is  characterized  by  electric  current  instabilities  for  all  investigated  samples. 
A  typical  current  -voltage  (I-U)  curve  is  shown  in  Fig. 3  for  SniWi  sample.  The  arrows  indicate 
the  order  of  voltage  switching.  In  low  fields  U<1  V  current  is  unstable  reducing  down  to  values, 
which  registration  is  eliminated  by  the  devise  sensitivity  (10'^  )uA).  Thus  current  values  at  low 
fields  may  be  considered  as  some  effective  data  taken  at  a  gradual  field  switching.  At  U>3  V  the 
current  stabilizes  and  I-U  curve  transforms  into  a  linear  one.  The  current  was  stable  while  the 
sample  was  kept  under  V  for  5  minutes.  After  what  the  field  was  gradually  switched  off. 


•5-4  -3-2-1  0  1  2  3  4  5 


U,  1/ 

Figure  3.  Current  -  voltage  characteristic  of  SiiiWi  nanocomposite. 
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The  hysteresis  at  I-U  curve  appears  at  U  <  3  V,  and  at  U=1 .4  V  current  reaches  zero  and  then 
changes  the  sign.  At  the  same  time  the  current  instabilities  appear.  To  illustrate  the  relaxation 
process  the  sample  was  kept  under  the  fixed  voltage  U=0.5  V.  In  5  minutes  I  relaxes  to  a  value 
shown  on  Fig. 3  as  a  rhombus.  In  the  field  of  opposite  direction  the  picture  is  the  same.  The 
observed  peculiarities  of  the  I-U  curves  may  be  explained  in  terms  of  electrochemical  capacitor. 
Charge  accumulation  on  the  capacitors  electrodes  may  be  associated  with  ionic  component  in 
charge  transport.  It  involves  the  dissociated  water  and,  possibly,  Na”^  and  Cf  ions,  which  presence 
is  related  to  the  synthesis  methods.  Charge  accumulation  process  in  the  nanocomposite  seems  to 
be  of  special  interest,  since  the  voltage  corresponding  to  the  change  of  current  sign  is  high 
enough. 

Strongly  identical  conditions  were  chosen  to  estimate  and  compare  the  conductivity  of  the 
samples  with  different  composition.  The  measurements  were  performed  in  the  dry  helium 
atmosphere.  The  voltage  U=0.5  V  was  applied  to  the  samples  contacts.  Two  current  values  were 
registered;  immediately  after  the  field  switching  on  and  5  minutes  later.  Resistance  R  was 
calculated  for  both  current  values,  the  results  are  shown  in  Fig4.  Solid  line  corresponds  to  the 
values  taken  at  the  first  moment  after  field  switching,  dotted  line  -  to  the  data  obtained  5  minutes 
later.  The  resistance  measured  at  the  first  moment  seems  to  be  closer  to  the  electronic  component 
of  conductivity.  After  some  time  passes  the  external  field  is  reduced  by  the  ions  accumulated  on 
the  electrodes  (the  charging  of  electrochemical  capacitor).  Though  the  data  shown  in  Fig.4  are 
only  an  estimation,  the  uncertainty  in  determination  of  R  is  significantly  less  than  resistance 
change  under  composition  variation.  Maximal  ability  for  charge  accumulation  (and  maximal 
resistance  value)  is  observed  in  nanocomposite  with  Sn:W  =1:1  ratio.  That  may  be  related  at  least 
to  two  self-consistent  factors;  maximal  water  adsorption  ability  and  minimal  grain  size.  It  should 
be  mentioned  that  for  nanocrystalline  Sn02  films  according  to  [4]  the  reduction  of  grain 


Figure  4.  Resistance  R  as  a  function  of  sample  composition.  Solid  line  corresponds  to  the  values 
taken  at  the  first  moment  after  field  switching,  dotted  line  -  to  the  data  obtained  5  minutes  later. 
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size  from  10  down  to  6  nm  results  in  resistance  growth  from  2  10“*  up  to  6  10“^  Ohm  at  (he  room 
temperature.  Under  cooling  this  difference  increases  and  at  T=77  K  reaches  8  (O'*  and  3  10^’  Ohm 
respectively. 

The  temperature  dependence  of  the  resistance  R  have  been  measured  only  for  the  samples, 
where  current  instabilities  may  be  neglected  at  a  first  approximation.  The  dependencies  R(T)  were 
taken  in  dry  helium  atmosphere  under  a  fixed  voltage  U=1  V.  The  criterion  of  the  measurements 
trust-worth  was  the  coinciding  of  the  curves  taken  during  the  temperature  cycling  from  cooling  to 
heating.  All  the  plots  lnR-1/T  demonstrate  the  linear  behavior.  The  activation  energies  Ea  were 
calculated  with  use  of  the  equation  R~  exp(E;ykT)  (see  Table).  The  activation  character  of  the 
conductivity  process  reveals  the  barrier  mechanism,  the  barrier  height  E.,  rises  with  the  resistance 
increase. 

CONCLUSIONS 

The  presented  results  confirm  the  possibility  to  obtain  more  stable  microstructure  in  nano- 
scaled  systems.  Introduction  of  an  additional  component  whether  to  WOi  or  to  Sn02  results  in 
slowing  down  of  the  crystallite  growth  rates.  Microstructure  of  investigated  nanocomposites 
practically  does  not  change  under  thermal  annealing  in  temperature  interval  100-600  C.  Just  this 
range  is  important  in  gas  sensor  applications.  Water  adsorption  ability,  grain  size  and  electrical 
properties  correlate  and  depend  on  the  composition  of  the  samples.  Nanocomposite  with  metals 
ratio  1 : 1  is  of  special  interest  as  the  most  stable  and  possessing  the  highest  adsorption  ability. 
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ABSTRACT 

Nickel  was  deposited  on  epitaxial  TiN  matrix  layer  grown  on  Si  (100)  substrate  by  pulsed  laser 
deposition  process  (PLD),  Transmission  electron  microscopy  (TEM)  study  shows  that 
nanoparticles  formed  are  single  crystals  with  two  kinds  of  epitaxial  relationship  with  respect  to 
matrix  TiNjDne  is  cube  on  cube,  where  (200)  Ni  //  (200)  TiN  //  (200)  Si  and  (02  2)  Ni  //  (02  2) 
TiN  //  (02  2)  Si.  The  particles  grown  in  this  orientation  have  a  trapezoidal  morphology  in  [01 1] 
projection.  The  other  involves  a  90  °  rotation  with  respect  to  [01 1]  direction  of  TiN  matrix  (zone 
axis),  where  (0  22)  Ni  //  (200)  TiN  //  (200)  Si  and  (200)  Ni  //  (02  2)  TiN  //  (02  2)  Si.  The 
particles  grown  in  this  rotated  orientation  have  a  triangular  morphology  in  [01 1]  projection  and  a 
smaller  lattice  constant  compared  with  that  of  pure  nickel.  The  possible  mechanism  of  forming 
these  two  epitaxial  orientations  is  discussed.  Superconducting  quantum  interference  device 
(SQUID)  magnetometer  was  used  for  magnetic  measurements.  In  order  to  investigate  the  effect 
of  texturing  on  magnetic  properties  of  nanoparticles,  results  were  compared  with  those  obtained 
from  Ni  nanoparticles  grown  on  amorphous  AI2O3  matrix  layer  in  previous  research.  It  was 
found  that  both  blocking  temperature  and  coercivity  of  Ni  nanoparticles  grown  on  epitaxial  TiN 
matrix  are  significantly  higher  than  that  of  Ni  grown  on  amorphous  AI2O3.  The  higher  value  of 
coercivity  is  possibly  associated  with  the  stronger  tendency  of  crystallographically  oriented 
particles  to  retain  their  magnetic  moments  in  the  presence  of  reversing  magnetic  field. 


INTRODUCTION 

Nanomagnetic  materials  have  drawn  significant  attention  in  recent  years  due  to  their 
dramatically  improved  physical  properties  critical  for  enhancing  the  magnetic  device 
performance,  such  as  giant  magnetoresistance,  superparamagnetism,  large  coercivities,  high 
Curie  temperature,  and  low  saturation  magnetization  [1-7].  Magnetic  properties  of  the 
nanomagnetic  materials  are  closely  related  to  the  magnetic  anisotropy  of  the  material,  which 
depends  not  only  on  the  size,  shape  and  strain  state  of  the  particles,  but  also  on  their  crystal 
structure  and  orientation.  However,  so  far,  most  studies  in  this  area  have  been  focused  on  the 
dependence  of  magnetic  properties  on  the  particle  size  and  separation.  It  is  expected  that  further 
improvement  in  these  properties  could  be  realized  by  texturing  the  magnetic  particles  along  their 
easy  axis.  In  the  present  study,  epitaxial  Ni  nanoparticles  were  grown  on  TiN  thin-film  matrix  by 
pulsed  laser  deposition  (PLD)  technique.  The  crystalline  quality  of  the  particles  was  investigated 
by  conventional  and  high-resolution  transmission  electron  microscopy  (TEM  and  HRTEM).  In 
order  to  inve.stigate  the  effect  of  texturing  of  magnetic  particles  on  their  magnetic  properties, 
superconducting  quantum  interference  device  (SQUID)  magnetometer  was  used  to  measure  the 
particle  magnetic  properties  and  the  results  were  compared  with  that  of  randomly  oriented  Ni 
particles  of  similar  size  obtained  in  previous  research  [8]. 
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EXPERIMENTAL  DETAILS 


Ni  nanoparticles  and  their  matrix  layer  TiN  and  AI2O3  were  deposited  by  ablating  a  pure 
nickel  target  and  hot  pressed  TiN  and  AI2O3  target,  respectively,  in  a  pulsed  laser  deposition 
(PLD)  system.  Si  (100)  was  used  as  the  substrate.  Before  deposition,  the  silicon  substrates  were 
ultrasonically  degreased  and  cleaned  in  acetone  and  methanol  for  5  --  10  minutes,  which  was 
followed  by  1 -minute  etching  in  49  %  hydrofluoric  acid  solution  so  that  the  surface  silicon 
dioxide  layer  could  be  removed.  The  main  deposition  parameters  are  as  follows:  vacuum  5  x  10 
Torr;  substrate  temperature  600°  C;  laser  energy  density  2  J/cm^  laser  frequency  10  Hz. 

In  order  to  get  sufficient  signal  during  the  investigation,  three  kinds  of  sample  with  different 
particle  sizes  (by  controlling  Ni  deposition  time)  and  numbers  of  particle  layers  were  made: 
sample  #1  (45  .seconds  and  I  layer  Ni);  sample  #2  (30  .seconds  and  I  layer  Ni);  sample  #3  (30 
seconds  and  5  layer  of  Ni  separated  by  TiN).  Particle  morphology,  size  distribution  and  the 
crystalline  quality  information  of  both  Ni  particles  and  matrix  layer  were  obtained  through 
conventional  and  high-resolution  transmission  electron  microscopy  (TEM  and  HRTEM)  study 
by  JEOL  201  OF  and  TOPCON  002B  micro.scopes  with  point-point  resolution  of  0.18  nm. 
Magnetic  properties  of  the  sample  were  measured  using  superconducting  quantum  interference 
device  (SC^UID)  magnetometer.  In  order  to  get  sufficient  signal,  samples  containing  five  layers 
of  nickel  separated  by  TiN  or  AI2O3  layer  were  used.  Details  of  the  measurements  were 
published  in  our  previous  paper  [8], 

RESULTS  AND  DISCUSSION 

Transmission  electron  microscopy  study 

Shown  in  Fig.  I  (a)  is  a  bright  filed  cross-sectional  image  of  a  Ni/TiN/Si  sample  (#1) 
taken  from  Si  [01 1]  zone  axis.  As  seen,  uniform-sized  faceted  Ni  nanoparticles  were  formed  on 
the  top  of  TiN  matrix  layer.  Two  distinct  morphologies  were  found,  which  correspond  to  two 
different  epitaxial  orientation  relationships  and  will  be  discussed  later.  Fig.  1  (b)  is  the 
corresponding  selected  area  diffraction  (SAD)  pattern  of  Fig.  1  (a).  It  is  easily  seen  that  TiN  was 
epitaxially  grown  on  Si  (100)  substrate  with  an  orientation  relationship  (200)  TiN  //  (200)  Si  and 
(02  2)  TiN  //  (02  2)  Si,  Two  sets  of  diffraction  pattern  related  t(^Ni  were  found^(  1 )  cube-on- 
cube  orientation  with  (200)  Ni  //  (200)  TiN  and  (02  2)  Ni  //  (02  2)  TiN;  (2)  (0  22)  Ni  //  (200) 
TiN  and  (200)  Ni  //  (02  2)  TiN,  which  is  a  result  of  90  °  rotation  with  respect  to  the  TiN  [011] 
(zone  axis).  Fig.  1  (c)  is  a  centered  dark-field  image  formed  with  the  circled  diffraction  spot  in 
the  rotated  pattern  of  Fig.  1  (b).  The  dark-field  image  study  shows  that  the  particles  with  a 
triangular  morphology  in  [01 1]  projection  grown  in  the  90  °  rotated  epitaxial  orientation  while 
the  particles  grown  in  cube-on-cubc  epitaxial  relationship  have  a  trapezoidal  morphology.  It  was 
also  found  that  some  particles,  like  the  one  shown  in  the  left  side  of  the  image,  contain  both 
orientations. 

The  two  different  epitaxial  orientations  corresponding  to  the  tw'o  distinct  morphologies 
were  also  found  in  high-resolution  electron  microscopy  study.  Fig.  2  (a)  and  Fig.  2  (c)  are  high- 
resolution  transmission  electron  microscopy  (HRTEM)  images  of  nanoparticles  (sample  #l  and 
#2,  respectively)  taken  along  Si  [01 1]  zone  axis.  Again,  the  trapezoidal  and  triangular 
morphologies  are  clearly  .seen.  In  sample  #2  the  particle  size  is  smaller  than  that  of  sample  #1 
due  to  the  reduced  deposition  time  and  no  particle  coalescence  occurred.  Also  shown  in  Fig.  2 
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are  corresponding  Fast  Fourier  Transform  (FFT)  of  the  two  HRTEM  images  (Fig.  2  (b)  and  Fig. 
(d)),  which  confirm  the  above-mentioned  two  distinct  epitaxial  orientations. 


Fig.l  (a)  BF  image  of  NiA'iN/Si  sample  (#1)  taken  from  Si  <01 1>  zone  axis;  (b)  The 
corresponding  SAD  pattern  from  the  same  area.  Rhombus  with  dark,  bright-wide-  and  bright- 
narrow-solid  lines  correspond  to  Si,  TiN  and  Ni  cube-on-cube  epitaxial  relationships, 
respectively.  Rhombus  with  dashed  line  corresponds  to  90-  rotation  epitaxial  relationship. 
Note  that  lattice  parameters  calculated  from  the  pattern  corresponding  to  90*^  rotation  are 
slightly  smaller  than  that  of  pure  Ni.  Arrows  indicate  double  diffraction  reflexes;  (c)  CDF 
image  of  the  same  area  taken  from  the  diffraction  spot  circled  on  the  SAD  pattern 
corresponding  to  9(P  rotation  (Fig.l  (b)). 


Usually,  in  epitaxial  growth,  the  lattice  mismatch  induced  strain  energy  as  well  as  the 
interfacial  or  chemical  energy  determine  the  orientation  relationship  and  the  epitaxial  layer 
always  orients  itself  in  such  a  way  that  the  lattice  mismatch  is  reduced  and  the  anisotropy 
interfacial  energy  is  lowered  [9].  The  lattice  constant  of  two  kinds  of  particles  could  be  estimated 
from  their  corresponding  SAD  pattern.  It  was  found  that  the  lattice  constant  of  the  particles 
grown  by  cube-on-cube  orientation  is  very  close  to  that  of  Ni,  but  the  lattice  constant  of  particles 
from  rotated  growth  is  apparently  smaller  that  of  pure  Ni.  We  think  that  this  rotated  epitaxial 
growth  was  probably  due  to  the  fact  that  the  particle  formed  is  not  pure  nickel.  This  Ni-enriched 
phase  was  formed  as  a  result  of  diffusion  of  foreign  atoms,  such  as  titanium.  The  excess  titanium 
atoms  in  the  TiN  film  would  tend  to  diffuse  to  the  interface  and  alloy  during  the  particle  growth. 
TiN,  seen  from  SAD  pattern  and  HRTEM  images,  is  cube-on-cube  epitaxially  grown  on  Si 
substrate  with  some  area  of  small  angle  misorientation.  These  regions  could  have  possibly 
provided  the  diffusion  path.  This  also  could  explain  that  in  the  observed  area,  particles  with 
trapezoidal  morphology  tend  to  have  “triangular”  particles  as  neighbors  so  that  particles  of  two 
morphologies  are  mixed.  In  order  to  explain  exaetly  the  mechanism  of  this  rotated  epitaxial 
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growth,  future  studies,  such  as  electron  energy  loss  spectrum  (EELS)  and  high  resolution  atomic 
contrast  imaging  still  need  to  be  conducted. 


Fig.2  (a)  High-resolution  TEM  image  of  a  trapezoidal  particle  (sample  #1)  taken  from  Si 
<01 1>  zone  axis;  (b)  The  corresponding  EFT  picture  of  (a)  indicating  Ni  cube-on-cubc 
epitaxial  growth;  (c)  High-resolution  TEM  image  of  a  triangular  particle  (sample  #2)  taken 
from  Si  <01 1>  zone  axis;  (d)  The  corresponding  EFT  picture  of  (c)  indicating  the  particle  90" 
rotation  epitaxial  growth  Indexes  in  smaller  regular  numbers  and  bigger  oblique  numbers 
correspond  to  the  reflections  of  TiN  and  Ni-related  particle,  respectively. 

Magnetic  measurements 

Shown  in  Fig.  3  (a)  and  (b)  are  the  ZFC  and  FC  magnetization  data  as  a  function  of 
temperature  for  Ni/ALO.i  sample  and  Ni/TiN  sample  (#3).  The  average  size  of  Ni  particles  was 
similar  in  both  cases.  As  seen,  in  both  cases  ZFC  and  FC  curves  diverge  from  each  other  at  a 
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certain  temperature,  below  which,  ZFC  curve  in  both  cases  reaches  a  maximum.  The  temperature 
at  which  this  maximum  occurs  is  known  as  the  blocking  temperature  Tb.  The  temperature  where 
the  irreversibility  sets  in  for  two  samples  is  quite  different:  100  K  for  Ni/ALiOs  and  275  K  for 
Ni/TiN,  so  is  the  blocking  temperature.  The  blocking  temperature  for  Ni  on  TiN  matrix  is  around 
190  K,  much  higher  than  that  of  Ni  on  AI2O3  matrix,  which  is  around  30  K.  Ideally,  the  blocking 
temperature  and  the  temperature  at  which  the  irreversibility  sets  in  ZFC  and  FC  magnetization 
should  be  the  same  [6,7].  The  difference  in  the  two  temperatures  observed  in  the  experiment  is 
attributed  to  the  size  distribution  of  magnetic  particles  having  different  Tb  [6,7]. 

The  higher  value  of  Tb  in  Ni/TiN  sample  with  respect  to  that  in  Ni/A^Os  sample  is 
believed  to  be  associated  primarily  with  the  texturing  of  Ni  particles,  which  influences  the 
anisotropy  energy  of  the  system.  Blocking  temperature  is  a  characteristic  temperature  for  single 
domain  material.  Below  this  temperature,  the  material  shows  ferromagnetic  properties.  As 
temperature  increases  to  a  certain  value,  the  magnetic  anisotropy  energy,  which  poses  the  barrier 
for  the  single  domain  to  change  the  magnetic  orientation  (magnetization  vector  reversal),  will  be 
overcome  by  thermal  energy  and  the  magnetic  moments  would  fluctuate  rapidly  and  freely  as  if  a 
paramagnetic  system,  a  phenomenon  called  superparamagnetism  [10].  Above  the  blocking 
temperature  the  material  magnetization  is  unstable  and  the  sample  loses  any  hysteric  responses  in 
the  magnetization  versus  field  measurements.  The  Ni  particles  in  Ni/TiN  sample  grow  epitaxialy 
via  domain  match  on  epitaxial  TiN  matrix  [11],  while  the  Ni  particles  in  Ni/Al203  sample  are 
randomly  oriented  due  to  the  amorphous  nature  of  alumina  matrix.  The  textured  nanoparticles 
are  expected  to  have  higher  anisotropy  energy.  Therefore,  the  thermal  energy  required  to  reverse 
the  magnetization  vectors,  and  as  a  result,  the  blocking  temperature  will  be  higher  for  textured 
magnetic  nanoparticles. 


Temperature, K 


Fig.  3.  ZFC  and  FC  magnetization  data  as  Fig.  4.  Magnetization  versus  field  curves 
a  function  of  temperature  for  (a)  for  (a)  Ni/AbOB  and  (b)  Ni/TiN  samples. 
Ni/A1203  and  (b)  Ni/TiN  samples. 
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Fig.  4  shows  the  magnetization  versus  field  curves  for  the  Ni/Al20j  and  Ni/TiN  samples. 
The  values  of  He  are  found  to  be  25, 45,  125,  270,  and  550  Oe  at  300.  200.  50  and  10  K, 
respectively  for  Ni/TiN  sample.  The  Ni/AFO^  sample  exhibits  a  coercivity  ~  150  Oe  at  10  K  and 
it  is  almost  superparamagnetic  at  temperature  higher  than  100  K,  which  is  in  accordance  with 
blocking  temperature  of  Ni/AbO.^  sample  measured  form  M-T  plot.  A  comparison  of  the 
coercivity  values  of  the  two  samples  under  several  temperatures  indicates  that  epitaxial  Ni 
particles  exhibit  significantly  higher  coercivity  than  randomly  oriented  Ni  particles.  The  high 
value  of  He-  of  epitaxial  Ni  nanopaiticlcs  is  envisaged  to  be  associated  with  the  stronger  tendency 
of  crystallographically  oriented  particles  to  retain  its  magnetic  moments  than  that  of  randomly 
oriented  particles  under  a  reversing  magnetic  field. 

CONCLUSIONS 

In  summary,  we  have  fabricated  textured  and  polycrystallinc  Ni  nanoparticlcs  on 
epitaxial  TiN  and  amorphous  AbO^  matrix,  respectively.  The  Ni  particles  in  a  Ni/TiN  sample 
grow  epitaxially  because  the  TiN  matrix  layer,  which  grows  epitaxially  on  Si  substrate  by 
domain  match,  acted  as  the  template  whereas  the  growth  of  Ni  particles  in  AbO^  matrix  is 
polycrystalline  due  to  the  amorphous  nature  of  alumina.  Two  kinds  of  orientation  relationships 
related  to  Ni  grown  on  TiN  were  found.  One  is  cube  on  cube,  where  (200)  Ni  //  (200)  TiN  // 

(200)  Si  and  (02  2)  Ni  //  (02  2)  TiN  //  (02  2)  Si  and  the  particles  grown  in  this  orientation  have 
a  trapezoidal  morphology  in  the  [01 1]  projection.  T^e  other  involves  a  90  degree  rotation  with 
respect  to  [01 1]  direction  of  TiN  matrix,  where  (0  22)  Ni  //  (200)  TiN  //  (200)  Si  and  (200)  Ni  // 
(02  2)  TiN  //  (02  2)  Si.  The  particles  grown  in  this  orientation  have  a  triangular  morphology  in 
the  [01 1]  projection  and  a  smaller  lattice  constant  compared  to  that  of  pure  nickel.  The  blocking 
temperature  of  the  Ni/TiN  sample  (-190  K)  is  significantly  higher  than  that  of  Ni/AbO^  sample 
(-30  K)  with  similar  size  of  embedded  magnetic  particles.  A  comparison  of  the  values  of 
coercivity  (He)  of  the  two  samples  has  shown  that  epitaxial  Ni  particles  also  exhibit  significantly 
higher  coercivity  than  polycrystallinc  randomly  oriented  Ni  particles. 
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ABSTRACT 

Nanocomposite  iron  nitride  based  powders  are  known  to  have  enhanced  magnetic  and  other 
physical  properties.  To  further  explore  their  potential  for  application  in  various  fields,  we  have 
performed  a  systematic  study  of  the  iron  nitride  -  alumina  and  iron  nitride  -  silica  systems.  Iron 
nitride  powder  of  composition  FcxN  (2  <  x  <  4),  containing  both  FesN  and  Fe4N  phases,  was 
mechanically  milled  with  AI2O3  or  Si02  powder  for  4,  8,  16,  32,  and  64  hours  at  the  following 
compositions;  (FexN)o.2(Al203)o.8,  (FexN)o.6(Al203)o.4,  (FexN)o.2(Si02)o.8,  and  (FexN)o.6(Si02)o.4. 
Differential  thermal  analysis  and  X-ray  diffraction  were  performed  to  investigate  thermal  and 
structural  transitions  as  a  function  of  milling  time.  As  the  milling  time  is  increased,  the  thermal 
peak  corresponding  to  Fe4N  is  diminished,  while  the  one  corresponding  to  Fe3N  is  enhanced. 
These  transitions  are  correlated  with  X-ray  diffraction  patterns.  All  XRD  peaks  broaden  as  a 
function  of  milling  time,  corresponding  to  smaller  particle  size.  Transmission  electron 
microscopy  also  reveals  a  decrease  in  particle  size  as  the  milling  time  in  increased. 


INTRODUCTION 

Small  magnetic  particles  are  important  in  many  practical  applications  for  their  superior 
magnetic  properties  such  as  high  saturation  magnetization  and  high  coercive  field. 
Improvements  in  these  properties  have  been  obtained  through  sputtering  [  1 ,2]  and  mechanical 
alloying  [3]  of  iron  particles  with  alumina  or  silica,  an  improvement  which  has  been  correlated 
with  a  reduction  in  particle  size.  Metal-metalloids,  such  as  FcxN,  have  these  desirable  magnetic 
properties,  but  conventional  techniques  used  to  produce  small  particles  often  lead  to  oxidation 
and  the  formation  of  an  iron  oxynitride  surface  layer,  which  is  ferromagnetically  coupled  to  the 
core  of  a  particle.  Surface  oxidation  may  be  avoidable  by  embedding  single  domain  FCxN 
particles  in  an  insulating  matrix  such  as  AI2O3  or  Si02.  In  fact,  iron  particles  dispersed  in  such 
an  insulating  matrix  have  shown  enhanced  magnetic  and  mechanical  properties  [3-5].  In  this 
work,  small  FexN  particles  are  embedded  in  an  insulating  matrix  through  mechanical  ball¬ 
milling.  The  resulting  particles  should  have  the  advantageous  properties  of  both  small  particle 
size  and  metal-metalloid  composition.  To  fully  understand  the  mechanisms  producing  these 
particles,  structural  and  thermal  studies  are  performed  in  this  study  to  evaluate  the  phase 
formation  as  a  function  of  milling  time. 
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EXPERIMENTAL  DETAILS 


Samples  of  iron  nitride  -  alumina  or  iron  nitride  -  silica  were  formed  by  mechanically 
milling  powder  of  FcxN  (2<x<4)  with  A1203  or  Si02  powder  for  4,  8,  16.  32,  or  48  hours  in  a 
Fritsch  planetary  ball  mill.  The  325  mesh  powders  were  99.9%  pure.  Oxidation  during  milling 
was  prevented  by  milling  in  the  presence  of  ethyl  alcohol.  The  mixture  of  Fe^N  powder  to  AI2O3 
or  Si02  powder  was  varied  so  that  samples  at  each  milling  time  were  obtained  for 
(FexN)y(Al203),  and  (FexN)y(Si02),  with  y  =  0.2  and  0.8  (z  =  0.8  and  0.2.  respectively). 

Thermal  analysis  was  performed  using  an  Instrument  Specialists  differential  thermal 
analyzer  with  Pt/PtRd  thermocouples  and  alumina  sample  and  reference  cups.  AI2O3  powder 
was  used  as  the  reference  material  and  scans  were  carried  out  with  a  heating  /  cooling  rate  of 
10°  /  minute.  Powder  X-ray  diffraction  data  was  obtained  with  a  Philips  PC-APD3520 
diffractometer  using  Cu  Ka  radiation.  Samples  were  prepared  for  transmission  electron 
microscopy  (TEM)  by  sonicating  the  powder  in  methanol  and  then  placing  a  few  drops  of  the 
solution  onto  a  holey-carbon  coated  grid.  TEM  was  performed  on  a  JEOL  1200  EX.  TEM 
negatives  were  scanned  at  1200dpi  and  then  analyzed  using  the  National  Institute  of  Health's 
(NIH)  Image  software  to  measure  particle  size. 


RESULTS  AND  DISCUSSION 

Figure  1  shows  XRD  plots  for  the  milled  compounds  with  y  =  0.2  (z  =  0.8)  and  the  pure 
FcxN  powder.  The  starting  FexN  powder  (2  <  x  <  4)  is  a  mixture  of  Fe3N  (£  phase)  and  Fe4N  (Y). 


A  I 


♦:  Fe^N  (t) 
V:  Fe,N  !r') 


64hr 


32hr 


(a) 

Figure  1:  XRD  patterns  for  (a)  (FexN)(),2(Al203)(),8  and  (b)  (FexN)o.2(Si02)o.8  for  the 
various  milling  times  and  for  the  starting  FCxN  powder. 
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The  peaks  at  44.5°  and  65.0°  could  be  either  a-Fe  or  y  -Fe4N.  For  the  AI2O3  series  (figure  la), 
it  is  clear  that  peaks  corresponding  to  Fe4N  decrease  in  intensity  with  milling  time.  In  particular, 
the  Fe4N  peaks  at  48°  and  70°  completely  disappear  at  even  short  milling  times.  An  increase  in 
milling  time  also  correlates  with  an  increase  in  the  intensity  of  the  FesN  peaks,  particularly  those 
at  43.3°  and  69°,  This  suggests  that  milling  induces  a  transition  from  Fe4N  to  Fe3N.  Thus,  there 
is  an  excess  of  Fe,  which  is  evidenced  by  the  enhancement  of  a-Fe  peaks  at  44.5°  and  65°.  The 
peak  at  41  °  (y  and  8)  grows  on  high  side  with  milling  time,  which  indexes  more  to  the  Fe3N 
phase.  A  similar  trend  is  seen  for  the  Si02  series  (figure  lb).  The  Fe3N  peaks  increase  in 
intensity  while  the  peaks  corresponding  to  the  y  phase  decrease.  Again,  the  persistence  of  the 
peak  at  44°  suggests  a  growth  of  a-Fe  due  to  excess  Fe  coming  from  the  Fe4N  to  FesN  transition. 
Similar  results  were  obtained  for  the  higher  Fe  composition  samples;  (FexN)o.6(Al203)o.4  and 
(FexN)o.6(S  102)0.4*  All  of  the  XRD  peaks  broaden  as  milling  time  increases,  indicates  a  decrease 
in  particle  size. 

Figure  2  di.splays  the  DTA  traces  for  both  series  as  well  as  the  curve  for  the  starting  FexN 
powder.  The  e  phase  (Fe3N)  has  a  wide  range  of  solubility  and  its  decomposition  temperature  at 
25%  N  (atomic  percent)  occurs  over  a  range  of  temperatures,  but  is  less  than  680°C  for  bulk 
material.  Fe4N,  with  a  much  narrower  range  of  solubility,  decomposes  at  680°C  for  bulk 
material  [6].  For  small  particles,  these  decompositions  occur  at  lower  temperatures. 
Decomposition  temperatures  of  570°C  have  been  reported  for  lOjim  Fe3N  particles  [7],  and 
410°C-582°C  has  been  reported  for  0.3-5p.m  Fe3N  particles  [8].  Table  I  displays  our  average 


(a)  (b) 

Figure  2:  DTA  curves  for  (a)  the  (FexN)o,2(Al203)o.8  series  and  (b)  the  (FexN)o.6(Al203)o.4 
series.  The  y-axis  is  AT  in  °C,  but  normalized  to  show  multiple  curves  on  one  graph.  The 
peaks  shown  covered  a  range  in  AT  of  20°C. 
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Table  I  Average  particle  size  as  measured  by  TEM  studies  for  the  AbO^  samples. 


Milling 
Time  (hr) 

4 

376 

516 

8 

278 

340 

16 

172 

232 

32 

159 

0 

0 

64 

64 

1 10 

particle  sizes  for  the  AbO.t  samples  as  measured  by  TEM.  Since  our  particle  sizes  arc  all  less 
than  0.5pm,  the  decomposition  of  the  nitride  phases  will  occur  at  lower  temperatures.  For  the 
starting  powder,  which  is  a  mixture  of  FC3N  (e)  and  FC4N  (Y),  two  exothermic  peaks  appear  in 
range  for  nitride  decomposition  (400-600°C).  The  prominent  peak  at  425°C  likely  represents 
Fe.iN  decomposition,  and  the  peak  nested  in  its  high  temperature  shoulder  represents  the 
decomposition  of  FC4N. 

For  the  AI2O3  samples,  the  FC3N  peak  becomes  more  prominent  with  milling  time.  This 
peak  also  shifts  to  slightly  lower  temperature,  which  correlates  with  the  decrease  in  particle  size 
upon  increased  milling  time.  This  shows,  as  did  the  XRD  data,  the  FC4N  being  converted  to 
FC3N  upon  increased  milling  time.  The  DTA  curves  also  show  the  growth  of  a  peak  between 
300°C  and  350°C  as  milling  time  increases.  If  the  excess  Fc  is  going  into  the  a  phase,  as 
suggested  by  the  XRD,  this  peak  could  correspond  to  a  transition  from  y  to  a-Fc  as  N  is 
liberated.  Both  of  these  phases  have  a  wide  range  of  solubility  for  N  below  590°C.  These 
lowest  temperature  peaks  could  also  be  due  to  adsorbed  water  or  the  presence  of  hydrocarbons  in 
the  samples,  which  were  milled  in  ethyl  alcohol  to  prevent  oxidation.  The  two  nitride  phase 
peaks  are  most  prominent  in  the  .samples  with  lower  milling  time  (see  the  4,  8,  16hr  samples  for 
(FexN)().6(Al203)().4,  figure  2b).  As  the  milling  time  increases,  the  lower  temperature  peak  is  more 
prominent.  The  shift  to  lower  temperature  for  the  Fe3N  peak  is  also  most  prominent  in  the 
(FexN)(u,(Al203)o.4  series,  although  these  particles  are  larger  on  average  than  those  in  the 
(FexN)o.2(Al203)().K  samples.  The  higher  concentration  of  AI2O3  is  therefore  partly  responsible 
for  the  decomposition  of  the  nitride  pha.ses. 

A  similar  trend  is  seen  for  the  Si02  samples  (figure  3).  For  the  (FcxN)o.2(Si02)().K  (figure  3a) 
series,  it  is  clear  that  the  peak  corresponding  to  Fe3N  (400-450°C)  grows  with  increasing  milling 
time,  indicating  the  presence  of  more  FC3N  phase.  This  trend  is  also  see  for  the  (FexN)(i.4(Si02)(».4 
series  (figure  3b),  with  the  exception  of  the  64hr  and  perhaps  the  4hr  sample.  In  these  two  cases, 
the  Fe4N  peak  is  more  prominent.  The  three  prominent  peaks  between  200°C  and  375°C  for  the 
64hr  sample  suggest  that  it  may  have  oxidized  or  otherwise  been  contaminated.  More  studies 
should  be  performed  to  verify  this  suggestion. 


CONCLUSIONS 

We  have  explored  ball  milling  of  FexN  and  an  insulating  component  (alumina  or  silica)  as  a 
means  of  producing  ultrafme  FcxN  particles.  A  reduction  of  the  FCxN  particle  size  is  .seen  as 


366 


Figure  3:  DTA  curves  for  (a)  the  (FexN)().2(S  102)0.8  series  and  (b)  the  (FexN)o.4(Si02)o.6  series. 
The  y-axis  is  AT  in  but  normalized  to  show  multiple  curves  on  one  graph.  The  peaks  shown 
covered  a  range  in  AT  of  20°C. 


milling  time  increases,  and  this  is  accompanied  by  a  transition  from  Fe4N  to  FesN.  Both 
structural  and  thermal  characterization  show  that  there  is  an  increase  of  the  e  Fe3N  phase  as 
milling  time  is  increased.  This  decrease  in  size  causes  the  decomposition  of  the  Fe3N  phase  to 
shift  to  a  lower  temperature,  and  a  broadening  of  lines  in  the  XRD  spectra.  Studies  of  the 
magnetic  properties  of  these  ultrafine  particles  have  been  completed  [9]  and  suggest  that  ball 
milling  iron  nitride  particles  is  a  viable  technique  to  produce  small  particles  with  desirable 
magnetic  properties. 
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ABSTRACT 

Three  dimensional  Ni  and  NiO  inverse  opal  macromeshes  were  characterized  by 
scanning  electron  microscope  (SEM)  and  transmission  electron  microscope  (SEM).  The 
octahedral  cubes  of  the  macroporous  Ni  were  found  mostly  grown  as  single  crystals 
with  staking  faults  and  microtwins.  There  was  no  preferential  growth  of  these  cubes  as 
determined  by  selected  area  diffraction  pattern  (SADP).  Some  NiO  nanocrystals  with  size 
of  about  5  nm  were  formed  on  the  surface  of  inverse  Ni  opal  membrane  during  etching 
away  of  silica  spheres.  The  oxidation  of  Ni  mesh  turned  it  into  NiO  macromesh  with 
grain  size  of  about  20  nm  at  550-C.  The  nanocrystalline  NiO  mesh  is  suitable  for  further 
fabrication  of  three  dimensional  nanobeads.  By  annealing  the  meshes  at  650^C,  the  NiO 
nanograins  grew  to  a  size  of  over  50  nm  .  This  three  dimensional  ordered  macroporous 
structure  with  higher  temperature  treatment  is  considered  as  stable  and  important  for 
further  application. 


INTRODUCTION 

Recently  we  reported  on  the  use  of  inverse  opals  as  the  templates  to  generate  three 
dimensionally  ordered  nanobeads  from  various  functional  materials  such  as  metals  [1,2]. 
Therefore  it  is  important  to  study  the  structure  and  nanocrystallites  in  such  inverse  metal 
membranes  to  understand  its  growth  mechanism  for  future  application.  The  fabrication  of 
macromeshes  of  metal  and  polymer  have  been  reported  by  several  groups[3-7].  The 
potential  applications  of  these  three  dimensional  macroporous  structure  will  be  in 
photonic,  catalysis  and  magnetics.  The  detailed  study  of  the  nanostructure  and 
nanocrystallites  could  possibly  improve  the  fabrication  of  three  dimensional  free  standing 
macromesh  for  various  purposes. 

EXPERIMENTAL 

The  opal  template  used  here  was  composed  of  290  nm  silica  spheres.  The  fabrication 
of  macroprous  Ni  was  done  by  electrochemical  deposition,  which  was  reported 
elsewhere[l].  The  advantage  of  electrodeposition  method  is  that  one  is  able  to  control 
the  filling  depth  by  controlling  the  deposition  time.  Secondly  it  is  easier  to  obtain 
homogenerous  large  scale  free  standing  three  dimensional  macroporous  structure  for 
further  application.  Ni  mesh  was  obtained  by  etching  away  silica  beads  using  2%  HE, 

The  NiO  macromesh  was  obtained  by  slowly  oxidizing  the  Ni  mesh  in  open  air  by 
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heating  to  550"C  at  !"C/min.  Scanning  electron  microscopy  was  performed  using  a 
JEOL  5410  SEM,  Transmission  electron  microscopy  investigation  was  carried  out  with  a 
JEOL  2010  at  200kV.  The  TEM  samples  were  prepared  by  putting  small  pieces  of  mesh 
on  TEM  copper  grid  and  directly  loaded  in  TEM  for  observation. 

RESULTS  AND  DISCUSSION 

As-deposited  opal  sample  was  broken  into  small  pieces  and  directly  put  in  SEM  for 
observation.  Figure  la  is  a  SEM  cross-sectional  micrograph  of  the  sample  near  the 
electrode  side  (Au  film  side).  The  Ni  appeared  as  ordered  white  dots  on  the  opal  surface 
and  was  also  confirmed  by  electron  energy  dispersive  (EDS)  analysis.  It  seems  that  the 
Ni  infiltration  was  a  bit  uneven  at  the  top  area  as  shown  in  figure  lb.  The  while  ordered 
dots  among  the  spherical  silica  beads  are  Ni  metal.  It  was  hard  to  estimate  the  Ni 
deposition  thickness  under  SEM. 


Figure  1.  Cross-sectional  SEM  images  of  (a)  nickel  metal  infiltrated  near  the  Au  film  (b) 
nickel  metal  deposited  at  the  lop  area  of  the  opal. 


Figure  2.  Cross-sectional  TEM  images  of  (a)  thickness  of  infiltrated  Ni  in  opal  (b)  the 
black  nickel  octahedral  cubes  infiltrated  in  the  opal  interstices. 
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In  order  to  know  the  exact  thickness  of  as-deposited  Ni  samples,  a  cross-sectional 
sample  was  prepared  by  gluing  the  sample  between  two  silicon  pallets  and  cutting 
into  slices.  The  sample  was  then  ground,  polished  and  ion  milled  until  transparency  for 
electron  beam.  The  thickness  of  the  electrodeposited  Ni  could  be  clearly  determined 
along  the  edge  of  the  sample  by  TEM.  In  our  case  the  thickness  of  the  deposited  Ni  is 
around  160  urn  as  shown  in  figure  2a.  Figure  2b  is  (001)  monolayer  opal  with  the  Ni 
(black  contrast)  infiltrated  in  the  opal  interstices.  By  putting  the  metal-opal  into  2%  HF 
solution  for  about  24  hours,  we  could  etch  away  the  colloidal  silica  and  obtain  the  fi'ee 
standing  rigid  inverse  Ni  macromesh.  Figure  3a  is  a  SEM  image  observed  from  [001] 
direction.  The  square  features  are  e.ssentially  cubes  with  concave  sides  that  arise  from 
filling  the  octahedral  sites  in  the  close  packed  structure.  Each  cube  is  connected  to  eight 
other  cubes  through  its  vertices  via  tetrahedra  [2].  We  can  also  see  the  second  layer  Ni 
cubes  through  the  first  layer  Ni  pores.  The  inset  is  the  higher  resolution  SEM  image 
which  clearly  .shows  the  connections  of  octahedral  and  tetrahedral  nickel  cubes  forming 
rigid  Ni  membrane.  By  loading  a  small  piece  of  the  inverse  Ni  macromesh  on  a  TEM 
copper  grid,  the  two  dimensional  projection  of  Ni  network  can  be  seen  as  shown  in 
figure  3b.  Microtwins  and  stacking  faults  were  found  as  shown  in  the  left  inset  by 


Figure  3  (a)  (100)  inverse  nickel  macroprorous.  The  inset  is  the  higher  resolution  of 
connections  of  octahedral  and  tetrahedral  nickel  cubes,  (b)  TEM  micrograph  of  inverse 
Ni  frame.  The  inset  on  the  left  is  a  single  octahedral  cube  and  the  left  is  the  SADP  of  the 
cube. 

carefully  investigating  a  single  cube,  which  can  be  also  determined  from  the  <01 1> 
SADP  as  shown  in  the  right  side  inset.  The  streaks  and  twin  diffraction  spots  can  be 
clearly  seen.  By  doing  SADPs  of  many  nickel  octahedra,  we  found  that  most  of  the 
octahedral  cubes  formed  single  crystals  during  the  electrodeposition.  The  reason  for 
forming  such  unique  structure  is  that  the  octahedral  interstices  have  bigger  space  and 
gave  enough  time  for  Ni  cubes  to  crystallize  and  grow  into  homogeneous  structure.  The 
connections  of  the  macromesh  were  composed  of  nanograins.  The  narrow  space  of 
connections  and  large  silica  surface  provide  a  rapid  quenching  environment  for  forming 
Ni  nanograins.  Even  though  the  single  crystal  octahedral  Ni  cubes  were  formed,  it  was 
hard  to  find  any  preferential  growth  of  these  nanocubes  by  doing  SADP.  The  SADP 
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showed  polycrystalline  feature  with  homogenous  diffraction  rings.  The  nanograins  of  the 
conneetions  were  composed  of  Ni  nanocrystallites  with  size  ranging  from  20-50  nm. 
Additionally,  some  small  nanocrystals  with  size  about  5  nm  was  often  found  sticking  to 
the  surface  of  the  Ni  membrane  after  etching  away  silica  beads  as  shown  in  figure  4a.  By 
doing  EDS  analysis,  these  nanoparticlcs  were  contained  Ni  and  oxygen,  which  was 
confirmed  as  NiO  nanocrystals  by  doing  SADP.  Figure  4b  is  the  high  resolution  image  of 
these  nanocrystals.  Similar  phenomena  was  also  observed  by  Blanford  ef  al.\9].  When 
they  removed  the  template  in  an  oxygen  containing  atmosphere,  any  metal  form 


Figure  4  (a)  some  nanoparticlcs  stick  on  the  surface  of  the  Ni  macromesh,  (b)  HREM 
images  of  NiO  nanocrystals. 


was  immediately  oxidized  forming  metal  oxide.  In  our  case,  when  the  silica  beads  were 
etched  away,  the  fresh  Ni  surface  was  exposed  to  air  and  easily  oxidized  and  formed 
NiO  nanocrystals.  In  addition,  the  feature  of  Ni  and  NiO  macromeshes  are  quite  different 
from  those  prepared  by  chemical  synthesis  method  reported  by  Yang  et  al  [10].  In  their 
samples  Ni  or  NiO  walls  of  macromeshes  were  composed  of  fused  nanograins  with  size 
of  about  50  nm  and  6  nm,  respectively.  The  NiO  phase  was  found  by  them  was 
hexagonal  structure.  In  our  case  the  nanocrystals  of  the  NiO  on  the  surface  of  the  Ni 
membrane  is  of  cubic  structure  with  size  about  5  nm. 

By  annealing  the  Ni  membrane  in  air,  the  NiO  semiconductor  macro  mesh  was 
obtained  as  shown  in  SEM  image  in  figure  5a.  The  size  of  the  pores  became  smaller  due 
to  the  oxidation  of  Ni  macromesh.  The  macromesh  is  quite  uniform  and  good  for  further 
fabrication  [2].  The  annealing  process  turned  the  Ni  membrane  completely  into  a  mesh 
consisted  of  NiO  nanograins.  Figure  5b  is  the  (01 1)  TEM  image  of  the  macromesh.  All  of 
the  macromesh  now  was  composed  of  fused  NiO  nanograins  with  an  average  diameter  of 
20  nm.  The  inset  is  the  SADP  of  the  NiO  membrane  with  fee  structure.  Further  annealing 
of  the  NiO  membrane  at  650-C  induced  the  NiO  nanograins  to  grow  bigger.  TEM  picture 
as  shown  in  figure  6a  shows  that  NiO  nanograins  grew  into  a  size  of  50-80  nm.  By  using 
the  NiO  macromesh  as  a  template  as  shown  in  figure  6a,  three  dimensional  ordered  Au 
nanobcads  were  successfully  fabricated.  The  higher  temperature  treatment  made  NiO 
membrane  more  stable  for  further  application.  Experiments  arc  continuing  for 
fabrication  of  metal  nanobcads  using  NiO  macromesh  treated  at  650”C. 


372 


CONCLUSIONS 

Three  dimensional  Ni  and  NiO  membrane  prepared  by  electrodeposition  were 
studied  by  SEM  and  TEM,  respectively.  The  octahedral  cubes  of  Ni  membrane  were 
grown  mostly  as  single  crystals  with  stacking  faults  and  microtwins.  The  connections  of 
the  membrane  were  composed  of  Ni  nanograins  with  a  size  of  about  10-50  nm.  Small 
nanocrystals  with  size  of  about  5  nm  were  found  on  the  surface  of  Ni  membrane  after 
etching  away  silica  beads.  The  fresh  Ni  macromesh  is  air  sensitive.  By  annealing  the  Ni 
mesh  at  55CFC,  the  membrane  completely  turned  into  a  macromesh  fused  by  20  nm  NiO 
nanograins.  The  template  is  good  for  fabrication  of  three  dimensional  ordered  metal 
nanobeads.  By  annealing  the  NiO  macromesh  at  650®C,  the  NiO  nanograins  grew  into 
bigger  nanograins  with  a  size  over  50  nm.  This  membrane  has  potential  applications. 
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ABSTRACT 

Three-dimensional  superlattices  consisting  of  gold  nanoparticles  were  grown  at  air/suspension  or 
suspension/solid  interfaces.  The  growth  of  superlattices  was  found  to  be  strongly  dependent  on 
substrate  materials:  Micrometer-sized  superlattices  were  grown  at  air/suspension  interfaces  and  upon 
silver  substrates,  whereas  no  growth  was  observed  on  silicon,  silicon  oxide,  or  amorphous  carbon 
substrates.  To  explain  the  observed  substrate  dependence,  Lifshitz  theory  was  used  to  calculate  the 
Hamaker  constants  between  gold  nanoparticle  assemblies  and  substrates  through  the  suspension.  Van 
der  Waals  interactions  estimated  from  this  calculation  fully  explain  the  experimental  results. 


TVTRODUCTION 

Three-dimensional  (3D)  superlattices  of  nanoparticles  represent  a  class  of  promising  new  electronic 
materials  whose  band  structures  may  be  engineered  through  control  of  core  sizes,  of  surface  coverage 
thicknesses,  and  of  packing  arrangements  for  the  nanoparticles.  Recently,  high-quality  superlattices 
have  been  synthesized  using  the  self-assembly  process  of  nanoparticles  in  liquid  phases  [1-4].  For 
superlattices  to  be  introduced  into  industrial  applications,  they  need  to  be  grown  at  gas/solution  or 
solution/solid  interfaces.  However,  there  have  been  no  reports  focusing  on  superlattice  growth  at 
various  interfaces.  Recently,  we  have  found  that  gold  (Au)  nanoparticles,  whose  surfaces  are  modified 
with  hydrophilic  surfactants,  are  good  components  for  3D  superlattices  since  the  assembly  rate  of  Au 
nanoparticles  (i.e.,  the  growth  rate  of  superlattices)  is  widely  tunable  through  pH  control  [5,6].  By 
enforcing  an  extremely  slow  growth  rate  (i.e.,  equilibrium  growth),  Au  nanoparticles  self-assemble  into 
high-quality  lattice  arrangements.  In  this  communication,  we  report  substrate  dependence  in  the  growth 
of  Au  nanopaiticle  superlattices  in  aqueous  suspensions. 


EXPERIMENTAL 

The  preparation  of  Au  nanoparticles  is  outlined  as  follows.  4.1  ml  of  an  aqueous  solution  of  0.12  M 
hydrogen  tetrachloroaurate  tetrahydrate  (HAu(IlI)Cl4  *  4H2O)  was  mixed  with  100  ml  of  methanol 
containing  1.5  mM  of  mercaptosuccinic  acid  (MSA).  25  ml  of  an  aqueous  solution  of  0.2  M  sodium 
borohydride  (NaBRj)  was  then  added  under  vigorous  stirring.  After  the  reaction,  Au  nanocrystals  were 
obtained  whose  surfaces  were  modified  with  MSA.  The  solvent  was  decanted  after  centrifugation  at 
9840xg,  which  corresponds  to  10,000  rpm  for  the  Kubota  1720  centrifuge.  Samples  were  then  washed 
twice  with  a  20  %  (v/v)  water-methanol  solution  by  repeating  re-suspension  with  a  sonicator  and 
re-centrifiigation,  and  finally  dialyzed  to  remove  inorganic  (Na,  Cl,  and  B)  and  organic  impurities. 

The  surfactant  affects  the  dispersion  of  Au  nanoparticles  in  aqueous  suspensions  at  low  ion 
concentrations.  After  the  Au  nanoparticles  were  dispersed  in  distilled  water,  hydrochloric  acid  (HCl) 
was  then  added  into  the  suspension.  This  process  induced  self-assembly  of  the  nanoparticles.  This  is  a 
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result  of  the  added  protons  suppressing  ionization  of  the  surfactants  and  hence,  weakening  repulsive 
interactions  among  the  nanopaiticlcs.  Silver  (Ag),  silicon  (Si).  Si  oxide,  or  amorphous  carbon  (a-C) 
substrates  were  immersed  in  the  suspension,  and  samples  were  stored  in  a  closed  glass  bottle  to  prevent 
solvent  evaporation.  Prior  to  the  experiment,  the  surface  oxide  of  Si  substrates  was  removed  by  dipping 
into  a  47  wt.  %  HF  solution. 

The  obtained  supeiiatticcs  were  examined  with  a  transmission  electron  microscope  (TEM:  Hitachi  H 
—8100)  operated  at  200  kV,  and  a  scanning  electron  microscope  (SEM:  Philips  XL-20LaB6)  operated 
at  9  kV. 


RESUIXS 

Growth  at  air/suspen.sion  interfaces 

With  an  appropriate  amount  of  HCl,  superlatticcs  appeared  at  the  air/suspension  interface  within  4  -  10 
days.  Figure  1  shows  TEM  images  of  (a)  the  overall  shapes  of  the  superlatticcs  and  (b)  an  edge  of  one 
of  the  superlatticcs.  Superlatticcs  achieved  widths  of  several  micrometers  and  fonned  faceted  stmcturcs 
as  shown  in  image  (a).  This  indicates  that  they  were  grown  under  equilibrium  conditions  [7,6].  Image 
(b)  shows  that  Au  nanoparticlcs  form  a  close-packed  arrangement  in  the  superlatticcs.  The  diameters  of 
the  component  nanoparticlcs  arc  4.9  nm:  The  core  diameters  of  the  component  nanoparticlcs  arc  3.5 
nm,  and  the  thickness  of  the  surfactants  is  0.7  nm. 

Growth  at  suspension/substrate  interfaces 

After  the  addition  of  an  appropriate  amount  of  HCl  into  the  suspension,  superlatticcs  were  grown  on 


Figure  1.  TEM  images  of  superlatticcs  grown  at  the  air/suspension  interface:  (a)  a  low  magnification 
image,  and  (b)  a  typical  image  of  an  edge  of  the  superlatticc.  The  superlatticcs  were  prepared  with  an 
HC!  concentration  of  3.6x  10“'  M. 
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Figure  2.  A  typical  SEM  image  of  a  superlattice  grown  on  an  Ag  substrate.  The  sample  was  prepared 
with  an  HCl  concentration  of  3.6x  10“^  M. 


Ag  substrates,  however,  no  growth  was  observed  on  Si,  Si  oxide,  or  a-C  substrates.  A  typical  SEM 
image  of  a  superlattice  grown  on  an  Ag  substrate  is  shown  in  Fig.  2.  After  sufficient  growth,  the 
superlattices  spanned  several  micrometers,  and  they  formed  clear  facets,  indicating  formation  of  the 
desired  superlattices. 


DISCUSSION 

Throughout  this  discussion,  we  will  consider  interactions  between  Au  nanoparticle  assemblies  and 
substrates  to  determine  the  observed  substrate  dependence.  Interactions  between  two  materials  consist 
of  (1)  surface  interactions  such  as  Coulombic  and  hydrophobic  interactions;  and  (2)  volume 
interactions  such  as  the  van  der  Waals  interaction  [8].  In  general,  surface  interactions  are  dominant  in 
nanostructured  materials  as  the  number  of  atoms  at  the  surface  is  significant  relative  to  the  volume. 
However,  our  experimental  results  are  not  fully  explained  by  surface  interactions.  The  attractive 
interaction  between  air  and  the  Au  nanoparticle  assemblies  cannot  be  explained  solely  by  Coulombic 
interactions.  Although  this  attractive  interaction  can  be  explained  by  hydrophobic  interactions,  it 
conflicts  with  the  experimental  observation  that  assemblies  are  not  attracted  to  other  hydrophobic 
materials,  such  as  hydrogen-terminated  Si  or  a-C.  It  appears  that  a  volume  interaction  needs  to  be  taken 
into  account  for  complete  understanding  of  the  observed  substrate  dependency. 

To  consider  volume  interactions,  we  calculate  the  Hamaker  constants  between  the  Au  nanoparticle 
assemblies  and  various  substrates  across  water,  which  describe  the  attractive  or  repulsive  magnitude  of 
the  van  der  Waals  interaction.  In  Lifshitz  theory  [8],  the  Hamaker  constant  between  material  1  and 
material  2  across  medium  3  is  given  by 
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where  £  \,  £2,  iind  £  3  are  the  static  dielectric  constants  of  the  three  materials,  f  ( />  )  are  the  values 
of  £  at  imaginary  frequencies,  and  v  1  is  l/rkT  /  h .  Using  appropriate  forms  of  £(iv)\s  the  key  for 
successful  estimation  of  the  Hamaker  constants  in  the  present  calculation. 

Let  us  consider  what  form  of  ^(/v )  is  suitable  for  Au  nanoparticle  assemblies.  We  will  begin  by 
assuming  Au  nanoparticles  as  artificial  atoms.  The  conduction  electrons  in  a  metal  nanoparticle  behave 
not  as  a  relaxator  system,  but  as  an  oscillator  system  with  an  eigenfrequency  equal  to  the  surface 
plasmon  frequency  of  the  metal  [9].  This  means  that  Au  nanoparticles  can  be  likened  to  atoms  of  the 
Thomson  model.  The  number  of  valence  electrons  in  this  artificial  atom  corresponds  to  the  number  of 
conduction  electrons  in  an  Au  core:  Ny  =  where  R  is  the  radius  of  the  Au  core  and  is 

the  conduction  electron  density  of  bulk  Au  (5.9x  10"*^  m'^).  Since  MSA  is  an  insulator,  the  contribution 
of  conduction  electrons  from  MSA  to  the  artificial  atom  is  neglected.  Au  nanoparticle  assemblies  are, 
therefore,  likened  to  virtual  dielectrics  consisting  of  those  artificial  atoms.  Assuming  that  the  artificial 
atoms  are  simple  harmonic  oscillators  with  the  eigenfrequency  v  0.  the  function  f  ( /  v  )  of  the  virtual 
dielectrics  is 
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where  is  the  number  density  of  the  artificial  atoms  in  a  virtual  dielectric  and  T  is  the  damping 
factor.  We  set  the  number  density,  n,„  to  the  value  at  which  nanopiirticles  fomi  closest-packing 
arrangements.  From  optical  studies  of  our  superlattices  [lOJ,  the  surface  plasmon  fremiency  t'o,  the 
damping  factor  T ,  and  the  optical  mass  ni  were  estimated  to  be  4.6x  lO''*  sec  ’,  l.4x  10^*^  sec  ',  and  2.5 
nic  mass  of  free  electrons),  respectively.  The  static  dielectric  constant  of  the  virtual  dielectric  was 
estimated  by  substituting  0  for  v  in  Eq.  2,  For  f  ( /  v  )  of  Ag.  Si,  SiO^,  and  a-C  substrates  and  water, 
we  used  the  ajuations  shown  in  Ref.  8.  In  addition  to  those  substrates,  we  also  analyzed  AgCl 
substrates  since  the  surface  of  our  Ag  substrates  may  be  chloridizcd  as  a  result  of  the  HCl  addition. 
Physical  parameters  to  construct  f  (/ v  )  of  SiO^  and  water  are  listed  in  Ref  8.  For  other  substrates,  the 
following  parameters  are  used,  the  static  dielectric  constant,  the  refractive  index,  and  the  main 
electronic  absorption  frequency  of  Si  are  12,  3.5,  and  l.Ox  lO'*^  sec  ',  respectively  [11],  and  those  of 
AgCl  are  1 1,  2.1,  and  1.2x  10^^  sec  ',  respectively  [12,  13];  The  volume  plasmon  frequency  of  Ag  is 
9.1  XJO'^  sec'  [14],  and  that  of  a-C  is  6.3x  lO'''  sec'  [14], 

Using  all  of  the  above  equations  and  pcirameters,  interactions  between  the  virtual  dielectrics,  which 
represent  Au  nanopaiticic  assemblies,  and  the  substrates  were  calculated.  Figure  3  shows  the  calculated 
Hamaker  constants  as  a  function  of  the  diameters  of  component  nanoparticles.  Tlie  positive  and 
negative  values  correspond  to  attractive  and  repulsive  interactions,  respectively.  The  Hamaker 
constants  at  the  diameter  of  tlic  component  particles,  4.9  nm.  predict  the  following  interactions.  Au 
nanoparticle  assemblies  are  attracted  to  the  air  and  Ag  substrates,  but  repulsed  from  SiO:,  Si  and  a-C 
substrates.  These  results  perfectly  explain  the  experimental  results.  The  interaction  between  Au 
nanoparticle  assemblies  and  AgCl  is  almost  neutral  at  4.9  nm.  Thus,  even  if  an  AgC!  layer  is  grown  on 
the  Ag  surface,  the  layer  does  not  inhibit  the  attractive  interaction  between  Au  nanoparticle  assemblies 
and  Ag  substrates. 

It  is  quite  suiprising  that  the  experimental  results  arc  fully  explained  without  the  consideration  of 
.surface  interactions.  This  may  indicate  that  our  proton  density  in  the  aqueous  suspensions  was 
appropriate  for  neutralizing  hydrophilicity/hydrophobicity  as  well  as  suppressing  Coulombic 
interactions.  In  the  present  experiment,  an  extremely  slow  growth  rate  for  the  superlattices  was  tuned 
by  adjusting  the  HCl  concentration.  Thus,  the  proton  density  was  adjusted  to  balance  attractive  and 
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Figure  3.  Substrate  dependency  of  the  Hamaker  constants  between  the  virtual  dielectrics  and  various 
substrates  through  water  as  a  function  of  the  diameters  of  component  nanoparticles.  The  virtual 
dielectrics  represent  the  close-packing  assemblies  of  Au  nanoparticles. 


repulsive  interactions  between  the  nanoparticles.  This  adjustment  may  prove  to  be  a  general  procedure 
by  which  the  surface  interactions  of  MSA  monolayers  become  insignificant.  To  verify  this  hypothesis, 
an  investigation  of  the  pH  dependence  of  surface  forces  of  MSA  monolayers  is  currently  underway. 


CONCLUSIONS 

We  investigated  substrate  dependence  in  the  growth  of  Au  nanoparticle  superlattices  in  aqueous 
suspension.  Superlattice  growth  proceeded  at  the  air/suspension  interface  and  the  suspension/Ag 
interface.  After  sufficient  growth,  the  superlattices  reached  widths  of  several  micrometers  and  formed 
clear  facets.  In  contrast,  no  growth  was  observed  on  Si,  Si02,  and  a-C  substrates.  The  observed 
substrate  dependency  was  not  explained  by  surface  interactions  but  by  the  van  der  Waals  interaction. 
The  Hamaker  constants  between  Au  nanoparticle  assemblies  and  substrates  through  water  were 
calculated  using  the  Lifshitz  theory.  In  the  calculation,  Au  nanoparticle  assemblies  were  assumed  as 
virtual  dielectrics  consisting  of  artificial  atoms  of  Thomson  model.  The  calculation  results  well 
explained  the  experimental  observations. 
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ABSTRACT 


Annealing  of  nanodiamond  at  moderate  temperature  makes  it  possible  to  produce  structures 
being  intermediate  in  the  carbon  transformation  from  sp^ -  to  j'p^-state  (graphite/diamond 
nanocomposites)  and  onion-like  carbon  (OLC).  Electron  microscopy  shows  such  structures 
involve  cage  shells  with  spacing  close  to  graphite.  X-ray  emission  spectroscopy  has  been 
applied  to  examine  the  electronic  structure  of  OLC  and  graphite/diamond  nanocomposites.  The 
CKa-spectra  of  OLC  produced  in  the  temperature  range  of  1600-1900  K  were  found  to  be 
markedly  different  from  the  spectrum  of  particles  formed  at  2140  K  and  characterized  by  better 
ordering  of  graphitic  shells.  The  latter  spectrum  was  shown  to  be  very  similar  to  the  CKa- 
spectrum  of  polycrystalline  graphite,  while  the  former  ones  exhibited  a  significant  increase  of 
high-energy  maximum  that  might  be  caused  by  the  holed  defect  structure  of  graphitic  networks 
forming  at  the  intermediate  annealing  temperatures.  To  interpret  experimental  spectra,  the 
quantum-chemical  semiempirical  AMI  calculation  of  icosahedral  C54n  cage  and  that  with  holed 
defects  was  carried  out.  The  lack  of  at  least  22%  atoms  in  an  internal  carbon  cage  was  found  to 
be  essential  to  provide  an  increase  of  density  of  high-energy  electronic  states  similar  to  that 
observed  in  the  spectrum  of  OLC  produced  at  1900  K. 


INTRODUCTION 


Onion  like  carbon  (OLC)  is  one  of  the  nanostructured  forms  of  carbon  consisting  of 
fullerene  like  shells  enclosed  each  into  another.  It  can  be  formed  via  two  principally  different 
approaches.  First  approach  uses  a  condensation  of  carbon  atoms  or  small  clusters  in  gas  phase 
during  an  electric  arc  discharge  [1]  or  in  metal  matrix  [2],  Another  approach  is  based  on  the 
transformation  of  condensed  carbon  under  high-energy  treatment.  So  Ugarte  has  found  the 
curling  and  closure  of  graphitic  networks  of  carbon  soot  into  OLC  particles  under  electron  beam 
irradiation  [3].  Later  we  developed  technique,  which  allows  producing  hundreds  of  grams  OLC 
by  heat  treatment  of  nanodiamond  (ND)  [4].  Two  different  types  of  OLC  carbon  can  be 
produced  by  these  mentioned  methods,  one  contains  spherical  shells  another  one  consists  of 
polygonized  shells.  The  latter  contains  fullerene  like  spheres  with  twelve  pentagons,  which 
preferentially  responsible  for  the  formation  of  polygonized  structure.  It  should  be  mentioned  that 
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polygonized  OLC  is  usually  formed  after  heat  treatment  of  carbon  soot  [5]  or  spherical  OLC  [4] 
at  the  temperature  higher  than  2000  K. 

To  explain  the  sphericity  of  onions  formed  under  electron  beam  irradiation  of  carbon  [6]  the 
structural  models  including  combinations  of  pentagons  and  octagons  have  been  proposed  by 
Terrones  [7].  Recently,  we  proposed  that  the  sphericity  of  onions  produced  by  ND  annealing  at 
the  intermediate  temperature  (1400-1900  K)  can  be  explained  by  the  formation  of  holed 
structure  of  onion  shells  [8].  Here  we  used  a  combination  of  X-ray  fluorescence  spectroscopy 
and  quantum-chemical  simulation  for  the  characterization  of  the  electronic  structure  of  OLC  and 
graphilc/diamond  nanocomposites  produced  via  the  controlled  annealing  of  ND. 


EXPERIMENTAL  AND  CALCULATION  DETAILS 


In  this  work  we  used  ND  powders  with  average  particle  sizes  of  4.7  nm.  obtained  by 
explosion  of  TNT/RDX  mixture  [9].  Non-diamond  forms  of  carbon  were  removed  by  boiling 
the  sample  in  a  1:1  mixture  of  concentrated  H2SO4  and  HCIO4  at  I30-200°C  [10].  The  annealing 
of  ND  samples  was  performed  in  a  high  vacuum  chamber  at  temperatures  1 170,  1600,  1900,  and 
2140  K  (samples  I,  II,  III,  and  IV  respectively).  The  micrographs  of  the  products  were  obtained 
with  a  JEM-iOlO  transmission  electron  microscope. 

X-ray  fluorescence  spectra  of  ND  and  ND  annealing  products  and  non-textured 
polycrystallinc  graphite  (CKa  spectra)  were  recorded  with  X-ray  spectrometer  “Stcarat”  using  a 
crystal-analyzer  from  ammonium  biphtalate  [1 1].  The  samples  were  deposited  on  copper 
supports  and  cooled  down  to  liquid  nitrogen  temperature  in  the  vacuum  chamber  of  the  X-ray 
tube  operating  with  copper  anode  (U=6  kV,  1-0.5  A).  Determination  of  X-ray  band  energy  was 
accurate  to  ±0. 15  eV  with  spectral  resolution  of  -0.5  cV. 

The  quantum-chemical  calculations  of  carbon  cages  were  carried  out  using  semiempirical 
AMI  method  [12].  The  fullerene  molecule  C54(>  being  a  third  inner  shell  of  ideal  spherical  onion 
[  1 3]  was  cho.sen  as  a  model  of  a  closed  graphitic  cage.  The  cages  C4.‘i6  and  C42()  were  obtained  by 
removing  all  pentagonal  rings  and  respectively  two  or  five  neighboring  atoms  from  the  6,  C‘i4()- 
Theoretical  CKa  spectra  were  built  in  the  framework  of  the  frozen  orbital  approximation 
(Koopman’s  theorem)  on  the  basis  of  calculation  of  the  ground  state  of  compound.  X-ray 
transition  intensity  was  calculated  by  summing  the  squared  coefficients  for  carbon  2p  atomic 
orbitals  (AOs)  in  the  real  occupied  molecular  orbital  (MO).  The  energy  location  of  intensity 
corre.sponded  to  the  MO  eigenvalue.  Intensities  .so  obtained  were  normalized  by  maximal  value 
and  broadened  by  convolution  with  Lorentzian  functions  of  0.6  eV  half  width  at  half  maximum 
(HWHM). 


RESULTS  AND  DISCUSSION 


CKa-spectra  of  the  ND  and  its  annealing  products  arc  pre.sented  in  figure  1  together  with 
high-resolution  transmission  electron  microscopy  (HRTEM)  images  of  the  samples.  The  CKa- 
spectrum  of  sample  I  exhibits  one  broad  maximum  around  279  eV  and  is  almost  coincident  with 
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Figure  1.  CKa-spectra  of  the  samples  produced  at  1 170  K  (1),  1600  K  (2),  1900  K  (3),  and  2140 
K  (4),  and  of  non-textured  polycrystalline  graphite  (5),  HRTEM  images  of  measured  samples: 
(a)  -  sample  I,  the  dark  contrast  lines  in  micrographs  indicate  the  (1 1 1)  crystallographic  diamond 
layers,  which  are  separated  by  0.206  nm;  (b)  -  sample  II,  (c)  -  sample  III,  and  (d)  -  sample  IV. 
The  dark  contrast  closed  circles  lines  in  micrographs  (b),  (c)  and  (d)  correspond  to  graphite-like 
sheets.  The  distance  between  these  sheets  (^0.35  nm)  is  closed  to  that  of  graphite  (0.34  nm). 
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the  spectrum  of  diamond  single  crystal  [14].  A  presence  of  interference  fringes  spaced  by  2.06  A 
(figure  1(a))  is  evidence  for  the  diamond  particles  in  this  sample.  The  CKa-spectrum  of  sample 
II  is  slightly  different  from  the  former  spectrum  by  somewhat  more  pronounced  high-energy 
shoulder  A.  The  image  of  the  sample  H  demonstrates  the  rearrangement  of  ND  surface  into 
graphite  layers  with  the  retention  of  a  portion  of  diamond  particles  (figure  1(b)).  As  CKa- 
spectrum  measures  the  density  of  2p-occupied  states  for  all  carbon  atoms  in  a  sample,  the 
enhanced  intensity  of  the  shoulder  A  in  the  spectrum  of  sample  II  is  caused  by  the  atoms  forming 
graphitic  layers.  The  CKa-spectrum  of  sample  III  consisted  of  OLC  (figure  1(c))  exhibits  three 
maxima  at  277.5,  279  and  282  eV.  The  further  heating  of  ND  above  2140  K  led  to  the  polyhedral 
hollow  OLC  particles  (sample  IV  depicted  in  figure  1(d)).  The  CKa-spectrum  of  this  sample  has 
the  main  maximum  C  around  277.5  eV,  the  high-energy  shoulder  B  around  279.2  eV,  and  the 
short-wave  maximum  A  at  281.6  eV  and  it  is  in  good  agreement  with  the  spectrum  of 
polycrystalline  graphite  (figure  1).  Some  variation  in  the  location  of  the  main  maximum  and  in 
the  relative  intensities  for  the  former  spectrum  may  be  attributed  to  the  contribution  of  the  edge 
states  of  polyhedral  particles. 

Inspection  of  the  spectra  indicated  the  electronic  state  of  carbon  particles  produced  at  the 
initial  and  final  stage  of  ND  annealing  mainly  corresponds  to  that  characteristic  of  diamond  and 
graphite  respectively.  Although  the  sample  of  OLC  (sample  III)  is  intermediate  product  in  the 
transformation  from  ND  particles  to  polyhedral  graphitic  particles,  its  spectrum  is  considerably 
different  from  another  measured  spectra.  Maximum  A  in  the  CKa-spectrum  of  sample  III  is 
comparable  with  main  maximum  C  by  intensity.  Furthermore,  this  maximum  is  shifted  by  0.4  eV 
toward  the  high-energy  spectral  region  relative  to  the  position  of  maximum  A  in  the  graphite 
spectrum.  These  two  effects  indicate  the  enhanced  localization  of  weakly  bonding  electrons  in 
OLC.  The  localization  might  result  from  defects  in  the  curved  graphitic  networks,  namely,  the 
dandling  bonds.  The  origin  of  such  defects  accompanying  of  the  OLC  formation  can  be 
explained  in  terms  of  deficit  of  diamond  carbon  atoms  in  the  graphiie/diamond  interface  to  form 
perfect  fullcrenc-like  shells  [8],  When  the  temperature  of  ND  treatment  reaches  about  2100  K 
and  mobility  of  carbon  atoms  increases  the  defects  in  OLC  anneal  out. 

To  reveal  the  effect  of  a  portion  of  dandling  bonds  on  the  density  of  occupied  2p-clcctronic 
slates  the  quantum-chemical  calculations  of  carbon  cages  (figure  2)  were  performed  using  AMI 
method.  The  theoretical  .spectrum  of  icosahcdral  C54()  has  three  features  A,  B,  and  C,  which 
intensity  and  energetic  separation  are  in  good  agreement  with  corresponding  values  in  the  CKa- 
spectrum  of  sample  IV.  The  maxima  C  and  A  correspond  to  a-  and  7t-  like  MOs,  while  the 
shoulder  B  is  formed  by  both  types  of  orbitals.  The  spectra  of  cages  C456  and  C420  show  a 
sequential  increasing  of  the  maximum  A  relative  to  that  in  the  C.s4(t  spectrum. 

Formation  of  the  holes  causes  a  disruption  of  joint  7C-system  in  C54(i  and,  hence,  Tt-electron 
localization.  This  localization  however  cannot  provide  the  increase  of  density  of  weekly  bonding 
states  observed  in  the  experiment.  It  is  evident  that  the  electrons  of  dangling  bonds  contribute  to 
the  maximum  A  of  spectra  of  the  holed  cages.  The  localization  of  electron  density  on  the  zigzag 
sites  of  graphitic  edges  was  found  in  [15,16].  The  edges  of  holes  in  the  C4S6  cage  are  actually 
zigzag-like,  while  those  in  the  C420  cage  are  armchair-like.  Considerable  increasing  of  the 
maximum  A  in  the  C420  spectrum  compared  to  that  in  the  C4,S6  one  indicates  that  the  shape  of 
boundary  of  a  hole  is  not  important.  The  governing  factor  is  a  portion  of  the  dangling  bonds,  that 
is  about  15%  and  22%  in  the  cages  C456  and  C420  relative  to  the  perfect  C540  shell. 
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Figure  2.  Theoretical  CKa-spectra  plotted  by  the  result  of  AMI  calculation  on  the  carbon  cages 
C540  (a),  C456  (b),  and  C420  (c). 


Accidental  near  degeneracy  in  energy  of  the  localized  7C-states  and  electron  states  of  the  dangling 
bonds  provides  the  high  total  density  observed  in  the  high-energy  region  of  the  holed  carbon 
cages  (figure  2).  At  the  same  time  one  can  observe  increasing  of  the  density  of  states  around 
-9.0  eV  that  is  in  the  correspondence  with  the  detected  shifting  of  the  maximum  A  in  the  CKa- 
spectrum  of  sample  III.  The  changes  found  from  the  comparison  between  the  spectra  of  C340  and 
C420  cage  are  similar  to  those  observed  in  the  CKa-spectra  of  polyhedral  particles  (sample  IV) 
and  OLC  (sample  III).  We  suggest  the  network  of  OLC  prepared  by  ND  annealing  incorporates 
the  dandling  bonds  in  an  internal  carbon  cage,  which  portion  is  about  22%  or  some  more. 
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CONCLUSION 


X-ray  fluorescence  spectroscopy  investigation  of  OLC  and  graphite/d iamond 
nanocomposites  produced  at  various  temperatures  of  ND  annealing  detected  the  enhanced 
density  of  weekly  bonding  states  in  the  former  material.  Quantum-chemical  calculations  on  the 
carbon  cages  showed  such  enhancement  is  more  likely  explained  by  the  occurrence  of  dandling 
bonds  in  an  internal  carbon  cage,  which  may  significantly  modify  the  chemical  and  physical 
properties  of  OLC  compared  to  the  polyhedral  graphitic  particles  prepared  on  the  final  stage  of 
ND  annealing.  The  holes  in  OLC  may  cause  unusual  effects  in  its  transport,  magnetic  and  optic 
properties  [17]. 
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ABSTRACT 

Nanocomposites  composed  of  unsaturated  polyester  matrix  and  organically  modified  clay 
filler  were  prepared.  After  the  synthesis,  XRD  patterns  showed  that  the  interlayer  spacing 
expanded  from  1.25  nm  to  4.5  nm.  The  mechanical  properties  of  the  nanocomposites  were 
determined  and  it  was  found  that  adding  only  3  w/w  %  organically  modified  clay  improved  the 
flexural  modulus  of  unsaturated  polyester  by  35%.  From  DSC  diagrams,  it  was  found  that  Tg 
values  of  the  nanocomposites  also  increased  with  the  clay  content.  It  is  concluded  that  partially 
exfoliated  /  intercalated  nanocomposites  were  formed  at  relatively  low  clay  contents. 


INTRODUCTION 

Nanocomposites  with  thermoplastic  matrices  have  been  synthesized  and  characterized  [1- 
4].  Several  studies  have  also  been  reported  on  nanocomposites  with  thermoset  matrices.  Lee  and 
Jang  [5]  reported  the  characterisation  of  epoxy-clay  hybrid  composites  prepared  by  emulsion 
polymerization.  The  effects  of  promoter  and  curing  process  on  exfoliation  behavior  of 
epoxy/clay  nanocomposites  were  studied  by  Ke,  Lu,  Yi,  Zhao  and  Qi  [6].  Kornmann,  Linberg 
and  Berlung  [7]  synthesized  epoxy  clay  nanocomposites  and  analysed  the  nature  of  the  curing 
agent  on  structure.  Kornmann,  Berglund  and  Giannelis  [8]  studied  nanocomposites  based  on 
montmorillonite  modified  with  silane  coupling  agent  and  unsaturated  polyester.  In  the  present 
study,  the  type  and  content  of  the  montmorillonite  (MMT)  on  mechanical  and  thermal  properties 
are  investigated  using  an  unsaturated  polyester  (UP)  matrix. 


EXPERIMENTAL 

Organically  treated  montmorillonite  (Cloisite®  30B  from  Southern  Clay  Products,  USA) 
and  non-treated  Na-montmorillonite  (Cloisite®  Na"'  from  Southern  Clay  Products,  USA)  were 
used  as  the  filler.  Ortho-phthalic-general  purpose  unsaturated  polyester  (Neoxil  C-92  N  8  from 
Camelyaf,  Turkey)  was  used  as  the  matrix.  The  resin  and  the  matrix  were  first  mixed 
mechanically  for  3  hours  at  50°C  followed  by  ultrasonic  mixing  for  better  dispersion.  0.9  phr  of 
methyl  ethyl  ketone  peroxide  (MEK-P)  and  0.2  phr  of  cobalt  naphthanate  (as  8  %  solution)  were 
used  as  the  catalyst  and  accelerator  respectively. 

Flexural  tests  were  performed  according  to  the  Test  Method-I  Procedure  A  of  ASTM 
D790-92  using  Lloyd  30k  Universal  Testing  Machine  with  a  crosshead  speed  of  2.8  mm  /  min. 
Pendulum  Charpy  Impact  Tests  were  done  according  to  the  Test  Method-I  Procedure  A  in 
ASTM  D256-91a  using  a  Coesfeld  Material  device.  In  order  to  evaluate  changes  in  Tg  with 
increasing  clay  content,  differential  scanning  calorimeter  analyses  were  carried  out  using  General 
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V4.1C  DuPont  2000.  Fracture  surfaces  were  investigated  by  using  JEOL  JSM-6400  Scanning 
Electron  Microscope  (SEM).  The  fracture  surfaces  of  pure  UP  and  specimens  containing  MMT 
were  compared.  X-Ray  diffraction  patterns  were  recorded  by  monitoring  the  diffraction  angle  20 
from  1°  to  10°  using  a  Rigaku  Geigerflex  diffractometer, 

RESULTS  AND  DISCUSSION 

Figure  1  shows  the  XRD  pattern  of  organoclay  Cloisite®  30B.  The  diffraction  peak 
appears  at  20  =  4.4°,  with  basal  spacing  of  1.97  nm.  The  original  Na^-montmorillonite  gives 
basal  spacing  of  1 .25  nm.  [4].  In  Figure  2,  it  can  be  seen  that  the  peak  corresponding  to  the  basal 
spacing  of  organoclay  has  disappeared.  It  is  clearly  shown  that  for  all  the  samples  with  Cloisite® 
30B  a  new  diffraction  peak  appeared  at  20  =  2°  with  a  basal  spacing  of  4.5  nm.  However,  if  the 
organoclay  loading  is  greater  than  3%,  the  hybrids  also  show  a  small  peak  at  20  =  4.93°  (d  =  1 .93 
nm),  which  is  the  main  peak  of  the  organoclay,  suggesting  that  a  small  part  of  organoclay  is  not 
dispersed  at  the  molecular  level. 


20 

Figure  1:  X-Ray  pattern  of  Cloisite®  30B 


Figure  2:  X-Ray  patterns  of  nanocomposites  a)  3%,  b)  5%,  c)  7%,  d)  10%  filler 
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Figure  3  shows  the  effect  of  the  clay  content  on  the  Tg.  Since  the  glass  transition  process 
is  related  to  the  molecular  motion,  the  increase  in  the  Tg  of  the  nanocomposites,  in  comparison 
with  the  original  unsaturated  polyester,  can  be  attributed  to  high  degree  of  adhesion  between  the 
polymer  and  the  layered  silicate  surfaces.  The  nanometer  size  restricts  segmental  motion  near  the 
organic- inorganic  interface.  However,  the  clay  particles  also  consume  free  radicals  that  are 
formed  during  curing,  thus  the  cross-link  density  might  decrease  at  high  clay  contents  suggesting 
that  the  glass  transition  might  also  decrease  at  high  clay  contents. 


Weight  % 

Figure  3:  Tg  results  of  .samples  with  Cloisite®  30B  or  Na"^ 

As  can  be  seen  from  Figure  4,  flexural  modulus  increases  and  makes  a  peak  at  3% 
loading  of  Cloisite®  30B.  With  respect  to  the  clay  content,  the  increase  in  flexural  modulus  is 
more  than  the  increase  in  tensile  modulus  (not  shown  here).  The  tensile  modulus  of  unsaturated 
polyester  was  improved  by  17%  at  5%  of  Cloisite®  30B.  The  orientation  of  the  clay  particles 
may  be  substantially  parallel  to  the  mold  surface  and  this  leads  to  high  flexural  modulus  values. 
After  7%  of  loading,  there  is  a  decrease  in  the  modulus.  At  high  loading  levels,  polymer-clay 
interactions  are  lower  and  agglomeration  of  the  clay  particles  results  in  lower  modulus.  The 
cross-link  density  might  also  be  lower  at  high  clay  contents  as  discussed  earlier,  leading  to  lower 
modulus.  In  Cloisite®  Na"^  samples,  the  increase  in  flexural  modulus  is  not  significant  owing  to 
lack  of  intercalation  of  the  polymer  chains  in  between  the  clay  layers. 
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Figure  4:  Flexural  modulus  versus  weight  %  values  of  Cloisite  30B  and  Na"^  samples 
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As  can  be  seen  from  Figure  5,  at  high  Cloisite®  30B  content,  flexural  strength  of  the 
specimens  decrease,  since  the  clay  particles  act  as  stress  concentrators  and  intercalation  is  poor  at 
high  filler  contents.  The  flexural  strength  of  Cloisite®  Na^  samples  also  decreases.  In  this  case, 
the  clay  particles,  which  arc  in  the  agglomerate  form,  act  as  stress  concentrators  and  tend  to 
decrease  the  flexural  strength  of  the  specimens. 


weight  % 

Figure  5:  Flexural  strength  versus  weight  %  values  of  Cloisite  30B  and  Na^  samples 

The  strain  at  break  values  decrease  for  both  types  of  samples  with  respect  to  the  clay 
content,  since  the  elongation  is  born  by  the  decreasing  quantity  of  matrix  at  high  filler  contents 
(Figure  6). 


Weight  % 

Figure  6;  Strain  at  Break  versus  weight  %  values  of  Cloisite  30B  and  Na"^  samples 

As  far  as  the  impact  behavior  is  concerned  (Figure  7),  clay  particles  act  as  a  crack 
initiator,  but  at  high  clay  contents  the  particles  also  act  as  crack  stoppers.  Impact  values  of 
Cloisite®  Na"^  show  that  unmodified  clay  particles  have  no  positive  effect  on  the  composite, 
because  ibe  narrow  d-spacing  of  the  clay,  do  not  permit  the  polymer  to  enter  between  the 
galleries  leading  to  agglomeration  of  the  particles  and  lower  impact  strength  values. 
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Figure  7:  Impact  strength  values  of  Cloisite®  30B  and  Na'^  samples 

As  can  be  seen  from  Figures  8  and  9,  the  size  of  the  agglomerates  found  in  the  samples 
containing  Cloisite®  Na^  are  larger  then  the  samples  containing  Cloisite®  30B.  In  Figure  9,  it  is 
seen  that  the  quantity  of  the  agglomerates  is  higher,  and  the  impact  energy  is  lower  owing  to  the 
higher  quantity  of  particles. 


Figure  9:  Impact  surface  of  7  %  Cloisite®  Na'^  sample  at  xl500  magnification 
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CONCLUSIONS 


Addition  of  an  organoclay  (Cioisite®  30B)  in  relatively  low  ratios,  to  an  unsaturated 
polyester  resin  resulted  in  partially  exfoliated  nanocomposites.  From  XRD  patterns,  it  is 
concluded  that  the  d-spacing  of  the  organoclay  expanded  from  1.97  nm  to  4.5  nm  in  all  samples 
with  Cioisite®  30B.  Tg  values  of  the  samples  containing  Cioisite®  30B  increased  from  72°C,  in 
unfilled  unsaturated  polyester,  to  86°C  in  10%  Cioisite®  30B  loaded  unsaturated  polyester. 

The  flexural  modulus  of  the  samples  containing  Cioisite®  30B  increased  by  35%  at  3% 
clay  loading.  Flexural  strength  decreased  at  high  clay  contents  and  the  strain  at  break  values 
changed  in  the  opposite  manner  to  the  flexural  modulus.  The  flexural  modulus  of  specimens 
containing  Cioisite®  Na"^  exhibit  a  maximum  of  3829  MPa  at  5%  clay  loading,  resulting  in  an 
increase  of  only  7%.  The  impact  values  of  the  samples  containing  Cioisite®  30B  first  decreased 
and  then,  started  to  increase.  However,  in  samples  containing  Cioisite®  Na'^,  the  values  of  the 
impact  strength  showed  continual  decrease  with  respect  to  clay  content. 

From  Scanning  Electron  Microscope,  it  was  seen  that  there  are  large  agglomerates  in  the 
samples  containing  Cioisite®  Na"^  type  of  clay  leading  to  poor  mechanical  properties.  With  the 
help  of  the  X-Ray  analysis,  it  is  concluded  that  the  dispersion  of  the  Cioisite®  30B 
montmorillonitc  particles  is  good  and  the  silicate  particles  near  the  primary  particles  arc 
exfoliated. 


REFERENCES 

[1]  A.  Okada,  M  Kawasumi,  Ausuki,  Y.  Kojima.  T.  Kurauchi,  and  O.  Kamgaito,  “Nylon  6- 
clay  Hybrid”,  Mater.  Res.  Sac.  Proc.,  171 ,  45-50  (1990) 

[2]  Richard  A.  Vaia,  Klaus  D.  Jandt,  Edward  J.  Kramcrand  E.  P.  Giannclis,  “Kinetics  of 
Polymer  Melt  Intercalation”,  Macromolecules,  28,  8080-8085  (1993) 

[3]  X.  Fu,  Squtubuddin,  “Polymer-clay  Nanocomposites:  Exfoliation  of  Organophilic 
Montmorillonitc  Nanolayers  in  Polystyrene”,  Polymer,  42,  p:  807-813  (2001) 

[4]  T.  Agag,  T.  Koga,  T.  Takcichi,  “Studies  on  Thermal  and  Mechanical  Properties  of 
Polyimide-clay  Nanocomposites”,  Polymer,  42,  p:  3399-3408  (2001) 

[5]  Dong  Choo  Lee,  Lee  Wook  Jang,  “Characterization  of  Epoxy-clay  Hybrid  Composite 
Prepared  by  Emulsion  Polymerization”,  Journal  of  Applied  Polymer  Science,  Vol.  68, 
1997-2005  (1998) 

[6]  Y.  Ke,  Jiankun  Lu,  X.  Yi,  J.  Zhao,  Z.  Qi,  “The  Effects  of  Promoter  and  Curing  Process 
on  Exfoliation  Behavior  of  Epoxy/clay  Nanocomposites”,  Journal  of  Applied  Polymer 
Science,  Vol.  78,  808-815  (2000) 

[7]  X.  Kornmann,  H.  Lindberg,  L.  A.  Berglund,  “Synthesis  of  Epoxy-clay  Nanocomposites. 
Influence  of  the  Nature  of  the  Curing  Agent  on  Structure”,  Polymer,  42,  p:  4493-99 
(2001) 

[8]  X.  Kornman,  L.  A.  Berglund,  J.  Sterte  and  E.  P.  Giannelis,  “Nanocomposites  Based  on 
Montmorillonitc  and  Unsaturated  Polyester”,  Polymer  Engineering  and  Science,  VG8 
No:8p:  1351-1358  (\99S) 


392 


Mat.  Res.  Soc.  Symp.  Proc.  Vol.  703  ©  2002  Materials  Research  Society 


V9.25 


Microwave  Plasma  CVD  of  Silicon  Nanocrystalline  and  Amorphous  Silicon  as  a  Function 
of  Deposition  Conditions 

J-H  Jeung,  Hak-Gue  Lee,  Lihong  Teng  and  W.A.  Anderson, 

SUNY  at  Buffalo,  Electrical  Engineering,  208  Bonner  Hall,  Buffalo,  NY,  14260. 

Abstract 

Using  ECR-CVD  (electron  cyclotron  resonance-chemical  vapor  deposition) ,  we  can  make 
amorphous-silicon  (a-Si)  and  nanocrystalline  (nc-Si)  thin  films.  We  are  looking  forward  to 
improve  the  photo/dark  conductivity  ratio  (<T^,  l(Jj )  by  measuring  the  photo  and  dark  current- 
voltage  (I-V).  In  the  ECR  deposition,  there  are  several  factors  which  we  can  control  and  adjust 
for  improved  results,  such  as  the  amounts  of  silane  and  argon,  the  vacuum,  and  the  temperature 
of  the  substrate.  These  become  the  critical  factors  for  ECR  deposition  in  order  to  make  better 
films.  Input  gases  consist  of  Ar,  2%SiH4  in  He  and  H2.  In  the  process,  SiH4  is  decomposed  into 
SiHx.  A  residual  gas  analyzer  (RGA)  gives  composition  in  the  plasma.  Because  Ar  possibly 
etches  the  substrate  and  Si  is  to  be  deposited,  the  best  RGA  signal  is  obtained  with  low  Ar 
content.  This  work  serves  to  correlate  process  conditions,  RGA  signals  and  electrical  data.  The 
best  RGA  signal  occurs  for  5  mTorr  Ar,  60  mTorr  SiH4:He,  and  power  of  600  W.  Best  value  of 
dark  conductivity  (cr^ )  was  1.53  x  lO  '^  S/cm  andl.58x  10'^  S/cm  for  photo  conductivity  (tr^). 

High  value  of  <7^  and  low  value  of  indicate  material  with  fewer  defects.  Adding  extra  H2 
improves  the  photo-conductivity  ( <7^ ).  Applications  of  these  films  are  heterojunction  solar  cells 

and  thin  film  transistors.  The  heterojunction  solar  cell  had  a  structure  of  metal  grid/  500”A  of  a- 
Si:H/p-Si  wafer/Ohmic  contact.  These  cells  gave  an  open  circuit  voltage  (Voc)  =  0.51  (V)  and 
short  circuit  current  density  (Jsc)  =  5.5  mA/cm^  under  50mW/cm^  tungsten  halogen  lamp.  Thin 
film  transistors  using  nc-Si,  with  gate  length/width  (L/W)  =450/65  gave  field  effect  mobility  of 
18  cm^/V-s,  and  lon/Ioff  of  1.25x10^. 

Introduction 

ECR  plasma  deposition  can  control  the  properties  of  the  plasma  so  that  it  can  be  applied  to 
deposit  nanocrystalline  silicon  (nc-Si)  thin  films  or  amorphous  silicon  (a-Si)  for  thin  film 
transistors  (TFT’s)  and  solar  cells  [1].  With  ECR  deposition,  ion  bombardment  and  etching 
during  growth  can  be  controlled.  Also,  low  pressures  can  minimize  the  radical-radical  reactions. 
Other  benefits  of  rf-  generated  plasma  processing  includes  high  fraction  of  ionization  and 
dissociation,  high  electron  kinetic  temperature,  and  no  need  for  an  electrode  inside  the  chamber 
which  can  reduce  the  contamination  of  samples  [21. 

In-situ  mass  spectroscopy  [3]  is  used  in  the  analysis  of  the  plasma  during  the  deposition.  In 
the  ECR  process,  we  need  to  induce  a  good  argon  plasma  and  also  reduce  the  defects  from  argon 
ions.  Therefore,  before  beginning  the  deposition,  it  is  helpful  to  check  the  RGA  (residual  gas 
analyzer)  signals  and  try  to  obtain  a  good  signal  from  the  RGA.  By  using  excess  hydrogen,  we 
can  reduce  dangling  bonds  that  are  present  in  the  a-Si.  This  produces  a-Si:H.  It  can  improve  the 
characteristics  of  the  photo-conductivity  and  the  properties  needed  for  applications  [4]. 
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Fig  1.  ECR  chamber  geometry. 

The  ECR-CVD  geometry  is  shown  in  Fig.l  above.  The  filament  of  the  RGA  (SRS  CIR200)  in 
placed  just  below  the  plasma  coming  out  of  the  quartz-tube  near  the  sub.strate.  Ar  +  H2  and 
2%SiH.(  in  He  arc  introduced  through  the  gas  feed  tubes.  2%SiH4  in  He  is  decomposed  due  to  the 
Ar  plasma.  Angle  of  the  substrate  is  90  degrees  and  the  distance  from  the  lube  is  V4  inches.  Two 
permanent  magnets  reside  to  control  the  plasma.  The  substrate  holder  is  heated  to  250  T  for  a-Si 
and  400  ‘’C  for  nc-Si.  Microwave  power  is  600  Watts.  Current-voltage  (I-V)  is  measured  to 
obtain  the  dark  conductivity  ( (Jp )  and  photo-conductivity  ( )  under  an  AMI  .0  spectrum  of 
100cmW/cm“  from  a  tungsten  halogen  lamp. 

Data  and  Results 

Before  the  ECR-CVD  deposition,  the  proper  conditions  of  deposition  arc  confirmed  using  the 
RGA.  Standard  conditions  were  5  mTorr  of  Ar  and  52  mTorr  to  64  mTorr  of  2%  SiH  t  in  He. 
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Pre-Test  Before  the  Deposition 


Fig.  2  RGA  signal  of  the  pre-test  with  changing  amount  of  SiH4 

In  Fig.  2,  the  RGA  signals  show  the  atomic  units  and  the  pressure  of  each  gas.  SiH4  is 
decomposed  into  SiH,  SiH2,  SiHs,  H  and  H2.  At  60  mTorr  of  SiH4 ,  the  high  peaks  of  H,  SiH  and 
SiH2  are  seen,  indicating  good  decomposition.  The  result  of  the  photo  and  dark  conductivity  ratio 
is  below  in  Fig.3. 


The  best  conductivity  ratio  result  was  achieved  at  60  mTorr  of  silane  and  5  mTorr  of  Ar  from 
Fig.3.  The  photo-conductivity  is  1.58  x  10'^  S/cm,  and  the  dark-conductivity  is  2.16  x  10'^  S/cm 
at  60  mTorr  of  silane.  In  most  of  the  cases,  dark  conductivities  are  similar,  but  improved  photo¬ 
conductivity  leads  to  the  higher  conductivity  ratio  of  the  samples. 
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The  high  peak  H ,  H2  and  SiH^  are  at  62  mTorr  of  silane.  The  RGA  signals  of  the  result  is  in 
Fig.5  .  It  proved  the  ratio  related  v^ith  gas  decomposition.  In  this  condition,  TFT  and  solar  cell 
sample  current  and  voltage  curves  are  in  Fig.  6  and  Fig.7. 
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Fig.  6  TFT  data  for  a  transistor  made  form  nc-Si 

For  the  TFT  of  Fig.6,  an  inverted  staggered  structure  was  used  with  a  gate  oxide  of  thickness 
100-200  nm  deposited  by  PECVD.  The  gate  length  /  width  ratio  is  (W/L)  =  450/85,  and  at  the 
Vds  =  1  (V),  field  effect  mobility  was  18  cm^/V-s.  Turn-on  and  off  current  were  Ion=  2.5  x  10'^ 

A  and  U  =  2.0  x  10  *^’ A. 

Solar  cells  with  an  area  of  Icm^  were  fabricated  with  the  back  side  having  an  A1  Ohmic  contact 
of  1000  A".  a-Si  was  deposited  with  250  “C  substrate  temperature  for  an  a-Si  solar  cell  and 
400”C  for  a  nc-Si  solar  cell  with  a  thickness  of  500  A®  .  On  the  top,  the  grid  line  was  200-300  A” 
Mg/  800-1000  A°  Al.  The  current-voltage  curve  is  below  in  Fig.7. 
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Fig.  7  nc-Si  and  u-Si  solar  cell  J-V  curve  under  50  mW/cm^  light. 
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The  nc-Si  solar  cell  has  Voc=0.45  (V)  and  current  density  =  2.8  mA/cnr  under  50 
mW/cm^.  The  a-Si  solar  cell  has  V,k=  0.51  (V)  and  Jsc  =  5,5  niA/cm^  under  50  mW/cm^  The  a- 
Si  solar  cell  shows  the  better  results. 

Conclu.sion 

The  conditions  of  ECR-CVD  deposition  arc  very  critical  factors.  Best  conditions  for  a-Si:H 
deposition  were  4  mTorr  of  Ar ,  62  niTorr  of  SiH4:  He  and  I  niTorr  of  with  250"C  substrate 
temperature. 

The  nc-Si  was  obtained  using  the  same  conditions  of  gases  with  substrate  temperature  of  400"C. 
Proper  combination  of  each  gas  is  one  of  the  important  conditions  in  order  to  obtain  a  good  ratio, 
however,  pumping  pressure  and  power  are  adjusted  for  inducing  a  good  plasma. 

The  films  were  useful  for  producing  solar  cells  and  thin  film  transistors. 
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ABSTRACT 

Nanocomposites  are  a  relatively  new  class  of  materials  obtained  by  dispersing 
montmorillonite  clay  in  a  polymer  matrix.  Evidences  from  literature  suggest  that  clay 
platelet  dispersion  during  nanocomposite  preparation  and  clay-matrix  adhesion  are  major 
technical  issues  that  need  to  be  addressed  in  order  to  achieve  the  desired  property 
enhancements  in  polymer-clay  hybrid  nanocomposites.  We  have  studied  the  interaction 
of  the  organically  functionalized  clay  with  the  epoxy  resin  by  including  along  the  chain 
structure  functional  groups  that  will  facilitate  interaction  with  the  resin.  Through 
conventional  routes,  ftinctional  molecules  have  been  synthesized  and  deposited  on  to  the 
clay  surface.  Both  the  functionalized  and  nonfunctionalized  clay  has  been  analyzed  using 
thermal  gravimetric  analysis  (TGA),  and  Fourier  transform  infrared  spectroscopy  (FTIR). 
The  exfoliation  of  nanoclay  platelets  in  amine  cured  epoxy  system  has  been  studied  using 
X-ray  diffraction  (XRD)  and  transmission  electron  microscopy  (TEM). 

INTRODUCTION 

Aromatic  amine  cured  epoxy  resins,  where  the  diglycidyl  ether  of  bisphenol-A 
(DGEBA)  resin  cured  with  meta-phenylene  diamine  (MPDA)  is  a  representative  member, 
are  the  most  widely  used  matrix  materials  for  preparing  conventional  composites.  Resins 
of  this  class  are  brittle  and  their  ability  to  absorb  energy  during  failure  is  limited.  The 
successful  use  of  nanoclay  reinforcement  technology  to  improve  the  performance  of 
epoxy  resin  would  represent  a  major  technical  achievement  in  the  development  of  high- 
temperature  and  tough  advanced  structural  materials.  Nanoclays  are  inexpensive  relative 
to  traditional  reinforcing  materials,  thermally  inert,  and  environmentally  friendly.  The 
use  of  nanoclay  hybrid  polymer  composites  in  structural  parts  is  expected  to  improve 
environmental  and  moisture  stability  and  increase  energy  efficiency  in  the  transportation 
sector  through  weight  reduction  [1]. 

Evidences  from  literature  suggest  that  exfoliation  and  dispersion  of  clay  platelets 
during  nanocomposite  preparation  and  clay-matrix  adhesion  are  major  issues  that  needs 
to  be  addressed  in  order  to  achieve  the  desired  property  enhancements  in  polymer-clay 
nanocomposites  [2-7].  In  recent  years,  efforts  have  focussed  on  understanding  the  nature 
and  mechanism  of  the  exfoliation  process  of  the  surface  treated  clay  in  the  polymer 
network  structure.  For  example,  Messersmith  and  Giannelis  [2]  achieved  a  significant 
increase  in  stiffness  of  epoxy  nanocomposite  by  using  organoclays  modified  with  bis(2- 
hydroxyethyl)  methyl  tallow-alkyl  ammonium  chloride  at  a  mass  fraction  of  4  %.  The 
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role  of  the  organic  chain  on  alkyl  ammonium  chloride  is  primarily  to  facilitate  the 
intercalation  of  the  clay  by  organic  molecules  (c.g.,  DGEBA).  These  researchers  found 
that  curing  of  a  DGEBA/clay  mixture  with  primary  and  secondary  amines  resulted  in  an 
immediate  clouding  of  the  resin.  It  has  been  suggested  that  the  bridging  of  the  silicate 
layers  by  the  bifunctional  polar  amines  prevented  the  extensive  layer  separation.  In  recent 
years,  several  researchers  [2-7]  have  studied  amine-cured  epoxy  clay  composites  to  show 
that  exfoliation  of  nanocomposite  depends  on  the  following  parameters: 

(1)  Alkyl  ammonium  ion  type  (e.g.  primary,  secondary  or  tertiary) 

a.  affects  intra-gallery  polymerization  rates  and  clay-matrix  dispersion 

(2)  Length  of  the  alkyl  chain 

a.  impacts  swelling  of  clay  by  epoxy  monomer 

b,  controls  intra-gallery  diffusion 

(3)  Curing  agent  type  (e.g.  aromatic  diamines,  aliphatic  diamines,  anhydrides,  and 

homopolymerization  agents) 

a.  affects  resin  glass  transition  temperature 

(4)  Curing  conditions 

a.  affects  intra-  and  extra-gallery  polymerization  rates  and  resin  Tg 

(5)  Charge  density  of  the  clay 

a.  impacts  swelling  of  clay  by  epoxy  monomer 

The  focus  of  this  research  is  to  investigate  the  influence  of  modified  clay  with 
functional  groups  on  the  miscibility  of  monomer  with  organically  modified  nanoclay 
platelets.  In  this  research,  the  sodium  ions  in  the  clay  arc  exchanged  with  an 
alkylammonium  salt  of  suitable  chain  length  followed  by  adsorption  of  oepoxy 
carboxylic  acid  of  suitable  chain  length  on  the  clay  surface.  The  epoxy  groups  of  o> 
epoxy  carboxylic  acid  arc  expected  to  facilitate  the  miscibility  of  DGEBA  monomer  with 
the  clay  platelets.  In  this  study  we  investigate  how  the  type  of  organophilic  groups 
intercalated  between  the  clay  layers,  influences  the  structure  of  the  resulting 
nanocomposiles.  In  particular,  we  compare  the  effect  of  the  two  nanoclays  (functional 
and  non-functional  clay)  on  the  exfoliation  process  and  the  final  structure  of  epoxy-based 
nanocomposites.  For  the  synthesis  of  functional  clay,  we  use  clay  treated  with  Cl 8 
quaternary  ammonium  salts  (CIS  clay)  as  the  base  structure.  The  Cl 8  clay  is  then  mixed 
with  functiouol  olcochcniicals  to  form  functional  clays.  The  functional  oleochemicals  arc 
synthesized  from  vernonia  oil  (sec  Figure  1).  The  nanostructure  of  the  epoxy  clay 
composite  was  characterized  by  X-ray  diffraction  (XRD)  and  transmission  electron 
microscopy  (TEM). 

EXPERIMENTAL 

(A)  Synthesis  of  C18  Clay 

7.5  g  of  purified  Na  clay  from  Southern  Clay  Products'  was  dispersed  into  600  ml 
of  distilled  water  at  80  '’C.  3.0  g  of  octadecylammonium  chloride  in  300  ml  distilled 


'  Certain  commercial  materials  and  equipment  are  identified  in  this  paper  in  order  to  specify 
adequately  the  experimental  procedure.  In  no  case  does  such  identiUcalion  imply  recommendation  or 
endorsement  by  the  National  Institute  of  Standards  and  Technology,  nor  does  it  imply  necessarily  that  the 
items  arc  best  suited  for  the  purpose. 
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water  was  poured  in  the  hot  clay/water  suspension  and  stirred  vigorously  for  1  h  at  80  “C. 
The  mixture  was  then  filtered  and  the  solid  washed  several  times  with  ethanol/hot  water 
mixture  (for  3  h)  to  remove  free  chloride  ions.  The  washing  was  continued  until  the  solid 
was  verified  for  absence  of  chloride  ions,  by  checking  the  filtrate  solution  with  AgN03 
solution.  The  attachment  of  long  alkyl  groups  to  clay  surfaces  facilitates  clay  sheet 
separation  and  makes  it  possible  to  introduce  functional  molecules  in  the  interlayer  space. 

(B)  Synthesis  of  Vernolic  acid: 

Vemonia  oil  (VO)  was  refluxed  with  base/methanol  mixture  for  2  h  and 
transferred  to  a  beaker  containing  ice/water.  The  solid  compound  was  recovered  by 
filtration  and  acid  treated  to  convert  the  acid  salt  (soap)  to  vernolic  acid.  Vernolic  acid 
was  purified  by  adopting  solvent  exchange  procedure  and  freeze  drying  techniques. 
Figure  1  describes  the  reaction  scheme  used  to  synthesize  vernolic  acid.  The  purified 
compound  was  FTIR  characterized  and  compared  to  the  literature  reporting  for  epoxy 
fatty  acid  [8]. 

(C)  Synthesis  of  Vernolic  Acid  Mixed  CIS  Clay: 

1.25  g  of  Cl  8  clay  was  suspended  in  0.5  g  of  vernolic  acid  dissolved  in  30  ml  of 
hexane  and  the  solution  was  stirred  under  nitrogen  gas  for  48  h  and  the  product  was 
filtered.  Fresh  hexane  was  added  to  the  solid  product  and  attempts  were  made  to  free  the 
solid  product  of  residual  vernolic  acid.  The  Cl 8  clay  containing  vernolic  acid  was 
allowed  to  air  dry  and  is  termed  as  the  vernolic  acid  mixed  CIS  cloy.  The  product  was 
characterized  by  FTIR  and  TGA  technique. 

(D)  Synthesis  of  Epoxy  Nanocomposite: 

We  have  selected  the  model  resin  system  DGEBA  (provided  by  Dow  Chemical)  and 
MPDA  for  the  current  study.  DGEBA  resin  was  kept  in  a  vacuum  oven  at  75  °C  for  3  h. 
The  clay-epoxy  mixture  was  prepared  by  dispersing  a  mass  fraction  of  2.5  %  of  Cl  8  clay 
in  hot  DGEBA  with  stirring,  followed  by  sonication  for  about  2  h  and  degassing  in 
vacuum  for  2  h.  14.5  phr  MPDA  (melted  at  60  °C)  was  then  added  to  the  clay-epoxy 
mixture  at  60  ”C  under  vacuum.  The  DGEBA/clay/MPDA  mixture  was  heated  for  2  h  at 
80  ”C  and  post  cured  for  another  2  h  at  125  ”C.  The  same  curing  procedure  was  applied 
to  vernolic  acid  mixed  Cl  8  clay. 

(E)  FTIR  and  TGA  Analysis  of  Nanoclay  Powder 

FTIR  analyses  were  performed  on  the  Na  clay.  Cl 8  clay,  and  vernolic  acid  mixed 
Cl  8  clay.  Each  sample  was  mixed  with  KBr  and  vacuum  packed  to  obtain  pellets  of  the 
material.  The  pellets  were  analyzed  using  a  Nicolet  Magna  IR  560  (the  standard 
instrument  uncertainty  in  measuring  wave  number  is  ±  0.01  cm"',  the  cm  '  were 
rounded  off  to  the  nearest  1  cm*')  spectrophotometer. 

TGA  analysis  was  performed  on  the  Na  clay,  Cl  8  clay,  and  vernolic  acid  mixed 
C18  clay  using  a  Perkin  Elmer  7  Series  system  (the  standard  instrument  uncertainty  in 
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measuring  a  temperature  is  ±  1  ”C)  in  a  nitrogen  atmosphere,  by  placing  25  mg  of  sample 
in  a  crucible  and  heating  it  from  30  "C  to  900  "C  at  a  heating  rate  of  20  T  /min.  Nitrogen 
gas  was  allowed  to  flow  at  a  sweep  rate  of  5  ml/min. 

(F)  XRI)  and  TEM  Analysis  of  Epoxy  Nanocomposites 

XRD  analyses  were  performed  using  a  Scintag  Inc.  XRG  3000  diffractometer 
with  Cu  radiation  (40  KV,  35  mA).  The  scanning  speed  and  the  step  size  were  0.01  'Vmin 
and  0.04  respectively.  The  nanocompositc  dogbonc  produced  during  the  moulding 
process  has  a  fairly  smooth  surface.  The  dogbonc  specimens  were  cut  to  size  and 
analyzed  by  XRD. 

TEM  specimens  were  cut  from  dogbonc  using  an  ultramicrotomc,  equipped  with  a 
diamond  knife.  They  were  collected  in  a  trough  filled  with  water  and  lifted  out  of  water 
using  200  mesh  copper  grids.  Electron  micrographs  were  taken  with  a  Philips  EM400C 
at  an  accelerating  voltage  of  120  KV. 

RESULTS  AND  DISCUSSION 

A.  Characterization  of  Nanoclay  Powder 


The  FTIR  spectra  of  the  neat  Na  clay,  C18  clay  and  vcrnolic  acid  mixed  Cl  8  clay 
in  the  region  (4000  to  500)  cm"'  are  shown  in  Figure  2.  Both  the  vernolic  acid  mixed 
C18  clay  and  C18  clay  display  sharp  methylene-stretching  modes  at  2920  cm  '  and  2860 
cm  ',  that  is  characteristic  of  organophilic  groups  on  clay  surfaces.  The  spectra  of  Cl 8 
and  vcrnolic  acid  mixed  C18  clay  also  show  a  distinct  peak  at  1600  cm'  that  can  be 
assigned  to  the  quaternary  ammonium  salt  in  modified  clay.  In  addition,  the  vcrnolic  acid 
mixed  C18  clay  contains  bands  at  1710  cm''  and  1759  cm  '  suggesting  that  the  vcrnolic 
acid  is  present  in  the  clay  matrix.  Vcrnolic  acid  prc.scnt  in  the  interlayer  space  is  trapped 
in  the  matrix,  while  vernolic  acid  present  at  the  edges  in  a  limited  amount  is  involved  in 
physico-chemical  interactions  with  hydroxyl  groups  on  clay  edges.  This  is  because,  plate¬ 
like  clay  .surfaces  have  hydroxyl  groups  at  low  content  at  edges  of  individual  particles. 

Thcrmogravimctric  analysis  was  used  to  examine  the  stability  of  organophilic 
groups  on  nanoclay.  The  thermograms  of  the  Na  clay.  Cl  8  clay,  and  vcrnolic  acid  mixed 
C18  clay  arc  shown  in  Figure  3.  The  peak  at  100  "C  corresponds  to  the  loss  of  surface 
water  molecule  from  the  clay  platelets.  We  sec  the  onset  of  decomposition  peak  (i.e. 
release  of  functional  onium  ion  and  vcrnolic  acid  molecule)  at  above  200^  in  both  C18 
and  vernolic  acid  mixed  Cl 8  clay.  The  peak  at  650  "C  is  the  irreversible  dchydroxylation 
peak  for  clay.  As  expected,  the  peak  at  650‘’C  for  Na  clay  is  significantly  larger  than  that 
of  vernolic  acid  mixed  Cl  8  clay. 

B.  Characterization  of  Epoxy  Clay  Nanocomposites 

Both  the  uncured  and  cured  epoxy  were  studied  by  XRD  for  layer  separation.  The 
X-ray  diffraction  results  of  Cl  8  clay  and  vernolic  acid  mixed  Cl 8  clay  showed  a  .sharp 
X-ray  diffraction  peak  that  corresponds  to  a  layer  separation  of  about  (22  +  3)  A.  where 
the  number  after  ±  is  one  standard  deviation  from  the  mean.  After  the  C18  clay  was 


402 


sonicated  in  epoxy  mixture  for  2  h,  X-ray  diffraction  was  recorded  for  the  uncured 
sample.  The  interlayer  spacing  increased  to  (37  ±  3)  A.  However,  when  the  clay  was 
allowed  to  swell  for  several  hours  in  hot  epoxy  resin,  the  sharp  peak  diminished.  Instead 
a  shoulder  was  noticed  for  both  Cl  8  clay  and  mixed  nanoclay.  Figure  4  shows  a 
comparison  of  the  Cl 8  clay  and  vernolic  acid  mixed  Cl 8  clay  epoxy  nanocomposite. 
The  appearance  of  a  shoulder  at  approximately  2.3^^  (20)  suggests  that  nanoclay  platelets 
are  partially  exfoliated.  It  has  been  repoited  recently  that  epoxy  infiltration  into  nanoclay 
platelets  can  be  achieved  by  prolonged  swelling  of  clay  in  uncured  epoxy  [10]. 

To  verify  our  results,  we  performed  TEM  studies  on  C18  clay  and  vernolic  acid 
mixed  C18  clay  nanocomposites.  Figure  5  shows  bright  field  transmission  electron 
micrograph  of  epoxy-  (a)  Cl  8  clay  and  (b)  vernolic  acid  mixed  Cl  8  clay  nanocomposite. 
Detailed  TEM  verified  the  intercalated  structure  of  epoxy  Cl 8  clay  nanocomposite  and 
partially  exfoliated  epoxy  vernolic  acid  mixed  C18  clay  nanocomposite.  There  were 
regions  in  the  vernolic  acid  mixed  C18  clay  epoxy  nanocomposite  where  the  nanoclay 
platelets  were  intercalated  (regular  arrangement  of  clay  platelets)  and  other  regions  where 
platelets  were  exfoliated  (randomly  arranged  and  well  separated  platelets).  One  would 
expect  that  the  addition  of  vernolic  acid  to  Cl 8  clay  should  result  in  intercalated  epoxy 
nanocomposite  because  of  crowding  of  functional  groups  on  clay  edges.  However,  our 
preliminary  results  indicate  that  the  addition  of  vernolic  acid  to  Cl  8  clay  has  improved 
exfoliation  of  nanoclay  platelets  to  a  limited  extent  in  epoxy  matrix.  We  believe  that  the 
epoxy  groups  of  co-epoxy  vernolic  acid  sorbed  on  clay  edges  may  facilitate  the  miscibility 
of  DGEBA  monomer  with  the  clay  platelets  and  infiltration  of  epoxy  resin.  This  aspect 
requires  further  investigation.  Studies  are  also  underway  to  obtain  information  about  the 
clay  dispersability  in  epoxy  matrix  (using  NMR  technique). 
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Figure  1.  Reaction  scheme  for  vernolic  acid 
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Figure  2.  FTIR  spectrum  of  Na-clay,  C18  clay  and  vernolic  acid  mixed  Cl 8  clay 
powders. 
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Figure  3  TGA  of  Na  clay,  Cl  8  clay  and  vernolic  acid  mixed  Cl  8  clay  powders. 


Figure  4.  XRD  of  Na  clay,  C18  clay  and  vernolic  acid  mixed  C18  clay  nanocomposite. 
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ABSTRACT 

Carbon  single- wall  nanotubes  (SWNTs)  have  been  successfully  synthesized  by  means  of 
KrF  laser  vaporization  of  a  Co-Ni-doped  graphite  pellet  in  a  flowing  argon  atmosphere.  The 
effects  of  two  key  processing  parameters,  namely  the  furnace  temperature  (in  the  25-1150  °C 
range)  and  the  laser  intensity  (in  the  0.8-4.4  x  10*^  W/cm^  range),  on  the  yield  and  the  structural 
characteristics  of  the  carbon  SWNTs  were  investigated.  By  characterizing  the  obtained  deposits 
by  means  of  transmission  electron  microscopy  and  micro-Raman  spectroscopy  techniques,  we 
were  able  to  identify  a  threshold  temperature  as  low  as  ~550  °C,  below  which  no  carbon  SWNTs 
can  be  grown.  The  increase  of  the  furnace  temperature  from  550  to  1150  "^C  was  found  to  lead 
not  only  to  a  significant  increase  in  the  SWNTs  yield  but  also  to  the  formation  of  larger  SWNTs 
bundles.  Raman  analysis  have  also  revealed  that  the  diameter  distribution  peak  shifts  Ifom  -1.05 
to  -1.22  nm  as  the  temperature  is  raised  from  550  to  1150  °C.  At  the  highest  fiirnace  temperature 
of  1 150  °C,  we  also  found  that  a  minimum  laser  intensity  of  about  1.6  x  10^  W/cm^  is  required  to 
grow  carbon  SWNTs  by  means  of  the  KrF  laser.  Higher  laser  intensities  have  resulted  in  a  higher 
yield  of  SWNTs  with  relatively  thicker  bundles.  Moreover,  the  increase  of  the  laser  intensity  was 
found  to  promote  the  growth  of  1 .22  nm-diameter  nanotubes  to  the  detriment  of  thinner  carbon 
nanotubes  (1.05  and  1.13  nm-diameters). 


INTRODUCTION 

Since  the  first  demonstration  in  1995  of  the  use  of  a  Q-switch  NdiYAG  laser  as  a  new 
alternative  to  synthesize  single- wall  carbon  nanotubes  [1],  the  field  of  laser  synthesis  of  carbon 
nanotubes  continues  to  attract  great  interest  for  either  fundamental  or  applications  purposes. 
Indeed,  the  laser  vaporization  technique  stands  out  by  its  capacity  to  produce  exclusively  single¬ 
wall  nanotubes  (SWNTs)  at  the  highest  yield  ever  reported  (-80  %)  [2].  Focus  has  been  put  on 
the  study  of  the  effect  of  many  processing  parameters  in  order  to  optimize  the  technique.  For 
example,  the  influence  of  the  furnace  temperature  was  investigated  for  dual  pulse  NdiYAG  laser 
[3]  and  pulsed  CO2  laser  [4]  to  conclude  that  a  higher  furnace  temperature  leads  not  only  to  the 
production  of  a  higher  fraction  of  SWNTs  (against  other  carbonaceous  species)  but  also  to  a 
preferential  growth  of  SWNTs  of  larger  diameters.  Other  studies  have  reported  on  the  influence 
of  laser  intensity  for  single  and/or  dual  pulse  NdiYAG  laser  and  established  the  existence  of  an 
optimal  laser  intensity  at  which  SWNTs  are  preferentially  grown  [5,  6].  On  the  other  hand,  all 
the  research  reported  to  date  on  the  laser  synthesis  of  SWNTs  was  carried  out  using  lasers 
emitting  in  the  visible  and/or  infrared  (from  532  nm  to  10,6  pm)  part  of  the  spectrum.  The 
growth  of  carbon  nanotubes  by  using  lasers  emitting  in  the  UV  domain  remains  unexplored. 
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In  this  paper,  we  report  on  the  successful  synthesis  of  SWNTs  by  means  of  UV  laser 
vaporization.  We  will  focus  here  on  the  study  of  the  influence  of  two  processing  parameters, 
namely  the  furnace  temperature  and  the  laser  intensity,  on  the  growth  of  SWNTs.  In  particular,  it 
is  found  that  carbon  SWNTs  can  be  grown  by  means  of  KrF  laser  vaporization  at  a  temperature 
(550  °C)  lower  than  the  lowest  temperature  (850  °C)  required  when  using  NdiYAG  lasers. 


EXPERIMENTAL 

Carbon  SWNTs  were  produced  by  ablating  a  Co-Ni-doped  graphite  pellet  by  means  of  a 
pulsed  KrF  excimer  laser  (wavelength  =  248  nm;  pulse  duration  =  15  ns;  repetition  rate  =  30  Hz). 
The  target  was  fabricated  by  pressing  a  mixture  of  a  graphite  powder  (-325  mesh),  a  carbon 
cement  and  Co-Ni  powder  catalyst  (0.6%  at.)  at  a  pressure  of  5  kPsi.  The  obtained  pellet  is  cured 
at  800°C  for  8h,  heated  at  1 150  °C  for  12h  in  a  flowing  argon  atmosphere  and  then  placed  in  a 
quartz  tube  in  the  center  of  the  furnace.  During  synthesis,  the  laser  beam  was  rastered  over  the 
target  surface  in  order  to  ensure  a  uniform  ablation.  KrF  laser  vaporization  was  carried  out  in  a 
flowing  argon  atmosphere  (300  SCCM,  500  Torr)  at  different  furnace  temperatures  ranging  from 
room  temperature  (RT)  to  1 150  °C  an  with  various  on-target  laser  intensities  in  the  (0. 8-4.4)  x 
lO'^  W/cnr  range.  The  laser  vaporized  species  were  carried  by  the  flowing  argon  gas  towards  a 
water-cooled  copper  collector,  located  at  the  exit  end  of  the  furnace,  on  which  the  nanotubes 
were  collected. 

The  as-produced  carbon  deposits  (no  purification  processing  was  used)  were  .systematically 
characterized  as  a  function  of  the  processing  parameters  by  means  of  :  (i)  transmission  electron 
microscopy  (TEM)  (FEG  Philips  CM20  microscope,  acceleration  voltage  of  200kV),  (ii)  high- 
resolution  TEM  (HRTEM)  imaging  (Gatan  image  filter  multiscan  camera)  and  (iii)  micro-Raman 
spcctro.scopy  (Renishaw  Imaging  Microscope  Wire™,  argon  ion  excitation  with  Xc\c-  514.5  nm). 


RESULTS  AND  DISCUSSION 

Figure  1  .shows  the  Raman  spectra  of  the  samples  produced  at  various  furnace  temperatures 
ranging  from  RT  to  1 150°C  with  a  KrF  la.ser  intensity  of  3.5  x  10^  W/cni^  The  Raman  peaks  in 
the  low  frequency  region  (100-300  cm  ')  arc  due  to  the  radial  breathing  modes  (RBM)  of  the 
nanotubes,  and  their  position  (coi  in  cm  ')  can  be  directly  related  to  the  nanotubc  diameter  (c/  in 
nm)  by  using  the  relation  {cl  =  223.75! (q)  proposed  by  Bandow  et  al.  [3].  For  furnace 
temperatures  <  550  °C,  the  absence  of  RBM  peaks  in  the  low-frequency  part  of  the  Raman 
.spectra  clearly  indicates  that  no  nanotubes  were  formed  at  these  low  temperatures.  In  contrast, 
the  strong  scattering  RBM  peaks  observed  for  temperatures  >  550  °C  arc  a  typical  signature  of 
SWNT  containing  samples.  Indeed,  the  main  peaks  (centered  around  183,  198  and  213  cm  ')  that 
compose  the  RBM  band  arc  due  to  carbon  SWNTs  having  diameters  of  1.22,  1.13  and  1.05  nm, 
respectively.  As  the  furnace  temperature  is  raised  from  550  to  1 150  °C,  the  RBM  peak  assigned 
to  the  1.22  nm  nanotubes  becomes  more  intense  to  the  detriment  of  the  1.05  and  1.13  nm- 
diameter  nanotubes.  This  shift  of  the  maximum  of  the  nanotubc  diameter  distribution  (from  1.05 
10  1.22  nm)  suggc.sts  that  the  furnace  temperature  increase  favors  the  growth  of  thicker 
nanotubes.  The  increase  of  the  nanotubc  diameter  with  the  growth  temperature  has  been  also 
observed  for  SWNTs  produced  by  means  of  dual  pulse  NdiYAG  laser  configuration  [3). 
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Figure  1.  Raman  spectra  of 
the  UV  laser  produced 
deposits  at  various  furnace 
temperatures  ranging  from  RT 
to  1150  °C.  The  RBM  Raman 
peaks  are  identified  (dashed 
vertical  lines)  along  with  their 
corresponding  carbon  SWNT 
diameters  in  nm.  The  inset 
shows  the  variation  of  the  7 JI^ 
ratio  of  the  deposits  as  a 
function  of  the  furnace 
temperature. 
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The  high-frequency  G  and  D  Raman  bands  are  due  to  the  graphitic  E2^  tangential  acoustic 
mode  of  the  SWNTs  and  to  disordered  sp^  carbon,  respectively  [7].  The  ratio  of  the  intensities  of 
the  D-band  to  the  G-band  (/y/^.)  is  proportional  to  the  relative  amount  of  amorphous  carbon  or 
other  disordered  carbon  species  [7].  The  inset  of  figure  1  shows  that  the  /y/^  ratio  oscillates 
around  an  average  value  of  ~  1.3±0.3  for  furnace  temperatures  <  750  °C,  and  then  steadily 
decreases  for  higher  temperatures  to  reach  a  value  of  ~0.3  at  1 150  °C.  This  indicates  that  high 
processing  temperatures  lead  to  a  lower  fraction  of  disordered  carbon  in  the  deposits.  The 
resonant  enhancement  of  the  G-band  (which  is  a  consequence  of  the  high  yield  of  SWNTs 
observed  at  high  temperatures)  may  also  contribute  to  the  observed  lowering  of  the  /y/,,  ratio. 

Figure  2  shows  the  typical  TEM  micrographs  of  the  deposits  at  selected  furnaces 
temperatures.  At  a  furnace  temperature  of  350  °C,  an  extensive  search  failed  to  uncover  any 
SWNT  in  the  deposit  (this  is  consistent  with  the  absence  of  the  RBM  band  in  the  corresponding 
Raman  spectrum).  The  carbon  soot  was  rather  composed  of  graphitic  cages  having  a  concentric 
layer  morphology  and  an  average  diameter  in  the  5-10  nm  range  (inset  of  Fig.  2a).  At  a 
temperature  of  550  °C,  bundles  of  SWNTs  having  diameters  ranging  from  10  to  15  nm  were 
found  in  low  yield.  Figure  2b  is  a  typical  TEM  image  of  the  deposits  synthesized  at  550  °C 
where  a  loop-like  bundle  having  14  nm  in  diameter  and  ~1.4  pm  in  length  is  clearly  observed 
(The  HRTEM  micrograph  shown  in  the  inset  of  Fig.  2b  confirms  the  typical  internal  structure  of 
a  SWNT  bundle).  In  addition  to  the  nanotubes,  the  carbon  nanostructures  that  compose  also  the 
deposit  at  550°C  were  found  to  consist  of  interconnected  fullerene-like  structures  [8].  When  the 
furnace  temperature  is  raised  to  1 150°C,  the  deposit  was  found  to  contain  a  significantly  higher 
fraction  of  SWNTs  (Fig.  2c)  self-organized  in  larger  bundles  (15-20  nm-diameter).  Moreover, 
the  average  diameter  of  the  SWNTs  was  found  to  be  1.210.3  nm,  as  deduced  from  HRTEM 
micrographs  using  direct  lattice  images  of  nanotubes  bundles  lying  parallel  to  the  microscope 
focal  plane  [2].  At  1 1 50°C,  the  carbon  nanoparticles  co-produced  with  the  SWNTs  were  found 
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Figure  2.  TEM  micrographs  of  the  deposits  grown  at  (a)  330  °C,  (b)  350  °C  and  (c)  1 130  °C 
furnace  temperatures. 

to  have  a  diameter  in  the  30-50  nm  range  and  were  most  often  constituted  of  amorphous  carbon 
surrounding  catalyst  nanoclusters  (sec  inset  of  Fig.  2c). 

At  the  highest  furnace  temperature  of  1 150  °C,  the  effect  of  the  laser  intensity  on  the  growth 
of  SWNTs  was  investigated  over  the  0,8-4.4  x  10^  W/cm^  range.  A  laser  intensity  of  1.6  x  10^ 
W/cm^  was  identified  as  the  lowest  value  that  produces  sufficient  amount  of  SWNTs  containing 
soot  that  permits  subsequent  characterizations.  Figure  3  displays  the  Raman  spectra  of  the 
SWNT  samples  produced  at  increasing  laser  intensities.  The  RBM  band  clearly  indicates  the 
presence  of  carbon  nanotubes  having  diameters  in  the  ( 1 .05-  1 .50)  nm  range.  One  can  note  that 
as  the  laser  intensity  is  increased,  the  1.22  nm-diameter  peak  becomes  sharper  and  more  intense 
to  the  detriment  of  the  other  components.  A  tendency  to  favor  the  formation  of  nanotubes  with 
larger  diameters  as  the  laser  intensity  is  increased  have  been  also  reported  when  Nd:YAG  lasers 
were  used  [6,9]. 


Figure  3.  Raman  spectra  of  the 
SWNTs  synthesized  by  means  of 
UV  laser  vaporization  at  1150  °C 
with  various  laser  intensities.  The 
RBM  Raman  peaks  are  identified 
(dashed  vertical  lines)  along  with 
their  corresponding  carbon  SWNT 
diameters  in  nm. 
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Figure  4.  TEM  micrographs  of  SWNT  samples  produced  at  1150  °C  with  various  KrF  laser 
intensities:  (a)  2.7  x  10^  W/cm^,  (b)  3.5  x  10*^  W/cm^  and  (c)  4.4  x  10*^  W/cm^. 


Figure  4  shows  TEM  micrographs  taken  from  SWNT  samples  produced  at  different  laser 
intensities.  At  low  laser  intensities  (1. 6-2.7  x  10*^  W/cm^),  the  deposit  is  constituted  of  SWNT 
bundles  having  an  average  diameter  of  12  nm  along  with  catalyst  nanoclusters  embedded  within 
a-carbon  nanoparticles  (30-50  nm-diameter).  The  morphology  and  the  diameter  of  these  particles 
were  found  to  remain  insensitive  to  the  laser  intensity  over  all  the  investigated  range.  However, 
the  fraction  of  nanotubes  in  the  deposits  was  found  to  increase  as  the  laser  intensity  is  raised  to 
3.5  and  4.4  x  10^  W/cm^.  The  diameter  of  the  SWNT  bundles  also  increases  with  the  laser 
intensity.  SWNT  bundles  having  a  diameter  of  up  to  ~30  nm  were  observed  at  the  highest  laser 
intensity  investigated  here  (see  Fig.  4c). 


CONCLUSION 

The  synthesis  of  single-wall  carbon  nanotubes  by  means  of  KrF  laser  vaporization  is 
demonstrated.  It  is  shown  that  SWNTs  can  be  grown  at  a  temperature  as  low  as  550  °C.  At  a 
furnace  temperature  of  1 150  °C,  it  is  found  that  a  minimum  laser  intensity  of  about  1.6  x  10^ 
W/cm^  is  required  to  produce  carbon  SWNTs.  The  obtained  results  show  that  the  increase  of  the 
furnace  temperature  leads  to  a  higher  yield  of  SWNTs  and  favors  the  growth  of  larger  SWNTs 
organized  in  thicker  bundles.  Similar  effects,  but  at  a  lesser  degree,  were  also  observed  with  the 
increase  of  the  laser  intensity.  Such  a  similarity  could  be  explained  by  considering  that  an 
increase  of  the  laser  intensity  would  lead  to  an  enhancement  of  the  temperature  of  the  surface 
target  during  laser  vaporization.  Indeed,  for  the  relatively  low  laser  intensities  investigated  here, 
a  major  part  of  the  laser  energy  is  expected  to  be  absorbed  at  the  target  near-surface,  acting 
thereby  as  a  local  furnace.  Finally,  the  extension  of  the  useful  laser  wavelengths  to  the  UV 
domain  not  only  offers  a  new  alternative  to  produce  efficiently  SWNTs,  but  might  also  open  new 
prospects  in  the  fundamental  and/or  application  aspects  of  laser  synthesized  nanotubes. 
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ABSTRACT 

Ion  implantation  and  thermal  processing  were  used  to  create  a  layer  of  Co  nanoclusters 
embedded  in  the  near-surface  region  of  single-crystal  sapphire.  The  Co  nanoparticles  ranged  in 
size  from  2-20  nm  and  were  crystallographically  aligned  with  the  host  sapphire.  Specimens  were 
irradiated  with  Xe  and  Pt  ions,  and  the  microstructural  evolution  of  the  nanoclusters  was 
investigated  by  transmission  electron  microscopy.  With  increasing  Pt  or  Xe  ion  dose,  the  Co 
nanoparticles  lost  their  initially  excellent  faceting,  although  they  remained  crystalline.  The  host 
AI2O3  became  amorphous  and  the  resulting  microstructure  consisted  of  a  buried  amorphous  layer 
containing  the  still-crystalline  Co  nanoparticles.  EDS  mapping  and  electron  diffraction  were  used 
to  determine  the  distribution  of  the  implanted  species,  and  the  magnetic  properties  of  the 
composite  were  measured  with  a  SQUID  magnetometer.  The  results  show  that  ion  beams  can  be 
applied  to  modify  and  control  the  properties  of  ferromagnetic  nanocomposites,  and,  combined 
with  lithographic  techniques,  will  find  applications  in  exercising  fme-scale  spatial  control  over 
the  properties  of  magnetic  materials. 

INTRODUCTION 

Ion  irradiation  is  an  established  and  widely  used  technique  for  modifying  and  controlling 
the  microstructural  and  electronic  properties  of  thin  films.  Frequently,  the  injected  ions  pass 
through  the  film,  creating  displacement  defects  and  ion  mixing  effects,  but  no  intrinsic  chemical 
changes.  In  recent  years,  several  investigations  have  used  ion  irradiation  as  a  means  of 
controlling  or  patterning  film  properties.  For  example,  the  magnetic  exchange  bias  of 
ferromagnetic-antiferromagnetic  thin  film  multilayers  can  be  modified  and  controlled  by  ion 
irradiation  [1].  Ion  irradiation  has  also  been  used  to  alter  magnetic  hysteresis  behavior,  and  it  has 
been  possible  to  use  lithographic  masking  combined  with  Fle-ion  irradiation  to  pattern  the 
magnetic  properties  of  thin  film  materials  [2]. 

In  contrast,  the  effects  of  ion  irradiation  on  nanocrystalline  composites  have  not  been 
extensively  investigated  despite  over  50  years  of  radiation  damage  studies  on  bulk  materials.  As 
is  the  case  for  thin  films,  ion  irradiation  is  expected  to  radically  alter  the  microstructural  and 
electronic  properties,  physical  strength,  and  hardness  of  nanocomposites.  These  effects  may  be 
particularly  important  where  nanocrystalline  materials  are  to  be  used  in  high- flux  environments 
(e.g.,  space  flight).  Furthermore,  ion  irradiation  offers  an  excellent  opportunity  to  create  or 
pattern  materials  with  novel  properties. 

The  profusion  of  unique  and/or  novel  properties  displayed  by  nanocomposites  produced 
by  ion  implantation  suggests  many  applications  [3].  However,  one  difficulty  has  been  the  fme- 
scale  control  of  opto-electronic  and  magnetic  effects.  For  example,  Co  particles  produced  by  ion 
implantation  into  sapphire  or  other  substrates  show  relatively  low  coercivities  -  regardless  of  the 
implant  dose  and  post  specimen  processing  (e.g.,  see  Refs.  3,4).  Using  ion  irradiation,  it  is 
possible,  however,  to  increase  the  coercivity  of  Co-nanocomposite-based  magnetic  materials  - 
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due  to  at  least  partly  to  radiation-induced  amorphization  of  the  host  material.  The  optical 
properties  of  semiconductor  nanoparticlcs  may  also  be  controlled  or  otherwise  modified.  New 
studies  have  recently  shown  that  the  characteristic  red  luminescence  of  Si  nanoclusters 
embedded  in  SiOi  can  be  strongly  reduced,  or  even  shifted  in  wavelength  [e.g..  Refs.  5,6,7j. 
These  investigations  have  suggested  the  utility  of  ion  irradiation  for  modifying  opto-electronic 
properties  of  interest.  In  the  present  work,  we  focus  on  the  results  of  experiments  in  which  ion 
beams  arc  used  to  modify  the  microstructural  and  magnetic  properties  of  embedded  Co 
nanocluster  composites. 

EXPERIMENTAL 

High-purity  sapphire  wafers  were  implanted  with  140  keV  Co"^  to  a  dose  of  8  x  10**’ 
ions/cm^  at  room  temperature.  Thermal  treatment  was  carried  out  for  two  hours  at  1 100°C  under 
flowing  Ar  +  4%H2.  After  120  minutes,  the  specimen  was  retracted  from  the  hot  zone  and 
allowed  to  cool.  X-ray  diffraction  and  transmission  electron  microscopy  were  used  to  determine 
the  structure  and  orientation  of  the  resulting  Co  nanoparticles.  The  Co-sapphire  nanocompositc 
was  then  irradiated  at  room  temperature  with  cither  244  keV  Xc  or  320  keV  Pt  ions  to  varying 
ion  fluences.  The  corresponding  do.se  was  calculated  by  using  the  Monte  Carlo  computer  code 
SRIM-2000  [8]  in  the  full  cascade  mode  to  obtain  the  number  of  displacements  per  ion  per  nm, 
using  displacement  energies  for  A1  and  O  of  20  and  50  eV,  respectively.  Since  the  ion  do.se 
varies  as  a  function  of  depth,  for  simplicity  we  will  refer  to  the  dose  at  a  depth  of  60  nm 
(corresponding  to  the  observed  center  of  the  Co-nanopart iclc  profile).  Samples  were  prepared 
for  TEM  by  conventional  thinning  and  polishing 
methods.  Ex-si(u  cross-sectional  and  plan- view 
electron  microscopy  was  used  to  inve.stigate  the 
resulting  particle  microstructure.  Cross-sectional 
TEM  was  also  done  in  the  scanning  mode  to 
determine  the  chemical  distribution  of  implanted 
elements,  hi-situ  ion  irradiation  experiments  using 
1 .0  MeV  Xe^”^  were  conducted  directly  in  an 
electron  micro.scope  at  the  IVEM  Facility  (Argonne 
National  Laboratory).  The  room-temperature 
magnetic  properties  of  the  bulk  speeimens  were 
measured  using  a  SQUID  magnetometer  or  by  magnetic  circular  dichroism  (MCD), 

RESULTS  AND  DISCUSSION 

Figure  1  shows  the  X-ray  diffraction  results  from  Co-implanted  and  annealed  sapphire.  A 
single  peak  due  either  to  the  [0002]  axis  of  hexagonal  Co  or  to  the  [111]  axis  of  cubic  Co  was 
ohserved.  We  have  previously  used  four-circle  diffraction  techniques  to  .show  that  a  mixture  of 
the  hexagonal  and  cubic  phases  is  present  [4].  Plan  view  and  eross  sectional  TEM  images  are 
given  in  Fig.  2.  In  plan  view,  mo.st  of  the  nanocrystals  appear  well  faceted,  having  triangular  or 
hexagonal  shapes  with  edges  parallel  to  the  in-plane  crystallographic  axes  of  the  sapphire.  In 
cross  section,  there  is  a  distinct  boundary  at  a  depth  of  ~55  nm  in  the  sapphire,  below  which  the 
nanocrystals  arc  more-or-less  rounded,  and  above  which  they  show  good  crystal  facets.  The 
well-faceted  particles  are  somewhat  elongated  parallel  to  the  specimen  surface.  The  55-nm 
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Fig.  L  X-ray  diffraction  results. 
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boundary  corresponds 
to  the  approximate 
depth  at  which  the 
sapphire  becomes 
amorphous  during  the 
room-temperature  Co 
ion  implantation.  When 
the  sapphire 
recrystallizes  during 
thermal  processing,  the 
nanoclusters  forming  in 
the  initially  amorphous 

_ _ _  ^  _  _ _ ^  ^  regions  become  well 

faceted,  although  the 

Figure  2.  Plan  view  (left)  and  cross-sectional  (right)  images  of  exact  diffusion-related 
the  Co-implanted  and  annealed  AI2O3  wafer.  The  arrow  marks  mechanism  for  this 
the  depth  above  which  the  Co  precipitates  are  well  faceted.  process  remains  to  be 

investigated.  The  precipitates  range  in  size  from  2  to  20  nm  (long  axis).  An  [0001]  zone  axis 
electron  diffraction  pattern  is  shown  as  an  inset  to  Fig.  2.  There  is  a  complex  arrangement  of 
double  diffraction  spots  that  are  due  to  both  the  cubic  and  hexagonal  Co,  as  well  as  top-bottom 
effects  (the  rings  of  double  diffracted  spots  immediately  surrounding  the  main  sapphire  maxima 
are  due  to  the  effects  of  the  electron  beam  passing  first  through  a  Co  precipitate  and  then  through 
sapphire,  and  vice-versa). 

Figure  3  shows  the  microstructural  effects  of  244  keV  Xe  irradiation.  With  increasing  ion 
dose,  the  faceting  gradually  disappeared  and  all  the  particles  were  rounded,  with  some  mottled 
internal  contrast.  Dark-field  imaging  suggested  the  presence  of  dislocation  defects  and  possibly 
void  or  bubble- like  structures  within  the  particles.  The  sapphire  was  highly  damaged,  but  the  Co 
nanoparticles  remained  crystalline  and  relatively  well  aligned,  although  with  poor  or  absent 
faceting.  In  the  in-situ  experiments,  the  host  sapphire  gradually  became  amorphous,  and  the  loss 
of  precipitate  faceting  was  also  observed.  Amorphization  of  sapphire  has  not  previously  been 
reported  in  in-situ  ambient-temperature  irradiation  experiments.  Here,  we  irradiated  to  doses 
exceeding  10  dpa  and  used  a  low  ion  energy  (200  ^  '  _  'a  >  ii  II 

keV)  in  order  to  mimic  both  the  displacement 
damage  and  chemical  effects  occurring  in  bulk 
implanted  specimens. 

Co-sapphire  nanocomposite  specimens 
were  also  implanted  with  Pt,  and  both  cross- 
sectional  and  plan-view  electron  microscopy  was 
used  to  investigate  the  microstructure  (Fig.  4). 

The  Pt  ion  fluence  was  selected  to  give 
approximately  the  same  displacement  dose  as  for 
the  244  keV  Xe  irradiation.  Compared  to  Fig.  2, 
the  Co  nanoparticles  are  again  poorly  faceted 
although  they  are  still  crystalline,  and  they  are 
embedded  within  a  buried  amorphous  layer 
formed  in  the  sapphire.  Overall,  the  effects  of  Xe 
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Fig.  3.  Co-sapphire  specimen  in  Fig.  2 
irradiated  with  244  keV  Xe  to  a  dose  of 
~17dpa. 
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and  Pt  irradiation  on  the  particle  microstruclurc  were  similar;  in  both  eases  the  precipitate 
faceting  disappeared;  and  although  the  particles  remained  crystalline,  and  the  sapphire  host 
material  was  damaged  or  amorphized. 

EDS  mapping  was  used  to  investigate  the  location  and  distribution  of  the  implanted 
material.  Particularly  in  the  ease  of  the  Pt-implantcd  Co  nanocompositc.  it  is  important  to  know 
whether  the  Pt  is  preferentially  attracted  to  the  pre-existing  Co  nanoparticlcs  (e.g..  to  produce  a 
Co-Pt  alloy).  Figure  5  shows  a  set  of  EDS  maps  for  Co  and  Pt.  The  Co  particles  appear  clearly  in 
the  Co  map,  but  the  Pt  retains  its  implant  distribution  and  is  not  preferentially  located  within  the 
pre-existing  Co  particles.  There  was  also  no  evidence  of  a  Co-Pt  alloy  in  the  electron  diffraction 
patterns.  Therefore,  the  observed  ”  ^  pt/'*  ^  ,  p 

/7n'rvYM7/7/f7//r<:// changes  are  probably  due  I  ^  < 

largely  to  the  effects  of  radiation  damage  "  ^  •  * 

and  less  to  any  chemical  reaction  between  ^  t  # 

the  Co  and  the  Pt.  ^  ^  %  ' 

The  magnetic  measurements  were  ^  ^  ' 

done  using  magnetic  circular  diochroism  ^  ®  #’ 

(e.g.,  sec  Ref.  4).  The  magnetic  cocrcivity  j  %  >  ^  .  « 

of  the  annealed  Co-sapphire  composite  is  .  # 

~50  G  and  the  saturation  magnetization  is  *  ''' 

0.014  MCD  units.  After  Xe  irradiation  to  a  , 

fluence  of  9  x  lO'^  ions/cnr,  the  cocrcivity  ^ 

increased  to  464  G  and  the  saturation  §5L£in!  3  _ 

MCD  signal  was  0.007 1  units.  The  Pt-  Fig.  4.  Plan  view  (left)  and  cross-sectional 

irradiated  sample  had  the  highest  images  for  Pt-irradiated  Co  nanocrystals  in 

cocrcivity  (1,500  G)  and  the  saturation  sapphire  (dose  =  14.4  dpa).  The  light  band  in  the 

magnetization  was  0.0081  units.  For  both  cross-sectional  image  is  amorphous  sapphire  and 

Xe  and  Pt  irradiated  samples,  the  the  darker  bands  arc  still -crystal line  sapphire, 

cocrcivity  increases  rapidly  at  first,  but  The  surface  was  to  the  right  of  the  cross  sectional 

then  reaches  a  saturation  value  at  image, 

approximately  20  dpa  (Fig.  6). 
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electron  diffraction  do  not  suggest  alloy  formation  in  the  Pt-implanted  substrate  on  a  scale  larger 
than  ~2  nm.  Since  the  Pt  implant  has  a  greater  effect  on  the  coercive  field  than  the  Xe  implant  for 
the  same  ion  dose,  a  chemical  effect  of  some  type  must  be  involved.  In  initial  work,  we  have 

found  that  nanocrystals  of  tetragonal 
CoPt  alloy  formed  by  co-implantation 
and  annealing  of  sapphire  have 
coercivities  ranging  up  to  several  kG.  If 
atomic-scale  domains  of  this  phase  form 
within  the  pre-existing  Co  precipitates, 
the  magnetic  hardness  could  increase 
more  than  it  would  due  to  radiation 
damage  alone.  Further  high-resolution 
electron  microscopy  will  provide  more 
information  on  the  atomic-level  structure 
of  these  particles. 

These  results  suggest  that  ion 
irradiation  has  a  considerable  effect  on 
the  microstructural  and  magnetic 
properties  of  magnetic  nanocluster 
composites.  Careful  selection  of  the 
irradiation  conditions  can  be  used  to 
control  or  tailor  the  coercivity  and 
saturation  magnetization.  Control  over 
the  lateral  distribution  of  irradiated 
material  would,  for  the  first  time,  provide 
spatial  control  over  the  magnetic 
properties  of  magnetic  nanocomposites 
formed  by  ion  implantation.  To  this  end, 
we  have  recently  begun  experiments 
employing  lithographic  masking 
techniques  to  control  the  distribution  of 
the  implanted  material  and  to  radiation- 
pattern  the  resulting  composite.  Figure  7 
shows  a  preliminary  result,  where  the 
letters  “U  of  A”  are  written  as 
conglomerates  of  embedded  nanoscale 
precipitates  formed  by  implantation  of 
iron  into  an  Si02  wafer.  Experiments  are 
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Fig.  6.  Top:  Coercive  field  as  a  function  of 
implant  dose  for  Xe-  and  Pt-irradiated  Co 
nanocrystals  in  sapphire.  Bottom:  hysteresis  loops 
for  the  3  samples  shown  in  Figs.  2-4.  The  abscissa 
is  the  applied  field  in  kG  and  the  ordinate  is  the 
magnetic  circular  dichroism  (arbitrary  units) 

ongoing  [9]. 


CONCLUSION 

This  work  describes  ion  irradiation  effects  on  the  microstructural  and  magnetic  properties 
of  Co-sapphire  nanocomposites  confirming  that  the  magnetic  properties  of  Co  particles  can  be 
modified  and  controlled  by  ion  bombardment.  However,  considerable  work  remains  to  be  done 
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in  order  to  obtain  a  complete  understanding  of  both  irradiated  and  unirradiated  Co-sapphire 
nanocomposites.  While  ion  irradiation  can  clearly  be  used  in  controlling  the  microstruciurc  and 
magnetic  properties  of  Co-nanocluster  composites,  the  technique  can  also  be  used  to  modify 
other  materials  of  interest  (examples  include  the  absorption  and  emission  characteristics  of 
semiconductor  nanocrystals).  Our  ongoing  ion-beam  patterning  experiments  will  permit  fine- 
scale  spatial  control  over  the  properties  of  interest,  and  we  have  also  recently  demonstrated  that 
unusual  microstructural  effects  can  occur  during  irradiation  of  embedded  nanocrystals  [10]. 
Despite  recent  funding  cuts  at  several  American  ion-beam  laboratories,  we  believe  that  some  of 
the  most  interesting  times  for  implanted  nanoparticle  research  arc  just  bceinning. 

U  of  A 

Fig.  7.  Optical  image  showing  “letters”  written  with  Fc  nanoclustcrs 
implanted  into  fused  silica.  The  letters  are  68  microns  high  and  5 
microns  wide. 
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ABSTRACT 

Highly  reflective  surface-metallized  flexible  polyimide  films  have  been  prepared  by  the 
incorporation  of  the  soluble  silver  ion  complex  (l,l,l-trifluoroacetylacetonato)silver(I)  into 
dimethylacetamide  solutions  of  the  poly(amic  acid)  prepared  from  2,2-bis(3,4-dicarboxyphenyl)- 
hexafluoropropane  dianhydride  (6FDA)  and  2,2-bis[4-(4-aminophenoxy)phenyl]hexafluoro- 
propane  (4-BDAF).  Thermal  curing  of  solution  cast  silver(I)-poly(amic  acid)  films  leads  to 
cycloimidization  of  the  amic  acid  with  concommitant  silver(I)  reduction  and  formation  of  a 
reflective  surface-silvered  film  at  8  and  13  weight  percent  silver.  The  metallized  films  are 
thermally  stable  and  flexible  with  mechanical  properties  similar  to  those  of  the  parent  polyimide. 
TEM  reveals  that  the  bulk  (interior)  of  the  polyimide  composite  films  have  5-20  nanometer-sized 
silver  particles  with  a  surface  layer  of  silver  metal  ca.  80  nm  thick.  Neither  the  bulk  nor  the 
surface  of  the  films  is  electrically  conductive.  Adhesion  of  the  surface  metal  to  polyimide  is 
excellent. 

INTRODUCTION 

The  fabrication  of  specularly  reflective  and  electrically  conductive  surface  metallized 
polyimide  films  is  of  enormous  interest  as  reviewed  by  Matienzo  and  Unertl  [1].  Applications 
are  numerous  including:  anti-infective  coatings,  contacts  and  circuit  lines  in  microelectronics, 
enhancement  of  thermal  conductivity,  flexible  surface  conductive  tapes,  pattemable  conductive 
surfaces  on  dielectric  bases,  the  terrestrial  concentration  of  solar  radiation  for  power  generation, 
and  gas  permeability  barriers.  Of  particular  interest  to  us  are  space  applications  of  metallized 
polyimides.  These  include  highly  reflective  thin  film  reflectors  and  concentrators  in  space 
environments  for  solar  thermal  propulsion  [2]  and  solar  dynamic  power  generation  [3,4], 
reflectors  for  flat  panel  solar  power  arrays  for  satellites  [5],  large  scale  radiofrequency  antennas 
for  the  management  of  EM  signals  [6],  solar  sails  [7,8],  and  sunshields  to  control  device 
temperatures  for  projects  such  as  the  Next  Generation  Space  Telescope.  Polymeric  supports 
offer  advantages  in  weight,  flexibility,  elasticity,  fragility,  and  deployability  relative  to  inorganic 
supports  such  as  glass  and  ceramics. 

Southward  et  al.  [9]  and  Taylor  et  al.  [10]  have  have  been  successful  in  preparing  surface- 
metallized,  in  particular  silver-metallized,  polyimide  films  by  a  novel  single-stage,  internal 
metallization  technique  which  leads  to  flexible  films  with  excellent  specular  reflectivity  and/or 
electrical  conductivity.  “Single-stage”  denotes  the  fabrication  in  one  step  of  metallized  films 
from  a  homogeneous  solution  of  a  positive  valent  metal  precursor  and  a  poly(amic  acid).  In 
contrast  to  traditional  metallized  film  preparation  protocols,  in  the  present  work  the  polyimide 
film  is  not  prepared  in  a  first  stage  and  subsequently  coated  with  metal  (vapor  deposition, 
sputtering,  etc.)  in  a  discrete  second  stage.  “Internal  metallization”  refers  to  a  film  that  is  cast  as 
a  homogeneous  silver  ion-doped  poly(amic  acid)  solution  and  then  thermally  treated  to  induce 
metal  ion  reduction  to  give  the  metallized  surface  with  concomitant  cycloimidization  of  the  amic 
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acid  to  the  final  polyimidc.  During  the  thcmial  cycle  a  portion  of  metal  atoms  and  small  clusters 
formed  in  the  polyimide  film  aggregate  at  the  surface  to  give  a  50-200  nm  metallic  layer.  Silver 
is  the  metal  of  interest  since  it  has  exceptional  reflectivity  and  conductivity  [11].  Polyimides 
were  chosen  as  substrates  owing  to  their  excellent  thcnnal-oxidative  stability  and  film-forming 
properties  [12,13]. 

The  synthetic  protocol  with  respect  to  the  system  reported  herein  is  illustrated  in  Figure 
1.  Silver(I)  acetate  and  trifluoroacetylacetone  (TFAH)  are  allowed  to  react  in  the  solvent 
dimcthylacetamide  (DMAc)  to  give  an  in  situ  solution  of  the  (trifluoroacetylacetonato)silver(I) 
complex,  AgTFA.  A  DMAc  solution  of  the  poly(amic  acid)  form  of  6FDA/4-BDAF  is  added  to 
the  DMAc  solution  of  AgTFA.  A  colorless  homogeneous  solution  results.  A  film  is  then  cast. 
Thermal  curing  of  the  Ag(I)-poly(amic  acid)  film  effects  reduction  of  Ag(I)  to  native  metal  and 
ring  closure  to  the  imide.  During  the  cure  silver  atoms/clustcrs  aggregate  in  part  at  the  surface  to 
give  reflective  films,  usually  with  excellent  adhesion  of  metal  to  polyimide. 
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Figure  1.  Synthetic  route  to  a  polyimide  metallized  film. 

For  present  study  described  herein  we  chose  the  6FDA/4-BDAF  polymer  because  it  has 
been  reported  to  have  high  thermal  stability,  radiation  resistance,  and  low  absorption  in  the 
visible  [14].  The  low  color  of  this  polyimidc  is  of  importance  since  in  previous  studies  of 
metallized  polyimides  exhibit  a  thin  polyimide  overlayer  or  significant  polyimide  at  the  surface. 
Since  tradition  polyimides  such  as  PMDA/ODA,  BTDA/ODA,  BPDA/ODA,  etc.  absorb  strongly 
in  the  visible,  some  of  the  loss  of  reflectivity  has  been  due  to  surface  polymer  absorption. 

EXPERIMENTAL  DETAILS 

Materials.  All  chemicals  were  obtained  from  commercial  sources.  6FDA/4-BDAF 
poly(amic  acid)  solution  was  prepared  with  a  0.5%  offset  of  dianhydridc  at  15%  solids  (w/w)  in 
DMAc.  The  resin  was  stirred  for  5  h.  The  inherent  viscosity  was  1 .2  dL/g  at  35'"  C. 
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Preparation  of  BTDA/4,4'-ODA  metallized  films.  Ag(I)-containing  solutions  we^.^ 
prepared  by  first  dissolving  silver(I)  acetate  in  DMAc  containing  trifluoroacetylacetone.  The 
15%  poly(amic  acid)  solution  was  then  added  to  give  the  desired  Ag  to  polymer  ratio.  Dope^ 
poly(amic  acid)  solutions  were  cast  as  films  onto  glass  plates  using  a  doctor  blade  set  at  500-650 
pm  to  obtain  cured  films  20-25  pm  thick.  After  remaining  in  an  atmosphere  of  slowly  flowing 
dry  air  for  1 8  h,  the  films  were  cured  in  a  forced  air  oven.  The  cure  cycle  involved  heating  ove^. 
20  min  to  135  °C  and  holding  for  1  h,  heating  to  300  °C  over  4  h,  and  holding  at  300  °C  varying 
times. 

RESULTS  AND  DISCUSSION 

As  seen  in  Figure  2,  poly(amic  acid)-DMAc  or  diglyme  (2-methoxyethyl  ether)  films 
retain  a  substantial  portion  of  solvent  which  cannot  is  not  lost  by  evaporation  at  25  °C.  Thus, 
thermal  cure  of  Ag  ion-doped  films  occurs  in  a  solvent  rich  state;  the  solvent  then  may  play  a 
role  in  metal  ion  reduction  and  also  serve  as  a  plasticizing  agent.  Figure  3  shows  the 
development  of  reflectivity  as  a  function  of  time/temperature  for  8  and  13  wt%  silver-6FDA/4- 
BDAF  polyimide  films.  For  the  8%  film  maximum  reflectivity  is  observed  after  2  h  at  300  °C. 
The  13%  film  achieves  maximum  reflectivity  after  only  1  h  at  300  after  which  the  reflectivity 
diminishes  dramatically  due  to  metal  promoted  oxidative  degradation  of  the  polyimide.  The 
observed  reflectivities  (relative  to  an  optical  A1  mirror)  are  high  and  do  not  show  a  strong 
concentration  dependence  (8  versus  13%).  The  metal  is  firmly  adhered  to  the  polyimide  and 
cannot  be  removed  by  adhesive  tape  test  protocols. 

Figure  4  displays  TEM  data  for  the  13%  film.  The  surface  silver  is  ca.  80  nm  thick  and 
composed  of  particles  of  globular  shape.  The  bulk  of  the  film  contains  silver  particle  with  sizes 
in  the  5-20  nm  range.  Thus,  only  a  limited  quantity  of  the  original  silver  appears  at  the  surface. 
While  the  8  and  13%  films  have  excellent  reflectivity,  neither  is  electrically  conductive.  The 
SEM  for  the  13%  film  (Figure  5)  shows  the  globular  form  of  the  silver  particles  and  reveals  that 
the  particles  do  not  form  a  continuous  network.  Intervening  polyimide  keeps  the  nanoparticles 
effectively  isolated. 

While  significant  reflectivity  for  the  two  films  is  not  observed  until  300  °C,  X-ray  data 
shown  in  Figure  6  for  the  13%  films  make  clear  that  reduction  to  silver  metal  is  occurring  at 
temperatures  as  low  as  175  °C.  Thus,  sufficient  silver  aggregation  at  the  surface  to  form  a  mirror 
is  much  slower  than  silver(l)  reduction.  Interestingly,  the  early  low  temperature  silver 
reflections  are  significantly  broadened  which  is  consistent  with  Scherrer  broadening  due  to  very 
small  nanometer-sized  particles.  As  curing  temperature  and  time  increase  the  reflections  narrow 
with  the  larger  particle  sizes  seen  in  the  TEM  and  SEM  at  300  °C  for  1  h. 

The  metallized  exhibited  tensile  moduli  and  strength  which  are  not  significantly  different 
from  those  of  the  parent  polyimide.  This  is  consistent  with  the  relatively  low  concentration  of 
silver  metal  and  with  the  fact  that  silver  is  a  passive  metal  which  does  not  interact  strongly  with 
polyimide  functional  groups.  Thus,  the  metallic  silver  particles  appear  to  behave  as  a  inert  nano¬ 
filler  in  the  polymer.  The  glass  transition  temperature  in  the  metallized  films  is  unchanged  from 
that  of  the  parent.  However,  while  thermal  stability  remains  high,  the  temperature  at  which  there 
is  10%  weight  loss  in  air  is  ca.  125  °C  lower  than  for  the  parent  polyimide.  In  nitrogen  the 
thermal  stability  is  the  same  as  the  parent  indicating  that  silver  metal,  as  expected,  catalyzes 
polyimide  degradation  at  higher  temperatures. 
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Figure  2.  (Left)  Evaporative  solvent  loss  (DMAc-circle  and  diglynie-triangle)  as  a  function  of 
time  under  slowly  flowing  dry  air. 

Figure  3.  (Right)  Specular  reflectivity  as  a  function  of  time  and  temperature  for  8%  (triangle) 
and  13%  (circle)  silvcr-6FFDA/4-BDAF  films 
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Figure  4.  TEM  micrographs  for  the  13%  silver-6FDA/4-BDAF  film  cured  to  300  °C  for 
I  h.  Left  -  surface  view;  Right  -  bulk  view. 
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Figure  5.  (Left)  SEM  micrograph  for  the  13%  silver-6FDA/4-BDAF  metallized  film  cured  to 
300  °C  for  1  h. 

Figure  6.  (Right)  X-ray  reflections  for  a  series  of  13%  silver-6FDA/4-BDAF  metallized  films 
as  a  function  of  cure  temperature  and  time.  The  abscissa  is  in  units  of  two  theta;  the  ordinate  is 
the  temperature  in  °C  at  which  the  sample  was  withdrawn  from  the  oven;  at  300  °C  samples 
where  withdrawn  after  0,  1.5,  and  3  h.  (See  experimental  section  for  cure  cycle  details.) 

CONCLUSIONS 

Silver  surface-metallized  films  with  high  reflectivities  can  be  prepared  from  AgTFA  with  the 
fluorinated  polyimide  6FDA/4-BDAF  in  a  thermally  promoted  single-stage  process.  These 


425 


metallized  films  are  not  electrically  conductive.  Metal-polyimidc  adhesion  is  excellent,  and 

thermal  and  mechanical  properties  of  the  composite  films  remain  near  those  of  the  parent 

polymide. 
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ABSTRACT 

We  present  herein  recent  findings  of  an  investigation  of  catalyst  assembly  and 
activation  using  metallic  nanoparticles  encapsulated  with  organic  monolayers.  Gold 
nanocrystals  (2~5  nm)  encapsulated  with  thiolate  monolayers  assembled  on  electrode 
surfaces,  were  found  to  be  catalytically  active  towards  electrooxidation  of  CO  and  MeOH 
upon  activation.  The  activation  involved  partial  removal  of  the  encapsulating  thiolates 
and  the  formation  of  surface  oxygenated  species.  A  polymeric  film  was  also  used  as  a 
substrate  for  the  assembly  of  the  nanoparticle  catalysts.  When  the  polymer  matrix  was 
doped  with  small  amounts  of  Pt,  a  remarkable  catalytic  activity  was  observed.  These 
catalysts  were  characterized  utilizing  cyclic  voltammetry  and  atomic  force  microscopy. 

INTRODUCTION 

The  pioneer  work  of  two-phase  synthesis  of  gold  nanoparticles  with  a  few  nm 
core  size  stabilized  by  alkanethiolate  monolayers  has  led  to  increasing  research  and 
development  interest  in  the  field  of  composite  nanomaterials  [1].  The  possibility  of 
further  processing  of  these  particles  into  highly  monodispersed,  larger  sized,  and  stable 
nanoparticles  has  enabled  the  ability  to  probe  size- dependent  reactivity,  as  recently 
demonstrated  in  our  laboratory  [2].  These  nanoparticles  can  be  effectively  linked  to  form 
thin  films  using  molecular  crosslinking  agents.  There  are  several  routes  reported  for 
crosslinking.  One  involves  a  stepwise  "layer-by-layer"  assembly  method  [3],  and  another 
involves  one  step  “exchange-crosslinking-precipitation”  route  developed  recently  in  our 
laboratory  [4].  The  nanostructured  thin  films  have  potential  applications  in 
microelectronics,  optics,  biomimetics,  molecular  recognition,  drug  delivery,  chemical  and 
environmental  sensing,  and  catalysis  [5,6,7]. 

Gold  is  traditionally  considered  as  catalytically  inert.  The  recent  finding  by 
Haruta  and  co-workers  [8]  demonstrated  that  the  catalytic  ability  for  gold  increases  as  the 
size  is  reduced  to  nanometer  scales  [9].  Gold  nanoparticles  supported  on  oxides  show 
high  catalytic  activity  to  CO  oxidation.  Although  the  idea  of  using  small  sized  particles 
as  catalysts  has  been  known  for  a  long  time,  problems  faced  when  using  bare 
nanoparticles  include  aggregation,  short  life  times,  and  propensity  of  poisoning.  We 
recently  hypothesized  that  the  core-shell  nanoparticles  (CSNs)  could  be  used  to  solve 
some  of  these  problems.  Part  of  the  concept  is  related  to  the  high  stability  and  the 
reactivity  of  CSNs  by  which  they  can  be  assembled  in  a  controllable  way.  While  the  use 
of  surface  protected  nanoparticles  as  catalysts  has  the  effect  of  preventing  particles  from 
aggregation,  catalytic  activity  may  become  hindered  due  to  possible  inhibiting  surface 
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materials.  To  demonstrate  the  viability  of  the  CSN  based  catalysis,  we  recently  explored 
pathways  that  take  advantage  of  the  CSNs  solubilities  and  functionalities  to  assemble  thin 
films,  and  the  controllable  activation  by  core-shell  surface  re-constitution.  The  formation 
of  surface  oxygenated  species  is  found  to  play  an  important  role  in  the  effective  catalytic 
abilities  of  such  thin  film  catalysts.  In  this  paper,  our  latest  results  of  an  investigation  of 
issues  related  to  the  catalytic  activation  are  described. 

EXPERIMENT 

Synthesis.  The  2-nm  gold  nanoparticles  (Aui-nm),  and  2.5  nm  Au/Pt  nanoparticles 
((Au/Pt)2.3-nni),  wcrc  cncapsulatcd  with  alkanethiolatc  monolayer  shells  were  synthesized 
by  the  standard  two-phase  method  [10].  Briefly,  AuCh',  or  AuCh'  +  PtCl6"  {5: 1  feed 
ratio),  was  transferred  to  organic  solvent  by  phase  transfer  agent  (tctraoctylammonium 
chloride),  and  reduced  by  sodium  borohydridc  in  the  presence  of  decancthiols  (DT).  The 
reaction  was  allowed  to  proceed  under  stirring  at  room  temperature  for  4  hours, 
producing  a  dark-brown  solution  of  DT-cncapsulatcd  nanoparticlcs  that  was  then  cleaned 
in  ethanol  or  used  in  the  heating  treatment. 

Proce.s.sing.  Highly-monodispersed  Au  particles  (5.3  ±0.3  nm)  wcrc  prepared  by 
thermally  activated  treatment  of  the  pre-synthesized  2-nm  Au  nanoparticlcs  [2].  Briefly, 
the  2  nm  particles  wcrc  pre-concent  rated  by  a  factor  of  ~  15,  heated  to  140**C,  and 
annealed  at  100  “C  for  ~2  hours.  The  resulting  red  nanoparticlc  solution  was  then 
cleaned  in  ethanol. 

Thin  film  Assembly.  The  nanoparticles  wcrc  assembled  as  thin  films  on  electrode 
surfaces  using  molecular  linkers  via  one-step  exchange -crosslinking-prccipitation  route 
[4],  In  a  typical  experiment,  1 ,9-nonanedithiols  (NDT)  were  mixed  in  a  hexane  solution 
with  DT-encapsulatcd  nanoparticles  (0.1-10  pM)  and  NDT  (0.5~5.0  mM).  The  film 
thickness  was  controlled  by  immersion  time.  The  films  wcrc  thoroughly  rinsed  with  pure 
solvent  before  characterizations. 

Pt  impregnation  in  Conducting  Polymer  Matrix.  Polyaniline  films  with  Pt 
loading  wcrc  prepared  by  electrochemical  method  as  reported  by  Lamy  and  co-workers 
[II].  Briefly,  0.1  M  aniline  was  dissolved  in  0.5  M  H2SO4 solution.  The  polyanilinc  film 
was  deposited  by  cyclic  potential  sweeping  between  -200  and  -t-1000  mV  at  50  mV/s. 
Polymerization  was  terminated  when  the  oxidation  peak  current  of -7  mA/cm'“  was 
achieved.  Pt  was  then  deposited  into  the  film  at  a  potential  of -200  mV  (vs. 
Ag|AgCl|Sat'd  KCl)  for  5  minutes  in  a  lO"*  M  K^PtCI^  solution.  The  activation  of  the 
film  involved  thermal  activation  at  300  *’C  (instead  of  electrochemical  polarization), 
details  of  which  will  be  reported  elsewhere. 

Measurements.  Electrochemical  measurements  (EG&G  Potentiostat/Galvanostat 
273A)  wcrc  performed  in  a  standard  3-electrodc  system  using  AgjAgCl|Sat’d  KCl  as 
reference  electrode,  Pt  as  counter  electrode  and  thin  film  coated  glassy  carbon  (GC)  as 
working  electrode  (0.5cm^).  Cyclic  voltammetry  was  performed  for  characterizing  the 
electrooxidation  of  both  methanol  (McOH,  Aldrich)  and  carbon  monoxide  (CO,  Linde 
Gas)  in  alkaline  electrolyte  (0,5M  KOH)  with  scan  rate  50  mV/s.  Atomic  Force 
Microscopic  (AFM)  images  were  acquired  using  a  Nanoscopc  Ilia  (Digital  Instruments). 
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RESULTS  AND  DISCUSSION 


The  existence  of  thiolate  encapsulation  and  NDT-linkage  in  the  nanoparticle  films 
has  been  characterized  in  recent  publications  [1-2,4].  Figure  1  shows  a  representative 
tapping-mode  AFM  image  for  a  NDT-Au2-nm  thin  film  assembled  on  GC.  The  particle 
size  and  distribution  are  relatively  uniform.  The  assembled  nanoparticles  appear  to  be 
individually-isolated.  The  existence  of  nanoporosity  is  also  evident.  The  particles  appear 

somewhat  larger  than  the  core-shell  particle  size  due  to  tip- 
sample  convolution,  but  a  cross-section  view  reveals  an 
average  height  as  expected  for  the  particle  size.  Similar 
morphology  has  also  been  observed  for  NDT-Aus.nm  film. 

Figure  2  shows  a  typical  set  of  cyclic  voltammetric 
curves  for  NDT-Aus-nm  thin  film  electrode  in  0.5  M  KOH 
in  the  presence  of  CO  (saturated).  The  catalytic  activity  is 
dependent  on  the  activation  of  the  film.  The  thin  film 
shows  a  featureless  characteristic  when  it  is  cycled 
between  -400  and  -h400  mV  (A).  In  contrast,  the  film 
becomes  catalytically  active  to  CO  oxidation  when  the 
electrode  is  subject  to  a  positive  polarization  to  ~  +700 
mV.  Following  the  large  oxidation  current,  a  large  anodic 
wave  is  observed  in  the  negative  sweep  (B).  This  wave  is 
attributed  to  CO  electrooxidation  to  COa^"  in  the  alkaline 
condition.  This  wave  was  found  to  be  proportional  to  both 
scan  rate  and  CO  concentration  [12].  The  need  for  a  positive  potential  polarization  is 
believed  to  be  associated  with  the 
participation  for  oxygen  species  near  the 
catalytic  sites  at  the  Au  nanocrystal  surface. 

The  polarization  therefore  likely  results  in 
the  formation  of  gold  oxide  species  (AnO^) 
and  a  partial  removal  of  the  organic  shell 
molecules.  These  surface  species  or  sites 
may  be  operative  in  catalysis  in  two  ways. 

First,  they  reduce  the  barrier  nature  of  the 
shell  component  and  increase  the 
conductivity  of  the  thin  films.  Secondly, 
the  reconstituted  shell  may  preserve  the 
nanocrystal  core  size. 

The  electrocatalytic  activity  of  the 
film  towards  methanol  oxidation  was 
examined.  Figure  3  shows  a  representative 
set  of  CV  curves  for  a  NDT-(Au/Pt)2.5-mn 
thin  film  in  the  presence  of  5  M  MeOH  in 
0.5  M  KOH.  A  similar  effect  of  catalytic 
activation  is  observed.  In  the  absence  of 
activation  (A),  the  voltammetric  curve 
displays  featureless  characteristic.  Upon 


Figure  2;  Cyclic  Voltammograms  of 
NDT-Aus-nn,  /GC;  (a)  unactivated,  (b) 
activated.  Electrolyte:  0.5  M  KOH,  sat’d 
CO,  Electrode  area:  0.5  cm^  (50mv/s). 


Figure  1.  AFM  image  of 
NDT-linked  Au2-„,n  film. 
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electrochemical  activation  of  the  film  to  a 
positive  polarization  potential  (+800  mV), 
a  large  anodic  wave  is  evident  at  +300 
mV,  The  peak  potential  closely  matches 
the  potential  for  Au  oxide  formation, 
suggestive  of  the  participation  of  Au  oxide 
in  the  overall  catalytic  oxidation 
mechanism.  An  integration  of  the  charge 
from  the  cathodic  wave  translates  to 
-9x10'^  molcs/cm^  for  the  amount  of 
reactive  Au.  An  estimate  of  the  catalytic 
peak  current  and  the  quantity  of  metals 
yields  ~5  mA/mg.  Through  a  systematic 
study  of  the  concentration  and  scan  rate 
dependencies,  we  found  two  remarkable 
voltammctric  features  [13],  First,  the 
anodic  peak  current  increases  with 
increasing  methanol  concentration, 
exhibiting  a  linear  relationship.  Second, 
in  contrast  to  the  trend  for  the  anodic 
wave,  the  peak  current  for  the  cathodic 
wave  decreases  with  increasing  methanol 
concentration,  which  also  exhibits  a  linear 
relationship  [13].  These  two  features 
form  an  important  set  of  evidence 
demonstrating  that  methanol  is  oxidized  at  the  nanostructured  Au  catalyst.  The  opposite 
trend  between  the  oxidation  and  the  reduction  peak  currents  as  a  function  of  methanol 
concentration  is  suggestive  of  a  catalytic  mediation  mechanism  involving  redox  of  the 
surface  Au  oxide  species.  Contribution  from  Pt  oxide  may  be  minimum  because  its 
redox  potential  is  more  positive  than  Au  oxide  and  the  alloyed  Pt  is  a  very  small  fraction 
(~5%).  The  shell  encapsulation  may  become  partially  open  as  a  result  of  either  the 
surface  oxide  formation  or  a  change  in  shell  packing  due  to  possible  thiolate  desorption 
or  reorganization.  The  participation  of  surface  oxide  species  in  the  above  reactions  is 
supported  both  by  the  occurrence  of  the  oxidation  wave  at  the  potential  of  gold  oxidation 
and  the  suppression  of  the  gold  oxide  reduction  wave  [12,13a],  and  by  our  recent 
electrochemical  quartz-crystal  microbalance  detection  of  mass  increase  in  the  oxidation 
process  [13b]. 

It  has  been  demonstrated  that  the  oxidation  of  MeOH  often  involves  CO  as  an 
intermediate  species.  The  CO  intermediates  are  often  the  cause  of  poisoning  of  the  Pt- 
group  catalyst.  It  appears  that  for  our  catalyst  films  the  catalytic  activity  is  relatively 
stable  over  repetitive  cycling  up  to  50  cycles  in  the  presence  of  methanol  or  CO.  This 
finding  is  consistent  with  the  high  catalytic  activity  of  CO  oxidation  observed  on  bare 
gold  nanoparticles  supported  on  oxides  [8].  While  a  detailed  investigation  of  the 
reconstituted  surface  species  in  the  activation  and  oxidation  processes  is  in  progress,  we 
believe  that  the  assembled  gold  nanoparticles  are  effective  catalysts  for  both  CO  and 
McOH  oxidation  in  alkaline  solution.  This  assessment  may  prove  extremely  important  as 
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E/mV  (vs.  Ag/AgCI,  Sat'd  KCL) 

Figure  3:  Cyclic  Voltammograms  of 
NDT-(Au/P02.5  iini/GC;  (a)  unactivated, 
(b)  activated.  Electrolyte:  0.5  M  KOM 
+  5.0  M  MeOH,  Electrode  area:  0.5cni^ 
(50  tnv/s). 


430 


we  develop  high  performance  fuel  cell  catalysts  that  have  a  long  lifetime.  A  further 
assessment  of  possible  changes  of  the  catalyst  morphology  due  to  the  activation  and  the 
formation  of  oxygenated  species  is  under  way  with  the  aid  of  in-situ  AFM  technique  [14]. 

In  view  of  the  high  catalytic 
activity  of  Pt  in  methanol  oxidation  [14], 
we  examined  a  different  approach  to 
incorporate  Pt  component  in  the  catalytic 
film.  In  this  approach,  we  first  prepared  a 
polyaniline  thin  film  that  was  loaded  with 

Pt.  The  Pt  loading  was  accomplished  via 

2 

electrochemical  deposition  from  PtCle’ 
anions  in  solution  into  the  conductive 
polymer  by  reducing  Pt*'^  into  Pt^’ 
particles.  The  NDT-Au2-nm  film  was  then 
assembled  on  the  surface  of  the  polymer 
thin  film.  Figure  4  shows  a  preliminary 
set  of  CV  data  for  this  “layered” 
nanoparticle  thin  film  in  2.5  M  MeOH  + 

0.5  M  KOH  electrolyte.  In  the  absence  of 
activation,  the  voltammetric  characteristic 
is  basically  silent,  similar  to  the 
observation  for  NDT-Au2-nm  film.  Upon 
thermal  activation,  the  film  shows  a  large 
oxidation  wave  at  a  potential  of  -1 80  mV, 
much  more  negative  than  those  observed 
earlier.  We  attribute  the  shift  of  the 
oxidation  wave  to  the  catalytic  oxidation  of  methanol  on  Pt  particles.  While  this  peak 
potential  corresponds  closely  to  that  of  bulk  platinum  in  alkaline  solutions,  the  oxidation 
wave  traditionally  observed  for  the  Pt  catalyst  on  the  return  negative  sweeping  is  largely 
absent,  even  after  ~50  cycles.  This  may  suggest  that  the  traditional  poisoning  effect  may 
be  suppressed  by  the  presence  of  gold  nanoparticles.  It  is  also  possible  that  the 
intermediate  CO  species  is  oxidized  by  gold  nanoparticles.  In  fact  a  small  anodic  wave  is 
identifiable  at  ~+300  mV,  corresponding  to  methanol  oxidation  at  gold  nanoparticle  sites. 

An  estimate  of  the  catalytic  current  vs.  the  quantity  of  metals  yields  ~4  mA/mg, 
(based  on  quantities  of  Pt  and  Au  deposited  in  the  film).  This  is  qualitatively  consistent 
with  observations  reported  for  Pt-Ru  catalysts  loaded  in  polyaniline  film  [11],  where  a  ~3 
niA/mg  current  density  was  found  under  the  condition  of  controlled  potential  electrolysis. 
The  two-component  system  using  different  approaches  is  another  viable  pathway  towards 
the  development  of  a  poison-free  catalyst. 


E/mv  (vs.  Ag/AgCI,  Sat’d  KCL) 

Fieure  4:  Cyclic  Voltammograms  of 
NDT-Au2-n,n  +  PANI  (Pt)  thin  film  at  a  GC 
electrode;  (a)  unactivated,  (b)  thermally 
activated.  Electrolyte:  2.5  M  KOH  +  2.5  M 
MeOH;  Electrode  area:  0.5  cm^  (50  mv/s). 


CONCLUSION 

In  conclusion,  the  catalytic  activity  of  the  nanostructured  catalyst  materials  was 
found  to  be  tailorable  by  three  types  of  interfacial  chemistries.  First,  the  utilization  of 
functional  shell  of  the  CSNs  system  is  important  for  the  assembly  of  nanostructures  that 


protect  pailicles  form  aggregation.  The  second  finding  for  these  systems  reinforces  the 
belief  that  the  CSNs  catalytic  activity  can  be  activated  by  activation  strategics  that 
involve  reconstitution  of  the  core-shell  structure  and  composition.  Thirdly,  the  Au-Pt 
two-component  system  can  effectively  increase  the  catalytic  activity.  The  role  of  the 
organic  encapsulation  is  important  in  two  aspects.  First,  it  allows  controllable  fine-tuning 
of  the  core  size  and  composition  via  synthesis  and  processing.  Secondly,  it  allows  thin 
film  assembly  at  any  substrates.  How  does  the  shell  and  network  encapsulation  evolve 
and  reconstitute  during  the  catalytic  activation  and  oxidation  is  a  subject  of  our  on-going 
investigations. 
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ABSTRACT 

Mesostructured  semiconducting  non-oxidic  materials  were  prepared  by  linking  [Ge4Qio]“*‘ 
(Q=S,  Se)  clusters  with  the  square  planar  noble  metal  cations  of  Pd^^  and  Pt  in  the  presence  of 
cetylpyridinium  surfactant  molecules.  The  use  of  Pt^^  afforded  materials  with  exceptionally  high 
hexagonal  pore  order  similar  to  those  of  high  quality  silica  MCM-41.  These  materials  are 
semiconductors  with  energy  band  gap  in  the  range  1.8<Eg<2.5  eV. 

INTRODUCTION 


The  emergence  of  the  family  MCM-X  of  surfactant  templated  silica  mesoporous 
molecular  sieves  with  regular  pore  shape  and  adjustable  pore  size  a  decade  ago  sparked  a  flurry 
of  activity  worldwide  that  resulted  in  an  abundance  of  oxidic  mesoporous  solids  with  promising 
technological  properties  (I).  Whereas  these  materials  will  impact  catalytic,  separation  and 
adsorption  applications,  they  lack  interesting  electronic  properties.  Bulk  materials  that  combine 
mesoscale  features  and  electronic  properties  are  envisioned  for  novel  applications  in  quantum 
electronics  (2),  photonics  (J)  and  non-linear  optics  {4)  among  others.  Such  characteristics  may  be 
expected  in  non-oxidic  materials  such  as  the  chalcogenides  (5).  A  suitable  method  for  the 
constaiction  of  semiconducting  mesostructured  materials  utilizes  a  self-assembly  process 
between  chalcogenido  building  blocks  and  metal  cations  in  the  presence  of  surfactant  molecules 
acting  as  templates  (6).  However  outstanding  issues  as  to  how  these  systems  form  remain.  The 
mesostuctured  chalcogenides  reported  todate  mainly  were  synthesized  by  linking  adamantane 
[Ge4Qio]“*"  (Q=S,  Se)  clusters  (see  scheme  1)  with  first  row  transition  and  main-group  ions  such 
as  Mn,  Co,  Ni,  Zn,  Cd,  In  and  Ga,  whose  coordination  preference  is  mainly  tetrahedral.  In  the 
exploration  of  the  role  of  the  linkage  metal  in  the  assembly  process  we  decided  to  use  noble 
metal  Pd^"^  and  Pt^"^  ions  because  of  the  strong  square-planar  coordination  preference.  Moreover 
these  ions  are  less  kinetically  labile  than  the  first-row  transition  metals  and  therefore  may  slow 
down  the  self-assembly  reaction  thus  achieving  a  more  ordered  structure.  In  this  work  we 
employed  the  clusters  [Ge4Qio]'*‘  (Q=S,  Se)  with  Pt^^  and  Pd^"^  in  the  presence  of  cetylpyridinium 
(Ci6PyBr)  surfactant  molecules.  We  find  that  these  two  similar  metal  ions  behave  very 
differently.  In  the  case  of  Pt^^  the  materials  show  remarkable  hexagonal  pore  order  similar  to 
those  of  high  quality  silica  MCM-41  whereas  in  the  case  of  Pd^^  the  solids  are  significantly  less 
ordered. 


. . 
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Scheme 

cluster. 


Chalcogenido  adamantane-type  [Ge4Qio]“*’  (Q=S,  Se) 
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EXPERIMENTAL 


The  syntheses  of  the  materials  were  earried  out  as  follows:  I  mmol  of  TiVIA4[Gc4Qio] 
(TMA=tetramethylammonium;  Q=S,  Se)  was  dissolved  in  20  ml  of  formamidc  at  80  ‘'C.  To  this 
clear  solution  10  mmol  of  surfactant  CuTyBr  was  added  and  the  mixture  stirred  at  80  "C  until  a 
clear  solution  formed.  In  a  flask  1  mmol  KiMCU  (M=Pt,  Pd)  was  dissolved  in  10  ml  of 
formamidc  and  added  to  the  surfactant/[Gc4Qio]  solution  dropwisc  using  a  pipet.  The  mixture 
was  aged  overnight  under  stirring  and  the  product  was  isolated  with  suction  filtration,  washed 
with  warm  formamidc  and  water  and  dried  under  vacuum.  The  yield  was  >80  %  and  the  solids 
were  in  the  form  of  light  powder. 

RESULTS  AND  DISCUSSION 

The  mesostructured  materials  arc  denoted  as  Ci6PyMGcQ  were  M=Pt,  Pd.  Unlike  in 
previous  eases  {6)  with  other,  kinetically  labile  linkage  metals,  we  obscr\'C  a  considerable  slower 
reaction  upon  addition  of  the  Pt^^  metal  ions.  That  is  when  the  KiPtCf/FM  solution  was  added  to 
the  Ci6Py/[Gc4Qio]'^  solution,  instantaneous  precipitation  did  not  take  place.  The  deposition  of 
the  mesophase  began  1-1.5  min  after  and  was  completed  in  approximately  10-15  min.  As  we 
discuss  below  the  platinum  containing  mesophases  exhibit  remarkably  good  hexagonal 
mesoscopic  order.  In  contrast  Pd^^  ions,  react  much  more  rapidly  giving  mesophases  that  exhibit 
high  degree  of  disorder.  Figure  1  shows  powder  X-ray  diffraction  patterns  of  CifTyMGeQ 
materials.  The  platinum  products  show  three  or  four  well  defined  Bragg  reflections  in  the 
2"<26<7”  region,  characteristic  of  mesostructured  materials  with  regular  hexagonal  pore 
arrangement.  Accordingly  these  reflections  arc  indexed  to  a  hexagonal  p6m  mesophase,  see 
Figure  1.  The  intense,  sharp,  well-defined  high  order  reflection  (110)  and  (200)  as  well  as  the 
observation  of  the  fourth  (210)  reflection,  betray  a  high  degree  of  hexagonal  order  in  these 
materials  as  observed  directly  by  transmission  electron  microscopy  (TEM)  (see  below).  In  the 
ease  of  palladium  however,  the  (100)  reflection  is  clearly  broader  and  the  high  order  refections 
(110)  and  (200)  arc  not  well  resolved,  indicating  the  fonnation  of  less  ordered  mesostructured 
phases. 


Samples  of  the  mesostructured  CiePyMGcQ  were  examined  by  TEM.  Figure  2a  shows  a 
characteristic  image  of  Ci6PyPtGeSe  looking  down  the  pore  channel  axis  ([100]  direction)  where 
a  remarkably  uniform  hexagonal  order  is  clearly  visible.  Figure  2b  shows  a  view  of  Ci^PyPtGcSe 
perpendicular  to  the  pore  channel  axis  ([110]  direction).  The  long,  straight  parallel  tunnels  are 
apparent  in  this  image  and  the  observed  interpore  distances  arc  in  good  agreement  with  those 
obtained  from  the  X-ray  diffraction  patterns.  Similar  images  were  obscrx'cd  in  C u,PyPtGcS 
material.  Figure  2c,d  shows  a  characteristic  image  of  Ci6PyPdGcS  were  the  presence  of  local 
hexagonal  pore  arrangement  along  with  disordered  regions  is  evident,  as  indicated  by  the  X-ray 
powder  patterns.  The  quality  of  CuTyPtGcQ  solids  as  judged  by  the  degree  of  hexagonal  order, 
is  comparable  to  those  of  high  quality  silica  MCM-41  (7).  Figure  3  shows  a  TEM  image  of  a 
large  CifiPyPtGcSe  particle  where  the  size  of  coherent,  hexagonal  ly  organized  domain  is  >500 
nm. 
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Figure  1.  Powder  X-ray  diffraction  patterns  of  meso structured  noble-metal  chalcogenides 
(CuKoc  radiation). 


Figure  2.  Representative  TEM  images  of  CiePyMGeQ  materials,  (a)  CiePyPtGeSe  down  to 
[100]  direction,  (b)  CiePyPtGeSe  down  to  [110]  direction,  (c)  CiePyPdGeS  down  to  [100] 
direction  and  (d)  highly  disordered  region  of  Ci6PyPdGeS. 
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Figure  3.  Representative  image  of  a  large  particle  of  Ci^PyPtGcSc  showing  the  hexagonal 
organization  extending  over  its  full  body.  Particle  length  >500  nm. 

Undoubtedly  the  quality  of  the  hexagonal  pore  order  in  the  platinum  germanium 
chalcogenidc  materials  is  significantly  higher  than  in  palladium  analogs.  Since  the  synthesis  of 
Ci6PyPtGcQ  is  based  on  simple  metathesis  reactions  according  to  (1 ), 

K2MCI4 +  TMA4[Ge4Qin]  +  Ci6PyBr  - ►  Ci6PyMGcQ  +  TMA-Cl  +  KBr  (1) 

it  is  natural  to  expect  that  ligand  substitution  kinetics  and  coordination  preference  of  the  linkage 
metal  ions  will  affect  the  quality  of  the  final  product.  However  noble  metal  ions  Pd  and  Pt‘* 
exhibit  strong  square  planar  coordination  geometry.  Therefore  the  striking  difference  found 
between  Cir,PyPtGcO  and  C|c,PyPdGeQ  materials  in  terms  of  long  range  hexagonal  pore  order,  is 
attributed  to  the  slower  reaction  observed  in  the  former.  In  that  case,  the  reactants  have  more 
time  to  react  and  reach  equilibrium  thus  leading  to  considerably  higher  quality  hexagonal 
mcsostructurcd  phases. 
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Infrared  (IR)  and  Raman  spectroscopy  was  used  to  examine  the  inorganic  framework  and 
also  confirm  the  presence  of  the  surfactant  molecules  in  these  materials.  In  the  mid-IR  region  we 
observed  the  characteristic  absorption  bands  of  cetylpyridinium  cations.  Shown  in  Figure  4a  is 
typical  far-IR  spectrum  from  CiePyPtGeS  together  with  the  corresponding  spectrum  from  the 
free  adamantane  cluster  for  comparison.  The  spectrum  of  CiePyPtGeS  shows  characteristic  peaks 
in  the  same  range  as  the  free  adamantane  cluster,  however,  the  peaks  are  much  broader 
indicating  possible  different  bonding  environments  present. 

FT-Raman  spectra  were  collected  for  the  mesostructured  CiePyPtGeS  while  for  the  other 
materials  spectra  could  not  be  obtained  as  they  decomposed  under  the  laser  beam.  We  observe 
several  vibrational  modes  attributed  to  Ge-S  and  Pt-S  stretching  modes,  see  Figure  4b.  By 
comparison  with  previous  Raman  studies  (6),  the  sharp  peak  centered  at  376  cm"'  can  be 
assigned  to  the  totally  symmetric  breathing  mode  of  the  "Ge4S6"  cage,  while  the  peak  at  441  cm'^ 
to  terminal  Ge-St  stretching  mode.  The  peak  at  340  cm'^  can  be  assigned  to  the  Pt-S  vibration, 
according  to  the  spectroscopic  analysis  of  Raman  spectrum  of  PtS. 


Figure  4.  (a)  Far-IR  and  (b)  FT-Raman  spectrum  of  CiePyPtGeS. 

The  optical  absorption  properties  of  the  CiePyMGeQ  mesostructured  materials  were 
investigated  with  solid  state  diffuse  reflectance  UV-vis/Near  IR  spectroscopy.  All  solids  posses 
well-defined,  sharp  optical  absorptions  associated  with  bandgap  transitions  in  the  energy  range 
1.8<Eg<2.5  eV,  see  Figure  5.  The  bandgap  narrows  in  going  from  the  lighter  CiePyMGeS 
(Pd:2.5  eV,  Pt:2.3  eV)  to  the  heavier  CiePyMGeSe  (Pd:2.0  eV,  Pt:  1.8  eV).  Moreover  the  effect 
on  the  bandgap  in  going  from  CiePyMGeS  to  CiePyMGeSe  is  greater  (0.5  eV)  rather  than  in 
going  from  CiePyPdGeQ  to  CiePyPtGeQ  (0.2  eV)  suggesting  a  more  dominant  role  of  the 
chalcogenide  element  in  the  valence  and  conduction  band  of  the  materials. 
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Energy,  eV 

Figure  5.  Solid  state  UV-vis  absorption  spectra  of  CicPyMGeQ  materials. 

CONCLUSIONS 

The  use  of  Pd^*  and  Pt“'  as  linkage  meta!  ions  in  a  supramolecular  assembly  of 
adamantane  [064010]“^"  clusters  leads  to  a  new  class  of  non-oxide  mesostructurc  materials  with 
noble  metal  ions  as  part  of  the  framework.  In  the  case  of  platinum  the  solids  show  exceptionally 
high  hexagonal  order  similar  to  those  in  silica  MCM-41,  whereas  in  the  case  of  Pd  such  high 
order  was  not  observed.  This  suggests  that  slower  reaction  kinetics  of  framework  assembly  is  an 
important  factor.  The  materials  posses  optical  bandgaps,  ranging  between  1.8<E^<2.5  cV,  The 
bandgap  narrows  with  the  incorporation  of  heavier  elements  in  the  framework. 
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Abstract 

This  paper  reports  the  fabrication  of  large  diameter  pores  (>  150  nm)  in  anodic  alumina 
that  can  be  used  to  create  wire  arrays  with  significant  surface  effects,  but  without  signifi¬ 
cant  quantum  confinement.  These  wires,  therefore,  allow  us  to  distinguish  between  optical 
absorption  spectra  features  originating  from  quantum  effects  and  those  from  surface  effects. 
The  paper  presents  techniques  towards  fabricating  these  bismuth  wire  arrays,  and  presents 
optical  absorption  data  from  two  bismuth  nanowire  arrays  in  the  semimetal-semiconductor 
transition  diameter  regime.  The  results  from  previous  publications  are  summarized  and 
future  directions  are  outlined. 

Introduction 

We  are  no  longer  completely  limited  to  the  constraints  on  the  properties  of  3D  bulk 
materials.  By  utilizing  quantum  confinement,  we  have  learned  how  to  engineer  the  band 
gap  of  a  material.  As  a  result  we  can  tailor  the  properties  of  a  material  to  conform  to  a 
desired  application.  Once  the  effects  of  quantum  confinement  are  fully  understood,  the  size 
of  the  quantum  confined  dimension  (s)  can  be  selected  to  achieve  the  degree  of  quantum 
confinement  and  surface  effects  desired. 

Bismuth  nanowires  exhibit  a  transition  from  a  semimetal  with  a  small  band  overlap 
(38  meV  at  0  K)  to  a  semiconductor,  as  the  wire  diameter  becomes  small  enough  to  support 
significant  quantum  confinement  effects,  as  shown  in  Fig.  1.  This  transition  occurs  in  Bi 
nanowires  at  relatively  large  wire  diameters  because  of  its  small  effective  masses  and  small 
band  overlap.  For  example,  this  semimetal-semiconductor  transition  is  predicted  to  occur 
at  a  wire  diameter  of  16  nm  in  the  (012)  direction  (the  growth  direction  of  our  nanowires) 
at  room  temperature,  and  at  47 nm  at  77K,  Fig.  1.  The  change  from  a  semimetal  to  a 
semiconductor  has  significant  effects  on  the  electronic  and  optical  properties  of  bismuth, 
which  may  be  desirable  for  some  applications,  such  as  thermoelectricity.  [1,  2] 

We  are  working  towards  measuring  the  optical  properties  of  bismuth  wires  in  three  dif¬ 
ferent  size  regimes:  large  wire  diameters  (~  200  nm)  which  are  semimetals,  small  wire 
diameters  (~  15  nm)  which  are  semiconductors,  and  an  intermediate  wire  diameter  size 
(~  40  nm)  where  the  wires  are  a  semimetal  at  room  temperature  and  a  semiconductor  at 
low  temperatures.  Well  ordered  arrays  of  45  nm  pores  in  alumina  have  been  fabricated  and 
filled  with  bismuth  to  create  wires  in  the  intermediate  diameter  regime.  These  wires  are  near 
the  semimetal-semiconductor  transition  at  77K.  The  45  nm  wires  absorb  in  the  far  infrared. 
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Figure  1:  The  phase  diagram  of  the  somimotal  to  somicondurtor  transition  in  bismuth  nanowires  is 
shown  as  a  function  of  temperature  and  wire  diameter,  Depending  on  the  wire  diameter,  a  nanowire 
is  either  a  sernimetal  (III),  a  semiconductor  (I),  or  switches  from  a  semimetal  to  a  semiconductor 
as  the  temperature  is  decreased  (II). 

This  optical  absorption  is  attributed  to  intersubband  transitions.  [3]  Well  ordered  arrays  of 
small  pore  alumina  templates  (15  nm)  have  also  been  fabricated  successfully.  However,  the 
liquid  phase  injection  technique  used  to  fill  the  alumina  with  bismuth  is  ineffective  in  filling 
these  small  diameter  pores.  We  are  therefore  developing  an  electro-chemical  method  for 
filling  small  pores  in  anodic  alumina  with  bismuth.  [4]  The  process  to  fabricate  the  large  pore 
alumina  templates  (>  55  nm)  proved  to  be  the  most  difficult  to  develop  due  to  the  fact  that 
the  process  requires  a  higher  voltage  and  many  highly  sensitive  process  parameters  needed 
to  be  optimized.  Optical  absorption  measurements,  like  those  already  reported  for  45  nm 
wires,  for  both  the  semiconducting  and  semimetallic  wires  will  help  us  better  understand 
the  observed  absorption  spectra.  We  therefore  seek  to  perform  measurements  over  the  whole 
diameter  range  to  gain  a  better  understanding  of  the  quantum  confinement  characteristics 
of  the  Bi  nanowircs. 

Fabrication  and  Experimental  Details 

Since  aluminum  can  be  anodized  to  form  an  alumina  layer  with  an  ordered  array  of 
pores[5],  all  the  bismuth  nanowires  in  this  work  were  fabricated  by  filling  porous  anodic  alu¬ 
mina.  Several  theories  have  been  presented  to  explain  the  formation  of  the  porous  alumina, 
such  as  Refs.  [5]  and  [6].  In  addition,  several  theories  have  been  recently  proposed  to  ex¬ 
plain  the  ordering  of  the  pores  into  a  hexagonal  pattern  when  very  specific  conditions  for  the 
anodization  are  used. [7,  8)  Many  papers  present  excellent  experimental  results  documenting 
conditions  at  which  the  anodization  forms  ordered  pores  and  those  at  which  the  pores  are 
irregular  and  not  ordered. [9,  10,  11]  However,  to  our  knowledge,  no  complete  theory  exists 
to  predict  the  optimal  acid  type,  concentration,  and  temperature  that  should  be  used  to 
obtain  well-ordered  arrays  with  a  uniform  pore  diameter  for  a  given  anodization  voltage  and 
corresponding  pore  diameter.  Therefore,  whenever  the  desired  pore  size  has  not  yet  been  well 
studied,  many  attempts  of  trial  and  error  are  required  to  establish  the  recipe  for  well-ordered 
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Figure  2:  The  anodization  setup  for  high  voltage  anodization.  The  automatic  cooling  system,  the 
high  cooling  liquid  level,  and  the  insulated  conductor,  all  prevent  breakdown  during  the  anodization 
process. 

pores.  To  minimize  the  trial  and  error  required  to  find  the  ideal  anodization  conditions  for 
large  diameter  pores  (>  80  nm),  we  sought  to  reproduce  the  well-ordered  arrays  with  a  pore 
size  of  200  nm  diameter  reported  in  Ref.  [7].  However,  when  repeating  their  conditions  of 
160  V  anodization  voltage  in  10  %  phosphoric  acid  at  3°C,  the  anodization  current  became 
unstable.  The  current  increased  during  the  anodization,  increasing  the  temperature  of  the 
acid.  The  rise  in  temperature  in  turn  further  increased  the  current,  until  the  reaction  be¬ 
came  uncontrollable.  This  rapid  rise  in  acid  temperature  and  anodization  current  is  called 
“breakdown”  in  the  literature.  [8] 

In  our  samples,  in  addition  to  the  increase  in  current  at  breakdown,  sizzling  occurred  at 
the  air/acid  interface  where  the  aluminum  was  exposed  to  air.  Furthermore,  the  onset  of 
this  phenomenon  was  correlated  with  the  ambient  air  temperature.  This  suggests  that  the 
sizzling  is  caused  by  the  higher  temperature  of  the  sample  at  the  surface  (surface  heating). 
We  therefore  implemented  three  techniques  to  reduce  surface  heating  and  the  likelihood  of 
breakdown,  (see  Fig.  2).  When  all  three  techniques  are  used,  sizzling  under  our  anodization 
conditions  is  eliminated.  The  first  improvement  was  an  automatic  cooling  system.  A  refrig¬ 
erated  recirculator  is  used  to  keep  the  cooling  liquid  at  —1.5  dr  0.05  °C.  In  addition,  the  acid 
level  is  kept  below  that  of  the  cooling  liquid.  This  helps  cool  the  air  around  the  acid-air 
interface.  Thirdly,  the  aluminum  electrode  is  completely  submerged  in  the  chilled  acid.  In 
order  to  prevent  shorting  of  the  contact  to  the  acid,  an  insulated  conductor  is  used  to  make 
contact  with  the  A1  sheet  inside  the  acid.  The  aluminum  is  anodized  using  this  method  for 
about  3  hours.  The  alumina  is  then  etched  off  and  the  remaining  aluminum  then  undergoes 
a  second  anodization  for  about  4  hours.  The  pores  from  a  40  V  and  a  160  V  anodization  are 
shown  in  Fig.  3  A  and  B,  respectively. 

The  pores  in  the  alumina  are  filled  with  Bi  using  a  pressure  injection  technique.  [12] 
The  alumina  template  is  then  etched  off  using  a  selective  etch,  leaving  only  bismuth  wires 
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Figure  3:  Scanning  electron  micrographs  of  anodic  alumina  anodized  at  (A)  40  V  and  (B)  160  V 
with  pore  diameters  around  40  and  200  nm,  respectively. 


behind.  Using  the  micro- FTIR  (Fourier  Transform  Infrared  Technique),  the  reflection  and 
transmission  were  measured  from  free-standing  Bi  nanowires  with  a  bismuth  oxide  coating 
around  the  nanowires  and  a  thin  Bi  film  holding  them  together.  A  schematic  diagram  of  the 
sample  is  shown  in  Fig.  4(C).  Bismuth  nanowires  protrude  out  of  the  bismuth  film,  which 
is  balanced  on  the  edge  of  a  glass  slide.  Light  is  transmitted  through  the  sample  in  the 
direction  of  the  wires  so  that  the  electric  field  of  the  incident  light  is  always  perpendicular 
to  the  wire  axis.  Since  the  transmission  is  proportional  to  where  K  is  the  infrared 

absorption  coefficient  and  x  is  the  sample  thickness,  the  negative  log  of  the  transmission  is 
proportional  to  the  absorption  coefficient.  This  is  used  to  find  the  absorption  spectra  of  the 
wires. 


Results  and  Discussion 

The  absorption  coefficients  (times  the  sample  thickness)  as  a  function  of  wavenumber, 
obtained  by  taking  the  negative  log  of  the  transmission  intensity  of  ~  45  nm  and  ~  30  nm 
diameter  free-standing  bismuth  nanowires  are  shown  in  Fig.  4(A).  For  comparison.  Fig.  4(A) 
also  shows  the  absorption  coefficient  of  a  film  of  bismuth.  The  tw^o  arrays  of  wires  used 
for  the  free-standing  nanowire  measurements  had  diameters  of  60  nm  and  45  nm  before  the 
alumina  template  surrounding  the  wires  was  etched  away.  Since  a  ~  7  nm  oxide  grows  on 
the  free-standing  wires  after  the  alumina  is  selectively  etched  away  [13],  the  inner  bismuth 
portion  of  the  free-standing  wires  is  expected  to  have  a  diameter  of  around  45  nm  and  30  nm. 
Since  the  thickness  of  the  thin  bismuth  film  holding  the  bismuth  nanowires  and  the  thickness 
of  the  nanowire  array  are  not  known,  arbitrary  units  of  absorption  are  used. 

The  absorption  spectra  of  the  nanowire  arrays  show  many  more  features  than  that  of 
the  bismuth  film.  The  absorption  features  are  predominant  for  wavenumbers  less  than 
1300  cm“L  Simulations  show  that  intersubband  absorption  tails  off  for  uj  >  1300 
in  bismuth  nanowires,  because  of  a  fall  off  in  the  coupling  between  the  initial  and  the  final 
states.  [14]  Figure  4(A  and  B)  also  shows  that  the  absorption  spectra  between  the  two  wire 
arrays  differ  significantly.  The  absorption  of  each  sample  was  taken  several  times  and  found 
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Figure  4:  The  dependence  of  the  absorption  coefficient  on  wavenumber,  found  by  taking  the 
negative  log  of  the  transmission  of  free-standing  bismuth  nanowires  with  diameters  around  45  and 
30  nm  as  well  as  the  absorption  on  a  thin  piece  of  bismuth  is  shown  in  A)  and  B).  C)  shows  a 
schematic  of  the  experimental  setup  to  measure  absorption. 

to  be  reproducible.  The  differences  in  the  absorption  spectra  for  wavenumbers  less  than 
1300  cm“^  are  attributed  to  differences  in  the  subband  energies  involved  in  intersubband 
absorption.  [14] 

Previous  work  on  the  optical  properties  of  bismuth  nanowire  arrays  inside  the  alumina 
template  report  a  sharp  absorption  feature  at  about  1000  cm~^. [3]  The  shape  of  the  ab¬ 
sorption  peak,  the  frequency  of  observed  absorption,  the  qualitative  dependence  on  wire 
diameter,  and  the  polarization  of  this  absorption  all  indicate  that  intersubband  transitions 
are  the  likely  cause  of  the  observed  absorption.  [3]  In  addition,  a  model  for  intersubband  tran¬ 
sitions  in  bismuth  nanowires  predicts  peaks  in  the  absorption  spectra  at  energies  that  are 
in  agreement  with  those  observed  in  optical  measurements  of  free  standing  wire  arrays.  [14] 
However,  some  aspects  of  the  absorption  curve  remain  unexplained.  Firstly,  although  the  en¬ 
ergy  of  the  absorption  peak  at  around  1000  cm~^  increases  with  decreasing  wire  diameter,  as 
expected  for  intersubband  transitions,  it  does  not  increase  as  rapidly  as  expected.  Secondly, 
the  relative  intensities  of  the  absorption  peaks  in  the  free  standing  wires  are  different  from 
those  predicted  by  theory.  [14]  In  particular,  the  absorption  peak  at  around  1000  is  much 
more  intense  in  the  experimentally  measured  absorption  than  in  the  simulated  intersubband 
absorption.  [14]  In  this  paper  we  report  optical  absorption  measurements  on  ~  30  nm  wires 
as  well  as  the  fabrication  of  ordered  200  nm  pores  in  alumina.  With  the  newly  developed 
ability  to  fabricate  well  ordered  200  nm  wire  arrays  and  with  the  currently  developing  ability 
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to  electro-chemically  fill  the  20  nm  arrays,  we  hope  to  develop  a  better  understanding  of  the 
observed  absorption  mechanisms  in  bismuth  nanowire  arrays. 
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ABSTRACT 

The  band  energy  structure  of  large-sized  (10-25)  nm  nanocrystallites  (NC)  of  SiCxOi-xN 
(0.96<x<l  .06)  was  investigated  using  different  band  energy  approaches,  as  well  as  modified 
Car  Parinello  molecular  dynamics  simulations  of  interfaces.  A  thin  carbon  sheet  (of  about  1 
nm)  appears,  covering  the  crystallites.  This  sheet  leads  to  substantial  reconstruction  of  the 
near-the- interface  SiCxOj-xN  crystalline  layers.  Numerical  modeling  shows  that  these  NC 
may  be  treated  as  quantum  dot-like  SiCxOi-xN  reconstructed  crystalline  surfaces,  covering 
the  appropriate  crystallites.  All  band  energy  calculation  approaches  (semi-empirical 
pseudopotential,  fiilly  augmented  plane  waves  and  norm-conserving  self-consistent 
pseudopotential  approaches)  predicted  the  experimental  spectroscopic  data.  In  particular,  it 
was  shown  that  the  near-the-surface  carbon  sheet  plays  a  dominant  role  in  the  behavior  of 
the  reconstructed  band  energy  structure.  Independent  evidence  for  the  important  role  of  the 
dot-like  crystalline  layers  are  the  excitonic-like  states,  which  are  not  dependent  on  the 
particular  structure  of  the  SiC,  but  are  sensitive  to  the  thickness  of  the  carbon  layer. 

INTRODUCTION 

There  has  recently  been  increased  interest  in  the  possibility  of  using  nano-technologies  as 
materials  for  optics  and  electronics,  the  main  reason  being  the  size-dependent  electronic  and 
optical  properties  of  these  materials  [1-4].  The  properties  of  large-size  nanocrystallites  (larger 
than  10  nm)  were  treated  as  the  so-called  superposition  of  the  NC  and  other  structures  [5-8]. 
One  can  predict  that  the  latter  will  be  directly  dependent  on  the  relative  sizes  of  particular 
crystallites  and  the  surrounding  interface  environment.  Depending  on  these  parameters,  we 
will  obtain  different  excitonic  states  which  define  the  behavior  of  the  interface  band  energy 
gradients.  The  coexistence  of  bulk-like  and  quantum  confinement  states  presents  the 
possibility  of  working  with  electron  energy  dispersion  within  the  same  crystallites  contrary  to 
the  thin  SiCxOi-xN  films  deposited  on  the  SiCxOi-xN  crystalline  surfaces. 

Among  the  many  possible  NC  materials,  SiCxOi-xN  crystallites  were  chosen  because  the 
technology  for  their  manufacture  with  the  sizes  needed  is  well  developed,  the  energy  gap  of 
SiCxOi-xN  may  be  manipulated  within  the  large  spectral  ranges  (2  -  4.5  eV),  depending  on 
polytype  kinds,  and  because  SiCxOi-xN  is  substantially  more  stable  than  other  SiON  materials, 
when  external  mechanical  and  thermo-treatments  are  applied. 

The  main  goal  of  the  present  work  was  to  study  the  optical  properties  of  SiCxOi-xN 
NC,  both  experimentally,  as  well  as  theoretically.  In  particular,  we  investigated  the  influence 
of  nanocrystallite  size  and  carbon  excess  on  the  optical  absorption  of  the  SiCxOi.xN 
nanocrystallites,  the  contribution  of  the  reconstructed  near- interface  states  to  the  visible 
absorption  of  the  NC  and  the  contribution  of  the  carbon  sheet  interfaces  to  the  absorption 
spectra  observed. 

The  nanopowders  were  synthesized  by  CO2  laser  pyrolysis  of  silane  and  acetylene 
gaseous  mixtures.  The  reactant  fluxes  monitored  the  ratio  C/0  and  induced  a  carbon  or 
silicon-rich  network  in  the  outer-most  SiC  nanoparticle  surfaces. 

Size-dependent  effects  are  usually  studied  for  NC  with  sizes  below  8  -  10  nm,  where  clear 
size-confined  effects  are  observed.  In  such  cases,  k-  space  bulk-like  dispersion  disappears  and 
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discrete  excitonic-like  levels  in  the  energy  gaps  appear.  However,  interface  (reconstructed) 
dot-like  states  corresponding  to  an  intermediate  level,  with  both  bulk-likc,  as  well  as  dot-like 
quantised  excitonic,  properties  can  be  promising  in  detecting  experimentally  obtained  optical 
phenomena.  These  interface  sheets  are  formed  by  reconstructed  SiCxOi-xN  crystalline  films 
separating  the  bulk-likc  and  thin  carbon  layers. 

On  the  basis  of  the  relative  presence  of  quantum  dot  states,  one  can  estimate  the 
relative  contributions  of  reconstructed  SiC^Oi  xN  ncar-the-intcrface  structural  fragments  to 
the  band  energy  (BE)  dispersion,  as  well  as  that  of  the  excitonic  state  to  the  optical  absorption 
[9-12]  (being  directly  connected  to  the  imaginary  part  of  the  dielectric  susceptibilities). 

RESULTS  AND  DISCUSSION 

The  SiCON  nanocrystallite  specimens  were  monitored  using  TEM,  NMR,  Raman 
and  IR  methods.  Optical  absorption  caused  both  by  band  energy  reconstruction,  as  well  as  by 
excitonic  effects,  is  analyzed.  The  role  of  carbon  excess  was  demonstrated  experimentally  by 
increasing  the  C/0  ration  over  the  C-rich  particle  surfaces. 


Figure  1.  The  relative  contribution  of  the  interfaces  to  the  energy  gap  is  presented 
dependent  on  the  crystallite  sizes  d  and  ratio  of  the  C/O. 

In  Fig.  2  the  band  energy  dispersion  for  the  interfaces  in  the  case  of  the  x=  1 .02  are 
presented.  One  can  see  substantial  reconstruction  of  the  band  energy  dispersion  near  the 
interfaces.  Moreover  the  energy  dispersion  derivative  is  varied.  This  fact  is  caused  by  the 
reconstruction  of  the  near-the  surface  states  [13-16]. 
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Figure  2.  Band  structure  of  the  SiCxOj-xN  for  the  x=1.02.  The  points  indicate  the  bands 
corresponding  to  the  reconstructed  surfaces. 
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Figure  3.  Band  structure  of  the  SiCxOj.xN  assuming  an  interface  thickness  of  about  0.6  nm. 

Fig.  3  shows  additional  band  structure  reconstruction  when  we  undergo  to  the  bands  more 
close  to  the  interfaces.  This  correlates  well  with  the  charge  density  distributions  near  the 
interfaces  (see  Fig.  4).  One  can  see  that  a  shift  toward  the  deep  interface  levels  stimulates 
additional  charge  density  re-distribution. 
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Figure  4.  Reconstruction  of  the  near-thc-intcrfacc  charge  density  distribution. 


Figure  6.  Typical  dependencies  of  the  transparency  versus  the  0/C  ratio  and  film  thickness. 

One  can  see  that  T  possess  modulated-like  dependence  versus  the  thickness  d.  This  reflects  an 

increa.se  of  competition  between  the  long-range  ordering  and  short-range  disordering. 

CONCLUSIONS 

1 .  Our  investigations  have  shown  that  the  materials  investigated  have  interface  thin  layers 
with  thickness  of  about  1.5  nm.  This  layer  may  be  considered  as  a  reconstructed  surface 
of  the  Si  by  the  covered  films. 

2.  The  obtained  results  present  new  opportunities  in  semiconductor  electronics,  making  it 
possible,  for  example,  to  receive  3D  memory  for  computers  on  the  trapping  levels. 

3.  The  calculations  we  made  using  the  ab  initio  Car-Parinello  method  are 
an  additional  confirmation  of  the  new  type  of  the  interfaces  that  will 
shortly  find  application  in  the  electronic  technique. 

4.  The  simulations  carried  out  predict  the  modulated-like  features  of  the  transparency 
versus  the  film  thickness  and  0/C  ratio. 
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ABSTRACT 

We  have  successfully  synthesized  organic- inorganic  and  bio-inorganic  nanohybrids  by 
applying  an  intercalation  technique  systematically  to  Bi-based  cuprate  superconductors, 
Bi2Sr2Cani-iCumOy  (m  =  1,2,  and  3;  BSCCO),  and  to  layered  double  hydroxides(LDHs),  those 
which  are  of  high  importance  in  terms  of  basic  understanding  of  intercalation  reactions  and  of 
their  practical  applications.  The  organic-inorganic  hybrids  were  achieved  via  intercalative 
complexation  of  iodine  intercalated  BSCOO  with  organic  salt  of  Py-CnH2ii+iI  (Py  =  pyridine). 
The  high-Tf  superconducting  intercalate  with  its  remarkable  lattice  expansion  can  be  applied  as  a 
precursor  for  superconducting  colloids  when  dispersed  in  an  appropriate  solvent.  We  were  also 
able  to  demonstrate  that  the  biomolecules  stabilized  in  the  interlayer  space  of  LDH  retain  their 
chemical  and  biological  integrity.  If  necessary,  LDH,  as  a  reservoir,  can  be  intentionally  removed 
by  dissolving  it  in  an  acidic  media  or  interlayer  biomolecules  in  LDH  can  be  released  via  ion- 
exchange  reaction  in  electrolyte.  It  is,  therefore,  concluded  that  the  inorganic  LDH  can  play  a 
role  as  a  good  host  lattice  for  gene  reservoir  or  carrier. 

INTRODUCTION 

Recently,  inorganic/inorganic[l],  organic/inorganic [2],  and  bio-inorganic[3]  heterostructured 
nanohybrids  have  attracted  considerable  research  interests,  due  to  their  unusual  physicochemical 
properties,  which  cannot  be  achieved  by  conventional  solid  state  reactions.  In  order  to  develop 
new  hybrid  materials,  various  synthetic  approaches,  such  as  vacuum  deposition,  Langmuir- 
Blodgett  technique,  self-assembly,  and  intercalation  method  have  been  explored.  Among  them, 
the  intercalation  reaction  technique — that  is,  the  reversible  insertion  of  guest  species  into  two- 
dimensional  host  lattice — is  expected  to  be  one  of  the  most  effective  tools  for  preparing  new 
layered  heterostructures  because  this  process  can  provide  a  soft  chemical  way  of  hybridizing 
inorganic/inorganic,  organic/inorganic,  and  biological/inorganic  compounds.  This  field  appears 
to  be  very  creative  giving  the  opportunity  to  invent  an  almost  unlimited  set  of  new  compounds 
(hybrid  compounds)  with  a  large  spectrum  of  known  or  unknown  properties.  As  a  consequence 
of  the  dual  functionality  of  hybrid  materials,  this  area  is  also  a  good  field  for  scouting  smart 
materials.  For  example,  we  were  able  to  realize  a  new  inorganie/organic  hybrid  system  with 
high-Tf  superconducting  properties.  It  is  well  known  that  the  intercalation  reaction  occurs  in 
highly  anisotropic  lamellar  structures  in  which  the  interlayer  binding  forces  are  fairly  weak. 
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compared  with  the  strong  ionocovalcnt  intralaycr  ones.  The  control  of  the  strength  of  interlayer 
interactions  makes  it  possible  to  probe  the  relation  between  interlayer  coupling  and 
superconductivity. 

The  layered  double  hydroxides  (LDHs),  so-called  “anionic  clays”,  have  also  received 
considerable  attention  due  to  their  technological  importance  in  catalysis,  separation  technology, 
optics,  medical  sciences,  and  nanocomposite  materials  engineering.  LDHs  consist  of  positively 
charged  metal  hydroxide,  in  which  the  interlayer  anions  (along  with  water)  are  stabilized  in  order 
to  compensate  the  positive  layer  charges.  The  composition  can  be  generally  represented  as 
xM-'\(0H)2][A"  ]x/ninH20,  where  is  a  divalent  cation  (Mg'",  Ni'",  Cu^",  and  Zn'"),  M'"  is  a 
trivalent  one  (Al^",  Cr'*",  Fc^",  V^",  and  Ga'^")  and  Ax/,,"'  is  an  exchangeable  anion  with  charge  n. 
The  unique  anion  exchange  capability  of  LDHs  meets  the  first  requirement  as  inorganic  matrices 
for  encapsulating  functional  biomolecules  with  negative  charge  in  aqueous  media.  In  this  study, 
we  present  that  the  high-T,  superconducting  intercalate  with  its  remarkable  lattice  expansion  can 
be  applied  as  a  precursor  for  superconducting  colloids  when  dispersed  in  an  appropriate 
solvent [2],  also  that  biomolecules,  such  as  DNA,  ATP  and  antisenses  etc.  can  be  incorporated 
between  hydroxide  layers  by  a  simple  ion-exchange  reaction  to  form  bio-LDH  nanohybrids. 
Moreover,  the  hydroxide  layers  can  play  the  role  not  only  as  reservoir  to  protect  intercalated 
DNA,  but  also  as  nonviral  vector  to  transfer  gene  or  drug  to  the  cell. 

EXPERIMENTAL  DETAILS. 

Organic-inorganic  Nanohybrids 

The  pristine  Bi2Sr2Ca,„.|Cu„|Oy  (m  =  1  and  2)  compounds  were  synthesized  by  conventional 
solid  state  reaction  with  nominal  compositions  of  Bi2Sri,6La(),4CuOx  (Bi2201)  for  m  =  !  and 
Bi2Sri.5Cai.5Cu20y  (Bi2212)  for  m  =  2,  where  the  Sr  ion  is  partially  substituted  by  the  La  ion  or 
Ca  one  to  obtain  single-phase  samples.  The  intercalation  of  an  organic  chain  into  the  pristine 
material  was  achieved  with  the  following  stepwise  synthesis.  First,  the  HgL-intercalated 
Bi2Sr2Ca„,-iCu„,Oy  (m  ^  1  and  2;  Hgl2-Bi2201  and  Hgl2-Bi22l2)  compounds  were  prepared  by 
heating  the  guest  HgL  and  the  pristine  materials  in  a  vacuum-sealed  Pyrex  tube,  as  repotted 
previously.  Then,  the  intercalation  of  organic  chain  molecular  was  carried  out  by  the  solvent- 
mediated  reaction  between  HgL  intercalates  and  alkylpyridinium  iodide.  The  reactants  of  Py- 
CnH2„+|l  (n  =  1,  2,  4,  6,  8,  10,  and  12)  were  obtained  by  reacting  alkyliodide  with  1  M  equivalent 
of  pyridine  in  diethyl-ether  solvent.  The  HgL  intercalates  were  mixed  with  two  excess  reactants 
of  Py-C„H2„+iI,  to  which  a  small  amount  of  dried  acetone  was  added.  Each  solvent-containing 
mixture  was  reacted  in  a  closed  ampoule  at  40  for  6  hours  and  washed  with  a  solvent  blend  of 
acetone  and  diethylethcr  (1:1  volumetric  ratio)  to  remove  the  excess  reactant  of  Py-CnH2i,+  iI.  And 
finally  the  resulting  products  were  dried  in  vacuumf2].  The  superconducting  colloidal  suspension 
could  be  obtained  by  sonicating  the  organic-salt  intercalates  in  acetone  solvent[4],  which  was 
then  deposited  on  a  film  by  electrophoretic  deposition(EPD)  technique  and  subsequent  heating. 
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Bio-inorganic  Nanohybrids. 

The  pristine  MgaAl-NOs-LDH  was  simply  prepared  by  coprecipitation  from  aqueous  solutions 
containing  metal  ions  (Mg(N03)2*6H20  and  A1(N03)3-9H20;  2:1  molar  ratio)  with  dropwise 
titration  of  a  base  (NaOH)  under  nitrogen  atmosphere.  During  the  titration,  the  solution  pH  and 
temperature  were  adjusted  to  10  ±  0.2  and  60  °C,  respectively.  The  resulting  white  precipitate 
was  further  aged  for  24  hrs,  then  collected  by  centrifugation  and  washed  thoroughly  with 
decarbonated  water.  The  biomolecule-LDH  hybrids  were  then  prepared  by  ion-exchanging  the 
interlayer  nitrate  ions  in  the  pristine  LDH  with  various  biomolecules  such  as 
adenosine-5 '-triphosphate  (ATP),  herring  testis  DNA,  fluorescein  5- isothiocyanate  (FITC)  or  c- 
myc  antisense  oligonucleotide  (As-/nyr;  5’  d  (AACGTTGAGGG  GCAT)  3’)  at  pH  =7.  Prior  to 
intercalation,  the  protein  free  DNA  was  extracted  from  the  crude  materials  and  then  sheared  off 
to  the  size  of  500-1000  base  pairs  as  described  in  the  literature  [5].  The  pristine  LDH  was 
dispersed  in  a  deaerated  aqueous  solution  containing  an  excess  of  dissolved,  ATP,  FITC,  DNA, 
and  As-myc  and  reacted  for  48  h  with  a  constant  stirring.  The  reaction  products  were  then 
isolated  and  washed  as  described  above.  The  cellular  uptake  experiments  were  carried  out  for 
FTTC-LDH  and  As-myc-LDH  hybrid.  The  1  JXM  and  3  |XM  of  FITC-LDH  hybrids  were  added  to 
the  6  X  10"^  NIH3T3  cells  and  incubated  for  1,  2,  4,  6,  and  8  hrs,  respectively.  All  the  samples 
washed  with  PBS  buffer,  and  fixed  with  3.7  %  formaldehyde  were  observed  with  a  laser 
scanning  confocal  microscope  (Carl  Zeiss  LSM  410).  HL-60  cells  were  also  used  to  prove  that 
the  LDH  could  act  as  a  drug  delivery  vector  in  gene  therapy.  HL-60  cells  were  exposed  to  As- 
myc  or  As-myc-LDH  hybrid  at  a  final  concentration  of  5,  10,  20  ^uM,  respectively.  Cell  viability 
was  estimated  by  spectrophotometry  measurement  of  the  samples  treated  with  MTT  assay.  MTT 
assay  is  a  colorimetric  assay  that  measures  the  reduction  of  3-(4,5-dimethylthiazol-2-yl)-2,5- 
diphenyl  tetrazolium  bromide  (MTT  reagent)  by  mitochondrial  succinate  dehydrogenase.  Since 
the  reduction  of  MTT  can  only  occur  in  metabolically  active  cells,  the  level  of  activity  is  a 
measure  of  the  viability  of  the  cells. 

DISCUSSION 

Organic-inorganic  Nanohybrids. 

We  have  successfully  synthesized  organic- inorganic  nanohybrids  by  applying  an  intercalation 
technique  systematically  to  Bi-based  cuprate  superconductors,  Bi2Sr2Cam-iCumOy  (m  =1,  2,  and 
3;  BSCCO).  The  synthetic  strategy  for  the  organic-inorganic  hybrids  is  based  on  HSAB  (hard- 
soft-acid-base)  interaction  between  organic  guest  molecules  and  inorganic  host  lattice,  which  is 
illustrated  in  figure  1. 

From  the  particle-size  analyses  and  transmission  electron  micro scopy(TEM)  measurement,  it 
is  found  that  the  plate-like  particles  are  in  the  range  of  50  -  200  nm(Figure  2).  The  electron 
diffraction  (ED)  pattern  for  colloidal  particle  exhibits  characteristic  pattern  of  the  pristine  Bi2212 
lattice  as  shown  in  Figure  2.  All  the  diffraction  patterns  can  be  indexed  as  hi  reflections  for  two- 
dimensional  pseudotetragonal  lattice  of  5.4  x  5.4  A,  which  is  consistent  with  the  host  structure  of 


455 


Bi2212,  According  to  the  AFM  height  profiles  [6],  the  vertical  distance  for  the  delaminated 
Bi2212  sheets  was  determined  to  be  ~20  A,  which  is  comparable  to  the  thickness  of  unit  building 
block  of  the  pristine  Bi2212.  Such  a  finding  can  be  regarded  as  an  evidence  of  effective 
exfoliation  of  host  lattice. 


Figure  1.  Schematic  illustration  of  synthesis  of  the  organic  salt  intercalate  and  superconducting 
film. 

The  film  morphology  plays  an  important  role  in  determining  the  superconducting  property 
such  as  critical  current  density  (Jr).  Especially,  in  order  to  attain  a  high  it  is  important  to 
suppress  the  volume  fraction  and  grain  growth  of  second  phases  such  as  Bi-free  phases  and  Cu- 
frcc  phases,  because  .such  impurity  phases  can  diminish  a  portion  of  superconductor  and  disturb 
the  aligned  grain  growth  of  Bi- based  superconductor.  Therefore,  the  morphology  of 
representative  films  was  examined  by  using  scanning  electron  microscopy  (SEM).  As  shown  in 
Figure  3  a,  no  impurity  phases  could  be  seen  on  the  fdm  heat-treated  at  850  ‘^C  for  5  h.  The  most 
important  problem  in  achieving  high  film  is  the  c-axis  orientation,  since  the  c-axis  tilt  and 
twist  boundaries  could  act  as  weak  links  [7-8].  According  to  the  cross-sectional  view  of  Bi2212 
film,  we  found  that  the  Bi22i2  film  is  highly  textured  grain  along  c-axis.  Such  a  result  indicates 
that  delaminated  Bi2212  nanosheets  are  expected  to  be  excellent  precursor  for  fabricating  the 
superconducting  thin  or  thick  film  and  wire. 
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Figure  2.  TEM  and  ED  pattern  of  superconducting  colloidal  particles. 


Figure  3.  The  SEM  surface  morphology  and  cross-sectional  view  of  the  fabricated  super¬ 
conducting  film  by  electrophoretic  deposition. 

Bio-inorganic  Nanohybrids 

The  purpose  of  this  study  is  not  only  to  prepare  new  bio-inorganic  nanohybrids  but  also  to 
present  biotechnological  applications  of  inorganic  materials,  such  as  inorganic  gene  reservoirs  or 
nonviral  drug  delivery  carriers. 
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Nano-sizcd  inorganic  clay,  layered  double  hydroxide  (LDH),  has  been  demonstrated  as  an 
excellent  reservoir  and  delivery  carrier  for  genes  and  drugs  by  hybridizing  with  adenosine  tri- 
phosphate(ATP),  DNA  and  antisense  oligonucleotide  (As-wvc),  and  also  with  fluoresceine  5- 
isothiocyanate  (FITC).  According  to  X-ray  diffraction  pattern,  the  interlayer  distance  of  LDH 
increases  from  0.87  nm  (for  NO.,  )  to  2.39  nm  (DNA),  1.94  nm  (ATP).  1.88  nm  (FITC),  and  1 .71 
nm  (As-myc),  respectively,  upon  intercalating  of  biomolcculcs  into  hydroxide  layers.  (Figure.  1) 


Figure  1.  Powder  X-ray  diffractions  for  (a)  the  pristine  LDH.  (b)  DNA-LDH.  (c)  ATP-LDFI,  (d) 
FITC-LDH,  and  (e)  As-myc-LDH. 

In  the  case  of  DNA-LDH  hybrid,  it  was  found  that  the  hybrid  has  the  gallery  height  of  19.1  A, 
which  is  consistent  with  the  thickness  of  a  DNA  molecule  (~20  A)  in  a  double  helical 
conformation,  with  the  interlayer  DNA  molecules  arranged  parallel  to  the  basal  plane  of 
hydroxide  layers.  From  the  CD  (cyclodichroisin)  analysis,  the  CD  band  of  DNA-LDH  hybrid 
was  observed  at  the  same  wavelength  compared  with  the  band  of  ordinary  B-form  DNA,  which 
means  that  the  intei'calated  DNA  is  stable  between  the  hydroxide  layers.  Figure  2  represents  the 
electrophoretic  analysis  of  DNA-LDH  hybrid,  which  shows  that  the  DNA-LDH  hybrid  has  pH 
dependent  property.  There  arc  no  DNA  bands  beyond  pH  =  3,  indicating  that  the  DNA  molecules 
in  hybrid  sy.stem  are  quite  stable  even  in  weak  acidic  atmosphere.  However,  the  DNA  bands 
appeared  when  the  hybrids  arc  treated  in  a  strong  acidic  media  below  pH  =  2,  since  the 
hydroxide  layers  arc  dis.solvcd  in  such  acidic  condition  (lane  1-10).  From  the  DNA  elution  as 
shown  in  lane  11  and  12,  it  can  be  deduced  that  the  DNA-LDH  hybrid  can  protect  DNA  from 
DNase  I  enzyme.  Consequently,  the  electrophoretic  analysis  reveals  that  the  DNA-LDFI  hybrid 
plays  a  role  as  a  gene  reservoir. 
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Figure  2.  Electrophoresis  analyses  for  the  DNA-LDH  hybrids  with  respect  to  pH.  The  pH 
of  the  solution  dispersed  with  hybrid  was  adjusted  to  7.5,  6.0,  5.0,4.0,  3.0,  2.0  and  1.0, 
respectively,  by  adding  IM  HCl.  Lane  1;  A.  /  Hind  III  cut  DNA  marker  (descent  to  23.1, 
9.4,  6.5,  4.3,  2.3,  2.0  kbp),  lane  2;  500  bp  DNA  marker,  lane  3;  DNA  and  lane  4-10; 
DNA-LDH  hybrids  at  pH  7.5,  6,  5,  4,  3,  2,  and  1,  respectively,  lane  11  ;  DNA-LDH 
hybrid  treated  with  DNase  I  and  DNA  recovered  by  acid  treatment.  Lane  12;  DNA  only 
treated  with  DNase  I. 


3gM,  3pM,  3\iM,  3jiM, 


Figure  3.  Laser  confocal  fluorescence  microscopy  of  fluorophore  in  NIH3T3  cells. 
bxlO'^cells/well  were  incubated  with  (a)l  jxM  of  FITC-LDH  for  1,  4,  and  8  hrs  respectively,  (b) 
with  3  jaM  FITC-LDH  for  1,  2,  6,  and  8  hrs  respectively.  The  FITC  only  fluorescence 
microphotograph  was  obtained  with  5  pM  FITC  only.  The  bar  is  10  pm. 

Figure  3  represents  the  cellular  uptake  experiments  of  FITC-LDH  hybrid,  which  is  compared 
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with  FITC  only.  The  amount  of  FITC  transferred  into  NIN3T3  cells  is  measured  directly  from 
laser  scanning  confocal  microscopy  [9-1 1].  It  is  found  that  the  cellular  uptake  rate  increases  with 
respect  to  the  incubation  time  and  the  concentration  of  FITC-LDH  hybrid,  although  FITC  itself 
can  not  be  transferred  into  the  cells.  This  is  evidence  that  the  FITC-LDH  hybrid  has  an 
advantage  in  the  cellular  uptake,  which  is  thought  to  be  influenced  by  the  charge  of  transferring 
species.  The  neutralized  FITC-LDH  hybrid  nanoparticlcs  can  be  transferred  into  the  cell  more 
effectively  than  the  charged  FITC  molecules  through  phagocytosis  or  endocytosis.  So  it  is 
obvious  that  FITC-LDH  hybrid  can  play  a  role  as  a  nonviral  delivery  vector. 

We  also  carried  out  experiments  on  the  suppression  of  cancer  cell  division  assuming  that  the 
biomolecule-LDH  hybrid  can  be  utilized  in  gene  therapy.  Figure  4  shows  the  effect  of  As-myc- 
LDFI  hybrid  on  the  growth  of  cancer  cell  such  as  HL-60.  The  sequence  of  As-«?yr  is  5’ d 
(AACGTTGAGGGGCAT)  3’,  complementary  to  the  initiation  codon  and  the  next  four  codons 
of  c-myc  inRNA,  which  can  act  as  inhibitor  for  cancer  cell.  HL-60  cells  treated  with  k's-myc- 
LDH  hybrids  exhibit  time-dependent  inhibition  on  cell  proliferation,  indicating  nearly  65  %  of 
inhibition  on  the  growth  compared  to  the  untreated  cells,  after  4  days.  In  other  words,  the  growth 
of  HL-60  cells  treated  with  As-myc  hybrid  is  only  about  35  %  compared  with  those  treated  with 
As-myc  only. 


Time  ( Cluj'S ) 


Figure  4.  Effect  of  A-myc-LDH  hybrids  and  As-myc  only  on  the  growth  of  HL-60  cells. 
Controlled  cells  are  incubated  without  any  treatment.  The  final  concentration  of  each  material 
was  20pM. 

Since  Figure  4  reveals  that  LDH  itself  docs  not  inhibit  the  growth  of  HL-60  cells,  the 
suppression  effect  of  cancer  cell  is  purely  affected  by  As-myc-LDH.  These  imply  that  As-wiycs 
are  incorporated  into  cells  and  eventually  inhibit  the  growth  of  cancer  cells  thanks  to  the 
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hybridization.  It  was  also  reported  that  the  growth  inhibition  effect  is  time  and  dose 
dependent [12].  It  is  concluded  that  LDH  can  protect  and  deliver  the  intercalated  oligonucleotide, 
and  that  interlayer  As-myc  can  be  effectively  released  from  the  hydroxide  layer  into  cell  fluids 
under  physiological  salt  condition.  Based  on  these  findings,  it  is  proved  that  LDHs  can  act  as  a 
new  inorganic  carrier  in  gene  therapy  that  is  completely  different  from  existing  nonviral  vectors. 

CONCULSION 

New  classes  of  inorganic/inorganic  and  organic/inorganic  heterostructures  with  high-Tc 
superconductivity  can  be  synthesized  by  hybridizing  metal  halides  or  organic  salts  with  Bi-based 
cuprates.  These  compounds  are  believed  to  be  promising  precursor  materials  for  superconducting 
nanoparticles,  thin  or  thick  films,  and  wires.  And  also,  we  are  able  to  demonstrate  that  the 
biomolecules  can  be  intercalated  into  LDH  via  ion-exchange  reaction  to  construct  bio-inorganic 
nanohybrid  and  that  inorganic  supramolecules,  such  as  the  LDHs  with  nanometer  size,  can  play 
excellent  roles  as  reservoir  for  biomolecules  and  as  delivery  carrier  for  gene  and  drugs. 
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ABSTRACT 

Noble  gases  are  generally  very  insoluble  in  solids.  For  example,  Xe  implanted  into  Al  at  300  K 
forms  a  fine  dispersion  of  crystalline  precipitates  and,  at  large  enough  fluence,  fluid  precipitates, 
both  of  which  are  stabilized,  relative  to  the  gas  phase,  by  the  Laplace  pressure  due  to 
precipitate/matrix  interface  tensions.  High  resolution  electron  microscopy  has  been  performed  to 
determine  the  largest  Xe  nanocrystalline  precipitate  in  local  equilibrium  with  fluid  Xe  precipitates 
within  the  Al  matrix.  From  the  shape  and  size  of  the  largest  crystal  and  the  Laplace  pressure 
associated  with  its  interface,  we  show  that  the  interface  tensions  can  be  derived  by  setting  the 
Laplace  pressure  equal  to  the  pressure  for  solid/fluid  Xe  equilibrium  derived  from  bulk  Xe 
compression  isotherms  at  the  temperature  of  equilibration  and  observation.  The  Xe/Al  interface 
tensions  thus  derived  are  in  the  range  of  accepted  values  of  surface  tensions  for  the  Al  matrix. 
Furthermore,  it  is  suggested  that  this  same  technique  may  be  employed  to  estimate  unknown 
surface  tensions  of  a  solid  matrix  from  the  size  and  shape  of  maximal  nanocrystals  of  a  noble  gas 
element,  which  have  been  equilibrated  in  that  matrix  at  the  temperature  of  observation. 


INTRODUCTION 

The  existence  of  nanometer-sized  crystals  of  noble  gas  atoms  was  first  recognized  in  1 984  in 
specimens  of  Al  into  which  Kr  had  been  implanted  [1].  The  phenomenon  has  now  been  studied  for 
various  noble  gases  including  Ne,  Ar,  Kr  and  Xe  in  a  number  of  metallic  and  non-metallic 
matrices,  a  good  review  of  which  is  that  by  Templier  [2].  More  recently  with  the  emergence  of 
high  resolution  transmission  electron  microscopy  (HREM)  as  an  analytical  tool  during  in  situ 
experiments,  we  have  studied  the  behavior  of  Xe  nanoprecipitates  in  Al  with  emphasis  on  electron 
irradiation  effects  that  result  in  dynamic  shape  changes,  faulting,  migration  and  coalescence  of  the 
Xe  precipitates  [3-6],  In  this  contribution,  we  will  demonstrate  that  the  upper  limit  in  size  of  a  Xe 
nanocrystal  in  Al  at  300  K  is  consistent  with  the  pressure  for  solid/fiuid  equilibrium  determined 
from  published  bulk  isothermal  compression  data  for  Xe.  Generalizing  this  result,  we  then  will 
suggest  that  the  surface  tensions  of  any  host  matrix  can  be  estimated  experimentally  by  locally 
establishing  solid/fluid  equilibrium  at  any  temperature  for  which  appropriate  bulk  isothermal 
compression  data  have  been  established  and  then  measuring  the  size  of  the  largest  solid 
nanoprecipitate.  From  the  dimensions  of  the  largest  solid  particle  an  estimate  of  the  surface 
tensions  of  the  corresponding  facets  may  then  be  determined.  The  major  assumption  is  that  the 
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surface  tensions  of  the  matrix  phase  are  well  approximated  by  the  noble  gas/matrix  interface 
tensions. 

The  largest  Xe  nanociystal  in  A!  has  been  estimated  previously  [7]  from  the  largest  observed 
nanocrystal  when  fluid  precipitates  are  also  present  to  be  about  3  nm  in  diameter.  The  surface 
tension  of  A1  would  then  be  deduced  to  be  about  0.5  J  nr;  the  actual  value  is  closer  to  1  J  m  \  In 
this  case,  however,  the  specimen  was  heated  to  several  hundred  deg  C,  followed  by  cooling  to 
300  K  for  TEM  observation.  Because  of  the  large  thermal  expansion  coefficient  difference 
between  solid  or  fluid  Xe  and  Al,  the  Laplace  pressure  at  the  lower  temperature  would  no  longer 
be  the  equilibrium  pressure  for  the  Xe  precipitates,  and  the  precipitates  arc  in  effect  under- 
pressurized  relative  to  equilibrium.  Thus  the  largest  observed  nanocrystal  is  then  not  the  largest 
such  precipitate  which  can  exist  at  300  K.  The  difficulty  therefore  is  to  locally  equilibrate  the 
system  at  the  temperature  of  observation.  We  have  done  this  at  300  K  using  a  low  flux  electron 
beam  in  a  1  MeV  high  voltage  TEM  (HVEM)  in  which  the  observations  were  subsequently  made 
at  high  resolution. 

Laplace  pressure 

Laplace  pressure  P  may  be  defined  by  the  principle  of  virtual  work  which  relates  work  done 
in  enlarging  a  volume  V  and  that  in  enlarging  the  surface  S  associated  with  that  volume.  In 
variational  form  the  principle  of  virtual  work  may  be  written  P5V  =  TSS  where  E  is  surface 
tension.  For  a  spherical  bubble  of  radius  R,  this  yields  the  familiar  relation,  P  =  IF/R.  For  a  bubble 
in  a  matrix,  P  is  the  Laplace  pressure  and  F,  the  interfacial  tension.  Because  the  surface  tension  of 
Al  is  not  isotropic,  voids  in  Al  and  hence  Xe  nanoprecipitates  in  Al  arc  faceted,  assuming  the 
shape  of  cuboctahedra  (or  more  properly  tetrakaidecahedra)  defined  by  { 1 1 1 }  planes  truncated  by 
{200}  facets,  as  illustrated  in  Fig.  la.  Again  the  Laplace  pressure  can  be  derived  for  this 
geometry.  The  reality  of  the  Laplace  pressure  is  manifested  by  the  fact  that  the  lattice  parameter 
of  a  Xe  nanocrystal  in  Al,  typically  a  few  nanometers  across,  is  measurably  smaller  the  smaller  the 
crystal. 


Xe  precipitates  in  Al  are  cuboctahcdral,  and  the  two  relevant  surface  tensions  arc  F’^'  and 
F“''*'.  It  is  convenient  to  derive  the  Laplace  pressure  for  this  case  in  terms  of  dimensional 
parameters,  a  and  h,  which  arc  easily  measured  from  HREM  micrographs  in  f  1 10]  orientation. 
These  parameters  arc  defined  in  Fig.  lb.  Remembering  that  under  equilibrium  conditions  the 
shape  of  the  cavity  is  related  to  the  surface  tensions  by  the  Wulff  construction,  it  is  easily  shown 
that  the  following  conditional  test  for  equilibrium  shape  holds: 

h/a-  1  -(F'WosO.  (1) 

where  0  =  54.7°  is  the  angle  between  ( 1 1 1 )  and  (200).  Thus,  if  the  quantity  h/a  is  independent  of 
cavity  size,  the  system  is  in  equilibrium.  This  neglects  corrections  to  the  free  energies  involved 
arising  from  contributions  due  to  edges  and  corners  of  the  cavity  surface;  such  contributions  are 
not  observably  significant  for  the  relatively  large  sizes  we  arc  interested  in  here  [8]. 

For  the  cuboctahcdral  case,  the  Laplace  pressure  (equilibrium),  derived  using  the  principle  of 
virtual  work  and  letting  h/a  =  x,  is  given  by 
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(2) 


V3  (1  -  3x2)  pill  ^ 
a(  1-3x3) 


\aj 


Figure  1.  (a)  Cuboctohedron.  (b)  Projection  of  cuboctohedron  in  <1 10>  defining  quantities  a  and 
h  for  equation  2  in  which  x  =  h/a. 


EXPERIMENTAL  PROCEDURES 

A  conventional  TEM  specimen  of  annealed  5N  A1  was  prepared  by  jet  electropolishing 
followed  by  implantation  of  35  keV  Xe  from  one  side  to  a  relatively  large  fluence  of  2x10"”  m‘~  at 
300  K.  This  fluence  is  sufficient  to  produce  a  mixture  of  crystalline  and  fluid  Xe  precipitates  in  the 
region  of  largest  Xe  concentration.  Because  the  concentration  of  Xe  is  a  function  of  depth  in  the 
A1  below  the  surface  of  implantation  a  rather  broad  distribution  of  precipitate  sizes  results  so  that 
the  system  as  a  whole  is  far  from  equilibrium.  Monte  Carlo  simulation  by  TRIM  95  [3]  predicts 
the  end  of  range  of  this  Xe  implant  to  be  25  nm. 

As  indicated  above,  the  specimen  was  locally  equilibrated  by  about  8  hours  of  irradiation  with 
1  MeV  electrons  at  an  estimated  flux  of  10^^  -10^'^  m'^  s  '  ,  corresponding  to  a  displacement  rate 
in  the  A1  of  about  0.006-0.06  dpa/s.  This  irradiation  and  the  subsequent  high  resolution 
observation  was  performed  in  the  JEOL  ARM- 1000  HVEM  at  the  National  Research  Institute  for 
Metals  (now  the  National  Institute  for  Materials  Science)  at  Tsukuba,  Japan.  Details  of  the 
instrumentation  and  of  the  particular  procedures  involved  in  the  high  resolution  observation 
process  for  these  very  fine  precipitates  have  been  described  elsewhere  [9]. 


465 


Figure  2.  High  resolulion  TEM  micrograph  of  Xe-Al  alloy  in  [110].  equilibrated  by  1  MeV 
electron  irradiation  at  300  K.  A  near-maximally  si7ed  Xe  nanocrystal  and  corresponding 
selected  area  diffraction  pattern  from  a  larger  area. 


RESULTS  AND  DISCUSSION 

In  order  to  determine  a  reliable  value  for  the  largest  Xc  nanocrystal  in  this  experiment  it  was 
necessary  to  examine  images  of  literally  thousands  of  precipitate  particles,  in  our  case  in  more 
than  30  images  recorded  at  600-800  kX.  In  this  population  a  single  nanocrystal  proved  to  be  of 
maximum  size,  with  more  than  a  dozen  about  0,3  nm  .smaller  (spacing  of  200  facets  of  the  Xe 
nanocrystals).  This  largest  nanocrystal  is  shown  in  Fig.  2  and  has  200  facet  spacing  of 
approximately  9.85  nm  (images  are  calibrated  by  the  200  A1  lattice  h  inges).  The  reason  for  the 
scarcity  of  such  maximal  particles  is  due  to  the  mechanism  of  Xc  particle  growth  which  is  not  a 
classical  diffusion-dependent  Ostwald  ripening  mechanism  involving  continuous  size  changes  but 
rather  growth  by  coalescence  during  thermal  or  irradiation-induced  particle  migration,  resulting  in 
discontinuous  increases  in  size  [3,3]. 

Fig.  2  is  a  small  part  of  an  HREM  image  in  which  two  sets  of  1  1 1  facets  and  one  set  of  200 
facets  arc  imaged  edge-on  for  several  Xe  nanocrystals  whose  sizes  (200  facet  spacings)  range 
from  approximately  3  to  9.8  nm.  If  a  Xe  nanocrystal  is  in  equilibrium  with  its  immediate 
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neighborhood,  the  ratio  of  interface  tensions  and  is  just  the  ratio  of  the  corresponding 
facet  spacings  for  any  sized  nanocrystal  (again  think  of  the  Wulff  construction).  For  the  largest  Xe 
nanocrystal  in  Fig.  2  this  ratio  is  about  1 .05  (200  facet  spacing  divided  by  the  average  of  the  1 1 1 
facet  spacings).  This  is  not  quite  a  perfect  cuboctahedron  as  defined  for  equation  1.  To  determine 
the  Laplace  pressure  for  a  perfect  cuboctahedron  with  200  facet  spacing  of  9.85  nm,  the  following 
parameters  were  deduced  graphically  from  Fig.  2:  a  =  8.32  nm,  h/a  =  O.387  and  =  1 .05. 

The  pressure  for  solid  to  fluid  transition  of  bulk  Xe  under  isothermal  compression  at  293  K  is 
0.41  GPa  [10].  From  equation  2  with  the  Laplace  pressure  P  =  0.41  GPa,  we  thus  deduce  F'"  to 
be  1 .00  J  m'^  and  to  be  1.05  J  m  ".  There  are  no  comparable  experimental  values  determined 
at  such  a  temperature  for  Al.  Generally,  values  for  (isotropic)  surface  energies  presented  for  300 
K  are  actually  determined  at  some  elevated  temperature  such  as  near  or  at  the  melting  point  and 
extrapolated  to  lower  temperatures  employing  an  estimate  of  surface  entropy  of  the  solid  (for 
example,  see  [11]).  Such  values  range  from  0.98  J  m‘^  [12]  to  1.9  J  m’"  [1 1].  A  value  of  1.14  ± 

0.2  J  m'-  was  determined  from  void  shrinkage  kinetics  in  Al  at  150-200  '"C  [13].  From  the  size  of 
the  largest  Xe  nanocrystal  which  can  exist  in  local  equilibrium,  we  are  able  to  estimate  the  surface 
tensions  of  the  matrix  void  facets  even  at  temperatures  for  which  thermal  equilibration  or  kinetic 
phenomena  are  not  achievable. 

We  suggest  that  this  type  of  experiment  involving  implantation  of  a  heavy  noble  gas,  an 
insoluble  solute,  into  a  well  defined  matrix  phase,  followed  by  local  equilibration  of  the  system  to 
produce  the  maximal  solute  nanocrystal  may  be  employed  to  experimentally  estimate  unknown 
surface  tensions  for  the  matrix  material.  The  equilibration  step  can  be  performed  thermally 
provided  the  same  temperature  is  employed  for  evaluation  or  by  moderate  flux  electron  irradiation 
provided  the  electron  energy  is  above  the  threshold  for  host  atom  displacement.  In  either  case, 
there  must  be  no  residual  strain  field  in  the  matrix  associated  with  the  noble  gas  precipitate.  The 
most  accurate,  but  not  necessarily  the  easiest  way  to  image  the  precipitates  for  measurement  is  to 
use  high  resolution  TEM.  Other  methods  which  are  simpler  but  somewhat  less  accurate,  largely 
because  of  magnification  calibration  errors  which  can  be  absent  in  the  high  resolution  case,  are 
dark  field  imaging  employing  1 1 1  or  200  Xe  reflections  or  Fresnel  contrast  imaging,  usually 
underfocus,  in  bright  field,  in  which  case  a  defocus  value  dependent  correction  for  the  separation 
between  the  Fresnel  fringes  and  the  facet  spacing  should  be  made. 


CONCLUSIONS 

Indeed,  Xe  nanocrystals  in  Al  can  teach  us  something  in  Materials  Science,  in  this  case 
something  which  is  very  difficult  to  determine  experimentally.  We  have  shown  that  one  may 
reliably  estimate  the  { 1 1 1 }  and  { 200}  surface  tensions  for  high  purity  Al  from  high  resolution 
TEM  of  an  equilibrated,  high  dose  implant  of  Xe  at  300  K.  The  values  determined  in  this  way  are 
consistent  with  classically  accepted  values,  indicating  that  the  matrix  surface  tensions  are  well 
approximated  by  the  matrix/precipitate  interfacial  tensions.  In  addition  to  demonstrating  the 
reality  of  the  Laplace  pressure  associated  with  cavities  in  Al  filled  with  Xe,  the  method  suggests  a 
new  way  of  estimating  surface  tensions  of  a  wide  variety  of  crystalline  matrix  materials,  including 
pure  metals,  alloy  phases  and  ceramics. 
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EXPLORING  THE  CONSEQUENCES  OF  NEGATIVE  TRIPLE  JUNCTION  ENERGY 

Gaurav  K.  Gupta  and  Alexander  H.  King 
School  of  Materials  Engineering,  Purdue  University, 

West  Lafayette,  IN  47907-1289 


ABSTRACT 

We  have  investigated  the  consequences  of  negative  triple  junction  energy  in  grain  growth.  Two 
and  three-dimensional  models  for  total  system  energy,  incorporating  varying  triple  junction  energy 
are  developed.  These  models  show  that  there  is  a  decrease  in  overall  system  energy  with  grain  size 
corresponding  to  the  driving  force  for  grain  growth.  Although  the  free  energy  available  to  drive 
grain  growth  is  reduced  under  some  conditions,  it  is  never  removed  for  any  reasonable  values  of 
the  triple  junction  energy. 

INTRODUCTION 

Ultrafine-grained  materials  are  characterized  by  a  very  high  density  of  grain  boundaries.  Palumbo 
and  Aust  [1]  have  pointed  out  that  in  the  nanometer  grain  size  regime,  the  density  of  triple 
junctions  also  becomes  a  potentially  important  consideration,  with  the  volume  of  triple  junction 
material  exceeding  the  volume  of  grain  boundary  material  at  a  grain  size  of  about  3  nanometers.  If 
triple  junctions  have  properties  that  differ  from  those  of  the  grain  boundaries  [2]  then  they  may 
exert  a  powerful  influence  upon  materials  behavior  in  nanostructured  materials. 

Srinivasan,  Cahn  and  Kalonji  [3]  have  suggested  that  triple  junctions  may  have  “negative”  energy 
and  this  would  certainly  be  expected  to  result  in  unusual  behaviors  wherever  there  is  a  large 
concentration  of  triple  junctions  in  a  material.  In  fact,  “negative”  triple  junction  energy 
corresponds  to  an  energy  that  is  lower  than  that  of  the  adjacent  grain  boundaries,  but  is  still  greater 
than  the  energy  of  the  corresponding  crystalline  material.  Even  with  this  understanding,  its 
existence  remains  somewhat  controversial  [4]. 

The  puipose  of  this  paper  is  to  investigate  the  possible  effects  of  reduced  triple  junction  energy  on 
the  overall  driving  force  for  grain  growth,  to  see  if  it  can  contribute  to  the  stabilization  of  ultrafine 
microstructures.  At  its  most  basic  level,  the  driving  force  for  grain  growth  is  the  reduction  of 
interfacial  energy  that  accompanies  increasing  grain  size,  and  we  compute  this  overall  interfacial 
energy  taking  account  of  grain  boundaries,  triple  junctions  and  quadruple  points  as  potentially 
different  components  of  the  microstructure.  The  computations  are  performed  for  model 
microstructures  corresponding  to  columnar-grained  thin  films,  and  equiaxed  bulk  polycrystals. 

2-D  MODEL 

We  consider  a  microstructure  comprising  uniformly  sized  regular,  hexagonal  grains  with  edge 
length  'a’  and  a  grain  boundary  thickness  '5' .  The  grain  boundaries  (GBs)  are  rectangular  slabs 
and  the  triple  junctions  (TJ’s)  are  equilateral  triangular  prisms  as  shown  in  Fig.  1 .  There  are  no 
quadruple  points.  The  energy  of  the  system  depends  on  the  amounts  of  the  various  features  present 
in  it,  which  vary  with  the  grain  size.  Fig,2  shows  a  plot  of  the  cumulative  volume  fractions  of  the 
various  features  with  varying  equivalent  cylindrical  grain  diameter.  Assigning  reasonable 
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Fig.1 :  Regular  hexagonal  grains  showing  Fig. 2:  Cumulative  volume  fractions  of 

GB’s  and  TJ’s.  different  components  as  a  function  of  the 

grain  size,  for  a  GB  thickness=0.5nm,  for  the 
2-D  model.  At  a  grain  size  of  2nm,  the  solid 
comprises  of  54.4%  Grain  Interiors,  an 
additional  38.7%  of  GB  material,  and  6.8% 
of  TJ  material. 

values  to  the  GB  and  TJ  energies  we  examine  the  behavior  of  the  system  energy.  No  variation  of 
energy  among  the  GBs  or  the  TJs  is  considered,  i.e.  we  adopt  a  “uniform  boundary”  model,  and 
we  assume  that  no  interaction  energies  exist  among  the  various  defects  in  the  system,  so  the 
energies  of  the  individual  components  can  be  straightforwardly  summed.  The  energies  assigned  to 
the  defects  were: 

GB  energy  =  1  J/nr,  corresponding  to  an  energy  density  of  1/6  J/m^ 

TJ  energy  density  varying  between  90%  and  10%  of  the  GB  energy  density. 

corresponding  to  a  range  of  modest  through  extreme  cases  of  “negative”  TJ  energy.  These  arc  all 
excess  Gibbs  free  energies  associated  with  the  defects.  The  energy  of  the  grain  interior  is  the 
ground  state  for  the  system,  and  is  arbitrarily  set  to  zero.  Fig. 3  shows  the  corresponding  system 
energy  as  function  of  the  grain  size,  in  the  nanometer  range.  In  order  to  account  for  the  possibility 
that  the  grain  boundary  structure  (and  hence  energy)  also  varies  with  grain  size  [5]  we  have 
investigated  a  model  in  which  the  GB  width  varies  inversely  with  grain  size.  For  modeling 
purposes  we  choose  the  following  variation: 


8  =  1  nm 

for  d  <  Inm 

8=  (9.5-0.5d)/9 

for  1  <  d  <  lOnm 

II 

p 

for  d  >  lOnm 

The  results  for  the  above  variation  are  shown  in  Figs.4  and  5. 


3-D  MODEL 

As  a  model  three-dimensional  case  we  adopt  a  structure  comprising  regular  Tctrakaidccahcdron- 
shaped  (TKD)  grains  with  edge  length  V/’  and  GB  thickness  6  as  shown  in  Fig. 6.  The  TKD  is  a 
!4-sidcd  figure  with  8  hexagonal  and  6  square  sides,  that  is  frequently  used  as  an  approximant 
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g.3;  Variation  of  system  energy  with  grain  size, 
for  GB  thickness=0.5nm,  for  the  2-D  model. 


Fig.5  :  Variation  of  system  energy  with  grain  size, 
for  variable  GB  thickness,  for  the  2-D  model. 


Grain  Size  (nm^ 

Fig.4  :  Variation  of  cumulative  volume 
fraction  with  grain  size,  for  variable  GB 
thickness,  for  the  2-D  model. 


Fig.6  :  A  few  TKD’s  stacked  in  space. 


Grain  Size  fnm^ 


Fig.7  :  Variation  of  cumulative  volume  fraction 
with  grain  size,  GB  thickness=0.5nm,  for  the  3- 
D  model. 


Fig-8:  Variation  of  system  energy  with  grain 
size,  for  GB  thickness=0.5nm,  for  the  3-D 
model.  QPE=GBE. 
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Flg.9  :  Variation  of  system  energy  with  grain 
size  for  GB  thickness=0.5nm,  for  the  3-D 
model.  QPE=80%GBE. 


Fig. 10:  Variation  of  cumulative  volume 
fraction  with  grain  size,  with  varying  GB 
thickness,  for  the  3-D  model.  The  variation 
of  GB  thickness,  to  model  varying  GB 
properties  at  small  grain  size,  is  described 

in  tho  tovt 


to  the  .shape  of  a  three-dimensional  grain,  because  it  can  fill  space  without  leaving  any  voids  and  it 
preserves  the  topology  and  proper  connectivity  of  all  significant  features  (GBs.  TJs  and  QPs).  For 
any  fixed  grain  boundary  thickness,  the  triple  junctions  arc  polyhedra  with  uniform,  isosceles 
triangular  cross  section  (since  the  sides  of  the  TKD  do  not  meet  at  120°).  The  quadruple  points 
(QPs)  arc  tclrahcdra  with  four  equal  faces  in  the  shape  of  isosceles  triangles.  The  grain  interior 
becomes  an  irregular  TKD  when  the  intcrfacial  thickness  is  considered.  The  cumulative  volume 
fractions  of  the  various  features  vary  with  grain  size,  as  shown  in  Fig. 7.  Assigning  reasonable 
values  to  the  QP,  TJ  and  GB  energies  we  can  study  the  variation  of  the  system  energy  with  grain 
size,  which  is  characterized  as  the  equivalent  sphere  diameter.  The  energy  values  chosen  arc: 

Case  1 :  GB:  I  J/nT;  [TJ]:  90%  -  10%  [GB];  [QP]  =  [GB] 

Case  2:  GB:  IJ/nT;  [TJ]:  90%  -  1 0%  [GB];  [QP]  =  80% [GB] 


Where  [xx]  =  Energy  density.  Figs.  8  and  9  show  the  corresponding  system  energy  as  a  function  of 
the  grain  size,  in  the  nanometer  range.  Now  we  vary  the  GB  width  with  grain  size  in  a  fashion 
similar  to  that  done  in  the  2-D  model,  and  see  how  the  volume  fractions  and  the  system  energy 
change.  The  results  for  the  above  variation  arc  shown  in  Figs.  10,  1  land  12. 

DISCUSSION 

In  our  models,  the  volume  fractions  of  the  various  features  (grain  interiors,  GBs,  TJs)  arc 
calculated  as  a  function  of  the  grain  size,  using  simple  geometry,  and  elementary  simplifying 
assumptions.  Any  possible  effect  of  grain  size  on  grain  boundary  structure  or  energy  is  included 
by  allowing  the  grain  boundary  width  to  vary  at  the  smallest  grain  diameters.  Intcrfacial  material 
is  an  increasingly  dominant  fraction  of  the  solid  volume  as  grain  size  decreases,  and  at  extremely 
small  grain  sizes,  the  grain  junctions  (TJs  and  QPs)  can  occupy  as  much  volume  as  the  grain 
boundaries  themselves. 
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Fig.11 :  Variation  of  system  energy  with  grain  Fig. 12:  Variation  of  system  energy  with  grain 

size,  for  variable  GB  thickness,  for  the  3-D  size  for  variable  GB  thickness,  for  the  3-D 

model.  QPE=GBE  model.  QPE=80%GBE. 

A  negative  derivative  of  the  system  energy  with  respect  to  grain  size  represents  the  global  driving 
force  for  grain  growth,  although  local  topological  effects  are  not  considered  in  this  model.  In  a  few 
of  our  calculations  we  find  cases  where  the  curve  has  a  minimum  and  the  derivative  becomes 
positive  over  some  range  of  grain  sizes.  The  energy  minimum  would  correspond  to  a  stable  grain 
size,  in  the  absence  of  any  local  topological  effects.  All  minima  discovered  in  this 
work,  however,  occur  for  extreme  cases  of  negative  TJ  energy,  and  at  unphysically  small  grain 
sizes,  for  which  the  volume  of  grain  interior  material  is  smaller  than  the  volume  of  interfacial 
material.  Based  on  the  observed  variability  of  TJ  properties  [6],  we  believe  that  it  is  extremely 
unlikely  that  all  of  the  TJs  in  the  polycrystal  would  have  the  same  energy,  and  it  is  even  more 
unlikely  that  it  would  be  as  low  as  necessary  to  stabilize  the  microstructure,  on  the  basis  of  the 
removal  of  driving  force  alone.  At  the  most,  “negative”  TJ  energy  might  be  expected  to  slow 
grain  growth  at  nanocrystalline  grain  sizes,  relative  to  the  expected  high  rates,  but  it  does  not 
provide  a  mechanism  for  halting  it.  Observations  of  reduced  grain  growth  rates  have  been 
reported  for  nanocrystalline  Fe  [7]  but  the  effect  is  maximized  at  a  grain  diameter  somewhere 
between  20  and  30nm  -  about  an  order  of  magnitude  greater  than  the  grain  size  at  which  any  effect 
of  “negative”  TJ  energy  could  be  expected.  Although  varying  grain  boundary  width  can  move  the 
energy  minimum  to  slightly  higher  grain  sizes,  it  is  doubtful  that  any  systematic  change  of  grain 
boundary  properties  with  grain  size  would  allow  it  to  reach  20nm,  for  any  reasonable  value  of  TJ 
energy.  We  believe  that  the  observed  retardation  of  grain  growth  is  due  to  impurity-induced 
pinning,  or  triple-junction  drag  [8]. 

A  curious,  and  possibly  unphysical  feature  of  our  computations  occurs  at  extremely  small  grain 
sizes  -  typically  below  one  nanometer,  depending  on  the  exact  choice  of  TJ  energy.  At  these  grain 
sizes,  the  TJ  volume  fraction  is  comparable  to  the  GB  volume  fraction  and  the  increasing  volume 
of  low-energy  TJ  material,  as  grain  size  shrinks,  produces  a  positive  derivative  of  energy  with 
respect  to  grain  size.  This  corresponds  to  a  global  driving  force  for  grain  shrinkage,  below  some 
critical  grain  size.  If  grain  shrinkage  really  does  occur,  then  the  result  might  be  the  spontaneous 
amorphization  of  the  material,  once  the  grain  size  is  reduced  below  the  critical,  metastable  value, 
Amorphization  of  various  materials  has  been  achieved  by  ball  milling,  which  first  reduces  the 


473 


grain  size  [9,  10],  Models  for  this  effect  based  upon  strain  energy  accumulation  [9]  could  easily 
be  re-cast  as  effects  of  strain  energy  on  tbe  relative  energies  of  the  intercrystalline  components. 

CONCLUSIONS 

At  ullrafine  grain  sizes  the  volume  fraction  of  the  intercrystalline  region  becomes  dominant 
and  as  the  grain  size  decreases  into  the  nanometer  scale,  TJ's  and  QP’s  account  for  an  increasing 
fraction  of  the  Intercrystalline  region  and  of  the  overall  microstructurc.  The  negative  slope  of  the 
total  system  energy  with  respect  to  grain  size  represents  the  global  driving  force  for  grain  growth. 

It  is  possible  for  the  system  energy  to  exhibit  minima,  representing  locally  stable  microstructurcs, 
for  certain  energy  configurations.  However,  the  grain  sizes  in  question  are  unphysically  small  and 
carry  no  significance.  “Negative”  junction  energy  on  its  own  cannot  be  responsible  for 
m  ic  ro  St r u ct  u  r al  s t  ab  i  1  i  za t  io  n . 
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ABSTRACT 

We  describe  a  procedure  for  dispersion  bulk  Si  into  a  family  discretely  sized  ultrasmall 
ultrabright  nanoparticles.  We  demonstrate  that  electrochemically  etched,  hydrogen  capped 
Si^H^  clusters  with  n  larger  than  20  are  obtained  within  a  family  of  discrete  sizes.  These  sizes 
are  LO  (Siji;),  1.67  (Si, 23),  2.15,  2.9,  and  3.7  nm  diameter.  We  characterize  the  particles  via 
direct  electron  imaging,  excitation  and  emission  optical  spectroscopy,  chromatography,  and 
colloidal  crystallization.  The  band  gaps  and  emission  bands  are  measured.  The  smallest  four  are 
ultrabright  blue,  green,  yellow,  and  red  luminescent  particles.  The  availability  of  discrete  sizes 
and  distinct  emission  in  the  red,  green  and  blue  range  is  useful  for  biomedical  tagging,  RGB 
displays,  and  flash  memories. 

INTRODUCTION 

Semiconductor  clusters,  especially  silicon  clusters,  is  currently  one  of  the  most  active 
frontiers  in  physics  and  chemistry  [1-20].  Their  unique  structures,  stability,  and  optical  and 
electronic  and  chemical  reactivity,  both  in  free  space  and  on  surface  have  been  examined  [3]. 
Fabricating  size-,  shape-,  and  orientation-controlled  fluorescent  Si  nanoparticles  in  the  range  1- 
3  nm  (30-1000  atoms),  with  reproducibility  would  be  critical  to  the  understanding  of 
nanostructures  and  would  be  of  significant  interest  to  the  microelectronics,  optoelectonics  and 
biomedical  industries.  Averaging  over  size  or  shape  inhomogeneously  masks  spectroscopic 
properties,  hindering  testing  of  theory.  Size  uniformity  is  important  for  apphcations  that  require 
superlattices,  high  quality  films,  or  single  nanoparticle-based  devices,  such  as  fluorescent 
imaging  and  tagging.  The  availability  of  discrete  sizes  with  distinct  emission  in  the  red,  green 
and  blue  range  is  useful  for  biomedical  tagging  and  in  RGB  display  applications.  In  flash 
memory,  nanoparticles  are  embedded  in  a  MOSFET  as  floating  gates  to  store  electric  charge. 
Since  the  shift  in  the  device's  threshold  depends  on  the  particle  size,  a  wide  size  distribution 
would  wash  the  operating  threshold.  Several  efforts  have  been  directed  to  develop  procedures 
to  control  the  size,  and  shape  of  Si  nanoparticles.  Only  recently  progress  towards  control  over 
the  crystallography  orientation  has  been  achieved  [12]. 

Self-terminated  clusters  Si,^  [6-8]  with  n  <  10  exhibit  discrete  magic  numbers,  whereas 
the  abundance  spectrum  of  clusters  Si,,  with  n  >20  exhibits  neither  special  features  nor  discrete 
magic  numbers  [9].  The  shape  of  those  large  ones,  however,  changes  from  prolate  to  more 
spherical  in  the  narrow  range  between  n  =  24  and  n  =30  [10].  In  the  prolate  regime,  atoms  are 
arranged  in  one-shell  and  form  triangular  surface  facets,  while  in  the  spherical  regime,  atoms 
are  arranged  into  two  shells.  The  outer  one  has  the  topology  of  a  fuUerene  cage,  and  the  inner 
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shell  has  a  high  coordination  number.  The  bonds  lo  the  inner  shell  saturate  most  of  the 
dangling  bonds  of  the  outer  shell.  The  dissociation  energy,  which  is  a  strongly  size  dependent 
for  smaller  clusters,  is  a  smooth  function  of  n  for  n  >  25[11]. 

Hydrogen-capped  Si  clusters  Si„H^  with  H  terminating  the  unsaturated  bonds  present 
opportunities  to  magic  cluster  research.  Stable  configurations  with  H  capping  have  been 
recently  presented  [4-5].  Moreover,  in  some  recent  electrochemical  etching  measurements, 
hydrogen-capped  Si  in  the  1-3  nm  size  regime  has  been  shown  to  become  highly  fluorescent, 
exceeding  the  brightness  of  dyes  such  as  fluorescein  [13],  and  exhibits  stimulated  cmi.ssion  [14- 
15]  and  harmonic  generation  [16].  We  recently  demonstrated  that,  unlike  uncapped  Si,, 
particles,  hydrogen-capped  Si„H,  particles  (n  >  20)  exhibit  magic  discrete  numbers  [17].  We 
dispersed  crystalline  Si  into  H-terminated  Si  nanoparticlcs  and  used  direct  electron  imaging, 
excitation  and  emission  spectroscopy  for  characterization,  and  colloid  crystallization  for 
segregation.  Transmission  electron  microscopy  (TEM)  shows  that  they  classify  into  a  family  of 
discrete  sizes  that  includes  1.0,  1.67,  2.15,  2.9,  and  3.7  ±0.1  nm  diameter.  Excitation 
spectroscopy  measures  for  the  four  smallest  a  HUMO-LUMO  gap  of  3.44,  2.64,  2.39,  and 
2.1 1  eV,  while  emission  spectroscopy  shows  that  they  arc  ultrabright  UV/bluc,  green,  yellow, 
and  red  luminescent  particles  with  band  peaks  at  -410,  540,  570,  and  600  nm. 

SYNTHESIS 

We  use  highly  catalyzed  electrochemical  etching  in  HE  and  H,0,  to  disperse  crystalline 
Si  into  ultrasmall  nanoparticles  [18,  11].  The  wafer  is  laterally  anodized  while  being  advanced 
into  the  ctchcnt  slowly  to  produce  a  large  mcniscus-like  area.  Because  HE  is  highly  reactive 
with  silicon  oxide,  H.,0.,  catalyzes  the  etching,  producing  smaller  particles.  Moreover,  the 
oxidative  nature  of  the  peroxides  produces  high-  chemical  and  electronic  quality  samples.  The 
pulverized  wafer  is  then  transferred  lo  an  ultra  sound  bath  for  a  brief  treatment,  under  which 
the  film  crumbles  into  colloidal  suspension  of  ultrasmall  blue  particles.  Larger  particles  are  less 
amenable  to  dispersion  due  to  stronger  interconnections.  We  use  a  post  HE  treatment  to 
weaken  those  and  then  an  ultra  sound  treatment  to  disperse  the  particles.  We  centrifuge  the 
mix.  The  resulting  residue  contains  the  largest  red  particles,  while  the  suspension  contains  the 
grccn/yellow  particles.  We  re-dissolve  the  residue  and  sonificate  it.  The  red  emitting  particles 
stay  in  suspension.  The  green  particles  may  be  separated  by  additional  soniheation/  and  or  the 
addition  of  a  drop  of  HE.  Commercial  Gel  permeation  chromatography  may  be  used  to 
separate  the  particles  further,  if  necessary,  or  to  obtain  additional  accuracy  in  separation  of  the 
other  particles.  The  particles  arc  separated  into  several  vials  each  contains  particles  of  uniform 
size,  with  near  90-100  %  efficiency. 

ELECTRON  [MAGING 

We  immersed  a  thin  graphite  grid  in  the  colloid  and  imaged  it  by  high-resolution  TEM 
[19].  Fig.  1  (Top)  shows  that  particles  are  nearly  spherical  and  classify  into  a  small  number  of 
sizes.  These  include  1.0  (sec  inset),  1,67,  2.15,  2.9,  and  3.7  nm.  Fig.  1  (Bottom)  shows  the 
atomic  planes  in  close  ups  of  the  1.67,  2.15,  2.9  and  3.7  nm  particles. 
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Figure  1  Left  column  (Top)  (a)  and  (b) 
Transmission  electron  microscopy  (TEM) 
images  of  particles  on  a  graphite  grid.  The 
particles  are  nearly  spherical  and  classify  into  a 
small  number  of  discrete  sizes.  (Bottom)  Close 
up  TEM  images  of  the  1.0,  1.67,  2.15,  2.9  and 
3.7  nm  particles.  Right  column  Histogram 
of  particles  sizes  to  show  the  discrete 
nature  of  the  size 


OPTICAL  CHARACTERIZATION  OF  MIXTURE 

The  absorption  and  emission  gaps  of  the  members  of  the  family  were  examined.  The 
excitation,  i.e.,  the  absorption  monitored  at  a  specific  emission  wavelength  (product  of 
absorption  and  emission)  was  recorded  on  a  photon  counting  spectro-fluorometer  with  a  Xe 
arc  lamp  light  source  and  4  nm  bandpass  excitation  and  emission  monochrometers.  We  mapped 
out  the  excitation  in  the  range  250  nm  and  800  nm,  while  monitoring  the  emission  in  the  range 
400-700  nm.  We  used  the  mapping  to  identify  the  resonance  excitation  structure.  Figure  2, 
which  presents  the  excitation,  shows  a  resonance  structure  at  3.44  ±0.1,  2.64,  and  2.39,  and 
2.1 1  eV.  This  resonance  structure  produces  emission  bands  with  maxima  at  410,  540,  570,  and 
600nm  respectively.  We  associate  the  resonance  energies  with  the  HUMO-LUMO  edge  Eg. 
According  to  quantum  confinement,  the  absorption  and  emission  photon  energies  correlate 
with  the  size.  We  pair  the  diameter  d  (in  nm)  with  excitation  resonance  Eg  (in  eV)  as  follows 
(d.  Eg):  (1.0,  3.44);  (1.67,  2.64);  (2.15,  2.39);  and  (2.9,  2.1 1).  However,  we  did  not  record  an 
excitation/emission  resonance  that  can  be  associated  with  the  3.7  nm  diameter  particle.  This 
may  be  due  to  low  abundance  or/and  diminished  brightness.  A  power  law  fit  gives  Eg  =  3.44  / 

dO.5^ 
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Figure  2  The  excitation  spectra  of  the  1.0. 
1.67,  2.15,  and  2.9  nm  in  diameter 
particles  monitored  at  emission 
wavelengths  400,  540,  570.  and  600nm 
respectively.  They  show  kxa!  resonance 
structure  at  3.44,  2.64,  and  2.39.  and  2.1 1 
eV  respectively. 


PARTICLE  SEGREGATION 

Size  uniformity  is  required  for  organization  or  self-assembly.  Under  certain  conditions,  the 
particles  .segregate  according  to  size  upon  crystallization.  Over  time,  5  to  100  pm  crystals  have 
formed  in  a  water  colloid.  Colloidal  crystallites  were  placed  on  glass  and  illuminated  with  light 
from  a  mercury  lamp  (at  360,  395,  450.  520,  560.  610  nm).  Emission  is  delected  in  the  backward 
direction  and  detected  by  an  RGB  filtcr/prism  based  dispersive  charge  coupled  device  (3CCD). 
Figure  3  (Top  Row)  shows  examples  of  blue,  green,  and  red  segregated  crystals.  We  associate 
those  with  the  particles  observed  in  the  TEM  images.  Recrystallization  to  form  yellow  or  green 
crystals  lakes  place  but  they  are  less  frequent  compared  to  the  blue  and  red.  Figure  3  (Bottom) 
gives  a  photo  of  colloids  of  the  magic  sizes  under  the  irradiation  from  an  incoherent  low  intensity 
commercial  UV  lamp  at  365  nm,  showing  the  characteristic  red.  yellow,  green,  blue  colors. 


Figure  3  (Top  row)  The  emission  from  blue,  green, 
and  red  colloidal  cry.stals  segregated  according  to  the 
magic  sizes  1.0.  1.67,  and  2.9  nm  in  diameter.  The 
crystals  are  illuminated  with  light  from  a  mercury 
lamp.  The  background  is  due  to  a  weak  bright  field. 
(Bottom  from  right  to  left)  The  emission  of  colloids  of 
members  of  the  magic  family  of  1.0,  1.67,  2.15,  and 
2.9  nm  in  diameter,  after  they  have  been  separated, 
under  excitation  using  a  commercial  low  intensity  UV 
source  with  an  average  wavelength  of  365  nm. 
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SIMULATION 


We  density  functional  with  generalized  gradient  exchange-correlation  potentials, 
Configuration  Interaction  and  Monte  Carlo  approaches  to  construct  structural  prototype  Si„Hx 
particles  and  to  calculate  the  HOMO-LUMO  bandgap  [5].  We  start  from  a  spherical  piece  of  a 
crystalline  Si.  The  dangling  bonds  are  saturated  with  hydrogen.  Pairs  of  H  from  adjacent 
surface  Si  atoms  are  stripped  (by  H2O2),  and  replaced  by  reconstructed  Si-Si  dimers,  similar  to 
the  well-known  Si  (001)  surface  2x1  reconstruction.  Reconstructed  Si-Si  bonds  have  recently 
been  proposed  as  a  source  of  novel  optical  activity  in  ultrasmall  particles  [4,20].  The  resulting 
structure  was  relaxed  using  the  Density  Functional  Theory  (DFT)  with  the  PW91  exchange- 
correlation  functional.  The  simulation  yields  stable  sizes,  including  1.0  nm  (81291124)  and  1.6  nm 
(Si]23H^x)’  with  band  gaps  of  3.5  and  2.67  eV  respectively.  Figure  4  gives  the  prototype  of  the 
smallest  (from  ref  5).  It  is  Si29  H24  with  five  atoms  constituting  a  tetrahedral  core  and  24  atoms 
constituting  a  H-terminated  reconstructed  Si  surface.  A  single  H  atom  terminates  each  surface 
Si  atom.  Earlier,  Allan  et  al  found  that  particles  of  1 .03  and  1 ,67  nm  in  diameters  are  stable 
with  bandgaps  of  3.5,  and  2.67  eV,  and  consist  of  29  and  123  Si  atoms  respectively  [4]. 


Figure  4  Prototype  structures  of 
^^29^24-  particle,  five  Si  atoms 

(dark  sphere)  constitute  a  single 
tetrahedral  core  and  24  Si  atoms  (dark 
sphere)  constitute  a  H-terminated  (white 
sphere)  reconstructed  surface. 

The  dependence  of  the  bandgap  on  the  number  of  terminating  H  atoms  is  interesting. 
We  start  from  bulk-like  Si29  cluster;  36  hydrogen  atoms  are  needed  to  terminate  the 
unsaturated  bonds.  As  the  number  of  H  atoms  is  reduced  from  36,  the  bandgap  drops  slowly. 
But  for  the  number  of  hydrogen  atoms  below  24,  the  bandgap  drops  sharply,  approaching  a 
metallic  zero  bandgap,  and  requires  bonding  change  from  pure  sp^  tetrahedral  diamond-like  to 
a  mix  with  sp2,  a  configuration  common  in  carbon  but  does  not  exist  in  bulk  Si.  The  particle  is 
a  filled  fullurene  of  a  highly  puckered  cage  and  belongs  to  TD  magic  structures. 

CONCLUSION 

We  demonstrated  that  Si^Hx  clusters  classify  into  a  magic  discrete  family  of  spherical 
size  that  includes  ~  1.0  (8^9),  1.67  (8(123),  2.15,  2.9,  and  3.7  nm  diameter,  emitting  in  the 
UV/blue,  green,  yellow,  and  red  for  the  smallest  four  particles.  So  far  we  find  no  stable  capped 
particles  smaller  than  29  atoms.  We  can  predominantly  produce  1  nm  diameter  blue  particles, 
or  2.9  nm  diameter  red  particles.  Research  will  be  conducted  to  refine  conditions  under  which 
the  green  and  yellow  members  of  the  family  may  be  predominantly  prepared. 
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ABSTRACT 

Sulfur  incorporated  nanocrystalline  carbon  (n-C:S)  thin  films  grovi^n  on  molybdenum 
substrates  by  hot-filament  chemical  vapor  deposition  (HFCVD)  using  gas  mixtures  of  methane, 
hydrogen  and  a  range  of  hydrogen  sulfide  (H2S)  concentrations  are  optically  examined  using 
Raman  spectroscopy  (RS)  and  ex  situ  spectroscopic  phase  modulated  ellipsometry  (SPME)  from 
near  IR  to  near  UV  ( 1. 5-5.0  eV)  obtaining  their  vibrational  frequencies  and  pseudodielectric 
function,  respectively.  The  ellipsometry  data  (<£r(E)>,  <ei(E)>)  were  modeled  using  Bruggeman 
effective-medium  theory  (BEMT)  and  five  parameters  Forouhi  and  Bloomer  (FB)  dispersion 
Model.  A  simplified  two-layer  model  consisting  of  a  top  layer  comprising  an  aggregate  mixture 
of  sp^C-i-sp^C-i-void  and  a  bulk  layer  (L2),  defined  as  a  dense  amorphized  FB-modeled  material 
was  found  to  simulate  the  data  reasonably  well.  Through  these  simulations,  it  was  possible  to 
estimate  the  dielectric  function  of  our  n-C:  S  material,  along  with  the  optical  bandgap  (Eg),  film 
thickness  (d),  and  roughness  layer  (a)  as  a  function  of  [H2S].  The  physical  interpretation(s)  of 
the  modeling  parameters  obtained  were  discussed.  The  Raman  and  ellipsometry  results  indicate 
that  the  average  size  of  nanocrystallites  in  the  sulfur-incorporated  carbon  thin  films  becomes 
smaller  with  increasing  H2S  concentration,  consistent  with  AFM  measurements.  The  bandgap 
was  found  to  decrease  systematically  with  increasing  H2S  concentration,  indicating  the 
enhancement  of  midgap  states  and  sp^  C  network,  in  agreement  with  RS  results.  These  results 
are  compared  to  those  obtained  for  the  films  grown  without  sulfur  (n-C),  in  order  to  study  the 
influence  of  sulfur  addition  to  the  CVD  process.  This  analysis  led  to  a  correlation  between  the 
film  microstructure  and  its  electronic  properties. 

INTRODUCTION 

A  great  deal  of  attention  has  been  given  to  diamond  and  diamond-like  carbon  (DEC)  thin 
films  since  their  advent  owing  to  a  wide  range  of  desired  and  unique  mechanical,  optical  and 
electronic  properties  (such  as:  high  mechanical  hardness,  chemical  inertness,  negative  electron 
affinity,  and  very  high  electron  and  hole  mobilities)  [1,2].  This  combination  of  superlative 
properties  paves  their  way  to  several  potential  and  technological  applications:  optical  coatings, 
wide-band  IR  transmissive  windows,  and  flat  panel  displays  (FPDs)  to  name  a  few  [3].  It  is  also 
well  known  that  the  optical  and  electronic  properties  of  these  carbon  materials  are  controlled  by 
the  ratio  of  sp^/sp^  coordinated  carbon  bonds  [4,5].  Films  having  a  high  fraction  of  sp^  C  exhibit 
a  higher  optical  band  gap  and  hardness  as  compared  to  films  rich  in  sp^  C.  A  number  of 
theoretical  studies  of  various  hypothetical  phases  of  carbon  have  been  carried  out  predicting  such 
behavior  [4,6]. 

The  complex  refractive  index,  n  =  n  -  ik,  where  n  is  the  refractive  index  and  k  the 
extinction  coefficient,  provides  information  about  the  distribution  of  bonding  configurations  and 
is  therefore  an  important  parameter  for  designing  the  material  for  specific  technological 
applications  [7].  Among  several  state-of-the  art  techniques  for  optical  characterization. 
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spectroscopic  ellipsomctry  (SE)  has  proved  to  be  very  influential  and  advantageous  for  the  last 
two  decades  in  the  thin  film  structural  analysis  because  of  its  inherent  advantages  and  sensitivity 
[4,8,9].  Recent  pioneer  reports  on  the  addition  of  sulfur  in  diamond  as  a  donor  dopant,  both 
experimental  and  theoretical  [10,11,12],  stirred  great  interest  in  the  diamond  community.  In 
general,  the  n-type  dopants  of  diamond  (like  N,  P  and  now  S)  have  the  potential  to  enhance  the 
field  emission  properties  of  disordered  and  nanocrystalline  carbon  films  by  providing  electrons 
close  to  the  conduction  band  [3,13].  Presently  the  incorporation  of  sulfur  is  not  to  make  diamond 
semiconducting,  but  rather  tailor  the  material  as  viable  cold  cathodes  [3].  It  has  been  previously 
shown  that  structural  defects  such  as  sp‘C  network  yield  low-field  emitters  [3,14],  in  contrast  to 
the  degradation  of  several  other  physical  properties. 

We  have  measured  the  dielectric  function  and  vibrational  frequencies  of  n-C:S  thin  films 
using  SE  and  RS  techniques  as  a  function  of  [H2S]  in  gas  phase.  This  paper  focuses  on  the 
determination  of  a  reliable  physical  model  to  describe  the  optical  properties  of  these  materials. 
Utilizing  Forouhi  and  Bloomer  (FB)  dispersion  model  [15],  we  performed  multi-layer  analysis  to 
estimate  the  dielectric  function  of  these  n-C:S  thin  films.  According  to  this  five  parameter  model 
(A,  B,  C,  n(oo),  and  Ej,)  [15],  the  optical  absorption  in  the  visible  range  is  dominated  by  a  single 
type  of  electronic  transition  involving  states  within  ~  5eV  of  the  Fermi  level  and  hence  should 
involve  mostly  ji-tt  excitations.  In  order  to  investigate  the  optica!  absorption  processes  in  the 
disordered  carbon  material  in  thin  film  form  studied  hereby,  fits  to  the  pseudodiclcctric  SE  data 
were  performed  using  Levenberg-Marquardt  [16]  algorithm  while  varying  all  the  parameters  to 
fit  simultaneously  both  n  and  k  spectra.  Based  on  this  model  and  through  RS,  we  explained  the 
behavior  of  optical  bandgap  and  the  refractive  index  in  terms  of  sp“C  network  and  the 
introduction  of  structural  defect  states  within  the  bandgap  (midgap  states).  To  the  best  of 
authors’  knowledge  no  such  studies  have  been  performed  so  far, 

EXPERIMENTAL  PROCEDURES 

The  sulfur  incorporated  nanocrystallinc  carbon  thin  films  (n-C:S)  were  prepared  in  a 
custom-built  HFCVD  reactor,  described  in  detail  elsewhere  [3.17].  These  thin  films  were 
prepared  on  Mo  Substrates  using  a  2%CH4:H2  gas  mixture  with  a  total  flow  of  100  seem  which 
was  directed  through  a  Joule  healed  Rhenium  (Re)  filament.  In  order  to  incorporate  sulfur  (S)  in 
the  samples,  H2S:H2  gas  mixture  was  introduced  in  the  chamber.  Several  sulfur  concentrations 
were  used,  ranging  from  100  ppm  to  500  ppm,  with  an  interval  of  100  ppm  at  a  fixed  substrate 
temperature  of  900  "C.  The  substrate  was  maintained  at  900-930  "C  during  the  grow'ih  process 
and  the  total  gas  pressure  was  kept  at  20  Torr.  Real-time  SE  was  used  to  calibrate  the  true 
temperature  of  the  substrate  surface  [18].  The  incorporation  of  sulfur  was  quantified  by  X-ray 
photoelectron  spectroscopy  (XPS)  and  amounted  to  be  around  0.5- 1.0  at.%. 

Film  thicknesses  were  around  0. 5-1.0  pm,  measured  mechanically  using  Tencor  surface 
profilometcr  (Alpha  Step  100).  The  root  mean  square  (rms)  surface  roughness,  average  grain 
size  and  typical  surface  topological  features  were  evaluated  using  AFM  (Nanoscopc  Ilia,  Digital 
Instruments  Inc.).  The  Raman  spectra  were  recorded  using  a  triple  monochromator  (ISA  Jobin- 
Yvon  Inc.  Model  T64000)  with  around  1  cm  '  resolution  employing  the  514.5  nm  line  of  Ar"^ 
laser  and  a  probed  area  of  about  1-2  pm‘.  The  ex  situ  spectroscopic  ellipsomctry  data  were 
measured  with  a  Jobin-Yvon  UVISEL  phase-modulated  spectroscopic  ellipsometcr  (Model 
DHIO)  from  NIR  (1.5  eV)  to  near  UV  (5.0  cV)  with  a  fixed  incident  angle  of  68.58'’  from  the 
sample  normal  and  a  spot  size  of  3  mm.  During  the  analysis,  the  bulk  optical  function  of  the 
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material  components  of  the  film 
microstructure,  including  diamond 
component  (sp^C)  and  non-diamond 
(sp^C)  as  glassy  carbon,  were  taken 
following  Collins  [18]. 

RESULTS  AND  DISCUSSION 

Figure  1  shows  the  Raman 
spectra  for  the  n-C:S  thin  films  grown 
by  HFCVD  as  a  function  of  [H2S]  in 
gas  phase.  All  of  the  samples  were 
grown  at  a  fixed  substrate  temperature 
of  900  °C.  The  film  grown  with  100 
ppm  H2S  shows  the  1332  cm'*  peak 
(fingerprint  of  diamond).  Qualitative 
inspection  of  Fig.  1  also  shows  that  the 
Raman  spectra  are  dominated  by  broad 
features  at  1150,  1340  and  1580  cm'*. 


1000  1200  1400  1600  1800  2000 
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Figure  1.  Raman  spectra  for  S-  assisted  nanocrystalline  carbon 
thin  films  as  a  function  of  sulfur  concentration  ([S])  depicting 
the  characteristic  diamond,  eraohitic  and  disordered  carbon 


which  are  typical  characteristic  of  nanocrystalline  diamond  (n-D)  [19]  and  disordered  carbon 
[20],  the  last  two  denoted  by  D  and  G  band,  respectively.  These  latter  features  predominate  with 
respect  to  the  increase  in  sulfur  concentration.  The  film  grown  with  100  ppm  is  quite  similar  to 
intrinsic  material  (n-C)  and  one  can  note  the  disappearance  of  diamond  peak  for  films  grown 
with  H2S  greater  than  200  ppm.  The  relative  heights  of  the  Raman  peaks  (D  and  G  bands)  differ 
in  general.  The  latter  features  predominate  at  higher  TS  while  their  relative  heights  differ,  in 
general.  The  difference  among  the  Raman  spectra  can  be  explained  by  the  sulfur  additions. 
Under  the  specific  growth 
conditions  considered  in  this  study. 


sulfur  tends  to  introduce  disorder 
and  defects  considerably,  similar  to 
nitrogen  incorporation,  which 
induces  graphitization  of  carbon 
films  [3,6,21,22].  Notice  that  the 
sp2  bond  sites  begin  to  diffuse  and 
condense  into  clusters  at  high 
temperatures.  This  ability  of 
clustering  of  sp^  sites  while  keeping 
the  sp^  fraction  fixed  implies  or 
indicates  that  these  sp^  sites  act  like 
defects  in  the  sp^  matrix.  Predicted 


Photon  Energy  (eV) 


theoretically  by  Robertson  et  al. 
[23]  that  the  midgap  states  are 
found  for  n  states  on  sp^  sites,  they 
cluster  according  to  the  deposition 
conditions,  as  the  [H2S]  hereby. 
Changes  in  the  surface 
morphological  features  are  also 
apparent  from  AFM  technique.  The 


Figure  2,  Typical  ex  situ  phase  modulated 
spectroscopic  ellipsometry  data  for  one  of  the  sulfur- 
incorporated  nanocrystalline  carbon  thin  films.  The 
crosses  (+)  are  the  raw  data,  while  the  solid  line  ( — ) 
is  the  best-fit  simulation  resulting  from  linear 
regression  analysis  (LRA)  of  the  experimental  data. 
The  arrows  indicate  the  two  ordinates  that  apply  to 
each  curve. 
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ball-likc  morphology  transforms  to 

fine-grained  on  S-addition  and  the  MICRCKmiXTURAL IVIODR  OPOCAI.  1V100FI> 
surface  becomes  relatively  smoother 
(a:  64  nm  vs  25  nm).  The  average 
grain  size  estimated  using  AFM  [3] 
becomes  reduced  from  60  to  20  nm 
with  increasing  sulfur  addition. 

Moreover,  the  grain  size  distributions 
range  from  20-60  nm  to  100-150  nm 
for  all  of  the  samples.  Since  the 
Raman  cross-section  of  graphitic 
carbon  is  around  50  times  larger  than 
that  of  diamond  [19],  there  must  be  a 

substantial  amount  of  ,  ,  ,  ,  ,  ,  i 

,  .  ,  .  Figure  3.  Two-layer  microsiructure  model  and  the  corresponding  optical 

miciOCrystalline  diamond  inclusions  (q  describe  S-incorporated  nanocrysiallinc  carbon  thin  tilm  in 

in  the  film.  Besides,  a  substantial  order  to  simulate  the  ellipsomctric  spectra  shown  in  Fig.  2  for  one 
amount  of  threefold  sp^  oordinated  representative  sample  using  least-square  linear  regression  analysis 
carbon  (sp^C)  is  also  present,  d-RA). 
indicated  by  the  graphitic  G-band  at 

1580  cm  *.  Generally  speaking,  the  Raman  band  at  1360  cm  '  has  contributions  from  both  highly 
defective  sp^  carbon  (diamond-like)  and  disordered  sp^  carbon  (graphitic  D-band  [20]). 

The  experimental  ex  situ  SE  data  and  the  corresponding  fits  of  er(E)  and  ej(E)  for  one  of 
the  representative  sample  are  shown  in  Fig.  2.  The  results  were  fitted  employing  Bruggeman 
Effective  Medium  Theory  (BEMT)  [24]  and  FB  dispersion  model  under  the  assumj^tion  that  the 
film  composition  is  an  aggregate  mixture  of  disordered  sp^  and  sp^  carbon  (sp^  C,  sp"  C).  For  the 
sp^  component,  the  optical  constants  of  natural  type  Ila  diamond  were  adopted,  while  for  the  sp“ 
component  the  optical  constants  of  glassy  carbon  were  used  [18].  In  order  to  find  the  most 
appropriate  one,  the  models  having  a  different  number  of  layers,  different  composition  and  two 
dispersion  models  such  as  Tuac-Lorenz  (TL)  and  FB  within  these  layers  were  applied  to 
ellipsomctry  data.  The  result  was  that  a  simplified  two-layer  model  of  which  the  microstructural 
and  the  corresponding  optical  model  shown  in  Fig.  3,  was  required  in  order  to  simulate  the  data 
reasonably  well.  This  model  consists  of  a  top  layer  (defined  as  a  composite  layer  of 
sp^C-Fsp^C+voids  followed  by  a  dense  amorphized  FB-modelcd  material  layer.  Last  is  the  Mo 
substrate,  as.sumed  to  be  infinite  since  the  light  does  not  bounce  back  after  passing  through  it. 
This  two-layer  model  is  in  contrast  to  the  model  proposed  for  the  material  grown  without  sulfur 
(n-C),  whereby  the  top  layer  consists  of  50%FB-F50%void  [17],  The  degree  of  agreement 
between  the  model  and  the  ellipsometry  data  for  n-C:S  material  can  be  evaluated  from  Fig.  2, 
where  the  continuous  line  corresponds  to  the  simulation  while  the  crosses  correspond  to  the 
measured  ellipsomctry  data.  Both  er  and  £[  were  simultaneously  fit  using  regression  analysis  that 
minimizes  X“  [^7]. 

Qualitatively,  these  are  the  best  fits,  while  quantitative  results  are  summarized  in  Table  I. 
The  overall  thicknesses  of  the  films  derived  from  the  SE  model  tally  with  those  measured 
mechanically  using  a  profilometcr.  The  film  thicknesses  measured  by  these  two  techniques  do 
agree  reasonably  well,  thus  giving  another  indication  of  the  reliability  of  the  model  employed. 
On  the  other  hand,  the  surface  roughness  measured  by  SE  sometimes  agrees  with  that  estimated 
by  AFM,  but  it  is  generally  much  lower.  Results  in  terms  of  the  bonding  -antibonding  state 
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Table  1.  Summary  of  simulation  results  for  the  sulfur-incorporated  nanocrystallinc 
caibon  thin  films  grown  by  HFCVD  under  several  hydrogen  sulfide  (H2S)  concentrations 
in  gas  phase** _ 

Sample  B  C  Eg  5^^ 

Growth  A  (eV)  (eV^)  n(oo)  (eV)  (best- 

Thickness  fit) 

Parameters  L2  (A) _ 

No  sulfur  9819.3±19.7  0.190  4.108  13.916  1.714  2.701  0.16 


100  ppm  1600.1  ±2 1.5  0.27  4.586  18.73  1.52  2.18  0.29 


200  ppm  1530.4±12.4  0.25  3.921  19.30  1.91  1.15  0.89 


300  ppm  2300.2136.9  0.60  3.510  10.71  2.20  0.92  0.18 


400  ppm  4613.7129.5  0.94  3.506  13.36  2.97  -0.70  0.27 


500ppm  7100.41112.4  1.16  3.001  15.00  3.00  -1.28  1.26 


“Other  deposition  parameters  are:  [CH4]=  2.0  %  in  high  hydrogen  dilution,  pressure 
=20.0  Torr  and  number  of  deposition  hours  =  15-30  minutes  for  all  of  the  samples. 

n(oo)  and  the  optical  bandgap  (Eg),  in  agreement  with  the  observations  made  for  sputtered  a-C 
and  a-C;H  films  studied  with  the  same  model  [25].  The  negative  values  of  the  Eg  for  two  of  the 
films  studied  hereby  seem  to  be  unphysical  but  this  observation  is  very  common  for  these  kinds 
of  films  [25]  and  can  be  overcome  using  modified  FB  model  [25],  which  will  be  demonstrated  in 
the  forthcoming  publication. 

In  the  photon  energy  range  studied  hereby  of  1. 5-5.0  eV,  the  n-n  transitions  (sp^ 
clusters)  are  the  predominant  absorption  processes  involved.  There  are  micro/nanocrystalline 
diamond  inclusions  in  the  film  prepared  with  100  ppm  and,  correspondingly,  its  bandgap  is 
higher  and  the  excited  state  lifetimes  longer  (smaller  A)  than  those  of  the  films  grown  with  high 
H2S  concentration.  The.se  values  then  change  as  a  result  of  high  [H2S],  whieh  enhances  the 
formation  of  midgap  states  within  the  band  structure  of  the  material  through  the  formation  of  sp^ 
C  bonds,  resulting  in  lower  optical  bandgaps  (Eg)  and  shorter  excited  state  lifetimes  (larger  A). 
These  findings  are  in  agreement  with  other  groups  concerning  a-CrH  deposited  by  PECVD  with 
nitrogen,  which  leads  to  a  .strong  decrease  in  Eg,  because  of  the  increase  in  aromatic  regions  [26]. 
The  decrease  in  Eg  or  n-n  transition  energy  confirms  the  nanocrystalline  nature  of  the  films,  in 
agreement  with  RS.  These  results  indicate  similarities  between  n-C:S  and  n-C:N,  rather  than  to 
n-C:0,  and  point  at  potential  cold  cathode  applications  of  the  material  studied  hereby. 

CONCLUSIONS 

The  optical  properties  of  n-C:S  thin  films  were  investigated  using  RS  and  spectroscopic 
ellipsometry.  A  simplified  two-layer  .structural  model  was  found  to  be  appropriate  for  simulating 
the  ellipsometry  spectra  satisfactorily,  obtained  information  about  the  eleetronic  structure  of 
these  thin  films.  The  reduction  in  the  amount  of  ordered  sp^  carbon  was  accompanied  by  a 
reduction  of  the  effective  bandgap  and  of  the  excited  state  lifetimes  with  increasing  H2S 
concentration  in  gas  pha.se,  in  coordination  with  RS  observations.  Consequently,  the  influence  of 


energy  difference 
(Eon-Ec*),  which  is  a 
sort  of  average  Penn 
gap  and  excited  state 
lifetime  obtained  from 
the  B  and  A  values 
respectively,  are  listed 
in  Table  I.  The 
findings  of  the  optical 
gap  ~  -1.28-2.1  eV 
with  decreasing  sulfur 
concentration  are  in 
agreement  with  the 
fact  that  the  films 
contain  a  relatively 
high  fraction  of  sp^ 
bonded  carbon  (sp^C) 
with  increasing  [H2S]. 
There  appears  to  be  an 
inverse  relation 

between  the  value  of 
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sulfur  addition  to  the  CVD  process  is  to  increase  the  sp^  C  content  and  the  corresponding  defect 
states  within  the  bandgap.  This  analysis  led  to  a  correlation  between  the  film  microstructurc  and 
its  electronic  properties. 
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ABSTRACT 

doped  Ce  oxides  are  a  major  candidate  for  use  as  the  electrolyte  in  solid  oxide  fuel  cells 
operating  at  -500  °C.  Here,  the  effect  of  the  atomic  structure  on  the  local  electronic  properties, 
i.e.  oxygen  coordination  and  cation  valence,  at  grain  boundaries  in  the  fluorite  structured 
Gdo.2Ceo.802-x  ceramic  electrolyte  is  investigated  by  a  combination  of  atomic  resolution  Z- 
contrast  imaging  and  electron  energy  loss  spectroscopy  (EELS)  in  the  scanning  transmission 
electron  microscope  (STEM).  In  particular,  EELS  analyses  from  grain  boundaries  reveals  a 
complex  interaction  between  segregation  of  the  dopant  (Gd^"^),  oxygen  vacancies  and  the  valence 
state  of  Ce.  These  results  are  similar  to  observations  from  fluorite-structured  Yttria-Stabilized 
Zirconium  (YSZ)  bicrystal  grain  boundaries. 

INTRODUCTION 

Gd^"^  doped  Ce  oxides  are  highly  attractive  candidates  as  electrolytes  for  solid  oxide  fuel  cells 
operating  at  ~500  °C  [1,2].  Like  YSZ,  the  high  oxygen  conductivity  has  a  structural  origin,  i.e. 
the  fluorite  structure  has  the  highest  capacity  for  oxygen  vacancies  while  the  cation  sublattice 
holds  the  cubic  structure  of  the  bulk  without  collapsing  [3].  For  their  successful  commercial 
implementation,  a  full  understanding  of  the  defect  chemistry  in  the  bulk  and  at  grain  boundaries 
is  essential.  In  particular,  the  contribution  of  the  grain  boundaries  to  the  total  ionic  conductivity 
through  such  effects  as  the  segregation  of  dopants,  vacancies  and  impurities  is  of  crucial 
importance  [4]. 

The  route  to  characterizing  oxide  materials  on  this  level  is  afforded  by  the  combination  of  Z- 
contrast  imaging  [4]  and  EELS  [5]  in  the  STEM.  These  correlated  techniques  [6]  allow  direct 
images  of  crystal  and  defect  structures  to  be  obtained,  the  composition  to  be  quantified  and  the 
effect  of  the  structures  on  the  local  electronic  properties  (i.e.,  oxygen  coordination  and  cation 
valence)  to  be  assessed  [7].  Here  the  effect  of  the  atomic  structure  on  the  local  electronic 
properties,  i.e.  oxygen  coordination  and  cation  valence  at  grain  boundaries  of  the  fluorite 
structured  Gdo.2Ce().802-x  ceramic  membrane  material  is  investigated  by  a  combination  of  Z- 
contrast  imaging  [5]  and  EELS  [6]  in  the  JEOL  201  OF  STEM  [7].  These  results  are  compared 
with  atomic  resolution  Z-contrast  imaging  and  EELS  analyses  of  a  model  symmetric  [001]  tilt 
grain  boundary  YSZ  [8].  The  use  of  the  model  system  for  comparison  is  required  to  obtain  a 
detailed  understanding  of  the  atomic  scale  phenomena  in  ceramics,  as  the  polycrystalline  nature 
of  Gdo.2Ceo.802-x  ceramic  membrane  material  makes  it  almost  impossible  to  locate  the  ideal 
zone-axis  orientation  required  to  image  the  boundary  plane. 
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SPECIMEN 

The  composite  membrane  material  consisting  of  polycrystallinc  Gdd^CeosO^  x  and  Pd  metal 
grains  was  provided  by  BP  Amoco  Chemicals,  which  was  sintered  from  high  purity  pre-mixed 
powders  at  high  temperature  with  the  Gd/Ce  ratio  of  0.2.  (Pd  permits  the  electrons  to  be 
transported).  The  oxygen  permeation  experiments  were  performed  at  950°C  where  one  face  was 
in  contact  with  air  and  the  other  was  in  contact  with  H2/CO2  with  pOi  =  1  x  10-15  atm  (H2/CO2  = 
85/15).  For  the  present  study,  grain  boundaries  directly  connected  to  Pd  metal  grains  were 
excluded  in  order  to  characterize  pure  ceramic-ceramic  grain  boundaries  (EELS  and  energy 
dispersive  x-ray  spectroscopy  analysis  confirmed  the  boundaries  analyzed  here  were  free  from 
Pd).  The  YSZ  symmetric  24°  [001]  tilt  bicrystal  stabilized  in  the  cubic  form  with  ~10  mol  % 
Y2O2  doping  was  purchased  from  Shinkosha  Co.,  Ltd,  Japan.  For  both  materials,  TEM  samples 
were  prepared  by  standard  procedures,  mechanically  polished  and  then  thinned  by  argon  ion 
milling  to  electron  transparency. 

EXPERIMENTAL  TECHNIQUES 

The  experiments  were  performed  on  a  200k V  Schottky  field  emission  JEOL  201  OF 
STEM/TEM  at  the  University  of  Illinois  at  Chicago,  equipped  with  an  ultra  high-resolution 
objective  lens  pole  piece,  a  JEOL  annular  dark  field  detector  (ADF)  for  Z-contrast  imaging,  and 
a  Gatan  imaging  filter  (GIF)  for  EELS  [7j.  In  this  study,  a  probe  size  of  0.2  nm  with  a 
convergence  angle  of  13  mrad  was  used.  The  inner  radius  of  the  ADF  detector  was  52  mrad.  Due 
to  the  dominant  contribution  of  Rutherford  scattered  electrons  in  this  imaging  condition,  the 
image  contrast  is  approximately  proportional  to  Z“  where  Z  is  the  atomic  number.  Consequently, 
more  than  95%  of  the  intensity  in  the  Z-contrast  images  from  these  ceramic  materials  is  due  to 
electrons  scattered  by  the  cations  and  less  than  5%  from  oxygen. 

The  low-angle  scattered  electrons,  not  intercepted  by  the  ADF  detector,  were  used  for 
simultaneous  EELS.  EELS  enables  us  to  probe  atomic  scale  fluctuations  in  composition  and  the 
effect  of  the  local  atomic  structure  on  the  electronic  properties  (i.c.  oxygen  coordination  and 
cation  valence)  [9],  Energy  shifts  and  the  fine  structure  of  the  ionization  edges  reflect  the  atomic 
arrangement  and  bonding  effects  in  the  specimen.  Combined  with  Z-contrast  imaging  in  the 
STEM,  it  is  possible  to  obtain  spectra  with  atomic  spatial  resolution  [6].  The  Z-contrast  image 
can  therefore  be  used  as  a  map  to  position  the  probe  at  the  specified  locations  in  the  structure  to 
obtain  atomic  scale  information  on  the  composition  and  bonding. 

Each  spectrum  was  acquired  for  4  seconds  for  YSZ  and  3  seconds  for  Gdo.2Ceo.s02-x. 
respectively.  The  probe  position  was  checked  after  acquisition  of  each  spectrum  to  make  sure 
that  the  specimen  drift  was  minimal  (<0.l  nm).  A  series  of  spectra  were  acquired  at  every 
position  and  summed  up  during  post-acquisition  data  processing.  This  reduces  the  effects  of  drift 
and  allows  beam  damage  to  be  monitored  (no  appreciable  beam  damage  was  detected.).  In  all  the 
spectra,  plural  scattering  effects  were  removed  by  deconvolution  with  a  low-loss  spectrum  [5]. 

RESULTS 

YSZ  grain  boundary 

A  symmetric  24°  [001]  tilt  YSZ  grain  boundary  was  investigated  as  a  model  fluorite  structure 
grain  boundary  [8].  Figure  1(a)  shows  an  atomic  resolution  Z-contrast  image  of  the  grain 
boundary.  Bright  spots  in  the  image  represent  the  cation  sub-lattice  (Zr  and/or  Y  columns). 
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Figure  1:  (a)  Z-contrast  image  of  a  symmetric  24°  [001]  tilt  grain  boundary  in  YSZ.  (b)  a 
schematic  of  the  grain  boundary  structure.  [10]  (c)  EEL  spectra  from  the  bulk  and  grain 
boundary.  Background  before  Y  M45  is  removed.  [8] 


Based  on  this  Z-contrast  image  and  the  bulk  crystal  structure  of  YSZ,  a  possible  schematic  of 
the  grain  boundary  atomic  structure  is  shown  in  figure  1(b).  This  structure  is  consistent  with 
previous  analysis  by  Z-contrast  imaging,  and  contains  partially  occupied  columns  [10].  Figure 
1(c)  shows  the  EEL  spectra  acquired  from  the  bulk  and  grain  boundary  of  YSZ.  Main  differences 
between  the  two  spectra  include  (1)  a  1 .5  eV  shift  to  higher  energy  of  the  Z23-peak  at  the  grain 
boundary,  and  (2)  a  change  of  the  O  K  near-edge  structure  (not  shown)  (this  change  in  bonding 
character  is  a  sign  of  the  distortion  of  cubic  symmetry  at  the  grain  boundary  [11]).  In  addition,  at 
the  grain  boundary  there  is  (3)  an  increase  of  Zr  and  Y  M3/M2  ratio,  (4)  an  increase  of  the  Y/Zr 
ratio,  and  (5)  a  decrease  of  O/Zr  and  O/Y  ratios.  (1)  and  (3)  indicate  an  increase  in  the  number  of 
electrons  in  the  boundary  plane.  This  is  consistent  with  the  excess  segregation  of  O  vacancies  (5) 
although  it  is  partially  compensated  by  the  segregation  of  Y  (4).  This  may  cause  the  increase  of 
the  number  of  electrons  in  the  conduction  band  at  the  boundary. 

Gd  ft  7  Ce  ft  «0  ?.v  grain  boundary 

Figure  2  shows  typical  O  K-  and  Ce  M45-edges  of  bulk  Gdo.2Ceo.802-x.  The  principal  features 
of  the  near-edge  fine  structure  are  clearly  resolved.  These  are  very  similar  to  those  of  Ce02 
(Ce‘^'^)[12].  The  O  K-edge  of  Ce02  is  due  to  transitions  from  the  Is  ground  state  to  the  p-like 
component  of  hybrid  Ce  4f  and  O  2p  energy  levels  (pre-edge  (A))  and  to  the  unoccupied  O  2p- 
like  states  hybridized  with  the  crystal-field  split  Ce  d-states,  i.e.  Cg  (B)  and  t2g  (C).  Notice  that  the 
O  K-edge  of  bulk  YSZ  does  not  have  the  pre-edge  equivalent  to  (A).  The  sharp  Ce  M45  peaks  are 
due  to  transitions  of  3d  core  electrons  (3d5/2  for  M5  and  3d3/2  for  M4  due  to  spin  orbit  coupling)  to 
unoccupied  states  off-like  symmetry  (the  much  weaker  3d  p  edge  is  masked).  The  satellites 
(Y,  Y’)  are  thought  to  originate  from  transitions  to  4f  states  in  the  conduction  band,  and  these 
satellites  have  been  used  to  estimate  the  degree  of  delocalization  of  the  f-electrons  (strong 
CO  valency  hybridization  between  Ce  4f  and  O  2p). 
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Figure  3  shows  the  O  K-  and  Ce  ]Vl45-edges  across  the  grain  boundary  between  Grain  A  and 
B.  At  the  grain  boundary  there  is,  (1 )  a  decrease  of  the  pre-peak  A  and  t^g  peak  C.  (2)  an  increase 
of  Ce  M5/M4  ratio  and  slight  broadening  of  the  peaks.  (3)  a  chemical  shift  of  Ce  M45  to  lower 
energy- loss  ( 1 .5  eV),  and  (4)  a  decrease  of  the  satellite  peaks  Y  and  Y’  of  Ce  M4>  (1)  and  (3) 
may  indicate  the  reduction  of  O  2p-Ce  d  and  O  2p-Ce  4f  hybridization  at  the  grain  boundary, 
respectively.  (2),  (3)  and  (4)  indicate  increase  of  Ce'^^  at  the  grain  boundary.  This  is  also 
consistent  with  the  change  of  the  O  2p  hybridization. 
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Figure  2:  EEL  spectra  of  bulk  Gd().2Cco.802-x  with  high  energy  resolution,  (a)  O  K-cdge 
(b)  Ce  M45-edges.  (c)  O  K-edge  of  YSZ  bulk  for  the  comparison. 


Figure  3:  (a)  Z-contrast  image  of  a  Gd(t,2Ceo.K02-x  grain  boundary  (not  aligned  to  a  specific 
orientation  but  clo.se  to  [1 10]).  Points  where  EEL  spectra  were  acquired  are  indicated.  The 
numbers  corre.spond  to  spectra  in  (b).  (b)  Oxygen  K-  and  Ce  M4S-EEL  spectra  across  the  grain 
boundary.  Both  O  K-  and  Ce  M45-edges  were  acquired  simultaneously. 
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Figure  4:  (a)  Ce  and  Gd  M45-EEL  spectra  from  the  bulk  and  the  grain  boundary  of  a 
Gdfl.2Ceo.802.x.  Both  are  on  the  same  scale  but  shifted  for  the  clarity.  Same  acquisition  condition 
(b)  The  Ce  M5/M4  ratio,  Gd/Ce  and  O/Ce  atomic  ratios  profiles  across  the  grain  boundary  [8]. 
Numbers  correspond  to  those  in  Figure  3. 
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Figure  5:  (a)  Atomic  resolution  Z-contrast  image  of  a  Gdo.2Ceo.802-x  grain  boundary 
between  grain  A  and  B.  (B  is  aligned  to  [1 10]).  Points  where  EEL  spectra  were  acquired 
are  indicated.  The  numbers  correspond  to  spectra  in  (b).  The  inset  is  a  FFT  of  the  image, 
indicating  17°  tilt,  (b)  Ce  M45-EEL  spectra  around  the  grain  boundary. 
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Figure  4  shows  the  segregation  of  the  Gd  and  O  vacancies  at  the  grain  boundaries  and  their 
close  correlation  with  the  change  of  the  Ce  M5/M4  ratio  (valence  state).  The  levels  of  Gd 
segregation  and  oxygen  vacancies  are  similar  to  those  in  YSZ,  and  the  effect  on  the  Ce  M4,5-edge 
is  analogous  to  that  on  the  Zr  M2.3-edge.  The  composition  at  the  grain  boundary  is  calculated  to 
be  Gd().4i±<).()4Ce(i.5y+o.o40i.24±().i7.  According  to  the  reference  of  the  IVI5/M4  values  [13].  the 
fraction  of  Cc^'"  at  the  grain  boundary  is  estimated  to  be  70%  by  assuming  a  linear  interpolation. 
Therefore,  for  this  grain  boundary,  the  excess  of  electrons  near  the  grain  boundary  in  this  sample 
was  derived  to  be  0.7  ±  0.35  per  formula  unit. 

The  above  results  are  also  supported  by  the  preliminary  atomic  resolution  EELS  analysis  of 
the  same  boundary  (Figure  5). 

CONCLUSIONS 

The  interplay  between  oxygen  vacancies,  dopant  distribution  and  valence  state  of  Ce  (Zr)  at 
grain  boundaries  of  the  fluorite  structured  YSZ  and  Gdo.2Ce(),x02-x  ceramic  electrolyte  has  been 
studied  by  a  combination  of  atomic  resolution  Z-contrast  imaging  and  EELS  in  a  STEM.  The 
majority  of  the  grain  boundaries  exhibit  segregation  of  Gd  and  oxygen  vacancies.  The  Ce  M4S- 
edge  analyses  indicate  a  decrease  of  the  valence  state.  Observation  of  the  O  K-edge  near-edge 
fine  structure  also  indicates  changes  in  local  atomic  environment  between  the  bulk  and  the 
boundary,  consistent  with  the  change  of  the  valence  state  of  Ce.  The  results  from  the 
Gd(i.2Ce().802-x  are  consistent  with  those  from  YSZ  grain  boundary,  implying  that  the  present 
ob-servation  may  be  common  features  at  the  grain  boundaries  in  many  fluorite  structure  materials. 
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ABSTRACT 

Stable  sols  of  60  nm  colloidal  zirconia  have  been  prepared  by  thermolysis  of  zirconium 
acetate.  The  surface  complexing  acetate  groups  have  been  replaced  by  phosphoric  acid  groups. 
Phosphate  grafting  has  been  characterized  by  dynamic  light  scattering,  infrared  spectroscopy,  ^'P 
nuclear  magnetic  resonance  and  impedance  spectroscopy  measurements.  These  systems  give 
acid  and  proton  conductive  particles  (4.10'^  S.cm'^  at  70  %  relative  humidity). 

H3P04/Zr02/PVDF-c'o-HFP  composite  membranes  have  been  synthesized.  Impedance 
spectroscopy  measurements  allow  discrimination  between  proton  conduction  at  the  surface  of  the 
phosphated  particles  and  within  free  H3PO4  in  the  polymer.  For  the  highest  H3P04/Zr02  ratios, 
the  latter  phenomenon  prevails,  giving  a  proton  conductivity  of  6.10"^  S.cm  '  at  70  %  R.H. 

INTRODUCTION 

Proton-conductive  membranes  may  find  various  applications  in  electrochromic  devices, 
capacitors  and  fuel  cells.  This  last  application  requires  high  proton  conductivity,  high  chemical 
durability  and  a  good  stability  against  temperature  and  moisture  modifications.  Nafion®,  a  purely 
organic  acid  fluoropolymer  used  in  such  devices  presents  a  swelling  effect  at  high  humidity  and 
temperature  but  also  a  loss  of  proton  conductivity  at  low  water  content  [1],  Dispersions  of 
H3PO4,  H2SO4  or  other  acids  in  various  polymers  [2]  may  overcome  this  problem.  However, 
stability  of  these  systems  towards  hydrolysis  can  be  poor.  This  leads  to  a  loss  of  proton  carriers 
during  fuel  cell  running. 

An  interesting  alternative  is  dispersion  of  high  specific  surface  acid  oxides.  Indeed,  they 
show  both  good  proton  mobility  and  their  acid  character  is  stable  towards  hydrolysis  [3].  We 
here  present  a  study  relative  to  phosphate  grafting  onto  polycrystalline  nanometric  sols  of  Zr02, 
and  their  use  in  H3P04/Zr02/PVDF-r£)-HFP  composite  membranes. 

EXPERIMENTAL 

The  zirconium  acetate  solution  (Zr  ~  15-16%  wt)  and  triethyl  phosphate  were  purchased 
from  Aldrich  Chemicals.  Acetic  acid  was  purchased  from  SDS.  PVDF-co-HFP  (Mw  =  145000, 
HFP:  1 1%  wt)  has  been  friendly  given  by  Atochem. 

Dynamic  light  scattering  (DLS)  measurements  were  obtained  on  a  Malvern  4700 
photocorrelator.  ^‘P  nuclear  magnetic  resonance  was  performed  in  a  high-resolution  liquid 
Bruker  probe  with  a  MSL  360  spectrometer.  Impedance  spectroscopy  was  performed  with  a 
HP4192A  impedance  analyzer.  Silver  electrodes  were  cast  on  the  samples.  Samples  were 
equilibrated  at  70  %  relative  humidity  with  a  dilute  sulfuric  acid  solution.  X-ray  powder 
diffraction  was  run  with  a  Philips  X  Pert  diffractometer  at  the  CuKot  wavelength.  Infrared 
spectra  were  made  with  a  Perkin  Elmer  783  spectrometer  on  samples  diluted  in  KBr  powder. 
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Zirconia  sol  in  water 


Stable  aqueous  sols  of  crystalline  zirconia  were  prepared  as  described  by  Malchctt  and  al, 

[4]  as  follows:  20  ml  of  zirconium  acetate  were  added  to  a  mixture  of  25  ml  of  glacial  acetic  acid 
and  19  ml  of  water.  The  clear  solution  was  heated  at  170°C  for  3  hours  in  a  pressure  vessel.  The 
residual  zirconium  acetate  was  eliminated  by  successive  centrifugations  and  redispersions  until 
the  supernatant  did  not  precipitate  upon  addition  of  H3PO4.  The  solid  could  be  then  dispersed 
again  in  30  ml  of  water,  giving  a  stable  sol  {ZrOz  content:  55  g/1  i.e.  0.45  mol/1). 

H4P04  grafted  zirconia 

To  30  ml  of  a  ZrO?  sol  in  water  were  added  variable  amounts  of  a  0.6  M  aqueous  solution  of 
H3PO4.  The  mixture  was  stirred  for  4  hours  at  room  temperature.  The  solution  was  used  as  such 
for  DLS  and  NMR  measurements.  For  infrared  spectra  and  impedance  measurements,  excess 
H3PO4  was  eliminated  by  successive  centrifugations  and  redispersions  in  water  until  tbc 
supernatant  did  not  precipitate  upon  addition  of  zirconium  acetate. 

H^PQj/grafted  zirconia/PVDF-co-HFP  membranes 

30  ml  of  triethylphosphate  (TEP)  were  added  to  30  ml  of  zirconia  sol.  Water  and  residual 
acetic  acid  were  then  evaporated  under  vacuum  at  50°C,  and  the  solution  was  completed  to  35  ml 
with  triethylphosphate  and  1  ml  of  acetic  acid,  giving  a  stable  sol  in  TEP. 

Variable  amounts  of  the  solution  were  added  to  a  PVDF-r<9-HFP  solution  (50  g/1  in  TEP). 
The  mixture  was  stirred  for  30  min  and  sonified  during  1  h  before  addition  of  variable  amounts 
of  H3PO4  crystals  dissolved  in  triethylphosphate.  The  solution  was  cast  in  PTFE  Petri  dishes  and 
dried  at  100°C  during  24  h,  giving  50  pm  to  100  pm  thick  membranes. 

RESULTS  AND  DISCUSSION 

Zirconia  sol  characterization 

X-Ray  diffraction  shows  the  sol  to  be  monoclinic  zirconia  (figure  2).  The  crystalline 
domains  determined  from  the  width  of  the  diffraction  lines  are  around  5  nm.  DLS  measurements 
and  TEM  show  the  Zr02  particle  hydrodynamic  radius  to  be  tightly  distributed  around  60  nm  in 
the  initial  sol  (table  1  and  figure  1).  Thus,  the  colloids  observed  in  the  solution  arc  not  primary 
particles,  but  aggregates  of  smaller  domains.  This  has  been  also  confirmed  by  transmission 
electron  microscopy  and  X-Ray  small  angle  scattering. 

The  perfect  stability  of  the  sol  at  pH  <  5  is  a  first  evidence  for  an  electrostatic  stabilization. 
The  low  particle  size  results  from  a  strong  complexation  of  zirconium  by  acetic  acid  that  limits 
particle  growth  during  synthesis. 


Synthesis  step 

<Z>  (nm) 

Polydispersity 

Zr02  sol  in  water  after  purification 

62 

0.04 

Zr02  sol  in  TEP/acelic  acid 

64 

0.06 

H3PO4  grafted  Zr02  (P/Zr  =  1) 

79 

0.11 

Table  1.  Dynamic  light  scattering  measurements  on  zirconia  sols  in  various  conditions 
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Infrared  spectra  of  the  dried  ZrOj  sol  (figure  la)  exhibit  characteristic  absorptions  of  surface 
acetate  species  at  1550  cm''  (C — O  antisymmetric  stretch),  1450  cm''  (CH3  deformation)  and 
1420  cm''  (C — O  symmetric  stretch).  The  130  cm  '  difference  between  symmetric  and 
antisymmetric  C — O  stretching  frequencies  indicates  that  acetates  are  here  bidentate  bridging 
species  [5], 

Phosphate  grafting 

H3PO4  addition  to  the  Zr02  sol  causes  an  electrostatic  destabilization;  as  a  result,  the 
hydrodynamic  particle  radius  increases  (table  1)  and  the  solution  precipitates  within  a  few  hours. 
Total  elimination  of  the  remaining  free  H3PO4  in  the  solution  was  checked  by  chemical  analysis 
before  recording  infrared  spectra.  The  acetate  signature  has  nearly  disappeared,  while  a  strong 
absorption  appears  at  1050  cm'"  that  is  characteristic  of  P04^'  vibrations  (figure  lb).  The  acetate 
species  have  been  replaced  by  phosphates  on  the  particle  surface.  The  intensity  of  this  absorption 
does  not  decrease  after  further  rinsing  in  water,  showing  that  phosphate  bonding  resists  to 
hydrolysis. 

The  characteristic  broad  absorptions  of  the  zirconium  oxide  network  between  700  cm  '  and 
400  cm  '  are  still  present  after  grafting.  Furthermore,  X-ray  diffraction  pattern  are  identical 
before  and  after  grafting  (figure  2).  Therefore,  we  conclude  that  phosphates  did  not  decompose 
the  oxide  particles  during  treatment  to  form  bulk  phosphates. 


Figure  1.  Infrared  spectra  of  a)  Zr02  sol  b)  H3PO4  grafted  Zr02  sol. 
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Figure  2.  TEM  of  ZrOi  particles  and  X-Ray  powder  diffraction  of  a)  ZrO:  particles  b)  H.^POa 
grafted  ZrO^  particles 

High  resolution  liquid  state  NMR  spectra  were  performed  on  H3P04/Zr02  mixtures  with 
various  P/Zr  ratios  (figure  3).  For  P/Zr  <  0. 16,  only  a  broad  solid-like  peak  is  observed, 
indicating  that  all  the  phosphates  arc  bound  to  the  zirconia  particles.  At  a  P/Zi'  =  0.3 1  ratio,  free 
H3PO4  appears  as  shown  by  a  sharp  peak  at  0.6  ppm. 

Proton  conductivity  as  measured  by  impedance  spectroscopy  on  pressed  powders  of  dried 
ZrOi  sols  is  lO  *^  S.cnV'.  After  phosphate  grafting,  it  reaches  4.10^  S.cm  ‘,  This  is  a  direct 
consequence  of  the  increase  in  surface  proton  density  and  acidity. 


Figure  3.  NMR  ^'P  spectra  of  H3p04/Zr02  sol  mixtures  with  variable  P/Zr  amounts.  Chemical 
shifts  reference:  85  %  aqueous  H3PO4. 
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H^POd/ZrQ^/PVDF-co-HFP  composite  membranes 


The  proton  conductivities  of  H3P04/Zr02/PVDF-co-HFP  membranes  have  been  measured 
by  impedance  spectroscopy  at  a  70  %  relative  humidity.  Various  Hz^OaITsOi  ratios  were 
investigated.  The  Zr02/PVDF-co-HFP  weight  ratio  was  maintained  to  unity  (figure  4).  We 
distinguish  three  different  domains. 

H^PO^/ZrO?  molar  ratios  lower  than  0.26:  Impedance  plots  show  only  a  slightly  depressed 
semicircle.  It  is  interpreted  as  proton  conduetivity  at  the  surface  of  grafted  zirconia.  This 
conductivity  increases  with  the  H3P04/Zr02  ratio.  A  higher  surface  coverage  by  acid  phosphate 
groups  offers  a  better  proton  diffusion  pathway  on  the  particle. 

HqPOd/ZrO?  ratios  between  0.26  and  1.1:  In  addition  to  the  low-fi-equency  impedance  of  the 
blocking  electrode,  the  impedance  plots  show  two  depressed  semicircles  with  different  resonance 
fi'equencies  (figure  5a).  This  is  characteristic  of  two  impedances  branched  in  series.  The  high- 
fi-equency  conductivity  continuously  increases  with  the  P/Zr  ratio,  while  the  low-frequency 
conductivity  is  merely  constant  at  3.10’^  S,cm'\ 

One  of  the  semicircle  is  therefore  attributed  to  proton  conduction  in  free  H3PO4  between  the 
zirconia  grains,  the  other  one  is  due  to  conductivity  on  the  phosphated  particles.  Indeed, 
according  to  the  NMR  results,  liquid  H3PO4  is  present  in  these  systems.  To  verify  this 
hypothesis,  some  membranes  have  been  thoroughly  washed  with  water  to  remove  the  fi-ee 
H3PO4.  The  low  fi-equency  impedance  drastically  increases  and  a  unique  semicircle  is  observed 
again  (figure  5b).  Therefore,  impedance  spectra  can  be  understood  as  surface  conducting  grains 
connected  through  free  H3PO4  in  the  intergranular  region. 


□  surface  grafted  H^PO^ 
conductivity 

O  high  frequency 

conductivity 

A  low  frequency 

conductivity 

•  conductivity  after 

water  treatment 


O  H  PO  /PVDF  bulk 

3  4 

conductivity 


HgPO^/ZrO^  (mol.) 

Figure  4.  Protonic  conductivities  of  H3P04/Zr02/PVDF-co-HFP  membranes  as  a  function  of 
H3P04/Zr02  ratio  at  70%  relative  humidity  before  and  after  water  rinsing.  Zr02/PVDF-co- 
HFP  =  1  (wt). 
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p' (10*  ohm. cm)  p' (10*  ohm  cm) 

a)  b) 

Figure  5.  Cole-Cole  diagrams  and  fitting  circuits  for  H3P04/Zr02/PVDF-co-HFP  membranes 
(Zr02/PVDF  =  1  (wt);  H3P04/Zr02  =  0.55  (mol))  a)  before  rinsing  b)  after  rinsing.  Frequencies 
are  indicated.  W  =  electrode  impedance. 

HiPOd/ZrO^  ratios  above  1.1:  Impedance  plots  show  a  unique  .semicircle  again.  Conduction 
relative  to  free  H3PO4  becomes  predominant  and  short-circuits  migration  on  grafted  zirconia. 
The  higher  values  of  membrane  protonic  conductivity  (6.10"^  S.cm'‘)  are  thus  attributed  the  bulk 
diffusion  of  protons  through  free  phosphate  .species  in  the  PVDF  matrix. 

CONCLUSION 

The  acid  functionalization  of  nanocrystalline  Zr02  sols  by  H3PO4  gives  proton  conductive 
particles  (4.10  '*’  S.cm  ').  Infrared  study  shows  that  complexing  acetate  surface  groups  are 
replaced  by  phosphate  groups  .stable  towards  hydrolysis. 

In  the  H3p04/Zr02/PVDF-r6»-HFP  composite  membranes,  proton  conduction  at  the  surface 
of  phosphated  particles  or  in  the  H3PO4/PVDF  matrix  can  be  distinguished  by  impedance 
spectroscopy  measurements.  For  higher  H3p04/Zr02  ratios,  the  latter  phenomenon  becomes 
predominant  and  short-circuits  the  others,  giving  membrane  conductivities  as  high  as  6.10  “’ 

S.cm  *  at  room  temperature  and  70  %  relative  humidity. 
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ABSTRACT 

V2O5  nano  fibers  showed  the  rectifying  current- voltage  characteristics  under  an  asymmetric 
contact  configuration  at  room  temperature,  indicating  the  formation  of  a  Schottky  diode.  The 
ideality  factors  as  a  Schottky  diode  were  estimated  to  be  6.1  at  the  forward  bias  and  1.4  at  the 
reverse  bias.  The  larger  current  at  the  reverse  bias  defined  by  the  negative  voltage  at  the  metal 
electrode  may  originate  from  the  contribution  of  the  tunneling  via  field  emission  or  thermionic 
field  emission.  The  ultimate  geometric  size  of  nanofibers  enhances  the  influence  of  the  tunneling 
mechanism  and  modifies  the  nano-scale  Schottky  diode,  requiring  more  understanding  in 
designing  the  nano-scale  electronic  devices  with  the  metal  contacts. 


INTRODUCTION 

Synthetic  nanofibers  such  as  carbon  nanotubes  are  invoking  the  scientific  interest  nowadays 
[1-3].  With  the  development  of  the  synthesis  techniques  for  the  synthetic  nanofibers,  the 
molecular  electronics  based  on  synthetic  nanofibers  become  more  plausible  by  making  the  nano¬ 
scale  electronic  devices  [2-7].  To  achieve  the  realistic  electronic  chips,  all  practical  issues  such 
as  electrical  connection,  the  assembling  technique  and  the  integration  processes  should  be 
considered  for  the  new  functional  nano-scale  devices  [4,7].  Till  now  the  electrical  properties  of 
nanofibers  were  investigated  from  the  point  of  a  field  effect  transistor,  a  rectifying  diode  and 
optoelectronic  devices  [3-7].  As  the  carbon  nanotube  is  under  the  highlight  because  of  its  noble 
structure  and  outstanding  electrical  properties,  other  synthetic  nanofibers  are  also  attracting  from 
the  basic  research  and  the  application  [2, 3,6,7].  V2O5  nanofiber  was  found  a  century  ago,  and 
identified  to  have  the  ultimate  geometric  dimension  with  a  good  uniformity  in  the  fibrous 
structure  [8].  Recently  a  field  effect  transistor  made  of  V2O5  nanofibers  was  demonstrated  with  a 
small  electrical  mobility  of  10'^  cm^A^  s  owing  to  the  hopping  conduction  [6].  Most  of  the 
electrical  contacts  defined  on  the  V2O5  nanofibers  showed  the  ohmic  behaviors,  indicating  the 
symmetric  contact  in  the  two-probe  configuration  [9].  In  the  present  study,  a  significant 
asymmetric  current-voltage  characteristics  in  a  V2O5  nanofiber  junction  is  shown  and  discussed 
by  considering  the  influence  of  the  tunneling  mechanism  through  the  nanofiber  Schottky  barrier. 

EXPERIMENT 

V2O5  sols  were  prepared  from  0.2  g  ammonium(meta)vanadate  (NH4VO3)  and  2  g  acid  ion 
exchange  resin  (DOWEX  10x80)  in  40  ml  water.  With  aging  for  a  few  days,  the  average  length 
of  floating  individual  V2O5  nanofibers  in  the  orange  color  solution  increases  up  to  a  few  pm.  For 
the  better  deposition  of  individual  V2O5  nano  fibers  on  bare  substrates,  a  Si  substrate  silanized  by 
3-amminopropyltriethoxysilane  (3-APS)  solution  was  dipped  into  a  mixture  of  V2O5  sol/water 
(1:10)  for  2  -  3  sec.  Afterwards,  the  substrate  was  rinsed  with  water,  and  blown  dry.  Au/Pd 
(40%/60%)  lines  with  a  separation  of  100  nm  were  defined  on  the  substrate  by  e-beam 
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litliography  using  a  two-layer  resist  and  a  modified  Hitachi  S2300  scanning  electron  microscope. 
CuiTcnl-vollage  characteristics  were  recorded  under  the  low  pressure  of  Helium  atmosphere  with 
a  Keithlcy  617  electrometer  and  a  Keithlcy  230  voltage  source. 


RESULTS  &  DISCUSSION 


Figure  1  (a)  shows  a  scanning  force  microscope  (SFM)  image  of  the  V2O5  nanofibers  under 
the  Au/Pd  electrodes  patterned  by  e-bcam  lithography.  The  number  of  the  individual  V2O5 
nanofibers  under  the  electrodes  is  8.  The  V2O5  nanofibers  arc  long  enough  to  reach  among  the 
four  successive  electrodes.  In  Figure  1  (b),  the  current-voltage  characteristics  among  the  different 
electrode  pairs  arc  recorded  at  room  temperature.  All  the  two-probe  pairs  without  the  electrode 
1  showed  ohmic  behaviors  in  the  range  of  the  resistance  about  50  MQ.  All  the  pairs  with  the 
electrode  1  showed  the  gap  feature  indicating  the  existence  of  the  asymmetric  contact  barriers  at 
the  contact  1.  By  the  charge  transfer  between  metal  electrode  and  n-type  V2O5  nanofibers,  a 
Schottky  barrier  could  be  formed  at  the  contact  1  as  a  depletion  layer  [6,10-12].  The  turn-on 
voltages  at  the  negative  bias  on  the  electrode  1  are  lower  than  those  at  the  positive  bias, 
indicating  the  p-type  carrier  in  the  V2O5  nano  fiber.  Considering  the  n-type  carrier  in  V2O5 
nanofibers  [6,10,1 1],  the  polarity  of  the  forward  bias  contradicts,  so-called  soft-reverse 
characteristics  [12,13,16,17]. 


Figure  1.  (a)  Scanning  force  microscope  image  of  V2O5  nanofibers  below  the  Au/Pd  electrodes 
with  the  neighboring  distance,  100  nm.  (b)  Current-Voltage  characteristics  of  each  electrode  pair 
at  room  temperature.  „n-m“  convention  denotes  the  positive  polarity  at  the  electrode  „n“  and  the 
negative  polarity  at  the  electrode  „m“.  All  electrode  pairs  including  the  electrode  I  show  the 
rectifying  behaviors  with  the  asymmetric  tendencies.  The  inset  indicates  the  ohmic  properties  of 
the  electrode  pairs  without  the  electrode  1 . 
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Figure  2.  (a)  Band  configuration  for  the  forward  bias  in  a  metal-n  type  semiconductor  junction. 
A(|)b  indicates  the  barrier  height  at  the  normal  forward  bias  configuration,  (b)  Local  doping  can 
induce  a  shallow  tunneling  barriers,  resulting  in  an  ohmic  behavior,  (d)  Barrier  lowering  factors 
(A^i)  can  increase  the  current  at  the  reverse  bias. 


By  the  the  chemical  potential  alignment  between  the  metal  electrode  and  an  n-type 
semiconductor  as  shown  in  Figure  2  (a),  the  forward  bias  can  be  defined  as  the  positive  voltage 
at  the  metal  electrode  [12,13].  With  the  negative  bias  at  the  semiconducting  V2O5  nanofiber,  the 
energy  barrier  (A(j)b)  decreases  because  the  energy  of  the  conduction  band  rises.  But  this  insight 
fails  to  explain  the  larger  current  at  the  negative  polarity  shown  in  Figure  1  (b).  Interestingly,  in 
the  case  of  a  carbon  nanotube  Schottky  diode,  a  similar  reversal  behavior  can  be  found  in 
literature  [14].  The  contact  barrier  at  the  electrode  1  may  lie  along  the  surface  of  the  V2O5 
nanofibers  below  the  electrode  in  a  vertical  configuration.  The  tiny  pin-hole  or  the  local  doping 
can  increase  the  leakage  current  in  a  V2O5  nanofiber  junction  as  in  Figure  2  (b)  by  the  increased 
tunneling  current,  giving  an  ohmic  behavior.  The  finite  thickness  of  the  V2O5  nanofiber  can 
limit  the  widening  or  shrinking  of  the  junction  width  which  is  different  from  the  bulk  ca.se. 
According  to  the  recent  theoretical  studies  on  the  nanofiber  Schottky  junctions,  the  heavy  doping 
can  decrease  the  barrier  width  in  a  very  narrow  layer  [15].  The  fact  that  the  most  contacts 
showed  the  ohmic  behaviors  at  room  temperature  possibly  indicates  the  existence  of  a  heavily 
doped  layer  as  a  short  tunneling  path.  As  the  temperature  decreases,  the  ohmic  behavior 
changed  to  the  slight  non-ohmic  curves  but  still  with  a  symmetric  tendency,  indicating  the 
existence  of  the  symmetric  thin  contact  barriers  at  the  electrodes.  At  room  temperature  the 
ohmic  transport  through  most  of  the  electrodes  can  make  it  possible  to  assume  negligible  contact 
barriers  at  the  electrodes  except  the  electrode  1,  which  also  enables  the  determination  of  the  right 
polarity  of  the  forward  bias  at  the  asymmetric  contact  barrier,  the  electrode  1 .  In  the  reverse 
bias,  the  equivalent  circuit  can  be  modeled  by  the  combination  of  resistors  and  diode  components 
as  in  the  inset  of  Figure  3.  Following  a  detailed  circuit  analysis,  the  bulk  resistances  in  the 
equivalent  circuit  could  be  estimated  as  following  ;  R2=  64.2  MD,  R3=  53.0  M£2,  R23=  140.5 
MQ.  According  to  the  conventional  Schottky  diode,  the  current  can  be  analyzed  by  the  relation 
of  the  current,  i  =  i^^[Q\p(qV  IrikgT)  - 1] ,  where  q  is  ideality  factor  in  Schottky  barrier  [12,1 3]. 


507 
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Figure  3.  The  equivalent  circuit  of  the  V2O5  nanofibers  corresponding  to  Figure  1.  At  the 
electrode  1,  the  two  diode  components  are  assumed  in  the  reverse  bias  configuration.  The 
dashed  lines  indicate  the  best  fitting  following  equation  (1)  and  (2). 


V=//?  +  ^!n(— )  (1) 

A. 

(2) 

dl  ql 

From  the  relation  of  the  equation  (1)  and  (2)  ,  the  linear  relationship  between  dV/dl  and  l/I 
can  be  deduced  and  Figure  3  shows  a  good  agreement.  By  the  same  procedures  with  the  different 
electrode  pairs,  R|  and  R12  could  be  determined  as  Ri=  70.9  MQ  and  R!:=  132.1  MQ.  Two 
diode  components  were  resolved  as  1di=2.31x10  '^cxp(V/0. 06435)  and  Id2=1.71x10  '^ 
exp(V/0.03636)  with  the  ideality  factors  rii  =2.55  and  ri2=l  .44  in  the  reverse  configuration.  The 
prefactor  of  the  current  is  given  by  the  relation  of  Ii)=A  ST“  cxp(-q  Abb  /kaT)  where  A  is  the 
effective  Richardson  constant  and  S  the  area  of  the  junction  [12,13].  The  barrier  heights  Abb 
were  calculated  to  be  0.57  eV  for  Dj  and  0.46  cV  for  D2  with  an  assumption  of  the  junction  area 
as  8x1 .5  nmxlOO  nm.  If  the  junction  area  is  assumed  as  the  cross-section  of  the  ¥20?  nanofibers, 
8x1 .5  nmxlO  nm,  the  barrier  heights  arc  calculated  to  be  0.51  cV  for  Dj  and  0.40  cV  for  D2.  So 
the  barrier  height  can  be  guessed  between  0.4  eV  and  0.6  cV,  which  is  quite  in  the  range  of  the 
energy  gap  of  V2O5  nanofibers,  Eg  =  2.2  cV  [8-1 1].  Following  the  similar  analysis,  the  ideality 
factors  of  Dl  and  D2  were  estimated  to  be  about  6.1  at  forward  bias  which  is  quite  larger  than 
those  at  the  reverse  bias. 

To  explain  the  contradiction  in  the  polarity  of  the  apparent  forward  bias  and  the  big 
differences  in  the  ideality  factors  at  the  different  bias,  the  tunneling  contribution  was  considered 
as  an  origin  of  the  soft-reverse  characteristics.  Assuming  the  high  carrier  concentration  near  the 
electrode  contacts,  the  crowded  electric  field  can  enhance  the  tunneling  probability  of  the  carrier 
via  the  field  emission  or  thermionic  field  emission  [13,16,17].  These  effects  can  be  accentuated 
if  the  surface  of  V2O5  nanofiber  is  accumulated  with  the  positive  surface  charges  making  the 
barrier  at  the  edge  even  thinner.  In  the  ease  of  a  gallium  arsenide  diode  with  a  donor 
concentration  of  2xl0'^  enf^,  the  current  at  the  reverse  bias  was  known  to  exceed  the  current  at 
the  forward  bias  by  field  emission  [17]. 


.SOS 


Figure  4.  Fowler  Nordheim  tunneling  model  plot.  The  inset  figure  indicates  the  possible 
occurence  of  the  thermoionic  field  emission  or  the  field  emission  in  the  Schottky  barrier. 

Figure  4  shows  the  Fowler-Nordheim  tunneling  plot,  which  fits  rather  well  at  high  electric 
field  [12].  From  the  calculation  of  the  thermoionic  field  emission  through  a  Schottky  barrier,  the 
current-voltage  characteristics  can  be  characterized  as  the  equation  (3),  (4)  and  (5)  [13], 


J=Jsexp{VJE,) 

(3) 

II 

0 

0 

(4) 

f  -li/2 

^(X)  -.,!.*  J 

(5) 

2  m 

Considering  Nd=a/e]Lt  with  a=0.5  (S/cm)  and  p=10'^  cm^/V  s  at  room  temperature  [9],  Nd 
can  be  estimated  to  be  3,1x10^'^  (cm'^),  which  might  be  overestimated.  E(k)  was  estimated  to  be 
0.143  eV  and  the  ideality  factor  was  estimated  to  be  5,7  from  the  value  of  £«,  which  is  quite 
similar  with  our  experimental  ideality  factor  at  the  forward  bias.  Similarly,  for  the  reverse 
direction  in  the  tunneling  regime,  the  current  is  given  as  following  equation  (6)  and  (7)  [13]: 

J=J,qx^{VJE)  (6) 

£'  =  £,„[^-tanh(^)r'  (7). 

kj  kj 

So  the  ideality  factor  at  the  reverse  bias  can  be  estimated  to  be  1.21  from  the  value  of  E‘, 
which  is  also  quite  similar  with  the  value  obtained  in  the  measurement.  So  the  consideration  of 
the  tunneling  at  the  electrode  1  seems  to  be  reasonable  considering  the  ultra  shaip  shape  of  the 
metal  electrode  at  the  edge  and  the  V2O5  thin  nanofibers. 

Large  ideality  factor  was  also  reported  in  a  carbon  nanotube  Schottky  junction  with  a  similar 
ideality  factor,  5.8  [18].  Considering  the  restricted  dimension,  the  Junction  property  can  be 
influenced  much  more  than  the  bulk  case  by  the  enhanced  electric  field  around  the  contact  and 
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one  dimensionality  with  the  reduced  screening  [12].  More  understanding  on  the  physical 
properties  of  the  electric  contacts  are  still  required. 

SUMMARY 

We  observed  the  rectifying  current-voltage  characteristics  in  a  mctal-V205  nanofiber 
junction  and  the  larger  current  at  the  reverse  bias.  The  ideality  factors  at  forward  bias  and 
reverse  bias  were  explained  by  introducing  the  tunneling,  which  can  give  the  soft  reverse-current 
voltage  characteristics. 
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ABSTRACT 

The  fast  mass  growth  of  solid  and  hollow  nanowhiskers  of  M0O3  and  WO3  is  obtained 
owing  to  the  heating  of  the  nanoscale  powders  of  these  materials  by  means  of  electron  beam. 
Based  on  our  transmission  electron  microscopic  observation  the  growth  mechanism  of  the 
M0O3  and  WO3  nanowhiskers  is  proposed. 

INTRODUCTION 

Nanosize  materials,  because  of  their  unique  physical-chemical  properties,  have  gained 
more  importance  in  modern  investigations  [1,  2].  One  of  the  most  significant  problems  is  to 
study  the  influence  of  external  impact,  in  particular  of  electron  irradiation,  on  the  nanosize 
materials.  In  this  connection  it  is  necessary  to  mention  the  crystallization  of  amorphous 
materials  [3],  the  growth  of  the  whiskers  of  diamond  in  the  chamber  of  electron  microscope 
[4],  the  formation  of  the  carbon  onions  by  the  electron  irradiation  [5-10].  The  aim  of  this  work 
is  to  obtain  the  M0O3  and  WO3  solid  and  hollow  nanowhiskers  growth  under  the  electron 
irradiation  in  the  chamber  of  the  electron  microscope,  as  well  as  the  study  of  the  dynamic 
processes  in  these  nanowhiskers  under  the  influence  of  the  electron  irradiation. 

EXPERIMENTAL 

The  investigations  were  carried  out  on  the  transmission  electron  microscope  (TEM) 
TESLA  BS  500  at  accelerating  voltage  of  90kV.  To  prepare  specimens,  1-2  drops  of  M0O3  or 
WO3  powders  suspension  in  hexane  were  drifted  on  the  copper  grid  with  carbon  coat.  For  the 
investigation,  both  ordinary  and  treated  by  vibrationally  excited  molecules  of  hydrogen  [11- 
13]  the  M0O3  and  WO3  powders  were  used. 

RESULTS  AND  DISCUSSION 

The  transmission  electron  microscopic  investigation  showed  that  nanosize  M0O3  and 
WO3  powders  are  the  agglomerates  of  the  nanoparticles  (size  of  agglomerates  is  0.4-16  pm). 
If  the  intensity  of  electron  beam  is  low,  the  agglomerates  of  the  M0O3  and  WO3  nanoparticles 
remain  stable.  During  the  intense  irradiation  of  the  M0O3  and  WO3  nanoparticles 
agglomerates,  irrespective  of  their  method  of  obtaining,  we  observed  a  fast  mass  formation  of 
nano  whiskers  of  those  materials  (Fig.l).  As  seen  from  this  micrograph,  the  nano  whiskers  of 
WO3  can  grow  separately  with  an  arbitrary  orientation  as  well  as  with  formation  of  closely 
packed  blocks  of  nanowhiskers  with  the  same  crystalline  orientation.  Minimal  width  of  M0O3 
and  WO3  nanowhiskers  is  8  nm,  and  the  maximal  length  is  1  pm.  Besides  common,  i.e.  solid 
nanowhiskers,  we  also  observed  M0O3  and  WO3  hollow  nanowhiskers.  The  nanowhiskers  of 
M0O3  are  shown  in  Fig.  2.  The  hollow  nanowhiskers  are  indicated  by  arrows.  The  analysis  of 
the  electron  diffraction  patterns  shows  that  in  both  cases  they  are  growing  in  the  direction  of 
[001].  Such  coincidence  of  the  growth  directions  of  M0O3  and  WO3  nanowhiskers  is  caused 
by  the  well  known  proximity  of  their  crystalline  structure  [14]. 
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Fig,  1 .  Closely  packed  blocks  of  the  same  crystalline  orientation  nanowhiskers  of  WO3. 


Wc  know  three  inorganic  materials  which  form  low-dimensional  tube-type  crystals: 
carbon  nanotubes  fl5],  graphite  polyhedral  crystals  [16].  cylindrical  crystals  of  serpantine 
[17],  hollow  whiskers  of  aluminium  borates  [IS],  The  results  of  the  present  work  allows  to 
confirm  that  the  nanosize  powders  of  M0O3  and  WO3  also  refer  to  the  above-mentioned  list  of 
materials. 

As  the  growth  of  M0O3  and  WO3  nanowhiskers  passes  instantaneously,  it  is  very 
difficult  to  follow  this  process.  The  TEM  investigations  show  that  the  nanowhiskers  are 
formed  on  those  parts  where  a  lot  of  nanoparticles  had  been.  It  is  seen  from  Fig.  3,  that  on  the 
parts  with  a  great  number  of  long  nanowhiskers,  before  their  formation  there  was  also  a  great 
.surface  density  of  nanoparticlcs.  As  seen  from  Fig,  3,  by  reducing  the  nanoparticles  density 
(along  the  border  of  the  carbon  coat  and  on  the  carbon  coat  itself)  the  number  and  the  length 
of  the  formed  nanowhiskers  are  also  reduced.  Our  observation  revealed  that  when  there  are 
few  nanoparticles,  the  nanowhiskers  are  not  formed.  Nanowhiskers  can  grow  on  the  carbon 
coat  as  well  as  can  grow  aside  where  a  carbon  coat  is  missing,  which  is  distinctly  seen  in 
Fig.  3. 


Fig.  2.  The  solid  and  hollow  nanowhiskers  of  M0O3. 
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Fig.  3.  Dependence  of  WO3  nanowhiskers  number 
and  length  on  surface  density  of  nanoparticles. 


During  the  further  continuous  (~lmin)  and  more  intense  electron  irradiation,  a  reverse 
process  takes  place  -  the  M0O3  and  WO3  nanowhiskers  are  gradually  destroyed.  This 
destruction  passes  slower,  than  the  growth  of  the  nanowhiskers  was,  that  allows  us  to  have 
con-esponding  micrographs.  The  WO3  nanowhiskers  on  the  carbon  coat  are  shown  in  Fig.  4. 
The  nanowhiskers  are  in  the  early  stage  of  destruction  under  the  influence  of  the  electron 
irradiation.  In  Fig.  5,  the  WO3  nano  whiskers  are  already  in  a  later  stage  of  destruction.  Inside 
the  destroyed  nanowhiskers  separate  nanoparticles  obtained  by  the  split  and  destruction  of  the 
initial  nanowhiskers  under  the  influence  of  electron  irradiation  are  distinctly  seen.  The 
microdiffraction  pattern,  obtained  from  destroyed  the  M0O3  and  WO3  nanowhiskers  indicates 
its  polycrystalline  structure,  in  the  case,  that  before  the  destruction  the  nano  whiskers  had  been 
single-crystalline.  During  the  further  irradiation  with  more  intense  electron  beam 
nanowhiskers  are  finally  destroyed  and  folded  into  clew. 


Fig.  4.  The  WO3  nano  whiskers  in  the  early  stage  of  destruction. 


513 


Fig.  5.  The  WO3  nanowhiskers  in  the  later  stage  of  destruction. 


Based  on  our  TEM  investigations,  we  can  propose  the  following  mechanism  of  the 
growth  of  M0O3  and  WO3  nanowhiskers.  In  the  first  stage  it  is  necessary  to  have  individual 
(isolated  from  each  other)  nanoparticles,  which  are  as  a  crystalline  nuclei  for  the  growth  of  the 
nanowhiskers.  Next,  under  the  influence  of  the  electron  beam  by  heating  [19]  the  molecules 
of  the  M0O3  and  WO3  from  those  nanoparticles  are  generated.  As  a  result  of  a  thermal 
movement  and  surface  diffusion  the  uninterrupted  migration  of  M0O3  and  WO3  molecules  on 
the  carbon  coat  or  on  the  agglomerate  takes  place.  The  diffused  molecules  interacting  with  a 
crystalline  nuclei  with  [001]  orientation,  which  corresponds  to  the  maximal  rate  of  the  growth, 
form  M0O3  and  WO3  nanowhiskers.  If  the  M0O3  and  WO3  nanowhiskers  grow  on  the  borders 
where  the  carbon  coat  is  broken  or  on  the  edges  of  agglomerates  in  aside  where  carbon  coat  is 
absent,  diffusion  of  the  molecules  takes  place  on  the  surface  of  the  already  formed  part  of  the 
nanowhiskers.  Taking  into  account  the  high  rate  of  the  surface  diffusion  of  the  molecules,  in 
our  case  generated  by  heating  during  the  electron  irradiation  of  isolated  from  each  other 
nanoparticles,  the  almost  instantaneous  growth  of  the  M0O3  and  WO3  nanowhiskers  becomes 
clear.  This  growth  is  stopped  when  the  quantity  of  the  individual  nanoparticles  is  reduced. 
When  hollow  nanowhiskers  are  formed,  it  is  evident  that  the  initial  crystalline  nucleus  has  a 
circle-like  form  which  is  caused  by  the  topology  of  a  part  where  the  given  nucleus  was 
formed.  As  a  result,  the  same  process  as  at  the  growth  of  solid  nanowhiskers  a  further  growth 
of  hollow  nanowhiskers  takes  place. 

CONCLUSION 

At  the  presence  of  M0O3  and  WO3  nanoparticlcs  of  definite  density,  irrespective  of  the 
method  of  their  obtaining,  under  the  influence  of  an  intense  electron  irradiation  owing  to 
heating,  solid  and  hollow  M0O3  and  WO3  nanowhiskers  are  grown.  The  formation  of  the 
hollow  nanowhiskers  testifies  the  surface  nature  of  their  growth. 
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ABSTRACT 

In  this  study  the  intermolecular  interactions  of  small  diameter  (~0.7nm)  carbon  nanotubes  and  y- 
cyclodextrin  were  examined.  Four  samples  of  y  cyclodextrin  and  HiPco  carbon  nanotubes  were 
prepared.  The  first,  by  grinding  the  tubes  and  the  cyclodextrin  (1:30  ratio)  together  in  a  dry 
mixture,  the  second  was  prepared  in  a  similar  fashion  but  was  ground  in  the  presence  of  water 
(1ml).  Finally  an  aqueous  solution  of  y-cyclodextrin  (0.3M)  and  HiPco  carbon  nanotubes  (5mg) 
was  prepared  by  refluxing  for  ~100  hours,  forming  a  pale  yellow  solution  from  which  a  number 
of  crystals  were  produced,  both  the  solution  and  the  recrystallised  material  were  analysed.  The 
samples  were  analysed  using  UV-Vis-NIR  and  Raman  spectroscopy.  The  results  presented  are 
the  first  spectroscopic  evidence  of  an  intermolecular  interaction  between  y-cyclodextrin  and 
single  wall  nanotubes. 


INTRODUCTION 


Since  the  discovery  [1]  of  carbon  nanotubes  there  has  been  considerable  interest  in  the 
development  of  fullerene  based  nanotechnology.  Theory  predicts  that  carbon  nanotubes  have 
extraordinary  electrical  properties  [2]  and  can  behave  as  a  one-dimensional  conductor  making 
them  ideal  candidates  for  interconnects  in  molecular  electronic  devices.  Experimental 
confirmation  of  these  predictions  however  has  been  hampered  by  the  difficulty  in  purifying, 
processing  and  manipulating  the  carbon  nanotubes.  Several  methods  for  processing  and 
purifying  both  multi-walled  carbon  nanotubes  (MWNT)  and  single  walled  carbon  nanotubes 
(SWNT)  have  been  reported  using  conjugated  polymer  systems  [3]  and  chromatographic 
approaches  [4].  However  reports  on  the  chemical  manipulation  of  the  tubes  have  been  slow  to 
emerge.  The  recent  production  of  small  diameter  (0.7-0.8nm)  and  high  purity  single  walled 
carbon  nanotubes  (SWNTs)  by  Smalley  et  al.  [5]  using  a  gas-phase  catalytic  approach  called 
HiPco  (high  pressure  CO  disproportionation)  has  resolved  to  some  degree  the  question  of  purity, 
with  current  purities  of  >90%  atomic  percent  SWNT  carbon  [6].  The  dominant  impurities  begin 
metal  catalyst  particles  of  Iron  [6].  The  purity  of  HiPco  nanotubes  has  aroused  considerable 
interest  in  the  chemistry  of  this  unique  material  [7,8]  and  significantly  the  interaction  of  these 
tubes  with  supra-macromolcules,  bio-molecules  and  polymeric  material.  Recently  it  has  been 
demonstrated  that  SWNTs  (HiPco)  can  be  cut  by  simply  grinding  the  tubes  in  soft  organic 
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material  sucli  a  cyclodcxtrins  [7]  (CD).  The  results  reported  on  such  cutting  techniques  however 
concentrated  upon  microscopy  thereby  limiting  the  degree  of  information  that  can  be  deduced 
about  the  type  of  interaction  between  the  two  materials. 

Cyclodcxtrins  are  crystalline,  water  soluble,  cyclic  oligosaccharides  built  up  of 
glucopyranosc  units  (Glucose  units)  and  contain  a  relatively  hydrophobic  central  cavity  and 
hydrophilic  outer  surface.  There  are  three  main  types  of  cyclodcxtrin  a-cyclodextrin,  (3- 
cyclodcxtrin  and  y-cyclodcxtrin,  which  have  inner  cavity  diameters  of  0.47-0.53nm,  0.6-0.65nm 
and  0.75-0.83nm  respectively  [9].  One  of  the  key  chemical  properties  of  cyclodextrins  is  there 
ability  to  form  inclusion  complexes  with  a  wide  variety  of  molecules  that  is  to  aceommodate  a 
guest  molecule  into  their  inner  cavity.  It  is  well  know  for  example  that  C^)  can  readily  form  an 
inclusion  complex  with  y-cyclodcxtrin  (y-CD)  [10],  The  question  then  is  can  similar  electronic 
interactions  occur  with  the  HiPco  SWNTs?  It  was  suggested  by  Chen  et  al.  [7]  that  it  was 
unlikely  that  individual  SWNTs  could  form  inclusion  complexes  with  y-CD  since  the  inner 
cavity  size  [9]  is  comparable  to  the  diameter  size  of  the  HiPco  tubes.  Instead  it  was  suggested 
that  the  CD  is  absorbed  at  the  surface  of  nanotubc  ropes  by  van  der  Waals  forces  and  can  cut  the 
tubes  [7]. 

In  this  study  UV-Vis-NIR  spectroscopy  and  Raman  microscopy  have  been  performed  upon 
a  set  of  ground  mixtures]  of  SWNTs  (HiPco)  and  y-Cyclodcxtrin  to  help  elucidate  the  nature  and 
extent  of  any  electronic  interactions  between  the  two  species.  In  addition  an  aqueous  solution  of 
y-CD  and  SWNT  (HiPco)  refluxed  together  in  a  similar  manner  to  early  experiments  with  y-CD 
and  Cfto  was  also  analysed. 


EXPERIMENTAL 


In  total  there  were  four  samples  considered  throughout  this  study.  The  first  was  a  dry  ground 
material  produced  by  grinding  in  an  agate  mortar  and  pestle  y-CD  and  SWNT  (HiPco)  in  a  30:1 
ratio.  The  mixture  was  ground  for  approximately  1  hour  resulting  in  a  fine  light  grey  powder.  A 
second  mixture  again  in  a  30:1  ratio  was  then  ground  but  this  time  it  was  ground  in  1ml  of 
deionised  water  resulting  in  a  fine  dark  grey  powder  (which  retained  its  dark  grey  colour  after 
heating).  The  third  sample  was  produced  by  refluxing  a  suspension  of  SWNTs  (5mg)  in  an 
aqueous  y-CD  solution  (0.3M)  for  <100hrs  at  lOO^’C  under  constant  stirring.  It  was  seen  that  a 
yellow  solution  began  to  form  after  about  -12  hours  from  which  a  number  of  crystals  were 
formed.  The  subsequent  solution  was  allowed  to  rest  for  two  days  (allowing  excess  tubes  to 
settle  out)  before  it  was  decanted  off  and  analysed.  The  final  and  fourth  samples  were  simply  the 
recrystallised  material  produce  from  the  refluxed  solution.  The  material,  which  settled  out  after 
the  reflux  time,  was  also  analysed  and  found  to  be  simply  carbon  nanotubes. 

The  samples  were  analysed  using  Raman  microscopy  and  UV-Vis-NIR  spectroscopy.  The 
Raman  spectra  were  obtained  using  an  Instruments  S.A.  Labram  IB  spectroscopic  microscope 
operating  at  633nm  while  the  UV-Vis-NIR  spectra  were  obtained  using  a  PcrkinElmcr  Lambda 
900  spectrophotometer.  All  samples  for  the  UV-Vis-NIR  spectra  were  dissolved  in  dc-ionised 
water. 
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RESULTS  AND  DISSCUSSION 


The  solution  produced  by  refluxing  a  suspension  of  SWNTs  (5mg)  in  an  aqueous  y-CD  solution 
(0.3M)  for  ~100hrs  at  100”C  had  a  ‘yellow’  tint  reminiscent  of  Cgo-y-CD  inclusion  complexes 
produced  in  a  similar  fashion  [10].  It  is  unlikely  however  that  this  coloration  is  due  to  the 
formation  of  an  inclusion  complex  between  the  SWNT  and  y-CD  a  more  likely  explanation  is  the 
presence  of  dissolved  Fe^'^  produced  from  catalytic  iron  particles  [6].  There  is  evidence  from  the 
absorption  spectra  shown  in  figure  1  that  the  y-CD  interacts  electronically  with  either  the 
SWNTs  or  the  catalyst  iron  particles,  however  identification  of  exactly  which  species  it  interacts 
with  at  this  stage  is  difficult.  Figure  1  (a)  shows  the  optical  absorption  spectrum  of  the  HiPco 
SWNTs,  obtained  in  SDS,  which  agrees  well  with  literature  [6,  11]  having  two  broad  absorption 
peaks  centered  at  approximately  1 200nm  and  1  OOOnm.  These  peaks  have  been  attributed  to 
optical  transition  between  mirror  image  spikes  in  density  of  states  of  semiconducting  tubes  [1 1]. 
In  addition  the  peak  position  is  also  very  sensitive  to  the  tube  diameter  [1 1],  allowing  an  estimate 
of  the  diameter  distribution  of  the  HiPco  tubes  used  in  this  study  to  be  obtained  as  0.7-1. Onm. 
Indeed  the  average  tube  diameter  obtained  from  TEM  images  was  ~0.8nm.  This  diameter 
distribution  further  supports  the  notion  that  HiPco  SWNTs  and  y-CD  cannot  form  an  inclusion 
complex  together  since  the  diameter  size  of  the  HiPco  tubes  and  the  inner  cavity  size  of  y-CD  [9] 
are  comparable.  Spectrum  (b)  in  figure  1  highlights  the  absorption  spectrum  of  y-CD  in  aqueous 
solution,  it  can  be  seen  that  this  absorption  has  few  features  in  the  NIR  region  however  there  is  a 
strong  feature  at  ~260nm.  By  comparing  the  wet  and  dry  ground  sample  spectra  (obtained  from 
aqueous  solution)  (d)  and  (e)  respectively  to  the  pristine  samples  (a)  and  (b)  we  can  see  a  number 
of  distinct  changes. 


Wavelength  (nm) 

Figure  1.  NIR-UV-Vis  of  (a)  HiPco  SWNTs  raw  sample  in  SDS  solution,  (b)  y-Cyclodextrin  in 
aqueous  solution,  (c)  aqueous  solution  produced  from  reflux,  (d)  wet  ground  miture  of  y-CD  and 
HiPco  SWNTs  (30:1  ratio),  (e)  wet  ground  miture  of  y-CD  and  HiPco  SWNTs  (30:1  ratio).  Both 
(d)  and  (e)  are  in  aqueous  solution. 

Firstly  the  dry  ground  sample,  spectrum  (e)  shows  only  weak  SWNTs  peaks  in  the  NIR 
region  with  little  or  no  positional  changes  with  respect  to  the  pristine  SWNT  sample.  In 
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comparison  lo  the  y-CD  spectrum  the  feature  at  ~260nm  appears  to  be  smeared  out  making  any 
conclusion  about  an  electronic  interaction  difficult.  However  for  the  wet  ground  sample, 
spectrum  (d)  figure  1  clear  differences  exi.st.  Significantly  the  feature  at  ~260nm  in  the 
absorption  spectrum  of  the  y-CD  is  seen  to  under  go  a  shift  of  ~40nni  towards  the  red  for  the  wet 
ground  mixture.  Indicating  a  change  in  the  electronic  structure  of  the  y-CD.  Furthermore  the 
characteristic  SWNT  peaks  in  the  NIR  region  also  appear  to  become  more  defined  and  sharper 
with  peak  maximum  at  ~960nm  and  ~1 150nm  suggesting  that  SWNTs  of  diameter  ~0.76nm  and 
0.92nm  are  retained  in  the  wet  ground  sample.  In  contrast  spectrum  (c)  obtained  for  the  yellow 
solution  produced  from  the  reflux  shows  no  evidence  of  any  tubes,  supporting  the  suggestion  that 
the  yellow  tint  is  in  fact  due  to  Fe"^^  ions.  It  should  be  noted  however  that  the  feature  at  260nm 
for  y-CD  appears  to  be  enhanced  in  this  solution.  In  general  the  evidence  for  an  intermolecular 
interaction  between  the  y-CD  and  the  HiPco  SWNTs  from  the  absorption  spectra  is  weak. 

More  convincing  spectroscopic  evidence  of  an  intermolecular  interaction  can  be  obtained 
from  Raman  spectro.scopy.  The  Raman  spectrum  for  HiPco  SWNTs  is  shown  in  figure  2  (a).  As 
in  the  absorption  spectra  the  diameter  distribution  can  be  estimated  from  the  radial  breathing 
modes  (RBMs)  to  be  in  the  range  0.7nm  to  Inm.  Raman  scattering  of  the  RBMs  (positioned 
between  150cm  '  and  300cm  ')  and  the  tangential  displacement  mode  (TDM  positioned  at 
~  1580cm  ')  of  SWNT  have  been  intensively  studied  in  recent  years  [12,13]  and  are  known  to  be 
sensitive  to  perturbations  in  the  local  environment  of  the  tube.  This  is  evident  in  the  spectra 
shown  in  figure  2,  which  shows  changes  in  the  Raman  scattering  of  the  HiPco  SWNTs  as  the 
sample  preparation  moves  from  the  dry  ground  mixture  through  to  the  reci-ystallised  material 
produced  after  the  reflux.  It  is  seen  that  the  RBMs  and  the  TDM  undergo  considerable  changes 
in  position  and  to  some  degree  intensity. 
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Figure  2.  Raman  spectra  for  (a)  raw  HiPco  SWNTs  (b)  dry  ground  mixture,  (c)  wet  ground 
mixture,  (d)  the  recrystallised  material  produced  from  the  refluxed  suspension  and  (c)  y-CD, 


Figure  3A  highlights  the  changes  observed  in  the  RBM  region  of  the  spectrum,  it  can  be  seen 
that  for  the  pristine  sample  the  dominant  RBM  is  positioned  at  254.7cm‘'  (corresponding  to  a 
tube  diameter  of  ~0.9mn).  Whereas  in  the  ground  samples  (both  the  dry  ground  and  the  wet 
ground  mixtures)  a  slight  up  shift  in  the  RBMs  position  towards  smaller  diameters  is  observed 
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In  particular  the  dominant  RBM  is  positioned  at  257.0cm  ‘  for  the  dry  ground  mixture  and 
257, 6cm'^  for  the  wet  ground  mixture  which  is  a  shift  of  2,3cm'*  and  2,9cm'*  respectively  from 
the  pristine  sample.  Additionally  a  new  RBMs  appears  for  both  the  ground  samples  at  ~197cm‘* 
which  is  not  descrenable  in  the  pristine  HiPco  SWTSfTs  Raman  spectrum.  Nevertheless  the 


Figure  3.  Raman  spectra  of  (A)  radial  breathing  modes  and  (B)  tangential  displacement  mode 
spectra  shown  are  (a)  raw  HiPco  SWNTs  (b)  dry  ground  mixture,  (c)  wet  ground  mixture,  and 
(d)  the  recrystallised  material  produced  from  the  refluxed  suspension.  Peak  positions  were 
obtained  from  Lorentzian/Gaussian  fits, 

overall  shape  of  the  dry  and  wet  ground  samples  are  comparable  to  that  observed  for  the  pristine 
sample  with  only  a  slight  shift  in  the  main  RBMs.  The  recrystalised  material  produced  from  the 
refluxed  solution,  however  shows  considerable  changes  in  the  RBMs.  It  can  be  seen  from  figure 
3A  spectrum  (d),  that  the  RBMs  broaden  considerably  resulting  in  what  appears  to  be  a  more 
even  diameter  distribution.  This  broadening  may  be  the  result  of  a  decrease  of  the  dominant 
RBMs  rather  then  the  specfic  selection  of  larger  diameter  tubes.  Nevertheless  the  changes 
suggest  that  the  refluxing  method  results  in  a  stronger  interaction  between  the  HiPco  nanotubes 
and  the  7CD. 

Further  changes  are  obsreved  for  the  Tangential  displacement  mode  (TDM)  poistioned  at 
~1580cm  '  figure  3B.  This  mode  involves  tangential  C-C  bond  stretching  motions  and  stems 
from  the  E  2g  mode  at  1580  cm  *  in  graphite  [2].  In  contrast  to  the  RBMs  the  graphite-like  TDM 
exhibits  a  definite  upward  shift  of  ~7cm  *  after  the  nanotubes  were  ground  with  yCD  and  an  even 
further  up  shift  of -lOcm'*  for  the  recrystallised  material.  Similar  up  shifts  in  this  mode  have 
been  reported  before  in  SWNT  bundles  and  SWNT/expoy  [12,13]  composites  in  which  it  was 
seen  that  the  TDM  can  shift  up  in  frequency  due  to  compressive  strains  induced  along  the  length 
of  the  nanotubes.  The  compressive  strains  were  attributed  to  van  der  Waals  interactions  between 
the  individual  SWNTs  in  bundles  (or  the  epoxy  and  SWNTs  in  the  composite)  thereby  stiffening 
the  bond  and  hence  constricting  the  molecular  vibrations  [12,13],  This  observation  of  an  up  shift 
in  this  study  may  thus  be  due  to  strains  induced  by  adsorbed  cyclodextrins  at  the  surface  of 
nanotube  ropes.  Indeed  Chen  et.al.  [7]  proposed  that  cyclodextrins  could  be  adsorbed  onto  the 
surface  of  nanotube  ropes  by  van  der  Waals  forces.  The  shifts  in  the  TDM  are  thus  the  first 
spectroscopic  evidence  to  support  the  notion  the  HiPco  SWNTs  can  readily  interact  with  y 
cyclodextrin. 
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The  true  nature  and  extent  of  the  inlcrmolecular  interaction  between  SWNTs  and  "yCD 
however  has  still  to  be  elucidated.  Leaving  many  questions  about  the  potential  use  of 
supramacromolccules,  such  as  cyclodcxtrins,  calixerincs  and  other  soft  organic  materials,  in  the 
development  of  molecular  self  assembly  techniques. 

CONCLUSION 


Reported  is  the  first  spectroscopic  evidence  of  an  intcrmolccular  interaction  between  HiPco 
SWNTs  and  yCD.  It  was  seen  that  by  grinding  or  rclluxing  the  SWNTs  with  the  soft  organic 
material  considerable  changes  to  the  electronic  and  vibrational  structure  of  both  materials  can  be 
induced.  Evidence  from  Raman  spectroscopy,  in  particular  up  shifts  in  the  TDM  at  ~1580cm'', 
seem  to  indicate  that  the  cyclodcxtrins  can  absorb  via  van  dcr  Waal  forces  along  the  length  of  the 
tube  inducing  a  compressive  strain.  The  interaction  of  SWNT  with  organic  materials  has  been 
proposed  as  a  possible  route  towards  self  assembly  techniques,  however  before  such  techniques 
can  be  uutilised  a  true  understanding  of  the  nature  and  extent  of  the  interaction  of  SWNTs  with 
such  molecules  must  be  obtained. 
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ABSTRACT 

Optical  non-linearity  of  cobalt  oxide  with  Si02-Ti02  additives  was  investigated,  and  the 
change  mechanism  of  the  refractive  index  (n)  and  extinction  coefficient  (k),  based  on  the  relation 
between  band  structure  and  optical  non-linearity  of  the  thin  films,  was  discussed.  Refractive  index 
and  extinction  coefficient  of  C03O4  thin  films  in  the  ground  state  were  3.17  and  0.42,  respectively. 
Both  n  and  k  decreased  by  irradiation  from  a  pulse  laser  with  650  nm  of  wavelength  (1.91eV). 
These  values  in  the  excited  state  were  2.91  and  0,41,  respectively.  n2  estimated  from  the  change  of 
n  and  k  was  -2.8  xlO''  ‘  m^/W.  The  film  had  a  band  gap  corresponding  to  2.06eV,  indicating  that  it 
was  widened  by  the  band  filling  effect  during  the  laser  irradiation  at  1.91eV,  and  this  led  to  the 
decrease  in  absorption  coefficient  and  refractive  index. 

INTRODUCTION 

Spectral  analyses  [1-3],  band  structural  analyses  [4-6]  and  optical  nonlinearity  [7],  of  cobalt 
oxide  thin  films  have  been  extensively  reported.  Recently,  we  have  discovered  that  cobalt  oxide 
thin  films  containing  glass  additives  have  remarkable  optical  nonlinearity,  that  is,  their  refractive 
index  drastically  changes  with  laser  irradiation  (X=650nm,  E=1.91eV)  [8-11].  Therefore  these 
films  are  suitable  as  super  resolution  films  to  reduce  the  spot  size  of  the  laser  irradiated  on  optical 
recording  media  such  as  DVDs  (digital  versatile  disks).  Furthermore,  we  have  reported  the  nano 
structure  of  some  of  these  thin  films  and  found  they  had  nano-scale  C03O4  precipitated  particles 
with  an  amorphous  grain  boundary  phase  of  1  .Onm  width  [12]. 

Ando  et  al.  [7]  investigated  the  third  order  nonlinear  optical  susceptibility  of  thin  films  of 
transition  metal  oxides  including  C03O4  with  a  phase-conjugation-type  degenerate  four-wave 
mixing  (DFWM)  method.  They  reported  that  thin  films  of  transition  metal  oxides  had  large 
when  7ns  and  35ps  pulse  lasers  with  a  wavelength  of  532nm  were  irradiated  on  them.  C03O4 
showed  significantly  more  nonlinearity  than  the  other  transition  metal  oxide  films  because  of  its 
high  figure  of  merit, 

In  the  present  study,  refractive  index  and  extinction  coefficient  of  ground  and  excited  states 
were  measured  by  an  ellipsometric  method  to  investigate  the  mechanism  of  non-linearity  of 
Co304-Si02-Ti02  thin  films. 

EXPERIMENTAL  PROCEDURE 

Thin  films  of  C03O4  with  SiOa  and  Ti02  additives  were  obtained  by  RF  magnetron  sputtering 
at  room  temperature  on  borosilicate  glass  substrates.  Composition  of  the  film  was 


523 


84Co304-8Si02-8Ti02  in  molar  percentage.  An  SPF-430H  sputtering  device  {Anclva  Co.  Ltd.) 
was  used  to  form  the  thin  films.  Sputtering  gas  was  argon  including  10  vol%  O2  and  sputtering 
power  was  600W  on  a  101 .6  mm  (4)  target.  Thickness  of  each  film  was  about  70nm.  Back  pressure 
was  under  I  .OxlO"^  Pa,  and  the  pressure  during  sputtering  was  6.7x1 0  '  Pa. 

Nano  structure  was  evaluated  by  transmission  electron  microscopy  (TEM;  Hitachi 
H-9000NAR).  The  acceleration  voltage  was  300  kV.  The  TEM  specimens  were  prepared  by  an 
ion  milling  device  (Gatan  Model  600  N). 

We  introduced  a  new  device  to  measure  refractive  index  (n)  and  extinction  coefficient  (k)  in 
the  ground  and  exited  states.  Ltd.  The  device  had  an  ellipsometric  optical  arrangement.  The 
ellipsometer  (type  DHA-NP)  was  designed  and  manufactured  by  Mizojiri  Optical  Co.  The  optical 
source  was  a  semiconductor  laser  with  a  wavelength  of  650nm.  A  laser  driver  drove  the  laser 
source  and  a  pulse  generator  changed  the  laser  power.  Pulse  width  was  100ns.  The  laser  beam  was 
irradiated  onto  the  specimen  through  a  polarizer  and  focusing  lens.  Then  the  beam  reflected  onto 
the  surface  of  the  thin  film  specimen,  and  then  passed  through  an  analyzer  and  filter  before 
reaching  the  detector.  The  signal  was  sent  to  a  digital  oscilloscope  with  a  sampling  frequency  of 
0.5GHz.  One  measurement  was  repeated  128  times  and  the  average  was  sent  to  a  PC.  and  A,  f), 
and  n,  k  were  calculated.  Laser  intensity  (I)  for  measuring  n  and  k  in  the  ground  state  was  under 
0.13GW/m^  and  between  l.OGW/nr and  9.0GW/m^  for  measuring  them  in  the  excited  state. 

Optical  transmittance  spectra  of  the  films  were  measured  by  an  optical  spectrum  analyzer 
(Hitachi,  U-3500).  Transmittance  of  the  substrate  was  subtracted  as  the  base  line.  Optical 
absorption  spectra  were  calculated  from  the  transmittance  spectra. 


RESULTS 


A  high-resolution  TEM  image  from  a  plane  view  of  the  84Co204-8Si02-8Ti02  film  indicated 
that  the  film  consisted  of  nano-scale  particles  with  a  grain  boundary  phase.  Average  grain  size  (d) 
of  the  film  was  10.7nrn,  and  the  standard  deviation  (a)  of  the  grain  size  of  the  sample  was  2. 14nm. 
The  selected  area  diffraction  images  of  the  film  corresponded  to  the  diffraction  patterns  of  C03O4. 

Figure  1  shows  the  change  of  n  and  k  induced  by  laser  pulse  irradiation  (wavelength,  650nm). 
The  intensity  of  the  pulse  laser  started  to  increase  at  t=0,  and  it  rose  to  9.0  GW/nr.  With  increasing 
pulse  laser  intensity,  n  decreased  from  3.17  to  2.91.  On  the  other  hand,  k  was  almost  constant  for 
the  duration  of  the  pulse  laser  irradiation. 

Laser  power  dependence  of  n  and  k  of  the  thin  film  arc  shown  in  Figure  2.  Refractive  indexes 
decreased  as  a  function  of  laser  intensity.  The  extinction  coefficient  slightly  decreased  with 
increasing  laser  power. 

We  reported  that  n  and  k,  estimated  using  optical  disk  style  samples,  decreased  from  2.53  to 
2,23  and  from  0.66  to  0.40,  respectively  with  increasing  laser  intensity  f  1 1].  Although  absolute 
values  of  n  and  k  differed  between  the  two  methods,  directions  and  extents  of  the  changes  of  n  and 
k  were  similar,  that  is,  n  and  k  decreased  with  increasing  laser  intensity. 

Next,  we  dealt  with  this  phenomenon  in  terms  of  optical  nonlinearity.  The  nonlinear 
refractive  index  is  described  as  follows: 

n  =  i\,  +  nj  (1) 

where  tu  is  nonlinear  refractive  index,  I  is  laser  power  and  is  the  linear  refractive  index  when 
laser  power  is  weak.  In  the  84Co304-8Si02-8Ti02  film,  n(i=3, 17  and  n=2.9 1 ,  so  n2l=-0.26.  Further, 
I=9.0GW/m^,  hence  112  was  calculated  as  -2.8  X  lO  "  m^W. 


524 


-50  -40  -30  -20  -10  0  10  20  30  40  50  60  70  80  90  100 

Time  /  ns 

Figure  1  Change  of  refractive  index  and  extinction  coefficient  of  84Co304-8Si02-8Ti02 
thin  film  by  laser  irradiation. 


To  investigate  the  change  mechanism  of  the  refractive  index  and  extinction  coefficient  of 
C03O4  films,  we  analyzed  optical  absorption  spectra.  Figure  3  plots  {cxhvf  versus  hv  of  these 
films.  Eg  values  were  calculated  in  accordance  with  the  method  shown  in  Ref.  2.  Each  film  had  a 
straight  line  portion,  and  extrapolation  of  the  line  to  zero  absorption  coefficient  was  close  to 
Eg=2.0  eV.  The  Eg  values  showed  good  agreement  with  the  previous  findings  [2]. 

DISCUSSION 

As  we  mentioned  above,  both  n  and  k  decreased  as  a  function  of  laser  pulse  intensity.  One  of 
the  mechanisms  that  can  describe  this  phenomenon  is  the  band  filling  effect  in  the  semiconductor. 
The  band  filling  effect  occurs  with  the  electron  transition  from  the  ground  states  to  excited  states 
induced  by  laser  irradiation  having  an  energy  near  the  band  gap.  Eg.  Excitation  by  electrons  widen 
the  band  gap  from  Eg  to  Eg’  (Eg’>Eg). 

Therefore  the  absorption  edge  shifts  to  high  energy,  and  then  a  blue  shift  of  the  absorption 
spectrum  occurs.  Consequently  the  absorption  coefficient  decreases.  The  refractive  index  also 
decreases  in  the  lower  energy  region  and  it  increases  in  the  higher  energy  one. 
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Figure  2  Laser  power  dependence  of  refractive  index  and  extinction  coefficient  of 
84Co304'8Si02-8Ti02  thin  film. 


Since  we  use  the  laser  that  has  a  6.'S0nm  wavelength  (E=l  .91eV)  in  the  present  study,  it  is 
considered  that  the  laser  excited  the  electrons  corresponding  to  the  band  gap  of  2.()6eV.  Laser 
energy  of  1.9  leV  is  lower  than  the  Eg  of  2.06eV,  so  the  refractive  index  also  decreases. 

Response  time  of  the  change  of  refractive  index  by  the  band  filling  effect  was  reported  to  be 
on  the  order  of  nano  second  in  semiconductors  [13].  Measured  response  time  in  the  present  study 
is  also  on  the  order  of  a  nano  second,  so  we  have  good  agreement  with  the  reported  value. 

Next,  we  consider  the  relation  between  the  band  structure  and  the  reaction  with  the  laser. 
C03O4  has  a  spinel  structure  in  which  Co^^  ions  occupy  the  four-coordinate  tetrahedral  sites  and 
Co'^"^  ions  are  in  the  six-coordinate  octahedral  sites.  Such  a  complex  structure  gives  many 
localized  bands,  and  there  are  several  absorption  peaks.  The  absorption  band  corresponding  to 
Eg=2.06  eV  is  assigned  as  a  charge  transfer  from  to  Co"^(gV).  The  laser  having 

E=1 .91eV  excites  this  transition.  Therefore  we  consider  that  Co'"^  in  the  C03O4  spinel  structure 
makes  a  large  contribution  to  the  optical  nonlinearity. 
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Figure  3  hv-  (ahv)^  plots  of  84Co304-8Si02-8Ti02  thin  film. 
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CONCLUSIONS 


Refractive  index  and  extinction  coefficient  of  C03O4  vs^ith  Si02-Ti02  thin  films  in  the  ground 
state  were  3.17  and  0.42,  respectively.  Both  n  and  k  decreased  by  irradiation  of  a  pulse  laser  with 
650  nm  wavelength  ( 1,9  leV),  and  these  values  in  the  excited  state  were  2.91  and  0,41 ,  respectively. 
n2  was  estimated  from  the  change  of  n  to  be  -2.8  xlO  ’  ‘  m^W.  The  film  had  a  band  gap 
corresponding  to  2.06eV,  indicating  that  it  was  widened  by  the  band  filling  effect  during  the  laser 
irradiation  at  an  energy  of  1.91eV,  and  then  the  absorption  coefficient  and  refractive  index 
decreased. 
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ABSTRACT 

SAXS  and  EXAFS  were  applied  to  study  genesis  of  polynuclear  zirconium 
hydroxyspecies  in  pillaring  solutions  as  dependent  upon  the  zirconium  concentration,  addition 
of  alkaline-earth  chlorides  and  aging.  After  the  montmorillonite  clay  pillaring,  the  structure  of 
zirconium  nanopillars  was  characterized  by  applying  X-ray  structural  analysis,  UV-Vis,  FTIRS 
of  adsorbed  CO  and  nitrogen  adsorption  isotherms.  Main  pillaring  species  appear  to  be 
nanorods  comprised  of  several  Zr4  tetramers.  Basic  structural  features  of  the  tetramers  are 
preserved  in  zirconia  nanoparticles  fixed  between  alumosilicate  layers  in  pillared  clays.  In 
calcined  samples,  those  nanoparticles  contain  only  bridging  hydroxyls  and/or  oxygen  anions 
responsible  for  bonding  within  pillars  and  between  pillars  and  clay  sheets. 

INTRODUCTION 

Clays  pillared  by  nanosize  zirconia  particles  (Zr  PILC)  are  promising  supports  and 
catalysts  for  different  petrochemical  processes  [1-2]  and  selective  catalytic  reduction  of  NOx  by 
hydrocarbons  in  excess  oxygen  [3].  Their  performance  strongly  depends  upon  the  size,  shape 
and  structure  of  nanosized  zirconia  pillars  propping  the  alumosilicate  layers,  which  are  in  turn 
determined  by  the  properties  of  zirconium  hydroxy  polycations  in  pillaring  solutions.  The 
majority  of  published  data  on  pillared  clays  synthesis  mainly  concerns  studies  of  the  effects  of 
preparation  procedures  and  properties  of  starting  clays,  while  little  attention  has  been  paid  to 
the  shape  and  structure  of  pillaring  species  formed  in  solutions. 

In  this  work,  to  cover  this  gap,  SAXS  and  EXAFS  were  applied  for  investigation  of  the 
early  stages  of  zirconium  salts  (zirconyl  chloride  and  acetate,  concentration  0.1 -0.3  M) 
hydrolysis  during  aging  at  temperatures  in  the  range  from  25  to  80  “C.  In  addition,  the  effect 
of  the  alkaline-earth  cations  (Ca,  Sr  and  Ba)  on  this  process  was  considered  as  well.  The  X- 
ray  structural  analysis,  UV-Vis  and  FTIRS  of  adsorbed  CO  were  used  to  further  characterize 
the  zirconia  nanoparticles  in  the  calcined  pillared  montmorillonite  clays. 


EXPERIMENTAL 

Zr-containing  solutions  (Zr  concentration  0.1 -0.3  M)  were  prepared  from 
recrystallized  ZrOCL  8  HoO  and  zirconium  acetate  (Aldrich  41  380-1 ,  solution  in  diluted  acetic 
acid).  Those  solutions  were  modified  by  adding  chlorides  of  Ca,  Sr  and  Ba  with  variation  of 
the  Zr:Me  ratio  in  the  range  of  3. 3-9.0.  Next  series  of  solutions  were  prepared  and  studied: 
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I.  Zirconium  salt  or  its  mcclianical  mixture  with  Ca,  Sr  or  Ba  chlorides  was  dissolved  in 

the  distilled  water  immediately  before  spectra  recording  (Fresh). 

II.  1 ,0  M  solutions  of  zirconium  chloride  containing  alkaline  earth  chlorides  (0.1 -0.3  M) 

were  diluted  and  kept  at  a  room  temperature  for  8  days  (Aged  RT). 

III.  Solutions  of  series  1  were  aged  at  53  "C  for  1 6  h. 

IV.  Solutions  of  series  II  were  aged  at  80  "C  for  3  h. 

Zirconia-pillared  clays  were  synthesized  using  a  Ca  -  or  Na-montmorillonitc  clay  from 
the  Kazakhstan  deposit  containing  66  wt.  %  SiO:  and  25  wt.  AFO.^  following  earlier 
described  procedures  [4]  and  pillaring  solutions  of  IV  series. 

Solutions  were  studied  using  the  X-ray  Small- Angle  Scattering  (SAXS,  a  KPM-1 
camera  with  Cu  K(;(  radiation)  in  the  range  of  20  angles  7'-4"  and  EXAFS  (the  spectra  were 
acquired  at  the  EXAFS  station  of  the  Siberian  Center  of  Synchrotron  Radiation,  Novosibirsk) 
using  procedures  and  data  analysis  described  in  details  previously  [5]. 

The  size  distribution  of  zirconium  polynuclear  species  in  solution  D,,  (  r),  where  r  is  a 
characteristic  size  of  a  particles,  (i.c.,  a  sphere  radius  for  spherical  particles)  was  derived  by 
using  the  Equation  (!) 

I(q)  =  J  n„(  r  )  m"  (r)  i„(qr)  dr  (I) 

Here,  I  (q)  is  the  measured  intensity  of  scattering,  q  =  4  7i  sin  B/X  -  amplitude  of  the 
wavcvcctor,  with  X  =  1.54  A  being  the  wavelength  of  the  X-ray  beam,  m  (r)  -the  difference 
between  the  dielectric  constants  of  the  scattering  particle  and  surrounding  media,  (qr)  = 
I3(sin  qr  -  qr  cos  qr)/q^  r^l"  -  the  intensity  of  scattering  on  a  given  spherical  particle  with  a 
radius  r  [6J.  The  SAXS  data  analysis  using  a  relation  log  I  ~  q‘Rg'/3,  where  Rj,  is  a  gyration 
radius  [6]  was  attempted  as  well. 

The  X-ray  phase  analysis  of  the  initial  and  pillared  clays  was  carried  out  using  a  HZG-4 
(C,B)  diffractometer  (Cu  radiation  and  a  flat  monochromator)  in  the  range  of  20  angles 
equal  to  l-60‘’.  To  obtain  the  curves  of  the  electronic  density  radial  distribution.  Mo 
radiation  and  a  bent  graphite  monochromator  were  applied  for  measurements  in  the  20  range 
3-140". 

Adsorption  characteristics  were  measured  on  a  Micromeritics  ASAP- 2400  installation 
by  N2  adsorption  at  77  K. 

UV-Vis  spectra  were  recorded  using  a  Shimadzu  8300  spectrometer  equipped  with  a 
diffuse  scattering  DRS  8000  cell.  Spectra  were  recorded  in  the  10000-60000  cm  '  range  with  4 
cm''  resolution,  the  number  of  scans  being  equal  to  50.  Samples  were  loaded  into  the  vacuum 
cells  equipped  with  CaFi  windows.  To  decrease  the  mirror  reflection,  a  sample  layer  was 
inclined  for  20-25%  with  respect  to  the  horizontal  plane. 

The  surface  properties  were  probed  by  the  IR  spectroscopy  of  adsorbed  CO  test 
molecule  (FTIRS,  a  Fourier-transform  IFS  1 13V  Bruker  spectrometer). 

RESULTS 

Solutions 

Fig.  1  shows  typical  SAXS  dependencies  for  solutions  containing  0.1  M  of  zirconium 
salts.  Aging  conditions  very  strongly  affect  the  intensity  of  scattering  in  the  range  of  small  q 
values,  while  the  alkaline  earth  cations  and  the  nature  of  starting  salts  were  mainly  reflected  in 
the  high  q  part  of  curves.  These  curves  contain  several  inflection  points  thus  suggesting  that 
there  is  a  size  distribution  of  zirconium  polynuclear  species.  As  a  result,  direct  estimation  of  the 
gyration  radius  from  these  curves  as  in  [6]  appears  to  be  ambiguous.  The  analysis  of  the 
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particle  size  distribution  by  applying  the  integral  Equation  (1)  revealed  that  in  fresh  diluted 
solutions  of  pure  zirconium  salts  polynuclear  zirconium  hydroxocomplexes  are  mainly 
represented  by  species  with  typical  sizes  in  the  range  of  15-30  A.  They  are  comprised  of 
several  ZT4  tetramers  stacked  into  nanorods.  The  EXAFS  data  confirm  preservation  of  the 
parent  Zu  structure  in  those  species  characterized  by  the  next  typical  distances  and 
coordination  numbers  (CN):  Zr-0  -  2.21  A  (CN  7),  Zr-Zr  -  3.34  A  (CN  0.8),  Zr-Zr  -  3.67  A 
(CN  1)  and  Zr-Zr  -  4.91  A  (CN  0.8).  It  implies  a  weak  interaction  (mainly  through  the 
hydrogen  bonds)  between  stacked  tetramers  in  oligomerized  zirconium  hydroxycomplexes. 


a)  b) 


Fig.  1.  SAXS  intensity  for  fresh  (a)  and  aged  at  55  ”C/16  h  (b)  solutions  containing  zirconium 
salts. 


In  aged  solutions  especially  in  those  aged  at  80  °C,  the  tetrameric  units  appear  to  be 
bound  stronger,  which  is  reflected  in  pronounced  distortion  of  their  structure.  In  this  case,  only 
two  distances:  Zr-O  -  2.19  A  (CN  7)  and  Zr-Zr  -  3.52  A  (CN  0.8)  are  revealed  in  the  EXAFS 
spectra.  These  features  can  be  tentatively  explained  by  a  structure  of  nanorods  in  which 
consecutively  stacked  Zr4  units  are  rotated  by  45  degrees  relative  to  each  other  to  ensure  their 
connection  by  bridging  OH  groups  formed  by  condensation  of  terminal  OH  groups  situated  at 
the  vertexes  of  tetramers.  The  existence  of  sheet-like  structures  where  disordered  stacking  of 
coplanar  tetramers  occurs  could  not  be  excluded  as  well,  though  formation  of  the  latter  species 
seems  to  be  less  probable. 

In  pure  solutions  of  zirconium  salts,  a  part  of  zirconium  hydroxocomplexes  is 
aggregated  into  large  (typical  diameters  in  the  range  of  60-200  A)  colloidal  particles.  The 
addition  of  alkaline-earth  cations  into  solutions  helps  to  partly  suppress  formation  of  those 
particles  not  affecting  appreciably  the  structure  of  nanorods,  only  slightly  decreasing  Zr-O  and 
Zr-Zr  coordination  numbers.  Some  increase  of  nanorods  mean  sizes  (up  to  45  A)  was  observed 
as  well.  As  alkaline-earth  cations  are  found  to  be  completely  removed  from  the  pillared  clays  at 
the  washing  stage,  it  suggests  that  in  solutions,  they  are  located  at  the  external  surface  of 
nanorods  being  coordinated  by  terminal  hydroxyls  or  water  molecules  chemically  bound  with 
Zr  cations  of  tetramers.  Such  an  interaction  explains  a  higher  distortion  of  the  tetramer 
structure  leading  to  decrease  of  EXAFS  coordination  numbers  (in  aged  solutions,  in  the 
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presence  of  alkaline-earth  cations,  Zr-0  CN  arc  in  the  range  of  6. 6-6. 3,  while  Zr-Zr  CN  arc 
in  the  range  of  0.7-0.3).  The  lowest  coordination  numbers  were  found  for  Sr-containing 
.solutions,  and  the  highest  -for  solutions  with  added  calcium  chloride.  Some  variation  in  the 
structure  of  polynuclear  .species  in  the  presence  of  different  alkaline  earth  cations  as  suggested 
by  these  results  can  be  tentatively  explained  by  the  difference  in  the  hydration  sphere  of  the 
latter  cations  in  water  solutions  [7].  Thus,  for  Ca  the  nearest  sphere  is  comprised  of  regular 
octahedron,  for  Ba  it  is  elongated  octahedron,  while  for  Sr  it  is  a  square  antiprism.  It  can  be 
speculated  that  Sr  cations  arc  included  within  the  polynuclear  species  affecting  the  mode  of 
their  polymerization  and  condensation  at  aging. 

Clay  structure  and  texture 


In  the  initial  clay  washed  by  the  diluted  HCl  solution  with  the  pH  value  2.2  equal  to 
that  in  pillaring  solutions  and  then  calcined  at  400  "C,  the  basal  (001)  spacing  was  found  to  be 
~  1 1  A  (9.6  A  being  the  reference  value  for  completely  dehydrated  parent  montmorillonitc). 
The  mean  particle  size  in  the  (001)  direction  was  around  40  A.  After  pillaring,  washing  and 
calcination  at  400  "C,  for  all  samples  studied  here  and  containing  ~  20  wt.%  of  zirconia.  the 
basal  .spacing  was  increased  up  to  ~  18  A,  while  the  particle  size  remains  rather  constant  (~  30 
A),  suggesting  that  pillaring  has  not  caused  the  clay  exfoliation.  These  results  imply  that  for  all 
samples  studied  here,  the  mean  gallery  height  is  around  7  A.  This  value  corresponds  to  the 
normal  orientation  of  tetramcric  units  with  respect  to  the  host  layers. 

In  all  zirconia-  pillared  clays  studied  here,  any  reflections  which  could  be  assigned  to 
separate  zirconia-containing  phases  were  not  observed.  It  means  that  for  predominant  part  of 
pillars,  their  typical  sizes  within  the  basal  plane  are  less  than  25-30  A,  and  that  in  the  basal 
direction  is  less  than  10  A.  The  differential  radial  distribution  curve  obtained  by  subtracting  the 
initial  clay  data  from  those  of  pillared  clays  was  found  to  contain  maxima  at  2-2.4;  3.6;  4-4.2; 
4. 5^. 8;  5. 6-5.9  A,  thus  proving  incorporation  of  the  tetramcric  units  containing  species  into 
the  clay  structure  (Fig.  2  ). 


Fig.  2,  Electron  density  radial  distribution  curves  for  the  initial  clay  (1),  Zr  PILC  (2)  and 
differential  (2-1)  curve  (3). 


The  negative  peaks  of  the  electron  density  in  the  differential  curve  show  variation  in  the 
structure  of  a  clay  due  to  pillars  incorporation.  The  interlayer  distance  between  the  tetrahedral 
Si04  layers  in  the  alumosilicatc  sheets  is  increased  up  to  2.8  A.  Similarly,  the  distance  between 
octahedrally  coordinated  cations  (Mc=Al,  Mg)  to  the  oxygen  in  the  nearest  tetrahedron  is 
increased  from  3.1  to  3.3  A.  These  variations  can  be  caused  by  strains  generated  by  zirconia 
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pillars  situated  between  the  alumosilicate  layers.  The  incorporation  of  a  big  cation  (first  of  all, 
Zr)  into  the  vacant  octahedral  positions  could  not  be  excluded  as  well. 

As  follows  from  the  results  of  UV-Vis  (Fig.  3),  for  Zr  PILC  the  characteristic 
absorption  corresponding  to  the  anion-cation  charge  transfer  is  shifted  to  higher  wavenumbers 
as  compared  with  that  for  the  bulk  analog  -highly  dispersed  cubic  zirconia  stabilized  by  2  mol. 
%  of  CaO  [8].  This  feature  can  be  explained  by  a  lower  0-Zr  coordination  number  in 
nanosized  pillars  (maximum  2  for  bridging  oxygen  anions  or  hydroxyls)  as  compared  with  the 
bulk  zirconia  lattice  (each  oxygen  is  surrounded  by  4  Zr  cations).  As  a  result,  the  Zr-0  bond  in 
nanoparticles  possesses  a  higher  ionicity  which  is  reflected  in  a  higher  energy  of  the  charge 
transfer  band.  Decreased  intensity  of  those  bands  in  Zr  PILCs  can  be  related  to  a  high 
disordering  of  the  nanoparticle  structure  as  revealed  by  EXAFS  [8]. 


Wavenumber,  cm"’ 


Fig.  3.  UV-Vis  spectra  of  bulk  cubic  zirconia  stabilized  by  calcium  (1)  and  zirconia-pillared 
clays  prepared  by  using  pillaring  solutions  containing  Ca  (2),  Sr  (3)  and  Ba  (4)  cations. 


According  to  analysis  of  the  nitrogen  adsorption  isotherms  by  using  the  geometric 
model  of  pillared  interlayer  materials  [9],  the  specific  surface  area  of  a  free  space  within  the 
pillared  clay  galleries  is  in  the  range  of  350-400  mVg.  A  mean  diameter  of  pillars  approximated 
by  dises  was  estimated  to  be  in  the  range  of  15-20  A,  which  agrees  rather  good  both  with  the 
predominant  sizes  of  pillaring  species  in  solution  and  the  upper  limit  of  the  size  of  zirconia 
nanoparticles  as  determined  by  XRD  (vide  supra). 

FTIRS  data  of  adsorbed  CO  and  hydroxyl  groups  (not  shown  here  for  brevity )  indicate 
that  on  the  surface  of  zirconia  pillared  clays  evacuated  at  400  °C,  the  number  of  coordinatively 
unsaturated  Zr  cations  is  much  lower  as  compared  with  that  for  bulk  highly  dispersed  zirconia 
samples  [8].  Moreover,  in  the  hydroxyls  stretching  regions,  only  bands  at  ~  3650-3700  cm 
corresponding  to  bridging  hydroxyls  are  present.  It  implies  that  the  surface  of  zirconium 
nanoparticles  is  covered  by  bridging  hydroxyls  binding  either  Zr  cations  or  Zr  cations  and 
cations  in  the  alumosilicate  layers. 


533 


CONCLUSIONS 

The  structural  features  of  zirconium  polynuclear  hydroxyspecies  in  pillaring  solutions 
(degree  of  polymerization  and  internal  arrangement)  were  shown  to  depend  upon  the  presence 
of  electrolytes  (alkaline-earth  chlorides)  and  aging  conditions.  Fixation  of  those  species 
between  clay  sheets  causes  rearrangement  of  both  the  alumosilicate  layers  and  pillars.  Low  Zr- 
O  coordination  numbers  in  zirconia  nanoparticles  are  reflected  in  the  high-frequency  shift  of 
the  Zr-O  charge  transfer  band  indicating  increased  ionicity  of  this  bond. 
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ABSTRACT 


Nanodispersed  lead  in  metallic  and  amorphous  matrices  was  synthesized  by  rapid  solidification 
processing.  The  optimum  microstructure  was  tailored  to  avoid  percolation  of  the  particles.  With 
these  embedded  particles  it  is  possible  to  study  quantitatively  the  effect  of  size  on  the 
superconducting  transition  temperature  by  carrying  out  quantitative  microstructural 
characterization  and  magnetie  measurements.  Our  results  suggest  the  role  of  the  matrices  in 
enhancement  or  depression  of  superconducting  transition  temperature  of  lead.  The  origin  of  this 
difference  in  behavior  with  respect  to  different  matrices  and  sizes  is  discussed. 


INTRODUCTION 


The  early  observations  on  the  importance  of  normal-superconductor  junctions  were  made  in 
1930  [1].  Since  then  a  large  body  of  literature  are  available  on  the  subjeet.  Intensive  theoretical 
and  experimental  investigations  were  carried  out  in  the  sixties  and  seventies  on  granular 
superconductors  and  thin  films  [2,3,4].  Recently,  there  is  a  resurgence  of  interest  due  to  the 
increasing  interest  in  nanoscience  and  technology  which  demands  understanding  the  behaviour 
of  small  particles  [5-9],  Rapid  solidification  technique  has  been  extensively  used  to  synthesize 
nanoembedded  particles  of  immiscible  alloy  [10].  We  have  successfully  synthesized  nanosized 
Pb  dispersed  in  different  matrices  using  this  technique.  In  the  present  paper,  we  report  the 
superconduetive  behaviour  of  these  nanosized  Pb  particles  embedded  in  A1  and  Al-based 
metallic  glass  matrices. 


EXPERIMENTAL  PROCEDURE 


Nanoembedded  lead  in  aluminium  and  amophous  glassy  matrix  was  synthesized  via  melt 
spinning  using  99.999%A1,  Cu,  V  and  99.99%Pb.  An  optimum  composition  and  quenching  rate 
was  chosen  in  order  to  obtain  a  well-dispersed  microstructure.  Lead  is  insoluble  in  aluminium, 
and  in  all  the  three  elements  constituting  the  AI75CU15V10  matrix  both  in  the  liquid  state  and  the 
solid  state.  The  processing  resulted  in  an  aluminium  matrix  with  nanodispersions  of  lead,  and  a 
metallic  glass  matrix  with  nano  lead  dispersions. .  Preliminary  phase  identification  of  the 
samples  were  carried  out  by  X-ray  diffraction  (JEOL  model  JDX  8030  )  using  Cu  Ka  radiation. 
Microstructural  characterisation  was  done  using  a  JEOL  2000  FX-II  Transmission  Electron 
Microscope  (TEM)  and  HREM.  The  size  distributions  of  particles  were  carried  out  using  a 
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Sigma  scan  Pro  commercial  software.  Magnetic  measurements  were  carried  out  in  a  SQUID 
magnetometer  in  standard  configuration.  The  magnetization  tests  were  conducted  under  identical 
conditions  in  zero  field-cooled  state  in  order  to  avoid  the  interference  of  macroscopic  persistent 
screening  currents  flowing  in  the  sample.  Typical  fields  of  20Oc  &  lOOOe  were  chosen  for 
measurements. 


RESULTS 


The  composition  of  Pb  in  A1  was  6.5wt%  and  in  AI75CU15V 10  was  20wt%.  The  detailed  results  of 
the  glassy  matrix  has  been  given  elsewhere  [9],  Fig.  1(a)  shows  an  electron  micrograph  of 
dispersed  Pb  in  aluminium  matrix  and  Fig.  1(b)  shows  the  corresponding  size  distribution  plot. 
Fig  1(c)  shows  the  selected  electron  diffraction  pattern  from  both  the  dispersed  Pb  phase  and 
matrix  confirming  the  cube  on  cube  orientation  relationship  of  Pb  with  AI.  There  exists  a 
significant  difference  of  lattice  parameters  of  the  two  fee  cubic  phases.  Pb  has  a  lattice  parameter 
of  0.47nm  while  the  corresponding  value  for  AI  is  0.40Inm.FIowever,  no  strain  field  could  be 
visible  around  Pb  particles  in  AI  matrix.  Fig  2  shows  the  size  distribution  of  lead  in  glassy  matrix 
obtained  from  high-resolution  images.  The  Pb  particle  in  this  case  is  randomly  oriented. 


#  # 
# 


200nm 


Figure  1(a)  Electron  micrograph  showing 
nano  dispersed  Pb  in  AI 


Figure  1(b)  Size  distribution  showing  Pb 
dispersoids  in  A I 
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Figure  1(c)  SADP  showing  AI  and  Pb 
reflections  possessing  cube  on  cube  O.R 
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Figure.2  Size  distribution  of  Pb  in  glassy  matrix 


The  magnetization  vs  temperature  plots  for  both  Pb  embedded  in  Al-Cu-V  metallic  glass  and  A1 
matrices  are  shown  in  Fig.  3  and  Fig.4  respectively  measured  at  a  field  of  20  Oe.  For 
comparison,  measurements  are  also  made  on  bulk  samples  of  lead  (see  fig. 3). 


D 

f 

! 

2  / 

i 

^  J 

00  0-0-00  ooixc^ 

61  . . 

5  6  7  8 

Temperature  (K) 


Figure  3  Magnetization  with  temperature  for 
Al75Cui5Vm-20wt%Pb  measured  with  a  field 
of  20Oe.  Hollow  circles  represent  data  of  bulk 
Pb  and  solid  circles  represent  Pb  in  glassy 
matrix 


Figure  4  Magnetization  vs  temperature  for 
Al-6.5wt%  Pb  measured  with  a  field  of 
20Oe 
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The  transition  in  the  bulk  lead  sample  is  sharp  and  the  entire  sample  becomes  superconducting  at 
Tc-  7.2K. 

The  transition  temperature  of  the  nanodispersed  lead  in  both  the  aluminium  and  glassy  matrices 
occurs  over  a  range  of  temperature  and  the  magetization  curve  shows  a  sigmoidal  behaviour. 

Fig. 5  shows  a  typical  cumulative  size  distribution  plot  obtained  from  the  measurement  of  -  5000 
particles  for  Pb  dispersed  in  A1  matrix.  The  optimum  numbers  of  particles  for  measurements 


Mean  size  (nm) 


Figure  5  Cumi!lali\  c  volume  fraclion 
starting  from  the  larger  particle  which 
becomes  superconducting  first 


were  determined  by  ensuring  that  the  nature  of  the  cumulative  plot  does  not  change  with  increase 
in  particle  number.  Assuming  a  spherical  particle,  it  is  possible  to  convert  this  to  volume 
distribution  of  each  size.  The  depression  of  the  superconducting  transition  temperature  occurs 
with  decreasing  particle  size.  Since,  magnetization  is  expressed  per  unit  volume,  it  is  possible  to 
map  the  two  curves  and  obtain  a  relation  between  transition  temperature  and  size.  Fig.6  shows 
such  a  curve  for  Pb  distributed  in  A1  matrix.  Fig.7  shows  a  comparative  plot  of  Pb  in  Al  and 
glassy  AI75CU15V10  matrix. 


Figure  6  Computed  temperature  vs 
size  plot  for  Pb  in  Al  matrix 
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Figure  7  Comparative  transition  temperature  Vs 
size  plot  for  Pb  dispersed  in  A1  and  Al-Cu-V  glassy 
matrix 


DISCUSSION 


From  our  experiments,  it  is  clear  that  the  critical  temperature  of  superconducting  transition  scales 
with  size  in  a  non-linear  fashion.  Compared  to  our  earlier  work  with  glassy  matrix  [9],  the 
depression  sets  in  much  earlier  when  the  particles  are  embedded  in  crystalline  aluminium  matrix. 
The  effect  of  interface  on  superconductivity  was  studied  earlier  in  the  context  of  thin  films 
[2,3,4].  These  studies  were  conducted  on  evaporated  layers  of  lead  on  copper  and  aluminium, 
and  the  layer  packets  produced  by  quench  condensation  at  a  substrate  at  lOK  show  a  similar 
trend  in  transition  temperature  Vs  thickness  plot.  The  transition  temperature  of  the  lead  layer 
falls  rapidly  as  a  function  of  thickness  and  drops  rapidly  when  Dpb  <  50nm.  From  their  plot,  it  is 
possible  to  extrapolate  to  a  critical  thickness  of  lOnm,  when  transition  temperature  approaches 
IK.  These  results  clearly  revealed  the  depression  of  critical  temperature  as  a  function  of  film 
thickness.  The  essential  difference  between  our  situation  and  thin  films  lies  in  the  nature  of  the 
confinement.  In  our  case,  the  number  of  electrons  in  the  system  decreases  significantly  leading  to 
discreteness  of  the  energy  levels  [11].  Further,  since  the  sizes  of  our  particles  in  most  cases  are 
smaller  than  the  coherence  length  in  all  directions,  it  can  be  considered  as  a  zero  dimensional 
superconductor.  In  such  a  case,  the  nature  of  the  lattice  of  the  embedding  matrix  is  expected  to 
play  a  significant  role.  This  is  clearly  highlighted  in  the  comparative  plot  in  Fig.7.  The 
depression  in  glassy  matrix  sets  in  at  much  smaller  size  range  compared  to  the  crystalline 
aluminium  matrix.  In  principle,  one  should  be  able  to  correlate  this  difference  with  the 
penetration  of  Cooper  pairs  in  the  two  nonnal  embedding  matrices.  We  are  unable  to  estimate 
this  at  the  present  moment.  We  also  note  that  Tc  for  Pb  particles  having  size  equal  to  bulk 
coherence  length  is  depressed  for  crystalline  A1  matrix  whereas  those  in  the  glassy  matrix  at  this 
size  show  bulk  behaviour.  Using  the  theory  of  superconductor  of  Anderson  [12],  Strongin  et  al 
[13]  suggested  the  following  expression  for  the  relation  between  superconducting  transition  and 
energy  level  spacings  for  spherical  granules: 

In  (Tc/Tco)  =  I[2/(2m+l)]x{tanh  [  (7c/2)((2m+l)27tkbTc/8)  ]-l} 


539 


Here,  Tcoand  Tc  is  the  transition  temperature  for  the  bulk  and  the  small  particles  and  e  is  the 
energy  level  spacing.  According  to  this,  for  Pb,  the  superconductivity  can  be  sustained  up  to  a 
size  of  2.2nm.  In  that  case,  both  the  curves  in  Fig.  7  should  cut  the  y-axis  at  the  same  value. 
Within  the  experimental  accuracy  of  our  measurements,  the  trends  of  our  curves  seem  to  be 
different.  This  raises  the  need  for  more  accurate  experiments  at  small  sizes.  From  the 
comparative  plot  it  is  shown  that  for  the  same  size  range  the  depression  in  Tc  is  much  more  for  a 
crystalline  matrix  compared  to  the  glassy  matrix.  Clearly,  exchange  of  Cooper  pairs  and  nomial 
electrons  across  the  interface  is  limited  in  glassy  matrix  compared  to  crystalline  matrix.  The  data 
in  both  cases  indicate  a  sigmoidal  curve  characteristic  of  Boltzmann  distribution.  It  can  be 
pointed  out  that  the  analysis  of  this  behaviour  is  not  possible  with  mean  field  BCS  theory 
because  of  the  finite  number  of  electrons  in  each  particle.  This  aspect  has  recently  been  discussed 
by  Braun  and  Delft  [14].  The  analysis  is  not  amenable  at  this  stage  to  quantitative  comparison 
with  our  experiments. 


CONCLUSION 


We  have  established  the  size  dependence  of  Tefor  Pb  particles  embedded  in  Al  matrix.  We  have 
compared  this  result  with  that  obtained  for  a  metallic  glass  matrix.  The  results  suggest  a  distinct 
difference  in  the  behaviour  of  depression  and  indicate  an  important  influence  of  the  particle 
matrix  interface  in  detennining  the  depression  of  Tf. 
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ABSTRACT 

Mesoporous  silicas  were  used  as  hosts  for  fabrication  of  nano  structured  metals.  Due  to 
the  confinement  effect,  densely  packed  metal  nanowire  bundles  and  nano-networks  or  highly 
dispersed  metal  nanoparticles  were  prepared  inside  the  channels  of  mesoporous  silicas  by  metal 
incorporation/reduction  processes.  The  structure  of  nano  structured  metals  was  analyzed  by 
TEM  and  PXRD,  and  the  composition  was  investigated  by  ICP-AES,  EDX  and  EELS. 

INTRODUCTION 

Metal  nanostructures  have  attracted  growing  interests  recently,  because  of  their  unique 
physical  and  chemical  properties  of  low  dimensionality  [1-3],  They  could  be  synthesized 
within  the  confined  space  of  a  host  material.  For  example,  one-dimensional  metal  nanowire 
arrays  have  been  synthesized  in  anodic  alumina  membrane  with  diameter  of  13-100  nm  [1 -2,4-5]. 
To  prepare  metal  nanostructures  with  even  smaller  size,  ordered  mesoporous  silicas  {e.g. 
MCM-41,  MCM-48,  SBA-15)  with  uniform  pore  diameters  (1.5-30  nm)  and  tunable  pore 
structures  are  considered  to  be  promising  hosts  [6-8]. 

One  advantage  of  mesoporous  silica  over  other  templates  is  the  feasibility  of  modification 
of  the  pore  walls  to  have  desired  properties  [9-11].  In  this  report,  we  show  that  various  metal 
nanostructures  can  be  synthesized  in  the  mesoporous  silica  hosts  by  following  the  process  shown 
in  figure  1 .  Preparations  of  various  metal  nanostructures  including  densely  packed  metal 
nanowire  bundles  and  nano-networks  or  highly  dispersed  metal  nanoparticles  are  demonstrated. 
Their  structures  as  well  as  compositions  were  analyzed. 
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Metal  nanoparticles 


Figure  1.  Schematic  representation  of  fabrication  of  metal  nanostructures  in  MCM-4 1 . 


EXPERIMENTAL 

Siliceous  lVICiVI-41  with  one-dimensional  channels  and  hexagonal  symmetry  as  well  as 
MCM-48  with  bicontinuous  channels  and  cubic  symmetry  were  synthesized  according  to  some 
known  procedures  [12-1 3].  The  organic  templates  were  removed  by  calcination  at  8 1 3  K  for  6 
hours  in  airilow.  Ionic  metal  precursors  were  incorporated  on  the  intrachanncl  surface  of 
calcined  and  modified  mesoporous  silica,  and  were  then  reduced  to  form  metal/  silica  composites 
in  hydrogen  flow  at  373-573  K. 

The  pore  diameter  and  the  pore  volume  of  calcined  MCM-4 1  and  MCM-48  were 
determined  by  Barrctt-Joyncr-Halenda  (BJH)  method  from  nitrogen  sorption  isotherm.  The 
powder  X-ray  diffraction  (PXRD)  was  performed  to  determine  the  structure  and  the  periodicity 
of  the  pores  in  host  silicas.  The  pore  wall  thickness  can  be  deduced  from  the  pore  diameter  in 
combination  with  PXRD  analysis.  The  metal  content  in  the  reduced  metal/silica  composite  was 
mainly  determined  by  inductively  coupled  plasma  (ICP)  analysis.  The  peak  widths  of  PXRD  of 
nanoslruct tired  metals  were  used  to  estimate  the  average  crystalline  domain  size  ol  the  metal  in 
the  composite  by  a  spherical  model  and  Scherrer’s  equation.  The  data  was  compared  with  the 
images  from  transmission  electron  microscope  (TEM).  Energy-dispersive  X-ray  (EDX) 
analysis  as  well  as  Electron  energy  loss  spectroscopy  (EELS)  were  also  performed  for 
compositional  studies. 
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RESULTS  AND  DISCUSSION 


The  Pt  content  of  Pt/MCM-41  composite  was  ~40  wt%  as  determined  by  ICP  analysis. 

The  PXRD  pattern  of  the  composite  indicates  the  existence  of  both  the  hexagonal  structure  of 
MCM-41  (small-angle  region)  and  face-centered  cubic  structure  of  Pt  metal  (wide-angle  region). 
Figure  2  shows  the  TEM  images  of  the  composite,  which  indicate  that  almost  all  the  channels  of 
MCM-41  were  filled  with  Pt,  resulting  in  densely  packed  Pt  nanowire  bundles  with 
quasi-hexagonal  symmetry.  Few  discrete  Pt  particles  were  found  inside  the  MCM-41  due  to  the 
collapse  and  defects  of  MCM-4 1  formed  during  calcination.  The  diameters  of  Pt  nanowires 
were  uniform  in  size  (2.1  nm),  as  determined  by  PXRD  and  TEM,  smaller  than  the  pore  diameter 
of  MCM-41  (2.4  nm).  The  lengths  of  Pt  nanowires  were  several  hundred  nanometers  in 
average  as  estimated  from  TEM  images,  occupying  about  40-70%  of  the  channel  length  of 
MCM-4  las  calculated  from  nitrogen  sorption  isotherm.  The  aspect  ratio  of  these  nanowires 
was  generally  over  100.  EDX  analysis  of  the  nanowire  region  of  Pt/MCM-41  composite 
revealed  the  Pt  to  Si  ratio  of  0.5,  consisting  with  the  result  of  ICP  analysis.  The  TEM  images  of 
ultra-microtomed  composites  suggest  that  the  Pt  nano  wires  may  have  preferred  direction  of 
growth  in  the  channels  of  MCM-4 1 . 

Alternatively,  MCM-48  was  used  to  incorporate  Pt  to  form  metal  nano-networks.  The 


Figure  2.  TEM  images  of  Pt/MCM-41  composite  perpendicular  (a)  and  along  (b)  the 
hexagonal  axis  of  MCM-41 . 
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PI/MCM--48  composite  was  filled  in  a  capillary  tube  for  PXRD  measurements.  Fig.  3a  shows 
the  PXRD  ring  pattern  of  the  composite.  Each  diffraction  ring  of  Pt  is  broad  and  weak  in 
intensity,  with  no  discernable  diffraction  spots  in  the  rings.  This  suggests  that  most  of  Pt  metals 
were  small  in  size  and  stayed  in  the  pores  of  MCM-48  after  reduction.  It  may  be  due  to  the 
tortuous  nature  of  the  host  MCM-48,  preventing  further  ordered  stacking  in  the  confined  space. 
The  TEM  image  of  Pt/MCM-48  (figure  3b)  shows  that  all  MCM-48  particles  were  filled  with  Pt 
metals,  and  the  Pt  nano-networks  were  densely  packed  inside  the  host  MCM-48.  The  images  of 
Pt  nano-networks  reflect  the  structure  of  the  pore  system  of  MCM-48  (inset  of  figure  3b)  with 
Ia3d  symmetry.  EDX  analysis  revealed  Pt  to  Si  ratio  similar  with  that  of  Pt/MCM-41 . 

Because  the  channels  of  MCM-48  arc  bicontinuous  and  connected,  unsupported  Pt  nanowire 
networks  could  be  obtained  after  removal  of  the  silica  template  by  HF  solution. 

The  same  protocol  can  also  be  used  to  prepare  other  metal  nanostructures.  For  example, 
palladium  nanowircs  bundles  in  MCM-41  as  well  as  gold  nano-networks  in  MCM-48  can  be 
prepared.  In  addition,  our  strategy  to  fabricate  densely  packed  metal  nanostructures  can  be 
applied  to  synthesize  metal  nanoparticles  in  mesoporous  silicas.  Uniform  sized  and  highly 
dispensed  Pt  nanopatticlcs  were  formed  in  the  channels  of  MCM-4i  by  controlling  the  loading 
amount  of  metal  precursors.  The  Pt  loading  was  determined  by  ICP  analysis  to  be  3- 1 1  wt%, 
depending  on  the  metal  loading.  The  supported  and  uniform  Pt  nanoparticlcs  in  MCM-41  with 
controlled  metal  loading  and  morphology  may  be  useful  in  catalysis.  By  in-situ  TEM 


Figure  3.  (a)  PXRD  ring  pattern  of  Pt/MCM-48  composite.  (b)  TEM  image  of 

ultramicrotomed  Pt/MCM-48  composite.  The  inset  shows  the  thin  edge  of  the  composite. 
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Figure  4.  Jn-situ  TEM  images  of  Pt/MCM-41  composite  at  room  temperature  (a),  200°C  (b) 
andbOO^C  (c). 

investigation  under  10  mbar  hydrogen  atmosphere,  Pt  nanoparticles  formed  after  hydrogen 
reduction  at  200'C  were  found  to  be  extremely  stable  in  the  confined  channels.  No  relative 
movements  to  the  host  silica  were  observed  even  after  heating  to  600'’C  (figure  4).  EELS 
analysis  showed  the  existence  of  platinum  as  well  as  trace  of  carbon  in  the  composite.  The 
unusual  thermal  stability  of  Pt  nanoparticles  in  MCM-41  may  be  attributed  to  the  host 
confinement  effect  as  well  as  the  interaction  of  Pt  with  the  silica  walls. 

CONCLUSIONS 

In  summary,  the  formation  of  metal  nanostructures  in  mesoporous  silicas  has  been 
demonstrated.  The  structural  analyses  confirm  the  nanocrystalline  nature  of  the  densely  packed 
metal  wire  bundles  and  networks  as  well  as  highly  dispersed  metal  particles.  Highly  dispersed 
Pt  nanoparticles  were  found  to  have  very  good  thermal  stability  inside  the  confined  space  of 
MCM-41. 
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ABSTRACT 

Acrylic  triblock  and  diblock  (M^B  J  oligomers  containing  methyl  methacrylate 

(MMA,  M),  methacrylic  acid  (MAA,  A)  and  dimethylaminoethyl  methacrylate  (DMAEMA,  B) 
groups  are  intercalated  into  the  layers  of  montmorillonite.  The  results  indicate  that  the  block 
oligomer  lay  flatly  between  the  clay  layers.  ICP  analyses  of  Na'  content  indicate  no  unexchanged 
sodium  ions  are  left  in  the  intercalated  clay. 

Nanocomposites  of  epoxy  and  clay  modified  with  block  oligomers  were  synthesized.  Glass 
transition  temperature  (Tg)  of  the  nanocomposite  is  129.6"C  {MigBj/'*"'  modified  clay)  compared 
to  84.  UC  for  the  physical  mixture  of  epoxy  and  unmodified  clay.  Tg  increases  with  decreasing 
amount  of  modified  clay.  When  modified  clay  content  are  below  2  phr,  Tg  higher  than  131.7  °C 
can  be  obtained.  Water  resistance  and  light  transmittance  of  the  nanocomposite  is  also  improved 
over  composite  of  epoxy  and  unmodified  clay. 

INTRODUCTION 

Clay  or  other  inorganic  materials  have  been  added  into  polymer  as  fillers  in  order  to  improve 
the  properties  of  the  polymer  such  as  dimensional  stability,  conductivity,  mechanical,  thermal 
and  other  potential  properties.  [1,2].  The  intercalation  of  modified  ions  into  the  layers  affects  the 
exfoliation  of  the  clay  layer  in  the  composite.  Lan  and  Pinnavaia  reported  the  enlargement  of  d- 
spacing  to  18.0  A  by  intercalation  of  onium  ions  [3,4].  The  largest  d-spacing  of  modified 
montmorillonite  reaches  20.27  A  [5],  It  is  interesting  to  understand  the  intercalation  of  the  clay 
such  as  montmorillonite.  Acrylic  block  oligomers  were  synthesized  in  different  chain  length, 
hydrophobicity,  sequence  and  charge  density.  Onium  ions  such  as  [HjN(CH2)n.iCOOH]\ 
[H3N(CH2)„.,CH3]'",  [H3N(CH2)nNH2]^  and  [H3N(CH2),,NH3]^''  were  reported  to  be  intercalated 
into  the  clay  layers.  When  n>17,  the  compounds  become  too  hydrophobic  to  be  soluble  enough 
in  water.  In  contrast,  the  acrylic  oligomers  are  soluble  in  water  even  when  the  atomic  weight  is 
about  7,000  Da.  With  these  advantages,  we  used  acrylic  block  oligomers  as  the  exchanged  ions 
to  be  intercalate  in  the  layers  of  montmorillonite  and  study  the  effects  of  electron  charge,  charge 
density,  hydrophobicity  and  block  sequence  on  intercalation.  Nanocomposites  of  epoxy  and 
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acrylic  block  oligomers  intercalated  montmorillonite  were  synthesized.  The  properties  of  the 
nanocomposites  including  water  resistance  and  light  transmittance  are  also  reported. 

EXPERIMENTAL 

Materials 

Na'-montmorillonite  with  an  exchange  capacity  of  145  mequiv/lOOg  (CWC)  was  obtained 
from  Nanocor  Inc.  Na  -montmorillonite  with  an  exchange  capacity  of  96  mcquiv/lOOg  (CL-42) 
was  donated  by  Pai  Kong  Ceramic  Materials  Co.  LTD.  All  block  copolymers  were  provided  by 
Prof.  Hui  Chen  of  Department  of  Chemical  and  Material  Engineering,  National  Central 
University,  Taiwan. 

Intercalation  of  clay  with  oligomers 

The  protonated  forms  of  block  oligomers  were  formed  by  dissolving  5  mmole  of  the  block 
oligomers  in  400  ml  of  0.01  N  aqueous  HCl  solution  at  60  c  .  The  solution  was  adjusted  to  500 
ml  and  pH  2  with  IN  HCl  and  deionized  water.  Five  grams  of  clay  was  thoroughly  dispersed  in 
the  solution  of  protonated  block  oligomer  at  60  c  for  three  hours.  Montmorillonite  was 
separated  by  centrifugation  and  washed  with  deionized  water. 

Synthesis  of  epoxy-montmorillonite  nanocomposite 

Intercalated  clay  was  added  with  stirring  to  diglycidyl  ether  of  bisphcnol  A  and  cured  by 
addition  of  either  nadic  methyl  anhydride  and  benzyldimethylamine.  The  amount  of  curing  agent 
used  for  each  formulation  was  as  follows:  87.5  phr  (per  hundred  epoxy  resin)  of  NMA  and  5phr 
of  BDMA.  All  samples  were  cured  at  80  t  for  1  hr,100  c:  for  1  hr,  120  t;  for  1  hr  ,  150  t; 
for  6  hr,  and  200  for  1  hr. 

RESULTS  AND  DISCUSSION 

The  effect  of  block  oligomer  structure  on  intercalation  of  montmorillonite 
Charge  and  charge  density 

In  medium  of  pH  10,  A,,M,2B,2  is  negatively  charged,  and  in  medium  of  pH  2,  Ai.Mi^B,.  is 
positively  charged.  Results  in  table  1  show  that  only  cations  can  be  intercalated  into  the  clay 
layers.  The  influence  of  charge  density  on  intercalation  were  also  shown  in  tablc2.  D-spacings  of 
montmorillonite  intercalated  with  MB  diblock  oligomers  of  different  charge  densities  (M.^B,,, 
n=3,  18,  24,  36)  arc  almost  the  same.  The  electrostatic  interaction  between  MB  oligomers  and 
layer  surface  are  too  strong  to  yield  distinct  difference  in  d-spacing. 
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Table  1.  D-spacings  of  various  modified  montmorillonites. 


Gallery  cation 

pH 

Charge 

D-spacing(A) 

A,2Mi2Bi2 

10 

-12 

14.5 

Ai2  M,2B|2 

2 

+12 

19.7 

HXO.OIN) 

2 

+1 

15.0 

Na"(CL-42-mont.) 

— 

+1 

12.5 

Hydrophobicity 

The  hydrophobicity  of  the  block  oligomers  increases  in  the  following  order  :  AJ2M12B12  > 
A,2MgB,2  >  A,2M4B,2-  These  are  confirmed  by  the  magnitude  of  partition  coefficient  determined. 
According  to  the  results  in  table  2,  there  is  no  relationship  between  d-spacing  of  oligomer 
intercalated  montmorillonite  and  hydrophobicity  of  intercalated  oligomer.  This  result  further 
evidence  that  the  electrostatic  interaction  between  the  positive  charges  of  oligomers  and  the 
negative  charges  of  the  clay  layers  is  the  most  important  factor  for  intercalation. 

Table  2.  Partition  coefficients  of  block  oligomers  and  d-spacings  of  block  oligomers  modified 


montmorillonites. 


Gallery  cation 

Charge 

D-spacing(A) 

Partition  coefficient(K)* 

Mig  Bj 

+3 

19.9 

»1.74 

^18  Hi8 

+18 

19.4 

0.69 

M,g  B24 

+24 

19.9 

0.54 

^18  ^36 

+36 

19.6 

0.41 

A12M4  B|2 

+  12 

20.8 

0.65 

Ai2Mg  Bi2 

+12 

19.1 

0.74 

_ A^2M|2  B|2 

+12 

19.7 

1.74 

*measured  in  media  of  pH=2. 


Block  sequence 

Comparison  of  MjgBig  with  different  block  sequence  B^MigBg  are  shown  in  table  3.  The 
oligomers  showed  the  same  molecular  weight  (chain  length  )  and  charges,  the  change  of  d- 
spacing  was  caused  by  different  block  sequence.  D-spacing  of  the  B^MigB,,"^'^  intercalated 
montmorillonite  is  slightly  smaller  than  that  of  M,gBig'‘**  intercalated  montmorillonite.  This  result 
was  due  to  the  montmorillonite  is  pinned  at  B^MigBg’s  two  ends  between  layer  surfaces. 

Table  3.  D-spacings  and  displaced  percentage  of  Na'  for  MigB,g  and  BgMjgB^  modified 
montmorillonites. 


Gallery  cation 

Charge 

D-spacing(A) 

Displaced  Na^(%) 

^18  B|8 

+18 

19.4 

99.1±0.04 

BgMigBg 

+18 

19.2 

99.4±0.03 
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Synthesis  and  properties  of  epoxy  and  block  oligomer  modified  clay  nanocomposite 

TEM  photographs  of  epoxy  and  modified  naiiocomposite  are  shown  in  fig.  1 .  The  results 
indicate  that  the  distance  between  clay  layers  in  epoxy  and  M  1^6,4  modified  montmorillonitc 
(CL42)  composite  are  larger  than  200A.  The  delamination  of  montmorillonite  in 


Figure  1.  TEM  photograph  of  nanocompositc  of  epoxy  and  ’^-montmorillonite(CL42). 


Glass  transition  temperature 

DSC  results  in  fig.  2  showed  that  T^.  of  nanocomposite  formed  from  epoxy  and  modified 
clay(  1 29.6  X: )  is  45.5  X:  higher  than  that  of  composite  formed  from  epoxy  and  unmodified 
clay(84.1  i; ).  The  modification  of  the  hydrophilic  montmorillonitc  layer  surface  to  more 
hydrophobic  is  the  main  factor  for  the  higher  T^.  in  epoxy/m odified  clay  system.  The  interaction 
of  epoxy  polymer  with  more  hydrophobic  montmorillonite  surface  is  stronger  than  hydrophilic 
montmorillonitc  surface,  hence  restrict  epoxy  chain  movement. 


Temperaliire(  t;) 


Figure  2.  DSC  curves  for  the  T^  of  composites  of  epoxy  and  modified  montmori!lonites(CL42, 
5phr).  (a)Without  addition  of  clay,  (b)Na'-mont(pristine),  (c)  B,2  '"-mont,  (d)  Aj.M,, 

Bi2"'^-mont,  (e)  M|gB,/'*^-niont,  (f)  Mij.  B24*“‘’-mont. 
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Water  resistance 

Fig.  3  shows  that  the  water  content  of  M,gB24'^^‘*-montmorillonite-epoxy  nanocomposite  is 
lower  than  pure  epoxy  after  soaking  in  water.  The  results  show  that  MjgBj/^^-montmorillonite  in 
nanocomposite  decrease  water  permeability.  Water  resistance  was  strongly  depends  on  the 
delamination  of  clay  within  an  epoxy  resin  by  increasing  the  permeant  trace  of  water  in  epoxy 
resin.  The  modification  by  M|gB2/^'’  change  the  clay  surface  to  be  more  hydrophobic,  because 
the  M,g  blocks  of  the  oligomer  are  more  hydrophobic  group. 


C  0.6 
5  0,5 


*  Pristine  Clay-soaking  for  1  day 

•  Modified  Clay-soaking  for  1  day 
o  Pristine  Clay-soaking  for  5  days 
▼  Modified  Clay-soaking  for  5  days 


5  days 


1  day 


Clay  Content  (phr) 


Figure  3.  Water  content  of  composite  of  epoxy  and  pristine  or  modified  clay  with  various  clay 
loadings  after  soaking  in  deionized  water(23  t: )  for  one  day  and  five  days. 


Light  transmittance 

The  variation  of  light  transmittance  of  nanocomposite  with  modified  clay  content  is  shown  in 
fig.  4.  The  nanocomposites  with  modified  clay  show  better  transmittance  than  that  with 
unmodified  clay. 


>:  Pristine  Clay 

▼  Modified  Clay 

-  . 

Fitting  Curve 

Clay  Content  (phr) 


Figure  4.  The  transmittance  of  visible  light  at  550nm  for  composites  of  epoxy  and  modified  clay 
(M,8B2/^'‘"montmorillonite)  and  pristine  clay(Tsla''-montmorillonite). 
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CONCLUSIONS 


The  d-spacings  of  block  oligomers  modified  montmorillonitcs  are  not  affected  by  chain 
length  of  the  block,  hydrophobicity  and  charge  density  of  the  oligomers.  Unlike  previous 
experimental  investigations  on  oniiim  ions,  the  interlayer  spacing  depends  on  the  chain  length, 
functional  group  and  charge  number  of  alkylammonium  ion.  It  indicates  that  alt  block  oligomers 
lie  flat  in  the  interlayer  spacing. 

TEM  photographs  show  that  exfoliation  of  block  oligomer  modified  clay  layers  in  epoxy 
resin.  The  distances  between  clay  layers  arc  larger  than  20nm.  Nanocomposites  of  epoxy  and 
modified  clay  arc  formed.  Improvements  for  water  resistance  and  transmittance  of  light  arc 
observed  for  nanocomposites.  DSC  results  showed  that  the  Tg  of  epoxy  composite  with  modified 
clay(  129.6  'c )  is  45.5  t  higher  than  the  epoxy  composite  with  unmodified  clay(84. 1  X: ).  When 
clay  content  ([B2^IVl|J+^‘^ — montmorillonitc(CL42) )  is  lower  than  2  phr,  T^  higher  than  131.7  c 
is  obtained. 
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ABSTRACT 

Composite  films  were  electrochemically  synthesised  via  the  simultaneous  deposition  of 
multiwalled  nanotubes  and  polypyrrole,  a  conducting  polymer.  Negatively  charged  functional 
groups  attached  to  the  surface  of  the  acid  treated  nanotubes  enables  the  tubes  to  act  as  a  dopant 
for  the  PPy  in  these  films.  Scanning  electron  microscopy,  cyclic  voltammetry  and 
electrochemical  impedance  spectroscopy  revealed  that  the  nano-porous  three-dimensional 
arrangement  of  PPy  coated  MWNTs  in  these  films  produced  specific  capacitances  per  mass  and 
geometric  area  as  high  as  192  F  g"'  and  1.0  F  cm■^  respectively.  This  value  of  specific 
capacitance  per  geometric  area  exceeds  that  of  both  component  materials  and  other  carbon 
nanotube-conducting  polymer  composites.  The  composite  films  described  in  this  report  were  also 
able  to  charge  and  discharge  more  than  an  order  of  magnitude  faster  than  similarly  prepared  pure 
PPy  films.  The  nano-porosity  and  small  diffusion  distances  within  the  composite  films,  crucial  to 
achieving  the  superior  capacitive  performance,  were  found  to  be  dependent  on  the  concentration 
of  nanotubes  and  additional  dopant  anions  in  the  polymerisation  electrolyte,  offering  possibilities 
for  tailoring  of  the  composite  structure. 

INTRODUCTION 

Growing  demands  in  industries  such  as  transport  and  communication  for  electrical  energy 
storage  devices  that  can  deliver  high  power  level  pulses  have  prompted  considerable  interest  in 
electrochemical  capacitors,  or  supercapacitors.  While  carbon  nanotubes  and  conducting  polymers 
have  separately  received  considerable  attention  as  supercapacitive  materials,  only  recently  has  the 
capacitive  performance  of  composites  made  by  combining  these  two  materials  been  reported, 
revealing  capacitances  greater  than  that  of  either  component  material.^  Composites  of  carbon 
nanotubes  and  conducting  polymers  such  as  polypyrrole,  polyaniline  and  poly(p-phenylene 
vinylene)  can  be  grown  by  simply  mixing  the  polymer  and  nanotubes,^^'^'  or  using  a  variety  of 
chemical*^’^*  and  electrochemical^'^’^’  '^*  polymerisation  techniques.  The  superior  supercapacitive 
performance  of  carbon  nanotube-conducting  polymer  composites  is  attributed  to  their  nano- 
porous  structure  which  combines  the  three-dimension  charge  storage  capabilities  of  redox  active 
conducting  polymers,  with  the  high  surface  area  and  electrical  conductivity  of  carbon  nanotubes. 
Here  we  report  the  supercapacitive  properties  of  a  particular  carbon  nanotube-polypyrrole 
composite  in  which  the  conducting  polymer  is  doped  by  the  embedded  nanotubes. 

EXPERIMENTAL  DETAILS 

Multi-walled  carbon  nanotubes  (MWNTs)  and  polypyrrole  (PPy)  were  simultaneously 
deposited  onto  a  graphite  disk  working  electrode  (0.33  cm^)  using  an  oxidising  potential  of  0.7  V 
measured  against  a  saturated  calomel  reference  electrode  (SCE)  in  a  three  electrode,  single 
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compartment  cell.''  ''''  The  aqueous  polymerisation  electrolyte  generally  consisted  of  0.5  M 
pyrrole  monomer  and  0.025  wt%  to  0.4  wt%  MWNTs  (supplied  by  Hyperion).  The  MWNTs 
(outer  tube  diameter  ~  10  nm;  tube  lengths  from  0.2  pm  to  2.5  pm)  were  suspended  in  solution 
using  a  previously  described  acid  treatment  process  which  attaches  hydroxyl,  carbonyl  and 
carboxylic  groups  to  the  tube  surface,  giving  the  MWNTs  a  net  negative  charge  and  enabling 
them  to  act  as  both  a  supporting  electrolyte  during  polymerisation,  and  as  a  dopant  in  the  PPy 
deposited  on  the  working  electrode.* The  effect  of  adding  additional  dopants  such  as 
chloride  ions  and  dodecyl  sulphate  ions  to  the  polymerisation  electrolyte  in  0.01  M 
concentrations  was  also  examined  to  determine  the  structural  and  electrochemical  implications  of 
using  competing  dopants  in  MWNT-PPy  composites. 

Once  formed,  composite  films  of  various  film-formation  charges  (a  measure  of  the  amount 
of  film  grown)  were  compared  to  similarly  prepared  pure  PPy  films  (Cf  doped)  using  cyclic 
voltammetry  (CV)  and  electrochemical  impedance  spectroscopy  (EIS)  in  an  aqueous  0.5  M  KCI 
electrolyte  at  potentials  between  -0.8  and  0.5  V  vs.  SCE.  CV  analysis  was  performed  on  a  model 
273A  EG&G  Princeton  Applied  Research  potentiostat  and  EIS  studies  were  conducted  using  a 
Solartron  1260  impcdance/gain-phase  analyser  coupled  with  a  Solartron  1287  electrochemical 
interface  employing  a  sine-wave  amplitude  of  10  mV  and  a  frequency  range  of  5  x  lO'’  Hz  to 
lx  10“  Hz. 

RESULTS  AND  DISCUSSION 

Figures  1  and  2  compare  the  CV  and  EIS  results  of  MWNT-PPy  composite  films  (aqueous 
polymerisation  electrolyte:  0.5  M  pyrrole  and  0.4  wt%  MWNTs)  with  similarly  prepared  pure 
PPy  films  (aqueous  polymerisation  electrolyte:  0,5  M  pyrrole  and  0.5  M  KCI).  The  cyclic 
voltammograms  (Figure  la)  indicate  several  important  differences  between  the  two  films.  The 
first  of  these  is  that  the  peak  potentials  of  the  composite  film  are  about  200  mV  more  negative 
than  those  of  the  pure  PPy  film,  confirming  the  anionic  dopant  role  of  the  MWNTs."'*’*  The 
second  point  is  that  the  output  current  of  the  composite  film  is  about  twice  that  of  the  pure 
polymer.  Since  capacitance  is  given  by  the  output  current  divided  by  the  scan  rate,  this  implies 
that  the  capacitance  of  the  composite  films  is  about  double  that  of  the  pure  polymer. 

The  impedance  plot  shown  in  Figure  lb  can  be  divided  into  a  high  frequency  component 
(inclined  at  about  45°)  and  a  low  frequency  component  (near  vertical).  The  projected  length  of 
the  high  frequency  Warburg-type  line  on  the  real  axis  (Z')  characterises  the  slow  ion  migration 
process  in  the  solution  pores  and  is  equal  to  one  third  the  film’s  ionic  resistance. "■*'  The 
composite  and  pure  PPy  films  shown  in  Figure  lb  had  ionic  resistances  of  0.8  Q  and  8.2  fi, 
respectively,  indicating  a  lower  barrier  to  ionic  transport  in  the  composite  film.  The  superior  ionic 
transfer  of  the  composite  films  is  even  more  exaggerated  at  bias  potentials  lower  than  0.4  V. 

The  low  frequency  capacitance  (C//)  of  the  films  produced  was  determined  from  the  slope  of 
a  plot  of  the  imaginary  component  of  impedance  (Z”)  at  low  frequency,  versus  the  inverse  of 
frequency  (/)  using  the  equation  C//=  (27t/Z")''.  Specific  capacitances  per  mass  and  geometric 
area  as  high  as  192  F  g  '  and  1.0  F  cm  ",  re.spectivcly  were  observed  for  the  MWNT-PPy 
composite  films.  While  the  capacitance  per  mass  of  composite  film  is  quite  high,  it  is  the 
capacitance  per  area  of  deposition  surface  that  draws  the  most  interest.  This  value  is  significantly 
larger  than  that  repotted  for  supercapacitors  based  on  conducting  polymers,  carbon  nanotubes  or 
other  carbon  nanotube-conducting  polymer  composites. 
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Figure  1 .  Compari.son  of  MWNT-PPy  composite  films  and  pure  PPy  films  prepared  using  similar 
conditions:  a)  cyclic  voltammograms  (film-formation  charge:  1.8  C  cm‘^,  scan  rate:  50  mV  s  ', 
electrolyte:  0.5  M  KCl);  b)  complex  plane  impedance  plots  (film-formation  charge:  1.0  C  cm‘^, 
bias  potential:  0.4  V  vs.  SCE,  electrolyte:  0.5  M  KCl). 

Figure  2a  shows  how  the  low-frequency  capacitance  of  the  composite  and  pure  PPy  films 
increased  with  the  film-formation  charge.  While  the  thickness  of  the  composite  and  pure  PPy 
films  was  found  to  increase  approximately  linearly  with  film- formation  charge  as  expected^ 
with  slopes  of  3.5  x  lO"^  cm^  C  '  and  1 .8  x  10"^  cm^  C',  respectively,  their  capacitance  deviated 
from  its  initially  linear  relationship  for  large  film-formation  charges  (Figure  2a).  This  deviation  is 
attributed  to  limited  electrolyte  access  at  the  lower  levels  of  thick  films.  As  a  result,  ion  diffusion 
is  not  able  to  reach  all  the  available  PPy  within  the  time  frame  of  the  capacitive  measurements, 
thereby  restricting  the  amount  of  material  that  can  contribute  to  the  measured  capacitance, 
causing  it  to  approach  an  upper  limit  with  increasing  film-formation  charge. 

The  linear  regions  of  the  capacitance  versus  film-formation  charge  plots  (Figure  2a)  show 
that  for  a  given  charge,  the  composite  film  had  a  capacitance  that  was  about  double  that  of  pure 
PPy,  supporting  the  capacitive  results  obtained  from  the  cyclic  voltammograms.  The  slope  (C/Q) 
of  these  linear  regions  gives  an  indication  as  to  the  proportion  of  film  that  contributes  to  the 
capacitive  performance.  The  superior  slope  of  the  composite  films  implies  that  more  of  the  PPy 
in  the  film  is  able  to  access  ionic  charge  from  solution  and  hence  contribute  to  the  measured 
capacitance.  The  larger  limiting  value  of  capacitance  apparent  for  the  composite  films  indicates 
that  their  improved  performance  for  a  given  polymerisation  charge  is  not  simply  a  result  of  an 
increase  in  polymerisation  efficiency,  which  would  result  in  the  deposition  of  more  polymer  for  a 
given  polymerisation  charge,  relative  to  the  pure  PPy  films. 

The  point  that  divides  the  high  frequency  component  of  the  complex  plane  impedance  plot 
from  the  low  frequency  component  is  referred  to  as  the  knee  frequency"^'  (Figure  lb).  The  knee 
frequency  indicates  the  maximum  frequency  at  which  predominantly  capacitive  behaviour  can  be 
maintained  and  was  more  than  an  order  of  magnitude  higher  for  the  MWNT-PPy  composite  films 
than  pure  PPy  films  (Figure  2b).  For  low  film-formation  charges  the  knee  frequency  of  the 
composite  supercapacitors  was  as  high  as  200  Hz,  however,  as  the  film-formation  charge  was 
increased  the  knee  frequency  decreased  rapidly  as  shown  in  Figure  2b.  This  performance 
limitation  is  a  common  phenomenon  for  devices  based  on  conducting  polymers  and  is  simply 
related  to  the  reduction  in  electrolyte  access  and  increase  in  diffusion  distance  with  film 
thickness.^ 
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Figure  2.  The  relationship  between  film-formation  charge  and:  a)  low-frequency  capacitance;  b) 
knee  frequency,  for  MWNT-PPy  films  and  similarly  prepared  pure  PPy  films. 


When  dopant  anions  such  as  chloride  ions  and  dodecyl  sulphate  ions  were  added  to  the 
polymerisation  electrolyte,  the  porosity  of  the  composite  structures  produced  was  significantly 
reduced  as  shown  in  Figure  3.  These  additional  dopant  ions  facilitate  PPy  deposition  in  regions 
other  than  the  negatively  charged  MWNT  surfaces,  enabling  the  PPy  to  fill  inter-tubular  voids, 
thereby  reducing  the  size  and  number  of  nano-pores  or  eliminate  them  entirely.  This  blocking 
occurred  both  for  chloride  ions  which  are  able  to  diffuse  in  and  out  of  the  PPy  in  response  to 
redox  cycling,  and  for  large  dodecyl  sulphate  ions  which  remain  embedded  in  the  PPy  during 
redox  cycling,  necessitating  the  intercalation  of  charge  balancing  cations  from  solution.  The 
decrease  in  electrolyte  access  and  increase  in  diffusion  distances  associated  with  reduced  nano¬ 
porosity  lowered  the  film’s  capacitance  by  about  30%  when  chloride  ions  were  added  and  more 
than  50%  (to  about  that  of  pure  PPy)  when  dodecyl  sulphate  ions  were  used,  clearly  illustrating 
the  importance  of  the  three-dimension  network  of  nano-porcs  for  low  frequency  capacitance. 
Additions  of  chloride  ions  and  dodecyl  sulphate  ions  were  also  observed  to  dccrea.se  the  knee 
frequency  by  about  30  %.  It  is  interesting  to  note  that  even  thought  the  nano-pores  were  almost 
completely  filled  for  films  grown  with  added  dodecyl  sulphate,  the  knee  frequency  was  still 
greater  than  that  of  pure  PPy  films,  indicative  of  the  improved  ionic  and  electrical  conductivity 
observed  in  the  composite  films  relative  to  pure  PPy  films,  particularly  for  low  bias  potentials. 


Figure  3.  SEM  images  showing  the  reduction  in  porosity  observed  when  using  anionic  dopants  in 
addition  to  negatively  charged  MWNTs  (film-formation  charge;  1.8  C  cm  “):  a)  mobile  chloride 
ions;  b)  embedded  dodecyl  sulphate  ions. 
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Figure  4.  The  effect  of  MWNT  concentration  in  the  polymerisation  electrolyte  on  (a)  specific 
capacitance  (EIS  electrolyte:  0.5  M  KCl)  and  PPy  coating  thickness  (film-formation  charge  < 

1 .8  C  cm’^):  (b)  40  nm  for  0.4  wt%  MWNTs;  (c)  60  nm  for  0.3  wt%  MWNTs  and  (d)  1 60  nm  for 
0.025  wt%. 

Figure  4  shows  that  as  the  concentration  of  MWNTs  in  the  polymerisation  electrolyte  was 
decreased  from  0.4  wt%  to  0.025  wt%,  while  keeping  the  other  growth  conditions  constant,  the 
thickness  of  PPy  coated  onto  each  nanotube  increased  approximately  linearly  from  40  nm  to 
160  nm.  As  expected,  the  increase  in  PPy  thickness,  and  hence  diffusion  distance,  with 
decreasing  M'^TSfT  concentration  in  the  polymerisation  electrolyte  was  associated  with  a 
reduction  in  specific  capacitance  for  a  given  film-formation  charge  (Figure  4a).  The  relationship 
between  polymer  coating  thickness  and  specific  capacitance  was  also  approximately  linear  and 
further  illustrates  the  importance  of  reduced  diffusion  distances  in  the  nano-porous  structure. 

CONCLUSIONS 

The  nano-porous  composites  of  negatively  charged  MWNTs  and  PPy  produced  in  this  report 
were  capable  of  achieving  specific  capacitances  per  mass  and  geometric  area  as  high  as  192  F  g  ' 
and  1 .0  F  cm'^,  respectively.  This  value  is  about  double  that  of  similarly  prepared  pure  PPy  films 
and  is  accompanied  by  more  than  an  order  of  magnitude  improvement  in  the  rate  of  response 
relative  to  the  pure  polymer.  These  improvements  represent  a  significant  step  towards  fabrication 
of  commercially  applicable  electrode  materials.  The  superior  capacitive  performance  of  these 
films  is  closely  linked  with  their  nano-porosity  and  small  diffusion  lengths,  properties  that  are 


promoted  by  using  high  MWNT  concentrations  in  the  polymerisation  electrolyte.  Conversely, 
these  structural  aspects  can  be  diminished  by  the  introduction  of  additional  doping  anions,  such 
as  chloride  and  dodecyl  sulphate  ions.  While  the  use  of  additional  dopants  to  produce  fully  solid 
films  may  not  be  desirable  for  capacitor  applications,  these  structures  may  find  use  in  other 
devices,  such  as  actuators,  where  excessive  porosity  may  detract  from  the  magnitude  of  response. 
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ABSTRACT 

It  has  been  clearly  demonstrated  that  ATP  could  be  intercalated  into  inorganic  layered 
double  hydroxide  (LDH),  giving  rise  to  a  biomolecular-inorganic  nanohybrid  with  preserving  its 
physico-chemical  and  biological  integrity.  It  shows  a  remarkable  transfer  efficiency  of  ATP  into 
target  cells  by  alleviating  an  electrical  repulsion  at  the  cell  walls  due  to  the  neutralization  of 
negative  charge  of  phosphates  by  positive  hydroxide  layers.  From  cellular  uptake  experiment 
with  laser  scanning  confocal  fluorescence  microscopy,  it  is  revealed  that  the  FITC-LDH  hybrid  is 
effectively  transferred  into  293  cells.  Such  an  unique  feature  of  biomolecule-LDH  hybrid  will 
open  a  new  field  of  reserving  and  delivering  genes,  drugs  and  other  functional  biomolecules. 

INTRODUCTION 

Drug  delivery  system  is  gaining  attention  for  life  threatening  diseases.  For  the  elficient 
introduction  of  foreign  gene-based  therapeutics  or  drugs  into  target  organ  or  cells,  a  carrier 
system  is  required.  Both  viral  and  non-viral  vectors  are  presently  under  investigation.  However, 
the  conventional  approaches  have  many  problems,  such  as  cytotoxicity,  immunoreaction,  low 
transfection,  etc.  Thus,  there  remains  a  need  for  less  toxic  and  more  efficient  delivery  vehicles 
for  drug  and  other  gene-based  therapeutics. 

Generally,  the  layered  double  hydroxide  (LDH)  consisting  of  magnesium  and  aluminum  has 
already  been  used  as  medicine  due  to  its  applicability  as  an  agent  for  treatment  of  peptic  ulcers. 
An  effective  method  for  treating  gastric  ulcer  is  to  inhibit  the  action  of  hydrochloric  acid  and 
pepsin  in  the  gastric  juice.  Mg2Al(0H)6(C03^  )-LDH  meets  various  requirements  imposed  on  an 
antiacid,  and  its  excellence  may  be  attributed  to  its  structural  features.  The  rate  of  reaction  of 
Mg2Al(0H)6(C03^‘)-LDH  with  gastric  acid  is  similar  to  that  of  Mg(OH)2,  while  the  buffering  pH 
is  rate-controlled  by  dissolution  of  Al(OH)3  monomer,  and  reaches  a  pH  value  around  4,  which  is 
slightly  higher  than  the  one  at  which  Al(OH)3  is  dissolved.  The  high  antipeptic  activity  of  LDH 
can  be  attributed  both  to  the  adsorption  of  negatively  charged  pepsin  onto  positively  charged 
surface  of  LDH,  and  to  buffering  of  the  pH  at  about  4  for  a  long  time.  Therefore,  we  believe  that 
the  present  LDH  is  quite  biocompatible. 

In  the  present  study,  adenosine  5-triphosphate  (ATP)  is  selected  as  a  guest  molecule  to  be 
inserted  into  LDH,  since  it  has  been  well  known  as  energy  carrier  in  biological  system.  But 
negatively  charged  ATP  cannot  be  incorporated  effectively  into  cell  due  to  the  negative  cell  wall. 
It  is,  therefore,  thought  that  the  encapsulated  and  charge  neutralized  ATP  with  LDH  could  enter 
the  cell  more  effectively. 

In  this  work,  we  were  able  to  confirm  the  effective  insertion  of  y-^^P  labeled  ATP  by 
hybridizing  with  LDH.  We  made  an  effort  to  visualize  the  insertion  of  bio-LDH  nanohybrid.  The 
cellular  uptake  of  fluorescein  5-isothiocyanate  (FITC)-LDH  hybrid  was  observed  with  laser 
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confocal  fluorescence  microscopy.  From  the  cytotoxicity  test  of  Mg^AKOHV,  (NOr)-LDH,  our 
primary  attention  was  focused  on  verifying  the  possible  application  of  bio-LDH  nanohybrids  as  a 
non-viral  vector  by  a  systematic  experimental  approach. 

EXPERIMENTAL  DETAILS 

The  pristine  Mg2Al(NO.^)-LDH  was  prepared  by  the  coprecipitation  under  Nt  atmosphere 
following  the  conventional  route.  A  mixed  aqueous  solution  containing  Mg^^  (0.024  M,  from 
MgCNO.Oz)  and  Al^'^  (0.012  M,  from  AlfNO.O.^)  was  titrated  dropwisely  into  a  NaOH  solution 
with  vigorous  stirring.  During  the  titration,  the  solution  pH  was  adjusted  to  10  ±  0.2  at  the  room 
temperature.  The  resulting  white  precipitate  was  collected  by  the  centrifugation  and  washed  with 
decarbonated  water  thoroughly.  The  biomolecule-LDH  hybrids  were  then  prepared  by  ion- 
exchanging  the  interlayer  nitrate  ions  in  the  pristine  LDH  with  adenosinc-5'-triphosphatc  (ATP, 
containing  40  jiCi  of  [y-^^P]  ATP,  DuPont)  and  fluorescein  5-isothiocyanate  (FITC)  at  pH  =7,  for 
48  h  with  a  constant  stirring.  The  reaction  products  were  then  isolated  and  washed  as  described 
above.'’’ 

The  isotope  labeled  ATP-LDH  hybrid  and  the  [y-'^^P]  ATP  only  were  added  to  4x10^’  HL-60 
cells,  human  promyclocytic  leukemia  cells,  in  20  ml  of  RPMI-1640  with  10  %  heat-inactivated 
fetal  bovine  serum,  and  then  incubated  in  a  5  %  CO2  incubator  at  37  "C  for  1,  2,  4.  6,  20,  and  24 
hours.'^  For  each  reaction  time,  1  ml  of  sample  was  taken,  centrifuged,  then  the  separated 
supernatant  was  saved  and  the  cell  pellet  was  washed  once  with  I  ml  of  phosphate  buffer  (10 
mM  Na2HP04,  pH  7.4,  150  ml  NaCl)  and  followed  by  sedimentation.  The  supernatant  was  again 
separated  and  saved,  and  the  cell  pellet  was  lysed  in  200  pi  of  lysis  buffer  (10  mM  Tris/Cl,  pH 
7.4,  150  ml  NaCl,  1  %  sodium  dodecyl  sulfate)  and  then  extracted  with  200  pi  of  phenol.  After 
separating  the  aqueous  phase,  the  phenol  phase  was  extracted  again  with  200  pi  of  water. 
Aliquots  of  the  combined  aqueous  extracts,  cell  walls,  and  culture-medium  supernatant  were 
analyzed  by  liquid  scintillation  counting.  The  percent  of  hybrid  and  [y-''’Pl  ATP  taken  up  by  the 
cells  was  calculated  by  dividing  the  counts  in  the  combined  aqueous  phases  of  the  cell  pellet 
extract  by  the  total  counts  in  the  cell  pellet,  cell  wash,  and  culture-medium  supernatant.  All  the 
procedures  were  repeated  3  times  to  check  the  reproducibility. 

The  2  X  10^  293  cells  were  grown  on  round  cover-slips  in  a  24- well  culture  plate  and  cultured 
for  a  day.  The  1  pM  and  5  pM  of  FITC-LDH  hybrids  were  added  to  the  cells  and  incubated  for  1, 
2,  4,  6,  and  8  hrs,  respectively.  In  order  to  compare,  control  experiment  was  performed  with  only 
5  pM  of  FITC  itself  under  the  same  condition.  All  of  the  samples  were  washed  with  PBS  buffer 
three  times  and  fixed  with  3.7  %  formaldehyde  in  PBS.  After  washing  again  with  PBS,  the 
samples  were  observed  with  a  laser  scanning  confocal  fluorescence  microscope  (Carl  Zeiss  LSM 
410),  The  samples  were  excited  by  a  488  nm  argon  laser,  and  the  images  were  filtered  by  a 
longpass  515  nm  filter."''^ 

The  HL-60  cells  were  cultured  in  a  24-well  culture  plate  at  an  initial  concentration  of  5  x  10“^ 
/ml.  Cells  were  exposed  to  various  amounts  of  LDH  from  1  pg/ml  to  1000  pg/ml.  A  control 
experiment  was  performed  without  LDH  under  the  same  conditions.  Cell  viability  was 
determined  daily  until  the  fourth  day  by  MTT  assay. 
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DISCUSSION 


In  a  previous  report,^  we  have  demonstrated  that  the  LDH  could  successfully  encapsulate 


Time  (hours) 

1 

2 

4 

6 

20 

24 

Relavite  uptake  by  cells  (fold) 

21.0 

24.0 

9.3 

4.5 

4.0 

Standard  deviation 

1.0 

0.8 

0.5 

1.0 

0.5 

0.3 

Table  I.  Relative  uptake  efficiency  of  [7-32?]  radioactive  isotope  labeled  ATP-LDH  hybrid  into 
HL-60  cells.  The  uptake  efficiency  of  ATP-LDH  hybrids  was  normalized  to  that  of  ATP  only. 

biomolecules  via  intercalation  route.  According  to  the  XRD  and  IR  analysis,  it  has  been 
concluded  that  the  biomolecules  stabilized  in  the  interlayer  space  of  LDH  retain  their  chemical 
and  biological  integrities. 

To  elucidate  the  transfer  efficiency,  isotope-labeled  [y-^^P]  ATP-LDH  hybrid  was  prepared  by 
ion  exchange  method  and  the  uptake  of  such  hybrids  by  eucaryotic  cell  was  monitored  with 
respect  to  incubation  time.^  Table  1  clearly  demonstrates  that  the  exogenously  introduced  ATP- 
LDH  hybrid  can  enter  into  HL-60  cells  effectively  within  a  relatively  short  time.  The  transfer 
efficiency  was  found  to  be  much  higher,  up  to  about  25-fold  after  2  hours  incubation,  than  that  of 
ATP  only.  Whereas  after  4  hours  incubation,  the  uptake  amount  of  the  hybrids  becomes  lower, 
below  12-fold.  The  triphosphate  group  of  [y-^^P]  ATP  is  negatively  charged,  which  inhibits  [y- 
^^P]  ATP  to  be  taken  up  by  the  cell  through  the  negatively  charged  cell  walls.  While  the 
hybridization  between  ATP  and  LDH  neutralizes  the  surface  charge  of  anionic  phosphate  groups 
in  ATP  due  to  the  cationic  charge  of  LDH,  which  becomes  favorable  for  endocytosis  of  cells,  and 
eventually  results  in  enhanced  transfer  efficiency.  The  longer  the  incubation  time  is  in  a  CO2 
atmosphere,  the  more  the  ATP  will  be  released  from  the  interlayer  space  of  hydroxide  lattice.  In 
spite  of  that,  the  transfer  efficiency  of  the  hybrid  remains  higher  than  that  of  ATP  only,  up  to 
about  4-fold  after  24  hours  incubation.  This  result  reflects  that  the  hybridization  between  cationic 
layers  and  anionic  biomolecules  would  greatly  enhance  the  transfer  efficiency  of  biomolecules  to 
mammalian  cells  or  organs.  The  charge  neutralization  through  hybridization  between  LDH  and 
ATP  would  facilitate  the  penetration  of  hybrids  into  cells,  via  so-called  endocytosis,^’^^  because  it 
greatly  reduces  the  electrostatic  repulsive  interaction  between  negatively  charged  cell 
membranes  and  anionic  biomolecules  during  endocytosis. 

Further  evidence  on  cellular  uptake  of  the  FITC-LDH  hybrid  was  obtained  directly  from  laser 
scanning  confocal  fluorescence  microscopy  experiments.'^'^  the  1  //M  and  5  //M  FITC-LDH 
hybrids  were  added  to  293  cells  and  then  incubated  for  1,  2,  4,  6,  and  8  hrs.  Then  the  cells  were 
washed  with  PBS,  fixed  with  3.7  %  formaldehyde,  prior  to  measurements.  Figure  1  shows  the 
cellular  localization  of  the  fluorophore  obtained  after  a  fixed  incubation  time.  The  fluorophores 
are  detected  in  cells  within  an  hour  of  incubation,  and  the  fluorescence  intensities  are  increased 
continuously  up  to  8  hrs.  The  fluorophores  in  the  cells  are  distributed  primarily  in  peripheral  and 
cytosol  parts  with  some  in  the  nucleus.  Moreover,  the  cells  treated  with  5  /iM  of  FITC-LDH 
hybrids  show  more  intense  fluorescence  than  those  with  the  1  jUM.  In  contrast,  the  cells  treated 
with  5  juM  FITC  only  remain  dark  regardless  of  incubation  time,  because  cells  could  not  take  up 
FITC  itself  even  with  high  concentration.  It  is  obvious  that  LDH  plays  an  important  role  in 
mediating  the  cellular  uptake  of  FITC.  All  the  cells  can  engulf  the  neutralized  nanoparticles 


561 


Ihrougli  phagocytosis  or  endocytosis.  Therefore,  we  conclude  that  the  intracellular  fluorescence 
has  been  created  by  deintercalated  FITC  or  some  by  FITC-LDH  hybrids  in  the  cell. 


IpM,  Ihr  l)iiVI,2hrs  lpM,4hrs  IpM,  6hrs 


I  # 


IpM,  8  lirs  5pIVl,  i  hr  5juM,  2  hrs  only  FITC  5|iM,  8  hrs 

Figure  1.  Laser  confocal  fluorescence  microscopy  of  fluorophore  in  293  cells.  2  X  10\'clls/wcl! 
were  incubated  with  1  pM  FITC-LDH  for  1 ,  2.  4,  6,  and  8  hrs  and  5  pM  FITC-LDH  for  1  hrs, 
respectively.  The  other  fluorescence  microphotograph  was  obtained  with  5  pM  FITC  only.  The 
bar  is  10  pm. 


It  is  necessary  to  test  cytotoxicity  of  LDHs  themselves  in  the  cells  for  use  as  gene  or  drug 
delivery  carrier.  In  fact,  one  critical  element  for  the  overall  transfection  efficacy  of  gene  delivery 
system  is  cytotoxicity.  Cell  damage  resulting  from  a  cytotoxic  delivery  system  is  deleterious 
because  the  following  delivery  in  the  cell  must  be  capable  of  supporting  translation  and 
transcription.  As  shown  in  Figure  2,  LDHs  themselves  have  no  effect  on  the  viability  of  HL-60 
cells,  when  administered  at  levels  below  1000  //g/ml  for  up  to  4  days.  How'cvcr,  many  cationic 
lipid  complexes  previously  examined  were  bound  to  be  toxic  to  cells  at  concentrations  near  their 
effective  doses  if  exposure  times  were  extended  to  several  hours,' ‘  suggesting  that  the  molecules 
could  not  easily  be  metabolized.  For  example,  polylysine  was  the  first  polymer  used  to  mediate 
the  transfection  of  cells, and  polyethylencimine(PEI)  was  of  the  new  “proton  sponge”  category 
and  was  hypothesized  to  mediate  the  escape  of  plasmid  DNA  from  endosomal  pathway.''^’'"^ 
Though  they  demonstrated  the  aptitude  of  polycations  to  mediate  transfection,  those  polymers 
arc  associated  with  a  considerable  degree  of  cytotoxicity.'*’'^’  When  COS-7  cells  (immortalized 
African  green  monkey  kidney  fibroblasts)  were  incubated  with  polylysinc  and  PEI,  their  cell 
viability  was  ~50  %  at  20  pg/m!  and  ~2  %  at  10  pg/ml  after  48  hrs.  respectively.'^  In  addition, 
when  Vero  cells  (African  green  monkey  kidney)  were  exposed  to  the  various  concentrations  of 
DOTMA/DOPE  (Lipofectin™,  a  1:1  (w/w)  fonmilation  of  the  cationic  lipid,  DOTMA,  and  at 
100  pg/ml  there  were  no  viable  cells  left  after  4  days  of  continuous  treatment."^  Thus,  it  is 
needed  to  develop  less  toxic  and  more  efficient  delivery  vehicles  for  gene  or  drug  based 
therapeutics.  In  contrast,  LDHs  themselves  show  no  discernible  cytotoxic  effect  on  HL-60  cells, 
when  administered  at  levels  below  1000  jUgfm\  for  up  to  4  days. 
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Days 


Figure  2.Cytotoxicity  experiment  of  LDH  in  HL-60  cells.  Various  amounts  of  LDH  were  added 
to  cells  at  final  concentrations  from  1  p  g/ml  to  1000  jug/ml. 


CONCLUSION 

This  study  has  shown  that  inorganic-biomolecular  nanohybrids  can  enter  into  cell  through 
the  cellular  uptake  experiment  using  the  isotope  labeled  ATP  and  the  fluorescent  FITC.  In 
addition,  from  the  cytotoxicity  test,  we  demonstrate  clearly  that  the  inorganic-biomolecular 
nanohybrids  are  a  safe  way  of  delivering  genes  or  drugs.  And  we  are  now  developing  new 
inorganic  delivery  carrier,  which  can  be  improvement  over  conventional  delivery  carrier  in  vivo. 
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ABSTRACT 

The  energy  product  (BH)max  is  a  figure  of  merit  quantifying  the  maximum  amount  of  useful 
work  that  can  be  performed  by  the  magnet.  The  energy  product  is  determined  by  the  magnetic 
remanence  and  the  coercivity  which,  as  extrinsic  properties,  are  determined  by  the  magnets’ 
microstructure.  Thus,  in  principle,  magnetic  material  microstructures  may  be  tailored  to  obtain 
defined  parameters  to  produce  optimal  permanent  magnets.  However,  as  asserted  by  the 
eponymous  Murphy,  “Nature  favors  the  hidden  flaw”.  While  there  is  still  much  undeveloped 
potential  in  nanomagnetic  materials,  with  relevant  length  scales  on  the  order  of  100  A, 
accumulating  evidence  strongly  suggests  that  maximum  remanence  and  maximum  coercivity  are 
mutually  exclusive  in  nanocrystalline  magnetic  materials.  Diverse  experimental  and 
computational  results  obtained  from  nanocrystailine  Nd2Fei4B- based  magnets  produced  by  melt¬ 
spinning  techniques  and  subjected  to  various  degrees  of  thermomechanical  deformation  confirm 
this  conclusion.  Recent  results  obtained  from  temperature- dependent  magnetic  measurement, 
magnetic  force  microscopy  and  simple  micromagnetic  modeling  will  be  reviewed  and 
summarized.  The  results,  while  somewhat  discouraging,  do  hint  at  possible  materials  design 
routes  to  sidestep  the  inherent  performance  limitations  of  the  magnetic  nanostructures. 


INTRODUCTION 

The  permanent  magnet  material  Nd2Fei4B  in  its  nanocrystailine  form  exhibits  very 
favorable  properties  conferred  by  the  rapid  solidification  process:  simplified  processing,  good 
corrosion  resistance  and  high  magnetic  hardness  provided  by  a  nanoscale  grain  size  on  tlie  order 
of  200  nm.  The  metallurgical  properties  of  the  Nd2Fei4B  compound  allow  it  to  be 
thermomechanically  deformed,  or  “die-upset”,  a  process  that  significaitly  improves  the 
remanence  of  the  magnet  [1].  This  increase  in  remanence  results  stems  from  two  effects:  (a) 
the  exchange  enhancement  of  the  magnetization  in  the  intergranular  regions  [2]  and  (b)  an 
increased  degree  of  crystallographic  texture  of  the  magnet.  Both  effects  enhance  the  energy 
product  (BH)max,  which  is  a  figure  of  merit  that  quantifies  the  maximum  amount  of  useful  work 
that  may  be  performed  by  the  magnet.  The  energy  product  is  determined  by  the  magnetic 
remanence  and  the  coercivity  which,  as  extrinsic  properties,  are  largely  determined  by  the 
magnets’  microstructure.  Thus,  in  principle,  it  should  be  possible  to  tailor  magnetic  material 
microstructures  to  obtain  target  properties  that  yield  optimal  permanent  magnets. 

Unfortunately,  the  increase  in  the  remanence  upon  die-upsetting  is  always  accompanied  by 
a  decrease  in  the  coercivity  Kti  of  the  magnet.  The  reasons  underlying  this  phenomenon  are 
unclear.  This  coercivity  decrease  dilutes  the  gains  in  the  energy  product  produced  by  the 
increased  remanence  and,  in  some  cases,  limits  the  range  of  applications  of  the  magnet.  This 
decrease  in  coercivity  with  increasing  level  of  deformation  is  in  contrast  to  that  expected  from  an 
archetypal  assemblage  of  Stoner- Wohlfarth  particles  that  reverse  by  ideal  coherent  rotation.  The 
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Stoner- Wohlfarth  model,  applicable  only  to  homogenous  systems  of  magnetically- isolated 
uniaxial  single-domain  particles,  yields  a  coercivity  Hc(0)  as  a  function  of  angle  0  between  the 
magnetic  easy  axis  and  the  applied  field  that  increases  with  decreasing  0  according  to  the  Eq.  [3] 


{e)jHX9  =  0) -  (cos'^'  e  +  sin-'"  0) 


r-V^ 


(1) 


Results  of  the  Stoner- Wohlfarth  model  imply  that  nanocrystalline  assemblages  with  0  <  45°  will 
exhibit  increasing  coercivity  with  decreasing  angle  0.  The  model  complementary  to  the  Stoncr- 
Wohlfarth  model  is  the  Kondorsky  pinning  model  [4]  which  predicts  coercivity  to  vary  with  0  as 
1/cos  0,  where  0  again  is  the  angle  of  the  easy  axis  of  the  grain  with  respect  to  the  applied  field 
direction.  The  physical  origins  of  the  Kondorsky  model  lie  in  the  fact  that  when  the  coercivity  is 
low  relative  to  the  anisotropy  field,  as  in  most  advanced  permanent  magnets,  field- induced 
rotation  of  the  moments  out  of  the  easy  axis  may  be  neglected.  In  this  situation,  magnetic 
reversal  is  accomplished  by  the  component  of  applied  field  acting  along  the  easy  axis  of  a  given 
grain.  Ci-ystallographic  grain  alignment  allows  the  easy  axes  of  an  ensemble  of  magnetic 
particles  to  be  rotated  by  a  smaller  angle  0  with  respect  to  the  field.  This  action  results  in  an 
increased  component  of  the  field  acting  upon  the  grain  that  produces  an  overall  coercivity 
decrease  because  the  mean  coercivity  of  the  grains  decreases. 

Results  computed  with  the  Stoner- Wohlfarth  model  or  the  Kondorsky  pinning  model  are  in 
contradiction  to  behavior  observed  in  die-upset  nanocrystalline  magnets  (Fig.  1 ),  although 
Givord  [5]  reports  on  the  existence  of  similar  work  by  Viadieu  that  does  appear  to  confomi  to  a 
1/COS0  trend.  Fig.  1  shows  the  correlated,  but  nonmonotonic,  relationship  between  the 
coercivity  and  the  degree  of  crystallographic  alignment,  as  quantified  by  the  half-width  at  half¬ 
maximum  (HWHM)  value  of  a  x-ray  diffraction  rocking  curve  for  a  series  of  Nd2Fei4B-bascd 
die-upset  samples  with  nominal  composition  Ndi3.()(Feo.'i2Co().o8)8o.3B5,3Ga(),5  that  were  defonned 
to  vai-ying  degrees  [6],  The  level  of  deformation  (%)  as  given  in  Fig.  1  is  the  percent  change  in 
original  height  upon  deformation. 

It  is  generally  accepted  that  the  pre.sence  of  significant  intergranular  interactions  annul 

application  of  the  Stoner- Wohlfarth  model 
in  nanocrystalline  magnets.  As  summarized 
by  Givord  [4],  computational  models 
indicate  that  the  field  at  which  magnetic 
reversal  occurs  decreases  with  increasing 
intergranular  exchange.  However,  the  effect 
of  relative  crystallographic  alignment 
between  constituent  nanograins  on  the 
magnetic  reversal  in  such  materials  is  less 
clear.  The  modeled  behavior  of  two 
exchange-coupled  grains  with  one  grain 
misaligned  by  65"  with  re.spect  to  the 
applied  field  [7]  indicate  that  the  coercive 
field  of  grains  coupled  by  both  dipolar  and 
exchange  interactions  decreases  for  large 
granular  misalignment,  inconsistent  with 
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magnet  die-upset  level. 


-S66 


experimental  observations  (Fig.  1).  Clarification  of  the  tradeoff  in  magnetic  property 
optimization  with  crystallographic  alignment  of  constituent  nanograins  lies  in  the  relationship 
between  the  nanocrystalline  grain  size  and  the  magnetic  exchange,  as  communicated  by  the 
magnetic  exchange  length  Lex'. 


where  A  is  the  exchange  stiffiiess  and  Ki  is  the  first-order  anisotropy  constant  [8].  The  magnetic 
exchange  length  describes  the  thickness  of  the  magnetization  transition  existing  near  an 
interface,  where  the  magnetization  direction  can  deviate  from  the  defined  direction  existing  in 
the  bulk  region  of  a  given  grain.  In  the  absence  of  a  perpendicular  magnetization  component 
across  the  interface  LeJ^  may  be  related  to  the  domain  wall  width  as  [9]: 

(3) 

The  room- temperature  value  of  the  magnetic  exchange  length  Lex  in  Nd2Fei4B  is  extremely 
small,  around  21  A  [10].  Further  reduction  in  the  magnetic  exchange  length  from  its  base  value 
is  realized  from  the  presence  of  a  perpendicular  magnetization  component  at  the  interface 
between  nanograins.  In  this  manner  a  connection  between  crystallographic  alignment  and 
exchange  coupling  in  nanocrystalline  magnetic  materials  is  realized. 

It  is  postulated  that  the  magnetic  exchange  length  controls  the  magnetic  behavior  in  nanoc¬ 
rystalline  magnets.  When  the  average  grain  size  of  a  ferromagnet  is  much  larger  than  the  ex¬ 
change  length,  the  magnetization  deviation  at  the  grain  perimeters  does  not  significantly  effect 
the  micromagnetics  of  the  system.  In  such  cases  the  coercivity  of  the  system  is  largely  con¬ 
trolled  by  lattice  imperfections  and  grain  boundary  defects,  such  as  a  rough  grain  boundary  to¬ 
pography,  that  furnish  regions  more  susceptible  to  magnetic  reversal  relative  to  the  bulk.  How¬ 
ever,  when  the  grain  size  descends  to  the  nanoscale  the  exchange  length  becomes  important;  un¬ 
der  its  influence  spins  at  the  peripheries  of  neighboring  nanograins  become  strongly  exchange - 
coupled.  As  the  relative  crystallographic  orientation  difference  between  nanograins  decreases 
the  intergranular  exchange  length  increases.  As  the  intergranular  exchange  length  increases  the 
local  magnetization  deviation  is  likewise  reduced,  producing  a  more-uniform  micromagnetic 
state.  The  exchange-coupling  effectively  erases  the  distinction  between  nanocrystalline  grains 
and  decreases  the  efficacy  of  the  physical  grain  boundaries  to  act  as  barriers  to  domain  wall 
motion.  The  peripheral  spins  on  the  edges  of  the  nanocrystalline  grains  constitute  a  large  volume 
fraction  of  the  total  number  of  spins  in  the  grain;  this  situation  results  in  magnetic  behavior  that 
is  very  different  from  that  found  in  the  larger- grained  counterparts. 

Some  remarkable  phenomena  are  induced  by  intergranular  exchange  coupling  in  nanoc¬ 
rystalline  materials.  As  the  grain  size  is  reduced  below  the  single  domain  limit  intergranular  ex¬ 
change  interactions  act  to  bind  the  magnetic  grains  into  larger  units  known  as  “interaction  do¬ 
mains”,  schematically  depicted  in  Fig.  2.  These  interaction  domains,  which  represent  the  re¬ 
versing  units  of  the  magnetic  structure,  can  consist  of  ten  to  thousands  of  individual  grains.  It  is 
important  to  note  that  interaction  domains  may  support  a  domain  wall,  whereas  the  individual 
grains  that  constitute  the  interaction  domain  are  typically  too  small  to  do  so.  The  scale  of  the 
magnetic  microstructure,  z.e.,  the  size  of  the  interaction  domains  in  nanocrystalline  magnets,  is 
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dependent  upon  many  factors,  including  the 
type  and  magnitude  of  the 
magnctocrystallinc  anisotropy  of  the 
compound,  the  chemical  homogeneity  and 
the  crystallographic  alignment  of  the 
constituent  grains.  Interaction  domains  arc 
delineated  by  rotational  spin  transitions  that 
are  distinct  from  the  more- familiar  Bloch 
domain  walls  found  in  large-grained 
materials  with  magnetization  rotations  of 
1 80"  or  90".  The  magnetization  transition 
from  one  interaction  domain  to  the  next 
subtends  an  angle  between  the  collective 
anisotropy  directions  of  adjacent  interaction 
domains;  4^  is  typically  less  than  90  degrees. 
It  is  hypotliesized  that  this  divergence  in  the 
magnetization  is  too  small  to  effectively 
impede  domain  wall  motion. 

The  above-described  factors  underlie  the  structure- sensitive  magnetic  properties  such  as 
coercivity  and  remanence  in  nanocrystalline  permanent  magnet  materials  and  make  them  unique 
from  their  micron-scale  counterparts.  While  there  is  still  much  undeveloped  potential  in 
nanocrystallinc  permanent  magnet  materials,  accumulating  evidence  strongly  suggests  that  the 
existence  of  optimal  remanence  and  coercivity  arc  mutually  exclusive  in  nanocrystalline  mag¬ 
netic  materials.  The  microstmetura!  condition  found  in  these  materials  ■ —  that  the  nanometer 
grain  size  is  approximately  the  same  size  or  smaller  than  the  exchange  length  in  Nd2Fei4B  —  is 
hypothesized  to  underlie  this  conclusion. 

The  following  sections  of  this  paper  present  experimental  and  simple  computational  results 
obtained  from  recent  studies  of  melt-quenched  Nd2Fci4B  materials  that  indicate  high  remanence 
and  high  coercivity  seem  to  be  mutually  exclusive  in  nanocrystallinc  magnets.  This  conclusion 
is  supported  by  evidence  of  increasing  magnetic  exchange  concurrent  with  increasing  grain 
alignment  in  nanocrystalline  magnets.  Investigations  of  the  effect  of  grain  alignment  and  inter¬ 
action  domain  size  on  coercivity  were  carried  out  on  a  scries  of  Nd2Fci4B-bascd  samples  with 
nominal  composition  Ndi3,o(Fen.92Coo.n8)f;o..'?B5.3Ga().5  that  were  die-upset  to  varying  degrees.  The 
small  grain  size  of  these  materials  guarantees  that  a  significant  portion  of  the  constituent  atoms 
reside  near  grain  surfaces  and  thus  these  materials  represent  a  good  opportunity  to  examine  the 
effect  of  intergranular  exchange  interactions  and  relative  grain  alignment  upon  the  magnetic  re¬ 
versal  process.  A  secondaty,  but  still  important,  microstructural  parameter  is  the  change  in 
nanograin  shape  from  quasi-spherical  to  platelet-type  produced  by  the  die-upsetting  process. 

This  shape  change,  while  complex  and  highly  nonuniform,  nevertheless  influences  the  magnetic 
coupling  and  local  magnetic  reversal  mechanism  operative  in  the  magnet.  In  this  report  the 
influence  of  intergrain  magnetic  exchange  coupling  on  the  reversal  mechanism  and  micromag- 
netic  structure  in  this  set  of  materials  is  studied  with  three  different  tccluhqucs:  temperature- 
dependent  magnetic  measurement  [11],  magnetic  force  microscopy  [12]  and  simple  micromag- 
netic  modeling  [13].  The  results,  while  perhaps  discouraging,  do  hint  at  possible  materials 
design  routes  to  sidestep  the  inherent  perfonnance  limitations  of  the  pemianent  magnetic  nanos¬ 
tructures. 


4"  <90° 

Figure  2.  Schematic  representation  of  two  multi¬ 
grain  “interaction  domains”,  delineated  by  the  bold 
outline.  The  bold  arrows  indicate  the  average 
anisotropy  direction  ofthc  interaction  domains,  and 
tlie  spin  rotation  angle  is  less  than  90°. 
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COERCIVITY  AND  CRYSTALLOGRAPHIC  ALIGNMENT  RELATIONS 


Information  concerning  the  nature  and  extent  of  cooperative  magnetic  reversal  in  magnets 
of  differing  degrees  of  intergranular  alignment  may  be  obtained  from  measurements  of  the 
coercivity  as  a  function  of  temperature.  A  number  of  approaches  have  been  developed  in  an 
attempt  to  quantify  the  relationship  between  microstructure  and  coercivity.  The  coercivity  is 
phenomenologically  described  [  14„15  ,16]  as  a  function  of  the  anisotropy  field  reduced  by 
dipolar  interactions  within  the  material: 

Hc(T)  =  a(T)-Ha(T)  -  4tiNeftMs(T)  (4) 

with  the  temperature-dependent  parameters  Hc(T)  (coercivity),  Ha(T)  (anisotropy  field)  and 
Ms(T)  (saturation  magnetization).  The  parameter  a(T)  describes  the  reduction  in  coercivity  due 
to  the  existence  of  a  non- ideal  microstructure;  in  a  simplistic  sense  a(T)  characterizes  the 
misalignment  of  the  grains.  The  parameter  Ngff  is  an  effective  demagnetization  factor  that 
encompasses  both  dipolar  interactions  and  the  effects  of  the  demagnetization  field  at  grain 
comers  that  tend  to  assist  magnetic  reversal  and  reduce  the  coercivity.  Both  a(T)  and  Neff  are 
expected  to  decrease  as  the  degree  of  intergranular  alignment  increases. 

Values  of  a(T)  and  Neffwere  determined  by  measuring  a  series  of  hysteresis  loops 
(Hmax=50  kG)  for  the  die-upset  Nd2Fei4B-based  samples  with  increasing  temperature  from  100  K 
to  room  temperature.  The  samples  studied  were  the  previously- mentioned  die-upset  materials 
deformed  to  0,  30,  42,  55,  60  and  70%  reductions  in  the  original  sample  heights.  Using  Eq.  (4) 
and  plotting  Hc/Mg  V5.  Hg/Mg  as  a  function  of  temperature,  the  parameters  a  and  Ngff  were 
determined  by  fitting  the  data  to  a  straight  line.  The  values  of  used  in  Eq.  (4)  were  taken  from 
the  paper  of  Grossinger  et  al  [17]  and  Ms(T)  was  calculated  by  extrapolating  the  high  field  data. 
The  results  for  the  plots  of  Et/Mg  v.v.  Hg/Mg  for  all  samples  were  linear  and  gave  well 
characterized  values  of  a  and  N^ff,  as  evidenced  by  the  data  for  the  0,  30  and  70%  deformed 
samples  shown  in  Fig.  3,  with  resulting  values  of  a  and  are  shown  in  Fig.  4.  The  samples 
are  labeled  by  the  degree  of  die-upset  with  the  corresponding  remanence  ratio  (Mr/Mg)  given  in 
parentheses.  The  trend  of  decreasing  coercivity  with  increased  crystallographic  alignment  is 
indicated  on  the  figure  by  the  arrow.  Also  shown  in  Fig.  3  for  comparative  purposes  is  data  from 
the  work  of  Hirosawa  and  Tsubokawa  [16]  for  sintered  Pr2Fei4B- based  magnets  with  varying 
degrees  of  particle  alignment,  labeled  by  the  remanence  ratio  (Mr/Mg). 

Fig.  3  shows  a  distinct  linkage  between  a  and  Ngff  as  the  degree  of  alignment  is  varied  in  both 
the  die-upset  samples  and  the  sintered  samples.  However,  the  data  from  the  die-upset  samples 
display  a  trend  with  coercivity  opposite  to  that  displayed  by  the  sintered  data.  The  sintered  data 
show  the  expected  Kondorsky-type  coercivity  behavior,  i.e.  as  the  degree  of  alignment  is 
increased  the  coercivity  decreases;  additionally  a  and  Ngff  also  decrease  in  these  samples  with 
increasing  alignment.  While  the  melt-quenched  data  also  show  a  decrease  in  coercivity  with 
increasing  alignment,  the  trend  is  accompanied  by  an  increase  in  a  and  Ngff,  contrary  to 
expectation.  An  explanation  of  the  observed  behavior  of  a  and  Neff  with  increased 
thermomechanical  deformation,  and  hence  increased  crystallographic  alignment,  in  nano¬ 
crystalline  materials  is  provided  based  on  consideration  of  the  active  intergrain  exchange 
interaction.  Large-grained  materials,  such  as  commercial  sintered  NdFeB  magnets,  have  small 
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Figure  3.  w.  H^MpMs  for  tlie  0%.  30% 

and  70%  die  upset  samples.  The  lines  shown  arc  the 
lines  of  best  fit  used  to  determine  a  and  N’eff  from 
Eq.  (3). 


intergrain  exchange  interactions  which  favor 
individual  reversal  of  each  grain  and  provide 
a  cocrcivity  deter  mined  by  the  mean 
coercivity  of  the  individual  grains.  The 
cocrcivity  in  nanocrystalline  materials  is 
determined  by  a  minimum  local  coercivity 
which  causes  reversal  of  the  entire  magnet  through  exchangc-coupled  avalanchc-type 
magnetization  reversal.  Thus  in  these  materials  the  microstructural  parameter  a  is  expected  to 
remain  relatively  unchanged  as  the  degree  of  crystallographic  alignment  is  increased,  because  the 
coercivity  is  determined  by  those  grains  with  small  orientations  to  the  applied  field  direction.  It 
is  proposed  that  the  cocrcivity  still  decreases,  despite  an  approximately  constant  a  in  these 
materials,  because  nanograin  shape  changes  accompanying  the  dic-upsetting  process  contribute 
to  increased  local  stray  field  configurations  that  override  the  expected  stray  field  reduction 
accompanying  grain  alignment.  The  creation  ofeuhcdral  platelet  grains  from  initially  quasi- 
sphcrical  grains  amplifies  the  stray  field  gradients  at  grain  corners  and  triple-point  junctions, 
causing  Neirto  increase  with  increasing  deformation  level.  It  is  hypothesized  that  only  a  small 
population  of  deformed  nanograins  is  necessary  to  cause  global  magnetic  reversal  because  the 
reversal  is  rapidly  propagated  throughout  the  magnet,  underscoring  the  effect  of  the  intergranular 
exchange  interactions  on  the  coercivity.  In  summary,  rcmanence  increases  with  deformation, 
because  of  greater  granular  alignment  and  increased  exchange  interactions,  but  these  same 
exchange  interactions,  combined  with  other  microstructural  changes,  cause  the  coercivity  to 
decrease.  Thus  there  is  a  tradeoff  in  the  two  parameters. 


Figure  4.  N^ff  v’'’.  a  for  the  mclt-qucnchod  NdFeB 
samples  and  for  a  set  of  sintered  PrFeB  samples 
studied  by  Hirosawa  and  Tsubokawa  [16].  The 
numerical  labels  are  described  in  the  text.  The  trend 
of  decreasing  coercivity  is  shown  by  the  arrows 
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COOPERATIVE  MAGNETIC  BEHAVIOR  OBSERVED  WITH  MAGNETIC  FORCE 
MICROSCOPY 


The  character  and  extent  of  the  intergrain  magnetic  exchange  found  in  nanocrystalline 
magnets  may  be  inferred  from  magnetic  domain  images.  Magnetic  force  microscopy  (MFM) 
was  employed  to  compare  the  magnetic  domain  structure  in  two  well- characterized  samples  of 
melt-quenched  Nd2Fei4B,  one  sample  hot- pressed  (isotropic;  0%  die  upset)  and  one  sample  die- 
upset  to  a  deformation  level  of  70%.  Images  of  the  domain  configurations  obtained  in  different 
magnetic  states  from  these  two  microstructurally- distinct  samples  provide  information  about  the 
effect  of  intergranular  alignment  on  the  magnetic  exchange.  MFM  samples  were  prepared  from 
5  mm  cubes  cut  from  the  center  of  the  samples;  one  surface  of  each  cube  was  polished  and 
examined  with  the  surface  normal  parallel  to  the  press  direction.  MFM  examination  of  the 
domain  structures  of  the  samples  was  performed  with  a  Digital  Instruments  Nanoscope  III  using 
standard  low  coercivity  (commercial  MESP-LC)  tips.  The  samples  were  examined  in  different 
remanent  magnetic  states  after  magnetization  to  varying  levels  in  a  SQUID  magnetometer  with  a 
50  kG  superconducting  magnet. 

The  nanoscale  grain  structure  of  the  samples  leads  to  a  complex  micromagnetic  state  that 
has  unique  MFM  contrast.  In  this  work  it  is  deduced  that  the  use  of  low- coercivity  MESP-LC 
tips  to  image  nanoscale  domain  structures  produces  domain  contrast  rather  than  the  domain  wall 
contrast.  This  conclusion  is  discussed  in  more  detail  in  recent  work  [12]. 

MFM  images  of  the  hot-pressed  material  are  shown  in  Figure  5  for  three  different  magnetic 
states.  In  the  thermally-demagnetized  condition  (Fig  5a)  the  image  reveals  no  large-scale 
structure.  A  fine-scale  contrast  is  evident  with  features  approximately  150  -  300  nm,  which  is  2 
~  3  times  the  grain  size  observed  by  atomic  force  microscopy.  This  sample  was  then  saturated  in 
a  50  kG  field  and  imaged  in  the  remanent  state  (Fig  5b),  with  remanent  magnetic  features  that  are 
similar  in  scale  to  those  seen  in  the  thermally- demagnetized  condition.  A  magnetic  field  of  19.5 
kOe  was  then  applied  opposite  to  the  remanent  magnetization  of  the  sample  and  then  removed, 
leaving  the  sample  in  a  DC-demagnetized  state  (Fig  5c)  as  confirmed  by  the  near-zero 
magnetization  of  the  sample  measured  by  SQUID  magnetometry.  The  features  observed  in  the 
DC-demagnetized  state  are  similar  to  those  seen  in  the  remanent  state.  MFM  images  from  the 


Figure  5:  MFM  images  of  hot-pressed  Ndi3.9(Fe92Co8)8o.3B5jGao,5.  The  image  areas  are  15  pm  by  15  pm.  a) 
Thermally-demagnetized  state,  b)  Remanent  state  after  application  of  50  kOe  field,  c)  Coercive  state  after 
application  and  removal  of  1 9.5  kOe  reversing  field.  The  press  direction  is  perpendicular  to  the  image  plane. 
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Figure  6:  MFM  images  of  thermomechaiiicatly-defonned  (die-upset)  sample  Nd  i3i)(F  e.)2Cos)f;o3B55GQo5-  a)  Therm¬ 
ally  demagnetized  state;  image  size  15  pm  by  1 5  pm.  b)  Coercive  state  after  application  and  removal  of  a  13.4  kG 
reversing  field;  image  size  1 5  pm  by  1 5  pm.  c)  Same  area  of  the  sample  as  b)  except  the  image  size  is  50  pm  by  50 
pm.  rhe  press  direction  is  perpendicular  to  the  image  plane. 

die-upset  sample  arc  shown  in  Fig.  6.  The  scale  of  the  magnetic  structure  of  the  die-upset  san> 
plc  is  significantly  larger  in  the  thermally-demagnetized  condition  (Fig  6a))  than  in  the  hot- 
pressed  sample  (Fig.  5a)).  The  magnetic  contrast  of  the  dic-upset  sample  is  on  a  scale  of  1-2  pm 
with  a  finer  contrast,  on  the  order  of  200  nm,  evident  within  the  larger-scale  contrast.  The  fine 
scale  stmeture  is  2-3  times  larger  than  the  grain  size  observed  with  AFM,  but  is  still  5- 10  times 
smaller  than  the  large  scale  contrast.  It  is  hypothesized  that  the  observed  fine-scale  MFM  con¬ 
trast  is  due  to  small  clusters  of  exchange-coupled  grains  within  the  material,  while  the  largcr- 
scalc  contrast  arises  from  the  coalescence  of  several  magnetic  clusters  with  similar  magnetization 
orientations  that  create  an  interaction  domain.  Application  and  removal  of  a  reverse  field  of  13.4 
kG  to  the  remanent  state  drove  the  sample  to  a  DC-demagnetized  state  that  resulted  in  a  signifi¬ 
cant  change  in  the  domain  configuration.  The  fine-scale  magnetic  domain  stmeture  shown  in 
Fig.  6b)  is  of  a  similar  scale  to  the  fine-scale  stmeture  obser\'cd  in  the  thermally-demagnetized 
condition  (/.<?.  approximately  200  nm).  Flowcvcr,  the  image  of  a  larger  area,  shown  in  Fig.  6c) 
and  obtained  from  the  same  region  of  the  sample  as  fig.  6b),  demonstrates  the  existence  of  elon¬ 
gated  interaction  domains  that  extend  50  pm  or  more  perpendicular  to  the  magnetization. 

In  both  samples  the  inherent  intergranular  exchange  interaction  is  manifest  in  the  fincst- 
scale  magnetic  contrast,  postulated  to  arise  from  individual  magnetic  clusters  in  the  size  range 
150  -  300  nm  that  correspond  to  a  volume  of  approximately  10  exchange-coupled  grains.  Hence¬ 
forth  the  ten-n  “cluster”  will  be  used  to  refer  to  this  fine- scale  magnetic  contrast,  while  the  tenn 
“interaction  domain”  will  be  reserved  for  groups  of  clusters  with  similar  magnetization  orienta¬ 
tions  existing  on  length  scales  of  1  pm  to  greater  than  50  pm.  In  the  hot-pressed  material  the 
size  of  the  magnetic  cluster  domains  changes  only  slightly  between  thennally-demagnetizcd,  re¬ 
manent  and  DC-demagnetized  states,  indicating  that  magnetic  reversal  occurs  individually  for 
each  cluster.  The  absence  of  large  multi-cluster  interaction  domains  upon  DC-demagnetization 
in  the  hot-pressed  sample  suggest  that  nucleation  of  magnetic  reversal  likely  occurs  homogene¬ 
ously  throughout  the  material  and  the  magnetic  state  of  neighboring  clusters  has  only  a  small  ef¬ 
fect  on  cluster  reversal.  The  lack  of  large  interaction  domains  in  the  hot-pressed  sample  is  at¬ 
tributed  to  isotropic  crystallographic  orientation  of  the  constituent  grains.  This  random  crystal¬ 
lographic  orientation  supplies  a  perpendicular  magnetization  component  to  the  cluster  interface 
that  reduces  the  original  intergrain  magnetic  exchange  length  and  ensures  small  magnetic  clus¬ 
ters.  In  contrast,  while  the  die-upset  material  exhibits  small  interaction  domains  (~  1-2  pm)  in 


the  thermally- demagnetized  condition  Figs.  6b)  and  6c)  indicate  the  presence  of  very  large  inter¬ 
action  domains,  extending  over  50  fim  or  more,  in  the  DC-demagnetized  condition  of  this  mate¬ 
rial.  It  is  eoncluded  upon  reversal  from  magnetic  saturation  the  exchange  interactions  force  the 
reversal  of  one  grain  cluster  to  accelerate  the  reversal  of  neighboring  clusters.  Magnetic  reversal 
in  this  material  thus  probably  proceeds  by  a  comb  ination  of  reversal  of  clusters  of  grains  existing 
at  the  peripheries  of  reversed  regions  and  by  an  a\alanche-type  reversal  of  many  clusters  simul¬ 
taneously.  Supporting  magnetic  measurements  [  1 8]  suggest  that  magnetic  reversal  occurs  mostly 
via  nucleation  of  clusters  of  grains  at  the  peripheries  of  already- reversed  interaction  domains, 
rather  than  by  domain  wall  unpinning  and  propagation.  The  large  interaction  domains  within  the 
die-upset  material  indieate  that  the  constituent  grains  with  a  low  coercivity  influence  the  reversal 
of  the  entire  material  to  a  much  greater  degree  than  do  similar  grains  in  the  hot-pressed  material. 
This  effect  is,  again,  attributed  to  the  increased  degree  and  extent  of  intergranular  exchange 
coupling  that  accompanies  crystallographic  alignment  in  nanocrystalline  materials.  These 
measurements  show  that  as  alignment  proceeds  and  remanence  increases,  exchange  interactions 
act  to  bind  grains  into  larger  reversing  units.  Larger  reversing  units  result  in  the  need  for  fewer 
nucleation  sites  to  attain  full  magnetic  reversal  and  the  coercivity  decreases  as  a  result. 


COERCIVITY  AND  CRYSTALLOGRAPHIC  ALIGNMENT  RELATIONS  FROM 
MICROMAGNETIC  MODELLING 

While  previous  micromagnetic  studies  [19,  20]  of  nanocrystalline  magnetic  material  have 
largely  concentrated  on  the  influence  of  grain  size  and  phase  composition  on  the  bulk  magnetic 
properties,  simple  computational  models  may  also  provide  useful  information  concerning  the 
effect  of  crystallographic  grain  alignment  on  the  coercivity  of  nanocrystalline  magnetic 
materials.  In  the  present  work  a  micromagnetic  model  has  been  used  to  investigate  the  influence 
of  grain  texture  upon  the  scale  of  the  magnetic  structure  during  reversal. 

Micromagnetic  calculations  were  performed  using  a  modified  version  of  the  2-dimensional 
Object  Oriented  Micromagnetic  Framework  (OOMMF)  software  available  from  NIST  [21].  In 
this  model,  3-dimensional  spins  arranged  on  a  2-dimensional  mesh  are  relaxed  using  a  Landau- 
Lifshitz  ordinary  differential  equation  solver.  A  magnetic  field  is  applied  to  the  system  and  each 
spin  is  allowed  to  precess,  under  the  action  of  the  total  field  acting  on  that  spin  and  a  damping 
term,  in  accordance  with  the  Landau- Lifshitz  equation.  The  total  field  acting  on  a  spin  is  con> 
posed  of  the  applied  field  and  effective  fields  representing  magnetocrystalline  anisotropy,  ex¬ 
change  and  self- magnetostatic  energies.  The  system  is  allowed  to  evolve  until  the  total  torque  on 
all  spins  is  below  an  arbitrary  limit.  The  presented  model  was  modified  from  the  code  available 
from  NIST  by  allowing  the  material  parameters  —  saturation  magnetization  (Ms),  magnitude  and 
direction  of  the  uniaxial  magnetocrystalline  anisotropy  (K)  and  exchange  parameter  (A)  —  to 
vary  from  spin  to  spin.  In  this  way  a  granular  structure  could  be  simulated  and  the  properties  of 
the  system  examined  as  the  degree  of  easy  axis  alignment  was  varied. 

The  material  simulated  consisted  of  a  two-dimensional  slice  of  Nd2Fei4B,  600  nm  long  in 
the  x-direction  by  300  nm  high  in  the  y-direction.  Two  different  schema  were  used  for  the 
simulation,  each  consisting  of  18  grains  in  total.  In  the  first  scheme  —  the  isotropic  case  —  the 
easy  axis  of  each  grain  was  chosen  randomly  to  lie  in  the  plane  of  the  slice.  In  the  second 
scheme  —  the  anisotropic  case  —  the  easy  axis  of  each  grain  was  chosen  to  lie  in  the  plane  of 
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Fig.  7.  Figures  representing  the  grain  boundaries  and  easy  axis  directions  for  the  two  schema  described  in  the  text. 
'Fhe  field  was  applied  such  that  the  x-component  was  1/6”’  the  y-component  in  magnitude,  which  is  approximately 
9.5“  from  the  y-direction.  a)  The  isotropic  scheme.  The  grains  dimensions  are  100  nm  by  100  nm  and  the  total 
simulation  is  600  nm  by  .300  nm.  b)  The  anisotropic  scheme.  The  grains  dimensions  arc  200  nm  by  50  nm  and  the 
total  simulation  is  the  same  size  as  a). 

the  slice  from  a  Gaussian  distribution  with  a  standard  deviation  of  10°  about  the  y-dircction. 
These  easy  axis  distributions  simulate,  in  two  dimensions,  the  experimental  easy  axis  distribu¬ 
tions  found  in  hot-pressed  and  optimally  dic-upset  magnets  respectively  [6].  In  the  isotropic 
scheme  each  of  the  18  grains  was  100  nm  by  100  nm  in  size.  In  the  anisotropic  scheme  each  of 
the  18  grains  was  200  nm  by  50  nm  in  size.  The  change  in  shape  corresponds  to  that  produced 
by  the  dic-upsetting  procedure  which  is  used  to  develop  crystallographic  and  magnetic  texture  in 
melt-quenched  Nd^FeMB.  For  simplicity  the  grain  size  was  the  same  for  all  grains  in  each 
scheme.  The  directions  of  the  easy  axes  and  the  positions  of  the  grain  boundaries  arc  shown  in 
Fig.  7  for  the  two  schema  considered  in  this  work.  The  magnetic  field  was  applied  in  the  plane 
of  the  slice  with  a  y-component  6  times  that  of  the  x-componeil.  A  full  three-dimensional 
treatment  was  used  in  the  self- magnetostatic  energy  calculation,  known  as  the  “3Ds!ab”  calcula¬ 
tion  in  the  OOMMF  code.  The  computational  cell  size  chosen  for  the  simulations  was  1.5  nm, 
which  is  sufficiently  small  to  allow  accurate  modeling  of  domain  walls  in  Nd2Fei4B.  The  physi¬ 
cal  properties  chosen  for  Nd2Fei4B  were  =  1 274  kA/m,  A  =  1 00  pJ/m,  K  =5  MJ/m^ .  The  ex¬ 
change  parameter  across  the  grain  boundary  was  assumed  to  be  equal  to  the  bulk  value  to  simu¬ 
late  the  upper  limit  of  exchange  coupling  possible. 

Normalized  hysteresis  loops  for  the  demagnetization  section  of  the  curve  for  the  tw'o 
schema  considered  arc  shown  in  Fig.  8.  The  isotropic  cur\'c  has  a  rcmancncc  above  the  expected 
value  of  0.5  because  only  18  grains  were  considered  in  the  simulation,  a  number  that  is  too  small 
to  allow  proper  statistical  sampling  of  the  isotropic  distribution.  The  rcmanence  of  the 
anisotropic  curve  is  much  larger,  consistent  with  the  aligned  nature  of  the  texture  distribution 
assumed.  The  cocrcivity  of  the  anisotropic  curve  is  nearly  tw  ice  that  of  the  isoti  opic  curve, 
contrary  to  experimental  findings.  However,  in  micromagnctic  simulations  the  cocrcivity  is 
expected  to  increase  as  the  degree  of  alignment  increases  because  the  nuclcation  field  increases 
as  the  applied  field  is  aligned  more  nearly  with  the  easy  axis  of  the  grain  [22].  The  calculated 
form  of  the  demagnetization  curve  is  more  diagnostic  of  the  effect  of  intergranular  alignment. 
The  isotropic  curve  shows  a  two-stage  magnetic  reversal,  the  first  reversal  occurring  at  1  T  with 
the  second  reversal  occurring  at  a  higher  field  of  2  T.  For  the  anisotropic  cur\'c,  apart  from  a 
small  amount  of  reversible  rotation  which  occurs  in  larger  negative  fields,  the  entire  reversal 
occurs  in  a  single  jump  at  H  =  4  T. 

The  reasons  underlying  the  two-stage  reversal  process  in  the  isotropic  case  were  revealed 
once  the  magnetization  distributions  at  each  field  were  examined.  The  magnetization  distribu- 
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Fig.  8.  Second-quadrant  normalized  hysteresis  loops 
for  the  isotropic  and  anisotropic  schema.  The 
isotropic  case  displays  a  two-stage  reversal  while  the 
anisotropic  case  displays  only  a  single-stage  reversal. 


Fig  9.  Magnetization  distribution  in  a  stable  state 
at  1.5  T  for  the  isotropic  scheme.  The  arrows 
represent  average  magnetization  of  a  1 2  x  12 
element  square;  black-white  shading  represents 
parallel  or  anti-parallel  polarization  to  the  applied 
field.  Domain  walls  can  be  seen  crossing  the  two 
upper  grains  of  the  black  shaded  region. 


tion  for  the  isotropic  scheme  in  a  field  of  1.5 
T  is  shown  in  Fig.  9.  Although  the  first 
nucleation  event  occurred  at  a  field  of  1  T, 
only  a  portion  of  the  grains  in  the  isotropic  material  were  reversed  by  this  nucleation,  in  contrast 
to  the  reversal  of  the  anisotropic  material.  It  may  be  concluded  that  not  only  does  grain  mis¬ 
alignment  lower  the  remanence  of  the  ensemble,  it  also  reduces  the  exchange  length  that  com¬ 
municates  the  magnetization  information  from  grain  to  grain  and  changes  the  scale  of  the  inter- 
aetion  domains.  This  result  arises  from  the  isotropic  nature  of  the  material  with  a  perpendicular 
magnetization  component  at  the  grain  peripheries  that  convey  a  reduced  exchange  length.  This 
reduced  exchange  length  is  accompanied  by  a  magnetization  misalignment  across  the  grain 
boundaries  that  pins  domain  walls  at  stray  field  inhomogeneities,  creating  smaller  interaction 
domains  by  virtue  of  an  increased  density  of  domain  wall  pinning  sites.  It  is  thus  seen  that  the 
grain  alignment  of  a  material  has  consequences  not  only  on  the  coercivity  and  remanence,  but 
upon  the  expected  scale  of  the  interaction  domains  as  well. 


SUMMARY  AND  CONCLUSIONS 

The  three  experimental  scenarios  previously  described  all  consistently  support  the  hypothe¬ 
sis  that  granular  alignment  in  nanocrystalline  materials  is  accompanied  by  an  increased  degree 
and  extent  of  magnetic  exchange  coupling.  The  increase  in  the  exchange  coupling  is  attributed 
to  an  increase  in  the  magnetic  exchange  length  LeJ^  as  the  interfacial  perpendicular  magnetization 
component  is  reduced.  This  increased  magnetic  exchange  coupling  increases  the  interaction  do¬ 
main  size  and  suppresses  the  coercivity,  although  at  the  same  time  produces  an  exchange-en¬ 
hanced  remanence.  An  unavoidable  conclusion  is  that  high  remanence  and  high  coercivity  seem 
to  be  mutually  exclusive  in  nanocrystalline  magnets. 

It  may,  however,  still  be  possible  to  engineer  aligned  nanocrystalline  magnetic  materials 
with  a  high  remanence  and  a  robust  coercivity.  The  key  to  the  optimal  microstructure  lies  in  the 
materials  design,  and  associated  processing,  of  the  grain  boundary  the  separates  the  constituent 
nanograins.  It  is  necessary  to  keep  the  magnetic  intergrain  correlation  length  smaller  than  the 
exchange  length  LeJ^  to  avoid  the  formation  of  extended  interaction  domains  that  degrade  the  co- 
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ercivity.  This  may  be  accomplished  with  a  nonmagnetic  grain  boundary  phase  of  dimensions  on 
the  order  of  the  pertinent  exchange  length.  At  the  same  time  grain  alignment  is  necessary  to  pro¬ 
vide  a  large  remanence  via  alignment  of  moments  with  a  small  angular  dispersion  about  a  de¬ 
fined  axis,  but  not  necessarily  from  exchange  enhancement.  In  bulk  materials  these  design  pa¬ 
rameters  might  be  satisfied  by  the  addition  of  as- yet  unidentified  elements  to  the  Nd2Fei4B  base 
composition  that  would  sciwc  to  both  lower  the  melting  point  of  the  eutectic  liquid  phase  neces¬ 
sary  for  successful  die-upsetting  as  well  as  render  that  phase  non- magnetic.  In  any  case  the  at¬ 
tainment  of  the  truly  optimal  nanostructure  that  provides  both  high  remanence  and  high  coerciv- 
ity  in  advanced  permanent  magnets  is  a  challenging  task.. 
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ABSTRACT 

We  outline  a  theoretical  framework  for  estimating  the  evolution  of  the  particle  size 
distribution  in  colloid  and  nanoparticle  synthesis,  when  the  primary  growth  mode  is  by  externally 
controlled  addition  of  singlet  building  blocks.  The  master  equations,  analyzed  in  the  leading 
“non-diffusive”  expansion  approximation,  are  reduced  to  a  set  of  easily  numerically 
programmable  relations  that  yield  information  on  the  time  evolution  of  the  particle  size 
distribution. 

INTRODUCTION 

Recently,  we  have  developed  a  theoretical  model  [1,2]  that  can  describe  semiquantitatively, 
without  adjustable  parameters,  growth  of  monodispersed  colloids  by  precipitation  from 
homogeneous  solutions  [3-8].  It  has  been  established  [1-8]  that  most  monodispersed  colloids, 
i.e.,  particles  of  narrow  size  distribution,  with  sizes  ranging  from  submicron  to  few  microns, 
consist  of  crystalline  subunits.  The  latter  are  formed  as  primary  particles  in  a  supersaturated 
solution  by  the  burst-nucleation  mechanism  [1,9,10].  They  then  further  grow  and  aggregate, 
primarily  by  the  mechanism  of  singlet  capture  by  growing  aggregates.  At  the  same  time,  the 
resulting  aggregates  rapidly  restructure  to  form  compact,  frequently  spherical,  polycrystalline 
secondary  particles,  of  density  close  to  that  of  the  bulk  material  and  of  narrow  size  distribution. 

This  two-stage  growth  mechanism  is  illustrated  in  Figure  1.  Many  important  theoretical 
issues  have  remained  unsolved  or  only  partially  addressed  in  the  literature.  These  include,  in 
particular,  shape  selection  [11-13]  and  particle  morphology  properties.  Another  important  open 
topic  involves  extensions  to  nanosize  particles.  Such  particles  of  sizes  less  than  colloid,  from  few 
tens  to  single  nanometers,  involve  several  new  interesting  challenges  and  paradigms  related  to 
nanotechnology. 

Firstly,  what  do  we  mean  by  “monodispersed”  on  the  nanoscale?  It  is  quite  likely  that  for 
most  truly  large-molecule-dimension  nanotechnology  applications,  uniform  size  (and  shape) 
really  means  “atomically  identical.”  This  is  particularly  true  for  future  electronic  devices  that 
involve  quantum  effects  or  quantum  control.  For  many  other  applications,  requirements  for 
uniformity  will  be  also  quite  strict.  Therefore,  methods  of  controlling  size  and  shape  distribution, 
which  found  numerous  applications  for  colloids,  will  be  even  more  important  for 
nanotechnology. 

In  this  work,  we  outline  an  evaluation  method  of  particle  growth  controlled  by  addition  of 
singlet  building  blocks.  We  hope  that  these  ideas  will  initiate  the  application  of  some  of  the 
techniques  developed  in  colloid  science  to  nanoparticle  synthesis.  Our  results  will  be  also  of 
interest  in  interpreting  growth,  specifically  after  seeding,  in  colloidal  synthesis. 
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Supersaturated  Solution 


Nucleation  and  Growth 


Primary  Particles 
(Singlets) 

Size  distrihution  peaked 
hut  not  veiy  narrow 


1  Aggregation  by  Capture  of 
Single  Primary  Particles 


Secondary  Particles 
(Aggregates,  Clusters) 
Sharply  peaked 
size  distrihution 


Figure  1.  In  colloid  synthesis,  initially,  solutes  are  formed  to  yield  a  supersaturated  solution, 
leading  to  nucleation.  The  formed  nuclei  may  further  grow  by  diffusive  mechanism.  The 
resulting  primary  particles  (singlets)  aggregate  to  fonn  secondary  particles.  This  latter  process  is 
sometimes  facilitated  by  changes  in  the  chemical  conditions  in  the  system:  the  ionic  strength  may 
increase,  or  the  pH  may  change,  causing  the  surface  potential  to  approach  the  isoelectric  point. 
Formation  of  the  final  (secondary)  particles,  of  naiTow  size  distribution,  is  a  diffusion-controlled 
aggregation  process,  proceeding  via  the  addition-polymerization  type  growth  by  irreversible 
capture  of  primary  particles  by  the  aggregates.  At  the  same  time,  the  aggregates  also  restructure 
into  compact  final  particles,  exemplified  here  by  the  SEM  image  of  a  gold  colloid  particle. 
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GROWTH  BY  ADDITION  OF  SINGLETS 


The  singlet  building  blocks  in  nanoparticle  synthesis  in  solution  are  atomic-size  species 
(atoms,  ions,  molecules),  whereas  for  colloid  synthesis  of  the  type  described  in  Figure  I,  they  are 
the  (nanosize)  primary  particles.  Furthermore,  in  the  process  of  Figure  1,  the  supply  of  singlets  is 
“naturally”  controlled  by  the  features  of  their  nucleation  process.  However,  in  principle  the 
singlets  can  be  added  externally.  In  nearly  any  such  process,  the  initial  components  are  supplied 
over  some  interval  of  time.  Their  mixing  in,  must  be  fast  enough  to  ensure  uniform  volume 
distribution.  This  represents  an  important  practical  chemical  engineering  problem. 

In  is  therefore  quite  natural  to  consider  the  time  dependence  of  the  singlet  addition,  and  its 
impact  on  the  size  distribution  of  the  products.  Specifically,  for  nanosize  particle  preparation, 
there  has  been  recent  interest  in  stepwise  processes  [14,15]:  after  achieving  the  initial  particle 
distribution,  batches  of  singlets  are  added  to  induce  further  growth. 

Let  N^(t)  denote  the  volume  density  of  particles,  consisting  of  s  singlets,  at  time  t.  We  are 
interested  in  the  situation  illustrated  in  Figure  2,  when  the  particle  size  distribution  evolves  in 
time  with  a  sharp  peak  eventually  present  at  some  rather  large  5  values.  For  convenience,  let  us 
denote  the  singlet  concentration  by 

C{t)  =  N,(t).  (1) 

The  singlets  can  be  supplied  at  the  rate  p(t)  per  unit  volume.  They  are  consumed  by  the 
processes  involving  the  production  of  the  small  elusters,  in  the  “shoulder”  in  Figure  2.  They  are 
also  consumed  by  the  growing  large  clusters  in  the  peak.  There  are  two  issues  to  consider  in  such 
growth:  how  is  the  peak  created  in  the  first  place,  and  how  to  grow  it  without  much  broadening. 


Figure  2.  The  expected  form  of  the  particle  size  distribution  in  uniform  colloid  or  nanoparticle 
synthesis  in  solution.  The  peak  at  the  large  cluster  sizes  is  growing  at  the  expense  of  the  supplied 
singlets,  the  concentration  of  which  is  controlled  externally.  The  distribution  for  5  >  1  can  be 
usually  assumed  to  be  a  smooth  function  of  5 ,  though  the  vertical  bars  at  5  =  2,3,4  emphasize 
that  the  5  values  are  actually  discrete.  The  SEM  image  of  cadmium  sulfide  colloid  particles 
illustrates  the  attainable  sharpness  of  the  size  distribution. 
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We  will  consider  growth  dominated  by  the  irreversible  capture  of  singlets  by  the  larger 
growing  aggregates.  Thus,  we  use  the  rate  equations,  with  denoting  the  rate  constants  for 
singlet  capture  by  the  >  1  aggregates, 

^  =  i/V  ,-r,/V,)C,  .v>2,  (2) 

dt 


dt  2  ' 


where  C  =  N, ,  as  defined  in  (1),  and 


(3) 


^//v, 


(4) 


Let  us  point  out  that  the  assumption  that  the  only  process  involving  the  .v  >  I  aggregates  is  that  of 
capturing  singlets  at  the  rate  proportional  to  the  concentration  of  the  latter,  F^C ,  is  drastic  but 
commonly  used  in  the  colloid  literature,  c.g.,  1 1,2,12,16-18].  In  fact,  more  complex  processes, 
such  as  cluster-cluster  aggregation  [19,20],  detachment  [21]  and  exchange  of  singlets  (ripening), 
etc.,  also  contribute  to  particle  growth.  However,  in  uniform  colloid  synthesis  they  arc  typically 
much  slower  than  the  singlet-consumption  growth.  In  addition,  they  broaden  the  particle  size 
distribution. 

Another  important  approximation  involved  in  writing  the  relations  (2)-(4)  is  that  of  ignoring 
particle  shape  distribution  and  their  morphology.  We  avoid  this  issue,  which  is  not  well 
understood,  by  assuming  that  the  growing  aggregates  rapidly  restructure  into  compact  bulk-like 
particles,  of  an  approximately  fixed  shape,  typically,  but  not  always,  spherical.  This  has  been 
experimentally  observed  in  uniform  colloid  particle  synthesis  [1,3-8].  Without  such 
restructuring,  the  aggregates  would  be  fractal  [20-22]. 

For  nanosize  particle  synthesis,  the  only  assumption  in  the  above  summary  that  can  be 
questioned  is  that  of  ignoring  singlet  detachment  for  the  particles  in  the  shoulder  in  Figure  2. 
Indeed,  unlike  colloid  growth,  which  is  fast  and  irreversible  for  all  .v  in  such  synthesis  processes, 
the  nanosize  particle  growth  will  be  typically  held  back  by  a  nucleation  barrier  [1.14].  During  the 
late  stage  growth,  that  follows  the  initial  nucleation  burst  [9,10],  the  barrier  can  be  quite  high. 
The  distribution  in  the  shoulder  will  approach  the  equilibrium  Boltzmann  form,  governed  by  the 
excess  free  energy  of  the  aggregate  formation.  It  is  interesting  to  note  that  this  fast  equilibration 
means  that  the  singlets  “stored”  in  the  small,  “shoulder”  aggregates  will  be  released  and 
available  for  consumption  by  larger  aggregates  in  the  peak,  provided  the  latter  indeed  primarily 
feed  on  “free”  singlets. 

If  the  singlets  arc  supplied  constantly,  then  the  distribution,  both  for  colloids  and 
nanoparticlcs,  will  develop  a  large  shoulder  at  small  aggregates,  with  no  pronounced  peak  at 
,v  »  1 .  If  the  supply  is  limited,  then  only  small  aggregates  will  be  formed.  An  interesting  recent 
observation  in  studies  of  colloid  synthesis  [  1 ,2]  has  been  that  there  exist  “protocols”  of  singlet 
supply,  at  the  rate  p(t)  which  is  a  slowly  decaying,  sometimes  rather  complicated  function  of 
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time,  that  yield  peaked  size  distributions  at  large  times.  Furthermore,  the  primary  process 
summarized  in  Figure  1 ,  naturally  “feeds”  the  secondary  process  just  at  a  rate  like  this. 

For  nanoparticle  synthesis,  the  main  mechanism  of  the  early  formation  of  the  peak  is  by 
burst  nucleation,  when  nuclei  of  sizes  larger  than  the  critical  size  form  by  growing  over  the 
nucleation  barrier.  Of  course,  seeding  is  another  way  of  initiating  the  peaked  size  distribution 
both  for  colloid  and  nanosize  growth. 

GROWTH  OF  THE  PEAKED  SIZE  DISTRIBUTION 

Solution  of  the  rate  (master)  equations  (2)-(4)  requires  numerical  approaches  and  is  not 
particularly  illuminating  as  to  the  nature  of  the  particle  growth.  Therefore,  we  will  introduce 
several  additional  assumptions  which  will  allow  us  to  go  a  long  way  in  simplifying  the  problems 
in  closed  analytical  form.  The  main  idea  is  that,  once  the  peak  is  formed  after  some  transient 
time  or  by  seeding,  the  particles  in  the  peak  are  the  main  consumers  of  the  available  singlets. 

This  assumes  that  the  singlet  concentration  is  controlled  by  adding  them  externally  [14,15]. 
For  nanoparticle  growth,  the  addition  is  at  such  a  rate  that  the  nucleation  barrier  remains  high. 
The  shoulder  will  then  adjust  to  assume  an  approximately  equilibrium  shape,  but  the  production 
of  new  larger,  supercritical  aggregates  will  be  negligible.  For  colloid  growth,  the  shoulder  will 
also  evolve,  and  new  larger  particles  will  be  generated.  However,  if  the  number  of  larger 
aggregates  is  already  significant,  they  will  dominate  the  consumption  of  singlets. 

Thus,  to  prevent  generation  of  new  small  aggregates,  we  put 

r,=o,  (5) 

which  is  an  approximation.  Furthermore,  we  will  assume  that  ^  is  a  continuous  variable,  since 
we  are  interested  in  .s » 1 ,  and  that  .s'  varies  in  the  range 

0  <  5  <  oo  .  (6) 

For  calculations  assuming  singlet  transport  by  diffusion,  one  can  take  the  large  ^  Smoluchowski 
expression  for  the  rates  [21,23], 

(7) 

where  A  is  a  known  constant.  Note  that  F^^^,  is  proportional  to  the  aggregate  linear  dimension 
(which  includes  the  factor  )  and  singlet  diffusion  constant.  Our  results  apply  for  general  F^, . 

Our  last  approximation  is  introduced  in  writing  the  continuous  ^  form  of  the  master 
equations  (2).  We  retain  only  the  leading  ^  derivative,  ignoring  the  “diffusive”  second- 
derivative  term  (and  higher-order  terms).  The  consequences  of  this  approximation,  already  used 
in  the  literature,  e.g.,  [12],  will  be  discussed  later.  Thus,  we  replace  (2)  by 

^^^=-cw|-[r(s)Af(s,o].  (8) 

with  (4)  replaced  by 
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dCjt) 

clt 


=  /?(/)-C(0j^/.v[r(.v)/v(>v,0]. 


(9) 


Let  us  now  define  the  variable  [1,16,18] 

i) 

and  then  introduce  the  function  u{sj)  via  the  relation 
ds' 


(10) 


rV)' 


(11) 


We  point  out  that  usually  r(.v)  >  0 ,  and  the  lower  limit  of  integration  can  be  taken  to  zero.  The 
asymptotic  rate  expression  (7)  docs  vanish  at  5  =  0  because  of  our  cavalier  treatment  of  the  small 
5  behavior.  However,  the  integral  happens  to  converge,  so  no  additional  care  is  needed.  We  can 
safely  define  the  quantity  5„^j„(r)  via 


■'"r"  ds' 

I IV) 


(12) 


As  u  is  increased  from  zero  to  infinity,  the  corresponding  .v(//,r) ,  for  fixed  r  ,  increases  from 
.s',„i|,(r)  to  infinity. 

Next,  we  notice  that  the  relation  between  the  differentials  implied  by  (1 1),  namely. 


r/r  = 


ds  di( 


r(5)  r(//) 


(13) 


allows  us  to  calculate  various  partial  derivatives  in  terms  of  r(.v)  and  r(w)  =  r(n(.v,r(0)) . 

This,  in  turn,  allows  one  to  verify,  by  a  cumbersome  calculation  not  reproduced  here,  that  (8)  is 
solved  by 

N(s,t)=^^^  (//  ( .V,  r(/) ) , 0) ,  .v>5,„„(r(r)),  (14) 


N{sj)  =  0, 


0<.v<5,„.„(r(/)),  (15) 
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where  the  discontinuity  at  (^(0)  is  possible  if  the  initial  distribution  at  time  zero,  N{s,0) ,  is 
nonzero  at  s  =  0.  Actually,  within  the  present  approximation  of  ignoring  the  effects  of  the  details 
of  the  size  distribution  for  small  5 ,  we  could  as  well  require  that  N(0,0)  =  0 . 

Let  us  summarize  the  above  observations  by  emphasizing  that  we  consider  a  particle  size 
distribution  which  at  time  f  =  0  already  has  a  well-developed  significant  peak  at  large  cluster 
sizes.  Relations  (14)-(15)  will  provide  an  approximate  description  of  the  evolution  of  this  peak 
with  time,  owing  to  supply  of  singlets  at  the  rate  p{t) .  The  form  of  the  distribution  at  small 
particle  sizes  plays  no  role  in  the  derivation. 

In  fact,  neglecting  the  second-derivative  in  s ,  “diffusive”  term  in  writing  (8),  leads  to 
certain  artificial  conclusions.  Specifically,  sharp  features  and  discontinuities  of  the  initial 
distribution  (as  well  as  its  derivatives,  etc.)  will  not  be  smoothed  out.  The  fact  that  the  initial 
distribution  is  only  meaningful  for  .?  >  0  translates  into  the  sharp  cutoff  at  for  times  f  >  0 . 
Had  we  included  the  diffusive  term,  the  distribution  would  extend  smoothly  to  j  0  for  all 
times.  However,  no  analytical  solution  (14)-(15)  would  be  available. 

While  this  lack  of  smoothness  is  probably  not  important  for  a  semiquantitative  evaluation  of 
the  size  distribution,  one  aspect  should  be  emphasized  as  critical:  if  the  initial  distribution  is 
already  very  sharp,  then  the  neglect  of  the  diffusive  term  in  our  expressions  may  result  in 
underestimating  the  width  of  the  evolving  peak. 

To  complete  the  description  of  the  particle  size  distribution  within  the  non-diffusive 
approximation,  we  have  to  discuss  the  estimation  of  the  function  T{t) .  This  is  taken  up  in  the 
next  section,  where  we  also  further  mention  the  matter  of  the  non-diffusive  approximation. 

EVALUATION  OF  THE  PEAKED  PARTICLE  SIZE  DISTRIBUTION 

Relations  (9)-(10)  can  be  rewritten,  using  (14),  as  a  system  of  coupled  differential  equations 
for  two  unknown  functions  T{t)  and  C{t) ,  with  t(0)  =  0 ,  and  C(0)  externally  controlled. 


li 

n 

(16) 

dt 

(17) 

where 


F(r)=  I  ds[r(u{s,T))N{uis,T),0)]. 


(18) 


These  equations  are  easily  programmed  for  numerical  evaluation,  especially  if  the  function  F(t) 
is  calculable  analytically,  so  that  numerical  integration  can  be  avoided.  The  latter  is  likely  for  the 
power-law  rate  in  (7),  provided  the  initial  distribution  N{s,0)  is  not  too  complicated. 

Within  the  approximation  developed  here,  the  number  of  particles  larger  than  singlet,  M  , 
obviously  remains  constant. 
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(19) 


M=  j  dsN(sj)  =  jdsN{s,0). 

,V, . (n  0 

The  change  in  the  average  size  of  the  particles  larger  than  singlet, 

(.'■)  J  (20) 

can  be  evaluated  directly  from  C(t) , 

(s),  =  (s)„  +  i[C(0)  -  C(0  +  pftXO] .  (2  i ) 

Furthermore,  consideration  of  the  increment  relations  follow'ing  from  (13),  suggests  that  the 
width  of  the  peak,  W, ,  grows  according  to 


VF,  - 


r((4,) 


r(»((4,r(r))) 


VF,  >  tF„ 


(22) 


The  inequality  follows  from  the  definition  (11),  assuming  that  for  large  ,  r(.?)  is  an  increasing 
(positive)  function.  This  excludes  an  important  case  of  constant  T,  appropriate  for  certain 
models  of  polymerization.  In  this  ease,  however,  the  discrete  equations  (2)-(4)  can  be  analyzed 
directly  in  great  detail  [16,18],  so  that  the  present  formulation  is  not  needed. 

In  connection  with  (22),  the  reader  must  be  cautioned  that  additional  broadening  will  result 
from  the  second-derivative  “diffusive”  tenn  neglected  in  our  continuous  .r  equations.  The  model 
with  the  diffusive  term  included,  requires  serious  numerical  efforts,  as  does  the  original,  discrete 
,v  model  [1,2]. 

In  summary,  with  the  reservations  regarding  the  width  estimates,  numerical  calculation  of 
the  functions  r(r)  and  C(/) ,  via  (16)-(18),  goes  a  long  way  in  estimating  various  properties  of 
the  growing,  peaked  particle  size  distribution.  Results  and  applications,  specifically  for  the  case 
of  the  Smoluchowski  rate  (7),  and  comparison  with  large-scale  simulation  results  of  the  discrete 
s  equations  of  the  type  (2)-(4),  will  be  reported  in  forthcoming  publications. 

Even  at  the  level  of  the  approximation  (22),  it  is  obvious  that  the  size  distribution  never 
actually  narrows  in  absolute  temis.  All  the  experimentally  realized  monodispersed  particle 
synthesis  procedures  in  solution,  investigated  thus  far  primarily  in  the  colloid  domain,  actually 
yield  small  relative  peak  width,  ,  by  utilizing  fast  increase  in  via  consumption  of 

singlets,  on  the  time  scales  short  for  the  “diffusive”  broadening  to  set  in. 
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